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TECHNICAL PROGRAM AND REPORTS OF OFFICERS 
AMERICAN SOCIETY FOR METALS—40th ANNUAL 
CONVENTION, CLEVELAND, OCTOBER 25-31, 1958 


F' MR THE purposes of record and for the benefit of members who 
were not in attendance at the Fortieth Annual Convention of the 
Society, held in Cleveland, October 25—31, 1958, the Programs of the 
Technical Papers and the Reports of Officers for 1958 are herewith 


published in full. 


ASM SEMINAR ON 
MAGNETIC PROPERTIES OF METALS AND ALLOYS 


Saturday, October 25 
Statler-Hilton, Euclid Ballroom—9 a.m. 


Presiding Officer 
R M Bozorth, Bell Teleph« me Laboratories, Murray Hill, N 12 


Mm. J 

Introduction—R. M. Bozorth, Bell Telephone Laboratories, Murray Hill, N. J 

Fundamental Questions in Magnetism—J. H. VanVleck, Harvard University, 
Cambridge, Mass 

Experimental Measurements of Fundamental Magnetic Properties—C. P. Bean, 
General Electric Research Laboratories, Schenectady, N. Y. 

Nuclear Resonance in Magnetic Materials—R. G. Shulman, Bell Telephone 
Laboratories, Murray Hill, N. J. 


Statler-Hilton, Euclid Ballroom—2 p.m 
Presiding Officer 
G. B. Craig, University of Toronto, Toronto, Ontario, Canada 

Vagnetic Domain Structures—H. J. Williams and R. C. Sherwood, Bell Tele 

phone Laboratories, Murray Hill, N. J. 
Vagnetic Behavior of Thin Films—J. B. Goodenough, Lincoln Laboratories 

Massachusetts Institute of Technology, Cambridge, Mass. 
Vagnetic Properties of Fine Particles—T.O. Paine, General Electric Instrument 

Department, Boston 


Statler-Hilton, Euclid Ball m—S p.m. 


Presiding Officer 
J. J. Harwood, Office of Naval Research, Washington 
Time Effects in Magnetization—G. W. Rathenau, University of Amsterdam, 
Netherlands 
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Sunday, October 26 
Statler-Hilton, Grand Ballroom—9 a.m. 


Presiding Officer 
M. E. Nicholson, University of Minnesota, Minneapolis 





Magnetostriction—W. J. Carr, Jr., Westinghouse Research Laboratories, Pitts 
burgh 
Magnetomechanical Damping—A. W. Cochardt, Westinghouse Research Labo 
_ ratories, Pittsburgh 
Spin Clusters in Iron Near the Curie Temperature—B. L. Averbach, Massachu 
setts Institute of Technology, Cambridge, Mass. 


Statler-Hilton, Grand Ballroom—2 p.m. 


Presiding Officer 
R. L. Smith, Franklin Institute Laboratories, Philadelphia 


Magnetic Measurements in Metallurgy—J. E. Goldman, Ford Motor Co. Sci 
entific Laboratory, Dearborn, Mich. 

Magnetic Annealing—C. D. Graham, Jr., General Electric Research Labora 
tories, Schenectady, N. Y. 

Metallurgical Structure and Magnetic Properties—J. J. Becker, General Electri 
Research Laboratories, Schenectady, N. Y. 


TECHNICAL PROGRAM OF THE AMERICAN 
SOCIETY FOR METALS 


Monday, October 27 


Statler-Hilton, Euclid Ballroom—9 a.m 
Precipitation 
Presiding Officers 
H. Y. Hunsicker, Aluminum Co. of America 
T. E. Leontis, Dow Chemical Co 

Unique Deformation and Aging Characteristics of Certain Magnesium-Base 
Alloys—S. L. Couling, J. F. Pashak, and L. Sturkey, Physical Metallurgy 
Section, Metallurgical Laboratory, The Dow Chemical Co., Midland, Michi 
gan 

The Phenomenon of “Negative Creep” in Alloys—R. W. Fountain and M 
Korchynsky, Research Metallurgists, Metals Research Laboratories, Electro 
Metallurgical Company, Niagara Falls, New York 

Aging Characteristics of Hastelloy Alloy B—R. E. Clausing, P. Patriarca, and 

D. Manly, Metallurgy Division, Oak Ridge National Laboratory, Oak 

Ridee Tennessee 

The Response of an Iron-Base Alloy, Hardened with Titanium, to Various Aging 
Times and Temperatures—T. W. Ejichelberger, Metallurgy Department. 
Westinghouse Electric Corporation, Research Laboratories, Pittsburgh 


Statler-Hilton, Grand Ballroom—9 a.m. 


Diffusion and Growth 
Presiding Officers 
J. E. Dorn, University of California 
W. C. Winegard, University of Toronto 
Preparation of FeO, NiO and CoO Crystals by Halide Decomposition—R. F 
Cech and E. I. Alessandrini, Metallurgy and Ceramics Research Department, 
General Electric Company, Research Laboratory, Schenectady, New York 
Spiral Growth During Vapor Deposition of Cadmium—W. I. Pollock, Research 
Metallurgist, E. I. du Pont de Nemours & Co., Wilmington, Delaware, and 
R. F. Mehl, Carnegie Institute of Technology, Pittsburgh 
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Solid State Diffusion and the Motion of Phase Boundaries—D. D. Van Horn, 
General Electric Company, Cleveland 

Diffusion Layer Formation in the Ternary System Aluminum-Magnesium-Zinc 
J. B. Clark, Research Engineer, Dow Chemical Company, Midland, Michi- 
gan, and F. N. Rhines, Carnegie Institute of Technology, Pittsburgh 


‘ Growth Conditions for Equiaxed Crystals in Aluminum-Magnesium Alloys 
T. S. Plaskett and W. C. Winegard, Department of Metallurgical Engi 
{ neering, University of Toronto, Toronto, Canada 


Statler-Hilton, Grand Ballroom—2 p.m. 


High Temperature Metals 
Presiding Officers 
J. H. Bechtold, Westinghouse Electric Corp. 
W. D. Manly, Oak Ridge National Laboratory 
In X-Ray Metallographic Study of Arc-Cast Tungsten—S. Leber, General Ele« 
tric Company, Cleveland 
l'emperature and Stress Dependence of the Atmosphere Effect on a Nickel- 
Chromium Alloy—P. Shahinian and M. R. Achter, High Temperature Alloys 
Branch, Metallurgy Division, U. S. Naval Research Laboratory, Washington 
; High-Temperature Oxidation and Contamination of Columbium—W. D. Klopp, 
C. T. Sims, and R. I. Jaffee, Battelle Memorial Institute, Columbus, Ohio 
Studies of the Oxiaation and Contamination Resistance of Binary Columbium 
Alloys—C. T. Sims, W. D. Klopp, and R. I. Jaffee, Battelle Memorial Insti 
tute, Columbus, Ohio 


Tuesday, October 28 


Statler-Hilton, Grand Ballroom—9 a.m. 


Steel I 
Presiding Officers 
G. H. Enzian, Jones & Laughlin Steel Corp. 
S. L. Gertsman, Dept. of Mines & Technical Surveys, Canada 

Vechanical Properties of Fe-Al-Si Alloys at Room and Elevated Temperatures 
D. J. Schmatz and V. F. Zackay, Physical Metallurgy Section, Metallurgy 
Dept., Scientific Laboratory, Ford Motor Co., Dearborn, Michigan 

Recrystallisation, Structure, and Hardness of Low-Carbon Steels Containing up 
to 1% Copper—R. L. Rickett and W. C. Leslie, Edgar C. Bain Laboratory 
for Fundamental Research, United States Steel Corp., Research Center, 
Monroeville, Pa. 

Multiplying Factors for the Calculation of Hardenability of Hypereutectoid 
Steels Hardened from 1700°F—C, F. Jatezak and D. J. Girardi, Timken 
Roller Bearing Co., Canton, Ohio 

Effect of Copper on the Heat Treating Characteristics of Medium-Carbon Steel 
R. A. Grange, U. S. Steel Corp., Edgar C. Bain Laboratory, Research Center, 
Monroeville, Pa.; V. E. Lambert, Westinghouse Lamp Div., Bloomfield, 
N. J.; and J. J. Harrington, U. S. Steel Corp., Gary Steel Works 


Statler-Hilton, Ohio Room—9 a.m 
Mechanical Properties 
Presiding Officers 
R. D. Chapman, Chrysler Corporation 
W. T. Lankford, U. S. Steel ¢ orporation 

The Relationship Between Weld-Cracking and Alloy Constitution in Some 

Binary and Ternary Magnesium Alloys—C. L. Kobrin and R. A. Dodd, 

School of Metallurgical Engineering, University of Pennsylvania, Phila 

delphia 
Stress Effects of Abrasive Tumbling—H. R. Letner, Large Lamp Department, 
General Electric Company, Cleveland 
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Thermal and Mechanical Fatigue of Nickel and Titanium—Harry Majors, Jr., 
Head, Mechanical Engineering Dept., School of Engineering, Seattle Uni 
versity, Seattle 

A Compilation and Interpretation of Cyclic Strain Fatigue Tests on Metals 

F. Tavernelli and L. F. Coffin, Jr., Metallurgy and Ceramics Research 
Dept., General Electric Company, Research Laboratory, Schenectady, N. Y 


Industrial Heating Equipment Association 
In Cooperation With ASM 


Engineering and Technological Development in Industrial Heating Processes 


Statler-Hilton, Euclid Ballroom—9 a.m. 
Presiding Officer 
W. H. Holcroft, Holcroft & Co., Detroit 
Engineering and Economic Elements in the Choice of Industrial Heating Equip 
ment—C. F. Olmstead, Lee Wilson Engineering Co. 
Vacuum as a l'urnace Atmosphere—L. W. Johnson, General Electric Co. 
Auste _— ring, Martempering and Isothermal Heat Treating in Basic Industry 
F. Holden, A. F. Holden Co. 
PO. nts in Induction He ating—W. E. Benninghoff, Tocco Division, Ohio 
Crankshaft Co. 


Statler-Hilton, Grand Ballroom—2 p.m. 
Steel II 


Presiding Officers 
J. Girardi, Timken Roller Bearing Co. 
"ys O. Miller, International Nickel Co. 


The Mechanism of the Allotropic Transformation in High Purity Iron—E. 
Eichen and J. W. Spretnak, Dept. of Metallurgical Engineering, College of 
Engineering, Ohio State University, Columbus, Ohio 

Mechanical Properties of Deformed Metastable Austenitic Ultra High Strength 
Steel—D. J. Schmatz and V. F. Zackay, Physical Metallurgy Section, Metal 
lurgy Dept., Scientific Laboratory, Ford Motor Company, Dearborn, Michi- 
gan 

Austenite Transformation and Incubation in an Alloy Steel of Eutectoid Carbon 
Content—R. A. Grange, Edgar C. Bain Laboratory for Fundamental Re 
search, U. S. Steel Corp., Research Center, Monroeville, Pa.; P. T. Kil 
heiner, Jr., Duquesne Works, U. S. Steel Corp., Duquesne, Pa; and T. P. 
Bittner, Duquesre Works, U. S. Steel Corp., Duquesne, Pa. 

Magnetic Analysis of Phase Changes Produced in Tempering a High-Carbon 
Steel—M. Mentser, Physical Chemist, Bureau of Mines, United States De 
partment of the Interior, Pittsburgh 

A Simplified Procedure for Calculating Peak Position in X-Ray Residual Stress 
Measurements on Hardened Steel—D. P. Koistinen and R. E. Marburger, 
Physics-Instrumentation Dept., Research Staff, General Motors Corporation, 
Detroit 


AMERICAN SOCIETY FOR METALS ANNUAL MEETING 
Wednesday, October 29 


Statler-Hilton, Grand Ballroom—9 a.m. 


Campbell Memorial Lecture 
Chairman: B. F. Shepherd, Ingersoll-Rand Co., Phillipsburg, N. J. 
Tempered Alloy Martensites—Peter Payson, Central Research Laboratory, 
Crucible Steel Co. of America 
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Statler-Hilton, Grand Ballroom—2 p. m 


Brittle Fracture 
Presiding Officers 
Morris Cohen, Massachusetts Institute of Technology 
J. F. Libsch, Lehigh University 


lurgy and Ceramics Research Dept., General Electric Company, Research 
Laboratory, Schenectady, N. Y. 

Low Temperature Embrittlement of Austenitic Cr-Mn-N-Fe Alloys—F. W 
Schaller, Research Assistant, Metallurgy Dept., Case Institute of Technol 
égy, Cleveland, and V. F. Zackay, Supervisor, Physical Metallurgy Section, 
Metallurgy Dept., Scientific Lab., Ford Motor Co., Dearborn, Michigan 

The Transition Temperature in a Notched Bar Impact Test—J. A. Hendrickson, 
California Research Corp., La Habra Laboratory, La Habra, California; D 
4 W ood, Associate Professor of Mechanical Engineering, and D. S. Clark, 
Professor of Mechanical Engineering, California Institute of Technology, 
Pasadena, California 

Effect of Grain Size and Carbon Content on the Yield Delay-Time of Mild Steel 
J. M. Krafft and A. M. Sullivan, Ballistics Branch, Mechanics Division, 
U. S. Naval Research Laboratory, Washington 

Some Low Temperature Observations of 1020 Steel—F. S. Deronja, Research 
Assistant, and M. Gensamer, Professor of Physical Metallurgy, Columbia 
University, School of Mines, New York, N. ¥ 


Cleavage Step Formation in Brittle Fracture Propagation—J. M. Berry, Metal 


Statler-Hilton, Euclid Ballroom—2 p.m. 


Uranium 
Presiding Officers 
E. C. Miller, Oak Ridge National Laboratory 
J. F. Schumar, Argonne National Laboratory 


Transformation Kinetics of Beta Plutonium—R. D. Nelson, Plutonium Fabri 
cation Development, General Electric Co., Hanford Atomic Products Opera 
tion, Richland, Washington 

Transformation Characteristics of Dilute Ternary Alloys of Uranium—D. J 
Murphy, Department of Metallurgy, University of Arizona, Tucson, Arizona 

The Mechanical Properties and Heat Treatment Response of Zirconium-Uranium 
Alloyvs—W. Chubb and F. A. Rough, Battelle Memorial Institute, Columbus 
Ohio 

Preparation of Uranium and Uranium Alloy Powder Metal Compacts—Herbert 
S. Kalish, Nuclear Fuel Research Dept., Olin Mathieson Chemical Corp 
New Haven, Connecticut 

Properties of As-Cast and Heat Treated 2% lybdenum-Uranium—E, G 
Zukas, Los Alamos Scientific Laboratory, Los Alamos, New Mexico 


17 


Metal Powder Industries Federation 
In Cooperation With ASM 


Engineering Aspects of Powder Metallurgy Structural Components 
Hotel Cleveland, Empire | m—2 p.m 

Moderator: George A. Roberts, President, MPIF 
Introductory Remarks—Kempton H. Roll, Executive Secretary, MPIF 
Tolerances—Robert Burgess, Burgess-Norton Mfg. Co 
Propertics—Harold Harrison, Presmet Corp 
Design—Peter Schneider, International Business Machines Corp 
Summation—George A. Roberts 
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Thursday, October 30 
Statler-Hilton, Euclid Ballroom—9 a.m. 


Titanium I 
Presiding Officers 
W. R. Opie, National Lead Co. 
W. Rostoker, Armour Research Foundation 

The Application of Rate Process Theory to the Heat Treatment of Titanium 
Alloys—N. M. Erkun, Research Metallurgist, Fundamental Research 
Section, Midland Research Laboratory, Crucible Steel Company of America, 
Midland, Pa. 

The Effects of Microstructure and Heat Treatment on the Hydrogen Embrittle- 
ment of Alpha-Beta Titanium Alloys—D. N. Williams, F. R. Schwartzberg, 
and R. I. Jaffee, Battelle Memorial Institute, Columbus, Ohio 

The Effect of Composition on the Hydrogen Embrittlement of Alpha-Beta Ti- 
tanium Alloys—R. I. Jaffee and D. N. Williams, Battelle Memorial Institute, 
Columbus, Ohio 

Hydrogen Embrittlement and Delayed Failure in Titanium Alloys—R. D. 
Daniels, Assistant Professor, University of Oklahoma, Norman, Oklahoma; 
R. J. Quigg, Research Assistant, and A. R. Troiano, Head, Dept. of Metal- 
lurgical Engineering, Case Institute of Technology, Cleveland 

The Corrosion, Pyrophoricity, and Stress Corrosion Cracking of Titanium Alloys 
in Fuming Nitric Acid—John B. Rittenhouse, Jet Propulsion Laboratory, 
California Institute of Technology, Pasadena, California 


Statler-Hilton, Grand Ballroom—9 a.m. 


Creep 
Presiding Officers 
R. W. Guard, General Electric Co. Research Laboratory 
W. A. Reich, General Electric Co., Metallurgical Products Dept. 


The Activation Energies for Creep of Polycrystalline Copper and Nickel—P. R 
Landon, J. L. Lytton, L. A. Shepard, and J. E. Dorn, Department of Engi 
neering, University of California, Berkeley, California 

A Procedure for Application of Time Temperature Parameters to Accelerated 
Creep Rupture Testing—S. S. Manson, G. Succop, and W. F. Brown, Jr., 
Strength of Materials Section, National Advisory Committee for Aero 
nautics, Lewis Flight Propulsion Laboratory, Cleveland 

Effect of Strain Rate and Temperature on the Compressive Flow Stresses of 
Three Titanium Alloys—A. J. Griest, Assistant Consultant, A. M. Sabroff, 
Assistant Chief, and P. D. Frost, Chief, Light Metals Division, Battelle 
Memorial Institute, Columbus, Ohio 

Temperature and Rate Dependence of Strain Hardening in the Aluminum Alloy 
2024-O—D. S. Fields, Jr., Research Metallurgist, Aluminum Company of 
America, New Kensington, Pa., and W. A. Backofen, Assistant Professor of 
Metallurgy, Metals Processing Lab., Massachusetts Institute of Technology, 
Cambridge, Mass. 


Metal Treating Institute 
In Cooperation With ASM 


Heat Treating 
Hotel Cleveland, Empire Room—9 :30 a.m. 
Chairman: Michael Soriak, Commercial Steel Treating Co. 
Limiting Distortion of High-Strength Steels with Simple Tempering Fixtures 
Fred Heinzelman, Jr., Fred Heinzelman & Sons 
Heat Treatment in a V acuum—R. C. Gross, Kinetics Corp. 
Expected Variation in Hardenability of AISI 4142 Steel—C. F. Lewis, Cook 
Heat Treating Co. of Texas 
Mysterious Failures in Heat Treating and Their Solution—H. C. Knerr, Metlab 
Co., Philadelphia 
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Statler-Hilton, Euclid Ballroom—2 p.m 


Titanium II 
Presiding Officers 
E. M. Mahla, E. I. du Pont de Nemours & Co. 
P. G. Nelson, The Budd Co 

Vicrostructure and Mechanical Properties of Ti-Cu-Al and Ti-Cu-Al-Sn 
Alloys—R. F. Bunshah and H. Margolin, Research Division, New York 
University, College of Engineering, New York, N. Y 

The Effect of Heat Treatment on the Elevated Temperature Stress Stability of 

Titanium Alloys—M. L. Greenlee, G. A. Lenning, W. M. Parris, and H. D 
Kessler, Titanium Metals Corporation of America, Henderson, Nevada 

he Influence of Forging Temperature in Mechanical Properties of Al-V Ti- 

tantum Alloys—L. S. Croan, Physical Metallurgist, and F. J. Rizzitano, 

Chief, Special Projects Section, Watertown Arsenal Laboratories, Water 

town, Mass. 

A Contribution to the Hardenability Problem in Titanium Alloys—R. P. Elliott 
and W. Rostoker, Metals Research Dept., Armour Research Foundation of 
Illinois Institute of Technology, Chicago 

The Effect of Stress on the Eutectoid Decomposition of Titanium-Chromium 
Alloys—A. W. Goldenstein, A. G. Metcalfe, and W. Rostoker, Metals Re 
search Dept., Armour Research Foundation of Illinois Institute of Tech 
nology, Chicago 


~ 


ASM Metals Engineering Program Committee 
“William Park Woodside Panel Conferences” 
' Monday, October 27 
Hotel Cleveland, Cleveland Room—9 a.m. 
Fabrication of Molybdenum I 
Chairman 
A. V. Levy, Materials and Process Section, Marquardt Aircraft Co. 
Molybdenum as a Structural Alloy—J. J. Harwood, Metallurgy Branch, Office of 
Naval Research, Washington 
Production of Quality Molybdenum Mill Products—W. L. Bruckart, Universal 
Cyclops Steel Corp., Bridgeville, Pa. 
Forming Molybdenum Sheet—D. C. Goldberg, Aviation Gas Turbine Div., West 
inghouse Electric Corp., Kansas City 
Hotel ( leveland, ( leveland Room 2 p mt. 
Fabrication of Molybdenum II 


Chairman 
G. A. Timmons, Climax Molybdenum Co. of Michigan 

Fusion Welding Molybdenum—D. C. Martin, Metal Joining Div., Battelle Me 
morial Institute, Columbus, Ohio 

Brazing Molybdenum—G. S. Hoppin, III, Aircraft Gas Turbine Div., General 
Electric Co., Cincinnati, Ohio 

Vachining of Molybdenum—W. A. Taebel and J. Gelok, Lamp Div., Westing 
house Electric Corp., Bloomfield, N. Ls 

Protective Coating Systems for Molybdenum—R. I. Jaffee, Div. of Nonferrous 
Metallurgy, Battelle Memorial Institute, Columbus, Ohio 


Tuesday, October 28 
Hotel Cleveland, Whitehall Room—9 a.m 
Quenching of Steels I 
Chairman 
O. W. McMullan, Federal- Mogul-Bower Bearings, Inc. 


The How and Why of Quenching—C. A. Siebert, University of Michigan, Ann 
Arbor, Mich. 
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Quenching, a Thermal Process—V. Paschkis and G. Stolz, Jr., Heat and Mass 
Flow Analyzer Lab., Columbia University, New York, N. Y. 

Evaluation of Quenching Media—G. H. Robinson, Research Staff, and H. |] 
Gilliland Process Development Staff, General Motors Corp., Detroit 


Hotel Cleveland, Cleveland Room—9 a.m. 


Precision Mechanical Springs 
Chairman 
George F. Meyer, International Harvester Co. 
Types of Springs in General Use—J. B. Beckwith, Wallace Barnes Div., Asso 


ciated Spring Corp., Bristol, Conn. 
Role of Stress in Spring Performance—A. M. Wahl, Research Labs., Westing 


house Electric Corp., Pittsburgh 
Behavior of Springs at Elevated Temperatures—W. R. Johnson, Associated 
Spring Corp., Bristol, Conn. 
Spring Materials—Len Kulze, Gibson Div., Associated Spring Corp., Chicago 
Hotel Cleveland, Whitehall Room—2 p.m. 


Quenching of Steels II 
Chairman 
T. A. Frischman, Axle Div., Eaton Manufacturing Co. 

Hot Quenching—W. Hiatt, International Harvester Co., Ft. Wayne, Ind 
Basis of Selection of Quenching Media—R. H. Lauderdale, Northern Ordnance, 

Inc., Minneapolis, Minn. 
Automatic Quenching Equipment—O. E. 

Toledo, Ohio 


Cullen, Surface Combustion Corp., 


Wednesday, October 29 
Hotel Cleveland, Wedgewood Room—9 a.m. 


Modern Machining Methods I 
Chairman 
H. J. Siekman, Metallurgical Products Dept., General Electric Co. 
New Cutting Tool Materials—R. T. Hook, Warner & Swasey Co., Cleveland 
Constant Speed Machining—M. C. Shaw, Metals Processing Div., Massachusetts 
Institute of Technology, Cambridge, Mass. 
Quick Change, Preset Tooling—A. S. Rogers, Wesson Co., Ferndale, Mich 
Hotel Cleveland, Wedgewood Room—2 p.m. 
Modern Machining Methods II 


Chairman 
F. W. Boulger, Battelle Memorial Institute 
Trends in High-Speed Equipment—M. S. Curtis, Warner & Swasey Co., Cleve- 
land 
Chipless Machining—R. D. Halverstadt and R. Cogan, Aircraft Gas Turbine 
Div., General Electric Co., Cincinnati Y 
Machining High-Strength Materials—R. W. Runyan, Menasco Manufacturing 
Co., Burbank, Calif. 
Machining of Molybdenum—H. J. 
Products Dept., General Electric Co., Detroit 


Hotel Cleveland, Whitehall Room—2 p.m. 


Siekman and L. A. Sowinski, Metallurgical 


Design and Specification for High-Quality Castings 
Chairman 
W. P. Dudley, Ohio Steel Foundry Co. 
Rebecca H. Sparling, Convair-Pomona Div., 


Aircraft and Missiles—Mrs. 
Pomona, Calif. 
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etroleum Refining Industry—N. J. Rees and R. W. Manuel, Refinery Engi 
neering Div., Socony Mobil Oil Co., Inc., New York, N. Y. 
ulroads—W. R. Elsey, Pennsylvania Railroad Co., Philadelphia 
if 


Machine Tools—Herbert Whitney, Kearney & Trecker Corp., Milwaukee 


Thursday, October 30 


Hotel Cleveland, Whitehall Room—9 a.m 


Metals and Fabrication Methods for High-Pressure Applications 


Chairman 
Eugene Klier, Syracuse, N. Y 

Special Materials Problems in High-Pressure Applicattons—Donald S. Nulk, 
Jet Div., Thompson Products, Inc. 

Ultra-High Strength Pressure Vessels in the Missiles Field—W. S. Tenner, 
Aerojet-General Corp., Azusa, Calif. 

New Welding Techniques in Pressure V essels—R. E. Lorentz, Jr., C. T. Ward 
and W. B. Bunn, Combustion Engineering, Inc., Chattanooga, Tenn 


Hotel Cleveland, Wedgewood Room—9 a.m 


High-Velocity Forming 
Chairman 
John Dorn, University of California 

High-Energy Rate Forming by Machine—J. B. Ottestad, Hyge Machines, Con 

vair, San Diego, Calif 
Explosive Forming Under WWater—E. W. Feddersen, Convair, Ft. Worth, Tex 
Explosive Forming by Direct Application—A. H. Petersen, Lockheed Aircraft 

Corp., Burbank, Calif. 


Hotel ( leveland, W edaex ood Re m—2 p mt. 


The Metallurgist Looks at Nonmetallic Materials 
Chairman 
A. G. Gray, Editor Metal Progress 
lastics—K. F. Charter, Plastics Research Dept., A. O. Smith Corp., Milwaukee 
eramics—S. McDanel, McDanel Refractory Porcelain Co., Beaver Falls, Pa 
ermets—Malcolm Judkins, New Product Development, Firth Sterling, Inc., 
Pittsburgh 


P 
C 
C 


ASM SEMINAR ON RESIDUAL STRESSES 


(Admission by pre-registration only) 


Thursday, October 30 
10 a.m.—W ade Park Manor 
I—Definition and Origin 
Lecturer: R. Weck, Cambridge University, England 
Commentators: J. A. Halgren, International Harvester Co., H. R. Neifert, 
Timken Roller Bearing Co 
1 p.m—Wade Park Manor 
I1I—Measurement of Residual Stresses 
Lecturer: R. Weck, Cambridge University, England _ : 
Commentators: E. S. Rowland, Timken Roller Bearing Co.; G. A. Butz, 
Aluminum Co. of America, Ray L. Mattson, Research Staff, General 
Motors Corp. 
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Friday, October 31 
10 a.m—W ade Park Manor 
111—Influence of Residual Stress on Deformation, Static Strength and Dimen 
sional Stability 
Lecturer: R. Weck, Cambridge University, England 
Commentators: H. J. Noble, Pratt & Whitney Aircraft; E. S. Rowland, 
Timken Roller Bearing Co. 
2 p.m—Wade Park Manor 
sali x of Residual Stress on Fatigue Strength and Stress Corrosion 
Cracking 
Lecturer: R. Weck, Cambridge University, England 
Commentators: Ray L. Mattson, Research Staff, General Motors Corp., 
L. P. Tarasov, Norton Co., Julius Heuschkel, Westinghouse Electric Corp 
8 p.m—Wade Park Manor 
V—Relation Between Residual Stresses and Brittle Fracture 
Lecturer: R. Weck, Cambridge University, England 
Commentators: Julius Heuschkel, Westinghouse Research Laboratories; 
W. M. Baldwin, Case Institute of Technology 


Saturday, November 1 
10 a.m.—Wade Park Manor 
VIl—Relation Between Residual Stresses and Brittle Weldments 
Lecturer: R. Weck, Cambridge University, England 
Commentators: W. M. Baldwin, Case Institute of Technology; LaMott« 
Grover, Air Reduction Co. 
2 p.m.—IlWade Park Manor 
VII—Methods for Stress Relieving 
Lecturer : R. Weck, Cambridge University, England 
Commentators: L. J. Larson, Allis-Chalmers Co.; George A. Butz, Alumi 
num Co. of America 
Closure: J. O. Almen, Consulting Engineer, Honorary Chairman of the Seminar 


THirp ANNUAL AWARDS LUNCHEON 

At the Third Annual Awards Luncheon of the American Society 
for Metals, more than 500 members and guests were present. The meet- 
ing was held in the Wedgewood Grand Ballroom of the Hotel Cleve- 
land Tuesday, October 28, 1958. 

Presiding at the luncheon, President G. M. Young introduced the 
persons seated at the top table and then proceeded with the presenta- 
tion of the awards. 

Several organizations in addition to the ASM made the following 
awards at this luncheon. 


Gray Iron Founders’ Design Award to—Earl R. Zuehlke 

Gregory Award to—J. C. Chapman 

Metal Treating Institute Annual Achievement Award to—Michael P. Rivera 

The Henry Marion Howe Medal to—George Gerard and Ralph Papirno 

The ASM Teaching Award to—Robert F. Hehemann 

The Francis F. Lucas Metallographic Award by A. I. Buehler to—J. C. Gower, 
E. P. Griggs, W. E. Denny, J. E. Epperson and R. J. Gray 


Awarps or DISTINGUISHED Lire MEMBERSHIP IN THE 
AMERICAN SOCIETY FOR METALS 


Avery C. ADAMS AARON E. CARPENTER 
HiLanpb G. BATCHELLER Tuomas E. MILLsop 
I. MELVILLE STEIN 
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Those seated at the head table were: Willson H. Hunter, President, 
Cleveland Technical Societies Council, Assistant to Director, NASA 
Lewis Research Center, Cleveland; Ross R. Caldwell, Colonel, Ord- 
nance Corps, Commanding Cleveland Ordnance District, Cleveland; 
G. Brooks Earnest, President, Fenn College, Cleveland; E. F. Pezda, 
Commanding Officer, Cleveland Air Procurement District, Cleveland ; 
Michael P. Rivera, Senior Engineer, Vacuum Equipments Division, 
New York Air Brake Company, Camden, N. J.; K. U. Jenks, Presi- 
dent, Metal Treating Institute, Secretary and Treasurer, Lindberg 
Steel Treating Company, Melrose Park, Illinois; N. R. Howard, 
Editor, The News, Cleveland ; Kempton H. Roll, Executive Secretary, 
Metal Powder Industries Federation, New York ; George Gerard, As 
sistant Director, Research Division, College of Engineering, New 
York University, New York; Ralph Papirno, Research Scientist, Re- 
search Division, College of Engineering, New York University, New 
York; Alfred E. Tarr, Assistant to the President, Leeds & Northrup 
Company, Philadelphia; Thomas E. Millsop, President, National Steel 
Corporation, Pittsburgh; William F. MacDonald, President, E. F. 
Houghton & Company, Philadelphia; Hiland G. Batcheller, Chairman 
of the Board, Allegheny Ludlum Steel Corporation, Pittsburgh ; 
Charles M. Beeghly, Executive Vice President, Jones & Laughlin 
Steel Corporation, Pittsburgh ; and Kenneth Headlam-Morley, Secre- 
tary, The Iron and Steel Institute, London, England. 


The address of the meeting was presented by Kenneth Headlam 
Morley, Secretary, The Iron and Steel Institute of London, England, 
entitled “An Englishman Looks at The American Steel Industry.” 


ANNUAL MEETING OF AMERICAN SOCIETY 
FOR METALS 


9:00 A.M., Wednesday, October 29, 1958 
Grand Ballroom, Statler-Hilton Hotel, Cleveland 


Order of Business: 
President’s Address 
Report of the Treasurer 
Report of the Secretary 
Report of ASM Foundation for Education and Research 
Proposed changes in Constitution 
Election of Officers 
Presentation of Past Trustees Certificates 
Presentation of 20-yr. Chapter Secretary 
Presentation of Honorary Membership 
Campbell Lecture 
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President G. M. Young called the 40th annual meeting of the Society 
to order at 9 am. Before presenting his Report, President Young asked 
the capacity audience to rise for one minute of reverent silence in 
memory of William H. Eisenman. 


ANNUAL ADDRESS OF THE PRESIDENT 


G. M. Youn, President 
Fortieth Annual Meeting, Cleveland, October 29, 1958 
’ | 1{O-DAY, as we gather for this 40th Annual Meeting, we are sadly 


aware that for the first time there is absent from our platform one 
whose name has become and will ever remain synonymous with that of 
the American Society for Metals. 

William Hunt Eisenman, life-long secretary, founder member and 
beloved friend, passed away at LaJolla, California, on 30th May, 1958. 

Many sincere and wonderful tributes have been written to his mem- 
ory but the most heartfelt are those contained in the countless letters 
of sympathy sent by sorrowing friends from many parts of the world. 

He was outstanding as a man of vision; but ideas alone do not beget 
success. They must be implemented with leadership and sound busi- 
ness judgment. This he did with a dynamic drive which astonished 
those with whom he worked, yet aroused them to match his almost 
limitless energy. His was a life of dedicated sacrifice to his beloved 
ASM. His ever-active mind was always planning—details for the 
present, projects for the future. Herein lay the key to the successful 
rise of this Society for he repeatedly counselled “Make no little plans.” 

To-day the American Society for Metals stands as a living monu- 
ment to a truly great man. Living, because he has inspired 30,000 men 
throughout this continent and in numerous countries of the free world 
to give of their time and talent and of their technical experience and 
knowledge to the development of ASM and all it stands for to-day. 

Acknowledged by the world as an outstanding organizer and suc 
cessful businessman, to his intimate friends he was a modest, con- 
siderate, warmhearted Christian gentleman. 

We have lost a wonderful friend, but each of us has gained richly by 
having known him. 

In respect to the memory of William Hunt Eisenman, will you please 
stand and with me observe a minute of silence. 

There are few here to-day who saw the Society as an infant but there 
are many who over the years have generously assisted with its up- 
bringing. This past season, while visiting the Chapters with Bill Eisen- 
man, | met many of these older members and was inspired by their 
reminiscences of earlier days coupled with enthusiasm for the future. 
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This continued support and sustained interest of the older members 
has contributed greatly to the successes of more recent years and attests 
to the fact that the strength of the Society truly lies with the member 
ship. 

The President and members of the Board of Trustees travel many 
miles each year to visit the Chapters and see ASM at work. I had 
the opportunity this year of meeting many wonderful people and my 
most vivid impression is of the keen enthusiasm and willingness of 
Chapter officers and members to assist locally and nationally with the 
many varied programs in which the Society is engaged. It was a most 
stimulating experience for me from which I came to realize and ap- 
preciate what tremendous talent had been brought together into this 
vital educational force. To the Past and Present Chapter Chairmen, 
their Executive Committees, and the working membership, we say 
“Congratulations and thank you for the valuable services which you 
are so effectively performing.” 

During the 1957-1958 season, I was a guest of twenty-six Chapters 
and participated in two well-organized and most competently con 
ducted regional conferences—the one-day Purdue Symposium at Lafay 
ette, Indiana, and the three-day Southern Conference held this year at 
Gatlinburg, Tennessee. In addition to these visits, members of the 
Soard spoke at meetings of 42 Chapters, making a total of 70 meetings 
attended by a National Officer. 

The Board of Trustees also held four meetings this year—on 13th 
May, 5th and 6th June, 26th and 27th August, 28th and 30th October 
The American Society for Metals is an outstanding organization 
not because it is the largest metals engineering society in the world but 
hecause it has earned the reputation of being a leader in the field of 
metals technology. Recognition of this fact and its value to the metals 
industry is reflected in the continued increase in membership, which 
now stands at 30,154. On the 7th April 1958, it was my privilege te 
present the Charter to a new Chapter in Miami, Florida. Since then, 
the Board has granted approval to applications received from the 
Sacramento (California) Chapter, the Southeast Ohio Chapter (Cam 
bridge, Zanesville, and Coshocton), and West Central Florida Chap 
ter (St. Petersburg, Florida). This brings the total number of 


Chapters in the Society to 106. 

\ nation’s successful development reflects the combined efforts of 
her citizens but their ability to progress is largely realized through 
the sharing of acquired knowledge and experiences. This 1s recognized 
by the American Society for Metals in its constituted aim, which is 
“To promote the arts and sciences connected with either the manu 
facture or treatment of metals, or both.” 

During my Chapter visits this year, it was of particular interest to 
see how this aim was being furthered by the local Chapters. In each 
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community, activities of the Program and Educational Committees are 
being tailored to the specific interests of its members and the industries 
which they serve. The enthusiastic response to each Educational Lec- 
ture Series is most gratifying. What is disappointing, however, is the 
low percentage of ASM members who participate. Program Commit- 
tees are also experiencing a similar problem, for all too often monthly 
meetings are poorly attended. Both these Committees work very hard 
to arrange interesting and instructive programs; speakers, who are 
themselves busy men, come considerable distances to bring timely in- 
formation on subjects which to-day cannot but have some bearing on 
every ASM member’s particular field of interest. We, as members, 
owe it to ourselves, to the Chapter Committees, to the speakers, and to 
the Society to support these efforts, for unless we do, the Chapters 
cannot remain alive and healthy. To flourish, an organization must 
have the active support of all its members and regular attendance is 
the most essential form of support which we can give. 

Members of ASM have responded to the national plea for assistance 
in directing young men with scientific interests and ability into the 
fields of engineering. Varied and exciting are the different programs 
which the Chapter Student Affairs Committees have developed. In 
the high schools, metallurgical processes are being demonstrated and 
industrial plant visits arranged for the students. Some Chapters have 
supplemented these with radio and television programs. Seventy-four 
Chapters now have Student Affairs Committees and the enthusiasm 
with which they are attacking this voluntary recruiting program is real 
evidence of the desire of ASM members to be of positive service to 
their profession, community, and country. 

The first official duty of each incoming President is to propose, for 
Board approval, the names of members to serve on the many Standing 
Committees of the Society. The deep sense of responsibility with which 
many accept membership in the Society is reflected in the willingness 
with which committee appointments are accepted and in the thorough 
ness with which the duties are performed. Most of these men become 
known to you through the work they do and their assistance is publicly 
and fittingly acknowledged. Others, however, are asked to serve on 
confidential awards committees and, as a consequence, their identity 
remains unknown. The Board of Trustees and members of ASM are 
most grateful to all who serve on our national committees. Our sincere 
thanks to those still active and to those who, this year, are retiring. It 
is their valuable contribution which, over the years, has established 
international prestige for the American Society for Metals. 

The first Southwestern ASM Metals Congress and Exposition was 
held in Dallas, Texas, during the week of 12th May 1958. While the 
numbers attending were, as would be expected, considerably smaller 
than the present National and Western Expositions, Dallas drew a 
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larger attendance than did either of the other two when they started. 
The high quality of the papers and exhibits and the intense interest of 
those who attended foretell greater success in the future. 

Again this year, your Society assisted nine universities in bringing 
to their schools outstanding metallurgical lectures. The students not 
only appreciated each series of talks for its technical value but ex- 
pressed their gratefulness to ASM for the financial assistance which 
made possible such worth while meetings. 

Under the auspices of the National Science Teachers Association, 
the Science Achievement Awards program continues to expand. The 
program just completed with over 4000 entries was the highest re- 
corded participation since ASM undertook to sponsor the award seven 
vears ago. Interest in the wonders and workings of nature is growing 
among students of the public schools and is beginning to spark the 
lower grades. This past year ASM gave further assistance in this edu 
cational area by financing the printing of a small Elementary School 
Division Certificate of the Future Scientists of America. It was my 
pleasure to present the first two of these to an eleven-year-old girl and 
hoy at Sherwood Forest School in Jacksonville, Florida, where the 
idea was originated. It has been gratifying to see that throughout the 
country many of the Chapters are actively assisting their local schools 
in these science-interest projects. Such ASM cooperation has proven 
mutually stimulating and rewarding. 

Last year President Clark told you that the honorary metallurgical 
fraternity, Alpha Sigma Mu, had sought assistance from ASM in pro- 
moting and managing its operations. At that time there were 3 schools 
and 274 members enrolled. To-day 16 schools are cooperating and the 
membership stands at 402. This initial response will undoubtedly 
gather momentum and lead to greater participation. With it will come 
a more wide-spread recognition of the fraternity and its objectives. The 
first general meeting was held at the beginning of this week, an event 
which it is hoped will become an annual affair during the ASM Metals 
Congress. 

The Metals Engineering Institute, now in its second year of opera- 
tion, is flourishing and rapidly gaining international as well as na- 
tional acclaim. The number of corresponding and in-plant students 
now enrolled approaches 1300, representing 42 states and 14 countries. 
There have been 273 graduated. The breadth of interest is shown by 
the educational background of the students. This ranges from high 
school graduates in quest of a general metallurgical training to docto- 
rates seeking a refresher course in a rapidly advancing specialized 
field. Of the originally planned 40 courses, 18 are now available, with 
the remainder in various stages of preparation. The letters of com 
mendation which have been received bear testimony to the value which 
MEI students are deriving from this ASM educational project. Of 
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more intimate interest is the fact that five chapters will be using courses 
this season for their Educational Programs. 

In honor of a founder member of the Society, some of our special 
engineering conferences will become known as the William Park 
Woodside Panel Conferences. The appropriateness of this has been 
stated by the Board as follows: 

“William Park Woodside was a man who by his own initiative 
and drive rose from an apprentice blacksmith to an internation- 
ally recognized position as a metallurgist. From his writings, 
speeches and conversations, it is readily concluded that one of his 
primary interests was in learning and disseminating knowledge 
and in helping to upgrade the technical skills in the metals in 
dustry.” 


sill Eisenman left us a priceless heritage—a well-organized Society 
fully aware of proven methods for successfully conducting a most 
comprehensive program of technical activities. Bill’s visits to the Chap- 
ters and his organization of regional meetings were the means of main- 
taining a close tie with the National Office. The Fundamental purpose 
of these visits was to bring to each new group of Chapter officers and 
their executive committees advice and counsel on Chapter matters and 
information on Society affairs. With Bill’s passing, this close link with 
the Chapters has been severed. It must not remain so for its continu- 
ance is vital to the life of the Society. During this period of reorganiza- 
tion, members of the Board of Trustees plan to share the responsibility 
of visiting each of the 106 Chapters of the Society and at first hand 
bring word of Society happenings. 

The heart of our national operations is the Headquarters Staff—an 
outstanding and talented group of technical specialists. We are in- 
tensely proud of these men and women, to whom we owe much for 
their efficient and faithful service. On behalf of the Board of Trustees 
and all our members, I do want to express a special tribute to our 
Assistant Secretary and Temporary Manager, Ray T. Bayless; and to 
the senior members of the staff (A. P. Ford, Evelyn G. Gardner, 
Taylor Lyman, Ernest E. Thum, and Chester L. Wells) who, at this 
time of organizational transition, are acting as a counselling group. 

Detail matters pertaining to the office of Secretary have for many 
years been taken care of by Bill's outstandingly efficient secretary, Miss 
Evelyn G. Gardner. In order to derive the greatest benefit from her 
broad experience and abilities, Miss Gardner has been appotnted 
Secretary to the Board of Trustees. 

Progress is being made towards the selection of a Managing Di 
rector for the Society. You have been kept informed of the Board’s 
actions through letters sent to each Chapter Chairman, which also 
appeared in Metals Review. In brief, a Confidential Selection Com- 











1959 PRESIDENT’S ADDRESS 17 


mittee, appointed by the Board, is engaged, with the assistance of a 
management consultant, in appraising potential candidates. The Com 
mittee will in due course make their recommendation to the Board for 
approval and appointment. 

After several years of planning, we can now report that the new 
\SM Headquarters Building is taking shape at Metals Park, 23 miles 
east of Cleveland. On this beautiful 100-acre site, so generously pre 
sented to the Society by Bill Eisenman, there now towers above the 
countryside the world’s largest space-lattice. This all-metal geodesic 
dome dominates the three-level semi-circular building which partially 
surrounds the area in which will be built a mineral garden. Here, 
created by man in the heart of nature and from the metallic materials 
provided by nature herself, is rising a structure which will stand 
dramatically as a symbol to man’s metallurgical and engineering 
achievements. On 26th March 1958 details of this building were first 
disclosed to the press, who hailed the creative genius of architect 
John Terence Kelly and designer Buckminster Fuller as an archi 
tectural and engineering marvel. During your visit to Cleveland, we 
hope that many of you will take the opportunity to go out to the site 
and see this unique structure which will, we are sure, soon become the 
recognized “trademark” of the Society. 

The ASM Metals Handbook has now become an essential volume 
on the bookshelf of the metals engineer. Its acknowledged prominence 
in the field of engineering reference books has been possible only be 
cause of the generous cooperation of the many individuals, companies, 
and organizations who so very freely contributed the authoritative 
information which it contains. In the Fall of 1959, the first volume of a 
new revised edition will be released and, as in past years, will be pro 
vided at no cost to members of the Society. 

Although the Second World Metallurgical Congress is now a matter 
of history, many fond memories remain of new and renewed friend- 
ships. Once more this undertaking was an overwhelming success and 
the farewell hope of scores of the 500 overseas conferees was to return 
in 1962 for the Third World Metallurgical Congress in Chicago, a 
fact which again emphasizes the international influence and importance 
of ASM. 

At the Farewell Banquet, the Gold Medal of the Second World 
Metallurgical Congress was presented to the Director General, Zay 
Jeffries, and the silver medals were awarded to the Assistant Director 
General, Kinsley W. Given, and to ASM President, Donald S. Clark. 

It is the custom in each Annual Report to record the names of those 
to whom honors and awards were given at the previous National Metal 
Congress which last year was held in November at Chicago. 

The President’s Medal was presented to Adolph O. Schaefer, Presi- 
dent of Pencoyd Steel & Forge Corporation ; the ASM Medal for the 
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Advancement of Research was awarded to Roy C. McKenna, Presi- 
dent and Chairman of the Board of Vanadium-Alloys Steel Company ; 
the Sauveur Achievement Award was presented to Tokushichi 
Mishima, Professor of Metallurgy, Emeritus, University of Tokyo 
(Japan). The ASM Gold Medal was awarded to John Chipman, 
Head, Department of Metallurgy, Massachusetts Institute of Tech- 
nology ; the Henry Marion Howe Medal was awarded to F. N. Rhines, 
W. E. Bond and Mary Ann Kissel of Carnegie Institute of Technology 
for their paper “Grain Boundary Creep in Aluminum Bicrystals.” The 
ASM Teaching Award was given to Amos J. Shaler, Professor of 
Metallurgy, Pennsylvania State University. The Campbell Memorial 
Lecture was presented by Earl R. Parker, Professor of Metallurgy, 
University of California. 

Honorary Membership was conferred on William Hume-Rothery, 
Professor of Metallurgy, Oxford University (England) and Dis- 
tinguished Life Memberships were conferred on Roger M. Blough, 
Chairman of the Board, United States Steel Corporation ; Eugene Gif- 
ford Grace, Chairman of the Board, Bethlehem Steel Corporation ; Joel 
Hunter, President of Crucible Steel Company of America; John F. 
Thompson, Chairman of the Board, International Nickel Company of 
Canada, Limited; and Irving W. Wilson, Chairman of the Board, 
Aluminum Company of America. 

At the second Annual Awards Luncheon, the guest speaker was Joel 
Hunter who spoke on “Science and People.” 

The scope of the ASM Metal Congress is greatly broadened by the 
concurrent meetings held at this time by several cooperating technical 
societies. In mentioning them by name, I also wish to express our 
thanks for their contribution in making these annual meetings the 
acknowledged success that they are. This year we have joining with 
us The Metallurgical Society of the American Institute of Mining, 
Metallurgical and Petroleum Engineers; the Society for Nondestruc- 
tive Testing; Industrial Heating Equipment Association; Metal 
Powder Industries Federation; Metal Treating Institute; and the 
Special Libraries Association, Metals Division. 

With each passing year familiar and honored figures are missing 
from our ranks and it is with sorrow that I record the death of — 

Frank P. Gilligan, who died in Hartford, Connecticut, on 6th 
September 1958. Mr. Gilligan was the Society’s Second President, 
having served in 1922. 

Vsevolod N. Krivobok, who died in New York, N.Y., on 17th May 
1958. Dr. Krivobok was Campbell Memorial Lecturer in 1934 and 
served on the Board of Trustees in 1943-44. 

C. M. Carmichael, who served on the Board of Trustees in 1948—49, 
passed away in Montreal, Quebec, on 24th November 1957. 

When I took office a year ago, I told you that, in accepting this 
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great honor, I did so fully realizing the magnitude of the responsi- 
bility but with the hope that my contribution to the Society would be 
worthy of this trust. Whether or not this hope has been fulfilled, I 
must leave to others to judge—but for me this has been a year of mixed 
experiences—rewarding and sorrowful. I enjoyed the rare opportunity 
to gain an extensive and first-hand insight into Society operations 
but was saddened, as you were, by the events at the close of the term. 
\s with all such undertakings, success is only achieved by loyal team- 
work and I particularly wish to express my most sincere thanks to all 
the members of the Board of Trustees who so faithfully assisted me, 
especially during this later period of organizational readjustment. 

On behalf of the members of the Society, I pay tribute to those on 
the Board who are retiring this year. 

Past President Donald S. Clark has given most generously of his 
time and wise counsel. We are very grateful to Adolph O. Schaefer 
who has served as Secretary for the unexpired period of William H. 
Eisenman’s term of office. Mr. Schaefer had retired as Past President 
only seven months prior to being asked to accept this Board appoint- 
ment. Though very busy with personal affairs, he promptly assented 
and has given most freely of his time and contributed greatly to the 
work of the Board. 

The retiring Trustees—George A. Fisher and Carl E. Swartz 
have been very active and valued members of the Board for both have 
brought to our meetings a great wealth of experience derived through 
their ever-active participation in Chapter and Society matters. 

The Board of Trustees has, on your behalf, already extended a wel 
come to the incoming members of the Board. This morning, after they 
have been formally elected, it will be my pleasure to introduce them to 
you. 

It has been fittingly said that at the side of most successful men there 
is an understanding woman. Mildred Randle Eisenman was such a 
companion and to her we owe a debt of unbounded gratitude far 
greater than can be adequately expressed. With encouraging devo 
tion she helped surmount the hardships of those early days. Then, as 
the organization grew and blossomed, she continued to graciously re 
ceive our guests and ladies and in her winning way cement the bonds 
of many lasting friendships. Through great personal sacrifice, but be 
cause of sincere affection for the Society, she has most generously 
shared her husband's life with us 

And so to Mildred Eisenman I say in closing: “You will ever be a 
part of ASM.” 











TREASURER’S REPORT 


R. H. Asorn, Treasurer 





Fiscal Year Ending August 31, 1958 


R. President, Members and Guests of the Society, in presenting 

the Treasurer’s report for our fiscal year ending August 31, 

1958, it seems desirable to minimize the reading of numbers and max 

imize the ease of absorbing the highlights of our Society’s financial 

operations and status. Accordingly, we are presenting these highlights 
in three illustrations. 

The first illustration (Fig. 1) shows the distribution of income and 

outgo dollars: where they came from and where they went. Moving 


























counter clockwise around the Income Dollar, 51¢ of each dollar comes 
from Publications, 27¢ from Expositions, 12¢ from Membership Dues, 
6¢ from Investments, leaving 4¢ from other sources. Similarly, from 
each Expense Dollar, we spent 43¢ for Publications, 20¢ for General 
and Administrative costs, 8¢ on Membership, and 8¢ on Expositions, 
leaving a balance of 21¢ from every Income Dollar—available for Ap 
propriations. 

Viewing this analysis as a money pipe-line, the Treasurer’s function 
is to keep the Board informed on the nature and the volume of through- 
put and to turn the valves as directed. 

It should be noted that income from members’ dues was the third 
largest source of income, and that $137,000, or 42%, was returned to 
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the Chapters for local services to members. In addition, the Chapters 
need their own invested funds to promote the aims of our Society 
effectively at its local roots. So, it is reassuring to know that the com 
bined assets of the 106 Chapters approximate $375,000, an increase of 
10% over last year, in pace with ASM’s expanding opportunities and 
obligations. 

In considering any financial report, it is always advisable to view 
it in perspective. So the income and expense totals this year are com- 
pared with those of /ast year in the horizontal bar diagrams under the 
dollar pies.* 





ppropriario 
Appropriated Total Appropriated to Date 
an 358 Amount Years 
Building Fund $ 402,378.48 S 2,091, 860.57 
100,000 225,000.00 i 
ng 22,000.C 67,000.00 + 
20,00 01,662.53 f 
0,0C 70,355.15 8 
5,000 602,946.23 4 
2,50¢ 32,250.00 8 
National Federation of Science 
Abstracting & Indexing Services | ,OOO. . 1,000.00 —— | 
ASM-SLA Codin rs 750.00 —— | 
563,628.48 Fig. 2 


\lthough the gross income is 5% higher this year, the net income is 
19% lower. This results from expanded services to members, higher 
publishing costs and lower exposition income (the first Southwestern 
exposition in contrast to the well established Western exposition. ) 

Let us now expand the 21¢ piece of pie marked “Appropriations” 
into the actual 1958 Appropriations listed in the next illustration (Fig 
2). The first item, the Building Fund, is in the process of transforma- 
tion from a savings account into the realization of Bill Eisenman’s 
dream of a Headquarters commensurate with the uniqueness of our 
Society. The other appropriations continue the established pattern in 
two broad categories, services to members through Chapter Education, 
Metals Handbook, and Literature Coding, Abstracting and Search 
ing; and educational services to our nation through the ASM Founda 
tion, High School Science Awards and University Teaching Awards 

a Phe difference between the total income or the total expense figures used in the illustratior 


10se in the Ernst and Ernst audited report publisl n this volume of TRANSACTIONS 
rtion of members’ dues returned to the Chapters 
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Assets 
1958 - Total S 4,556,319 
Cash 3% 
Securities 34% | 


Bidg. Fund 39% 
Other 24% | 

















1957 - Total $ 4,214,431 
Cash 5% 
Securities 46% 
Bidg. Fund 28% } 
Other 21% 




















The last two columns show the total funds appropriated for each item 
over the indicated span of years. 

Now, lest some think we are giving away too much, let us review our 
Assets in the final illustration (Fig. 3), which compares 1958 with 
1957. This shows that our total assets increased some $342,000, to a 
level 8% higher than last year. In comparing the composition of our 
assets over the two years, the only substantial change is in the further 
transfer of some of our Securities into the Building Fund. 

The complete balance sheet and statement of income and expense 
have been audited by Ernst and Ernst, Certified Public Accountants, 
and their report is published in the next few pages of this volume of 
TRANSACTIONS, 

It is a pleasure to acknowledge the splendid cooperation of our 
President, Trustees, and our investment counsellors, Cleveland Trust 
Company officers, Messrs. W. W. Horner and A. W. Marten, and also 
the competent services of Assistant Treasurer, Mr. A. A. Hess and his 
assistants at Headquarters, who do most all of the work for your elected 
Treasurers. 

Bill Eisenman often stood here and told us: “We must go forward!” 
We have done that in our finances this past year with your splendid 
cooperation, 
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Board of Trustees, 
\merican Society for Metals, 
Cleveland, Ohio 

We have examined the balance sheet of American Society for Metals as of 
\ugust 31, 1958, and the related statements of income and expenses and surplus 
for the year then ended. Our examination was made in accordance with generally 
acce pted auditing standards, and accordingly included such tests of the accounting 
records and such other auditing procedures as we considered necessarv in the 
circumstances. . 

In our opinion, the accompanying balance sheet and statement of income and 
expenses present fairly the financial position of American Society for Metals < 
\ugust 31, 1958, and the results of its operations for the year then ended, in 
conformity with generally accepted accounting principles applied on a basis con 
sistent with that of the preceding year 
ERNST & ERNST 


Cleveland, Ohio 
Certified Public Accountants 


September 26, 1958 
BALANCE SHEET 


AMERICAN SOCIETY FOR METALS 


August 31, 1958 
ASSETS 


















CREE csbkeeeeews-ee $ 130,526.87 
Sh URITIES (appr 
prices aggregate $2 
Bonds, stocks, and lan 
at Gost .sccs ° oe $1,519,076.69 
Accrued interest ° oe es 10,546.73 1,529,623.42 
CASH SURRENDER VALUE OF LIFI 
INSURANCE . 91,087.81 
ACCOUNTS RECEIVABLE 
National Metal Es position—Cleveland 
October, 1958 hGaeee a $ 81,440 
Western Metal Show-—Los Angeles ; 
March, 1959 . 87,1 
Advertising accounts +3, 
Due fr Iding Fund , 35,364.90 
Miscellaneous ° 40,291.34 $ 287,760.49 
Less allowance for doubtful account 2,000.00 285,760.49 
INVENTORIES—at cost or ¢ $ 
Bound and unbound books, publications, 
correspondence courses, et ‘ $ 369,354.14 
Less allowance for obsolescence 6.000.00 363,354.14 
OTHE R ASSETS 
_ ellaneous and employee a mts 
i dep oe 19,284.35 
BI [LDING IND 
Cas ees > 
B A ~at cost (approximate market or 
redemption prices aggregate $757,4 ) 781,178.44 
Aecrued interest .....sccoscece 814.8 
LOM secccsenc Tr 
Construction in progress (estimate 
additional cost to complet 08 ) 322,1 85 $1,835,444.43 
Less amount due operating funds 35,364.90 1,800,079.53 
REAL a cost less allowances for 
epreciati ps sousetens 44,250.00 
OFFICE FURNITURE, FIXTURES, AND 
I Ql IP <n ™ Ir (at cost less allowances for 
! . 96,843.80 
DEFERRED CHARGES 
epaid exp sition expenses 
National Metal Exposition-—Clevelar 
October, 1958 .... $ 82,048.00 
Western Metal Show—Los Angele 
March, 1959 . =: 7,271.70 
Development costs applicable to correspondence 
urses ose 92,728.82 
Prepaid insurance ...... 6,340.44 
7,119.78 5,508.74 


Prepaid sundry expenses.... . l 
$4,556,319.15 
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LIABILITIES, RESERVES, AND SURPLUS 
LIABILITIES 
Accounts payable 


For purchases and expenses................ $ 73,734.64 
Payroll taxes and taxes withheld from 
CD dt ceweccdecadencueahedsedoass 9,083.13 


For apportionment of dues to local chapters. . 5,678.64 $ 88,496.41 
Spastel contributions: 





i ae ee NR ng ok ce ccdeexvecees ss 2 S50608 
H. Eisenman Memorial Fund....... ea 8,613.00 14,138.00 $ 102,634.41 
ine bt. APPROPRIATED FOR EDUCA- 
TEEEis PEPE cnccncscanecaseres 173,198.04 
INCOME APPROPRIATED FOR BUILD 
Pe cewsdcceeveve can xe Sdbseunnee ss 402,378.48 
RESERVES 
ee ee eae $ 65,241.89 
Pe Oe Sidvcckcaeeeetcnnesa paces 60,000.00 
For dues paid in adv NT id enon is Main cre - 50,000 of 
Campbell Memorial Lecture Fund......... 15,000.00 
1. M. Howe Medal Fund...... ceeeseoseses 5,000.00 
Sauveur Achievement Award................ 5,000.00 200,241.89 
BUILDING FUND 
Reserve ....... re ee eal 1,800,079.53 
DEFERRED INCOME 
National Metal Exposition—Cleveland 
October, 1958 iceedevheces ‘ $ 392,120.17 
Western Met: a Show—Los ‘Angeles 
OE eee rere atesaie 182,482.50 
Advance Bw AE on ‘publications pepe en onehsd ax 575.56 575,178.2 
SURPLUS 
Balance at September 1, 1957, and August 31, 
1958 (no change during the year)........... 1,302,608.57 
$4,556,319.15 
STATEMENT OF INCOME AND EXPENSES 
AMERICAN SOCIETY FOR METALS 
Year ended August 31, 1958 
INCOME 
NSFC EE ey Oe eT ‘ $1,392,607.94 
National Metal Exposition—Chicago—November, 1957..... 619,047.36 
OPE RIE ELA TELE REE OTE 192,216.31 
Southwestern Metal Show—Dallas— ae. ee 125,052.66 
Dividends and interest earned........ ae 120,168.50 
Publications Development Division............. ie = 62,275.00 
Metals Engineering Institute....... boa Raaln's 45,586.00 
Gain on disposal of securities. ay 35,355.96 
I PEO ETT EF 7,155.17 
Increment and dividends on life insurance 2,722.33 
Discount earned .... ivenaewibak bares : 1,281.93 
TOTAL INC EE Rickee ans seve dR badbvas cneneeessabcuatade $2,603,469.16 
EXPENSES 
lS eo ean ak et lek bile aaa a bitalie @ dis $1,191,790.39 
National Metal E xposition Chicago—November, "1957. a 279,963.13 
Cee GORGES 6iiveads 4-006 edna cen ce sneeecsieses ces 121,784.84 
ON PTT ree eT ERT eT Tere Te 7 100,695.63 
Publications Development Division..............0+.+: 63,781.82 
Southwestern Metal Show—Dallas—May, 1958....... 49,741.06 
Metals Engineering Institute...............2--ee0e- oe 45,586.00 
Transfer of net interest income to building fund... i 43,744.66 
Secretary's office ... DoneCecbanenens 41,043.44 
Accounting de partme nt eh i 33,116.13 
National committees : wae 22,190.83 
Headquarters . ve 15,970.18 
Warehouse . 14,817.05 
Trustees . 6,815.05 
President's office ; ; ‘ ; 3,396.68 
Medals, awards, and lectures. 2,776.30 
Miscellaneous merchandise ...... 2,393.14 
BEGG ~cadecomsncd Dap aders we ke ee 234.35 
TOTAL EXPENSES . ‘ ssc we peak slat Ra PEPPER: FF 
NET INCOME—Note A......... , Gee okie FE ge 
Income appropriated as authorized by the Board of Trustees: 
For educational purposes.......... Wrrevrrer er rte $ 161,250.00 
POP CE Pe cccvetachwndneaeneeck ces edeawees 402,378.48 563,628.48 
UNAPPROPRIATED NE T REA tetcseesconécesites $ —0 


Note A—In addition to expenses shown above, expenditures in the amount of $165,397.91 
were made during the year from prior years’ appropriations (see accompanying statement). 
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STATEMENT OF APPROPRIATED INCOME 


AMERICAN SOCIETY FOR METALS 


Year ended August 31, 1958 
INCOME APPROPRIATED FOR BUILDING FUND 
Balance September 1, 1957... $555,299.4¢ 
Add amount appropriated during the year 402,378.48 





Less amount transferred to building fund 555,299.46 
BALANCE AUGUST 31, 1958 $402,378.48 
INCOME APPROPRIATED FOR 
EDUCATIONAL PURPOSES 
Balance September 1, 1957 $177,345.9 
Less expenditures during year 


Revision of Metals Handbool $65,000.00 
World Metallurgical Congress 47,091.08 
Mechanical literature searchi: 15,000.00 
Science award program 15,000.00 
hapter educational courses 7,200.00 
S. M. Foundation for Education and Researcl 5.000.00 
Acta Metallurgica 5,000.00 
Teaching awards 3,312.13 
Visiting lectureships 2,794.70 165,397.91 
11,948.04 
\dd amount appropriated during year 161,250.00 
BALANCE AUGUST 31, 1958 $173,198.04 


1958 ANNUAL REPORT OF THE SECRETARY 
\dolph O. Schaefer, Secretary 


OR THE past 40 vears the report of the Secretary of this Society 

has been given by William H. Eisenman. Our President has ex 
pressed, and you have demonstrated, our gratitude for the number of 
years of outstanding service that Mr. Eisenman gave to all of us. At 
the end of this report, I have ventured some further comments on 
this extraordinary period of our development. The following record 
of the year just past is offered with a deep sense of appreciation for 
the superb leadership under which our affairs have prospered. 

The American Society for Metals on October 1, 1958 had a total 
membership of 30,154, a gain of 1476 members since last October. Of 
this number 25,768 are regular members, 1668 are student members, 
2578 are sustaining members, 126 are honorary and life members and 
14 are in the armed forces 


TRANSACTIONS COM MITTEI 
Kighteen persons constituted the members! 
Committee for 1958, under the chairmanship of J. F. Libsch, Lehigh 
University, Bethlehem, Pa, The members of the Committee and their 
Chapter affiliation are: J. H. Bechtold, Pittsburgh; R. D. Chapman, 
Detroit; Morris Cohen, Boston; J. E. Dorn, Golden Gate; G. H 
Enzian, Pittsburgh; D. J. Girardi, Canton-Massillon; R. W. Guard 
Eastern New York: H. Y. Hunsicker, Cleveland; T. E. Leontis, Sagi 
naw Valley; E. M. Mahla, Wilmington ; C. Miller, Oak Ridge; 
O. O. Miller, New Jersev; P. G. Nelson, Philadelphia; W. R. Opie, 
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New Jersey; W. A. Reich, Detroit; W. C. Winegard, Ontario; and 
Ray T. Bayless, Secretary, Cleveland. 

During the year the Committee has had three meetings; March 3, 
May 26-27, September 15, and has a fourth meeting scheduled for 
December 1, 1958. The Committee reviewed 100 papers at the first 
three meetings. Of this number, 60 papers have been approved for 
publication in TRANSACTIONS; the remaining papers were either 
returned to authors for suggested revision and may be returned for 
re-review, or were not approved for publication and were returned to 
the authors with the comments of the Committee and suggestions to the 
author included. 

The final date for submission of papers for presentation at this Con- 
vention was April 21, 1958, and arrangements for the technical pro- 
gram at this Convention were made during the May 26-27, 1958 
meeting at which time 50 papers were selected for presentation. 

The coming December 1 meeting will consider the residue of papers 
on hand together with any others received in the interim. 


TRANSACTIONS 

Since the last National Metal Congress, Vol. 50 and Vol. 50A of 
the TRANSACTIONS were published and distributed to those of our 
members requesting them. Vol. 50 totals 1139 pages and contains the 
1957 Edward De Mille Campbell Memorial Lecture; 56 technical 
papers and their discussions; the president’s, secretary's, and treas- 
urer’s reports for 1957; a report of the 1957 Convention ; a report of 
the Second World Metallurgical Congress; a list of ASM Chapters 
and officers, and other current items of record. 

Vol. 50A contains 13 papers (348 pages) presented at the Seminar 
on “Liquid Metals and Solidification” held on Saturday and Sunday, 
November 2 and 3, 1957, during the National Metal Congress and 
Exposition in Chicago. This Seminar was sponsored by the American 
Society for Metals, the subject being selected by a committee appointed 
by the Board of Trustees. The personnel of this committee was : Robert 
Maddin, Chairman, Philadelphia; B L. Averbach, Boston; P. A. 
Beck, Peoria; M. B. Bever, Boston; Bruce Chalmers, Boston; Pol 
Duwez, Los Angeles; John Fisher, Eastern New York; J. J. Har- 
wood, Washington; W. R. Hibbard, Jr., Eastern New York; J. S. 
Koehler, Peoria; W. T. Read, Jr., New Jersey; W. D. Robertson, 
New Haven; R. L. Smith, Philadelphia; F. Lincoln Vogel, Phila- 
delphia, and Ray T. Bayless, Secretary, Cleveland. The preparation 
and coordination of the series of subjects and solicitation of authors 
was conducted by Bruce Chalmers. 


PREPRINTS OF TRANSACTIONS PAPERS 


Under the plan instituted in 1956, of quarterly preprinting of tech- 
nical papers that have been approved by the TRANsAcTIons Commit- 
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tee, 600 papers have been preprinted at three different times during the 
past year, and made available to the membership. Lists of the pre- 
prints, and notices of their availability, appeared in the January, April, 
and July issues of METALs Review. The total number of pages in the 
three series of preprints produced so far this year is 808. Approxi- 
mately 35,000 copies of the preprints have been distributed free to 
members who have requested them. 


ASM MetTAcs HANDBOOK COM MITTEE 


During the year, 51 author committees held a total of 78 meetings. 
\ll of the committee working on Vol. I have now finished their meet- 
ing schedules, and the editorial staff is completing the arrangement 
of the material, and especially the numerous illustrations. 

\ total of more than 1000 members have served on the committee 
for this Vol. and have contributed a wealth of valuable information 
for the benefit of their fellow members and the metalworking industry 
as a whole. 

Some idea of the magnitude of the projected revised Handbook is 
indicated by the plans for Vol. I which it is hoped will be issued in 
1959. It will require 1000 pages, replacing 375 pages of the 1948 
E-dition. Four volumes will be needed to issue the complete revised 
Handbook. 

SPECIAL LIBRARIES ASSOCIATION 

The Metals Division of Special Libraries Association is holding its 
ninth annual fall meeting in conjunction with the National Metal Con- 
gress and Exposition. Technical sessions will be held on Thursday and 
Friday, and a library display booth and information center is main- 
tained at the National Metal Exposition during the entire week. 

On Thursday a visit has been arranged to the National Aeronautics 
and Space Administration (formerly National Advisory Committee 
for Aeronautics). Talks will be given on materials for space vehicles 
and nuclear reactors, and some problems in solid state physics and 
high temperature metallurgy. On Friday four speakers from metals 
companies in the area will speak on “Metals Meet the Competition.” 
\ tour of the new research laboratory of the Republic Steel Corpo 
ration is arranged for the afternoon. 


ASM MECHANIZED LITERATURE SEARCHING PROJECT 


In the light of reports submitted by the Committee on Metallurgical 
Documentation, the ASM Board of Trustees has agreed that the pur 
pose of the Mechanized Searching Project—namely to determine the 
feasibility of machine searching of metal literature—will have been 
accomplished in the first three years of the projected five-year experi 
ment, which was begun in November 1955. It was decided therefore 
that in renewing the contract with the Center for Documentation and 
Communication Research at Western Reserve University for another 
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year, the emphasis should be placed on laying the ground work for an 
eventual operational ASM Metals Information Center. The Board 
therefore authorized an increase in the number of encoded abstracts 
to be prepared annually for machine searching from 5000 to 7500 at 
a cost of $22,000 (as against the previous cost of $15,000 per year). 

During the past year a test program was carried out using the 
Western Reserve University experimental electronic searching se- 
lector, involving searches of more than 100 questions submitted by 
ASM members. This test program will be continued during the coming 
year, but the emphasis will be placed on encoding and searching of 
strictly current literature. 


\SM CoMMITTEE ON METALLURGICAL DoCUMENTATION 

The purpose of this new committee which was established a little 
over a year ago is to serve in an advisory capacity for the various 
documentation activities of the Society—principally the Mechanized 
Literature Searching Project, the ASM Review of Metal Literature, 
and the ASM-SLA Classification of Metallurgical Literature. [ts per- 
sonnel is as follows: Frank T. Sisco, Chairman; W. R. Brode, D. G. 
Ebeling, Herman Henkle, D. C. Hilty, 1. H. Jenks, G. A. Roberts, 
A. J. Shaler, John W. W. Sullivan, E. E. Thum and Marjorie R. 
Hyslop, Secretary. 

The committee held three meetings during the fiscal year, on No- 
vember 22, 1957, March 3 and July 23, 1958. Various documentation 
activities were discussed, and recommendations submitted to the ASM 
Board of Trustees, particularly with regard to the contracts for prepa- 
ration of the Review of Metal Literature and for conduct of the mech- 
anized searching project. 


METAL PROGRESS 


Production of Meta Procress for the last five years has been very 


steady : 
Fiscal Year Editorial Pages Revenue Advertising ABC Circulation 
1954 837 1946 24,720 
1955 853 1911 25,802 
1956 894 1857 27,004 
1957 892 2164 28,185 
1958 898 2048 30,209 


It is especially gratifying to note that the advertising volume, ir the 
1958 year of “recession,” fell off only 5% from the previous year’s, 
which was, incidentally, an all-time high. This situation is almost 
unexampled in the journalistic field and reflects great credit on the 
energy and intelligence of the business staff, headed by A. P. Ford, 
sales and advertising manager. 

While the recession in the metal industry affected most magazines 
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early in 1958, Metrat Procress did not experience any sharp cutbacks 
in its advertising until July, 1958. The immediate future gains in ad- 
vertising volume in METAL ProGress will probably be tied closely to 
general improvement in business conditions. 

Two important additions have been made to the editorial depart- 
ment. Allen G. Gray, formerly technical editor of STEEL was ap- 
pointed editor of METAL PRocGress in February, 1958. Carl Wey- 
mueller, formerly assistant metallurgist for Republic Steel Corp., 
South Chicago district, was appointed assistant managing editor in 
October 1957. Ernest E. Thum, editor of Metat Procress since it 
was first published in 1930, became Editor-in-Chief. Marjorie R. 
Hyslop, whose connection with the magazine is as long as Mr. Thum’s, 
remains as managing editor; and the full-time staff is completed by 
Dave Ritchie, assistant editor since August 1956. 

This enlarged staff will enable MeTAL ProGress first to diversify 
its coverage of the metallurgical field, and second to expand its serv 
ices to the ASM members. In fact, both these moves have started. For 
some years the main “editorial block” in the center of the magazine 
has run close to 48 pages, occupied by 9 to 10 feature articles. Since 
February 1958, the number of feature articles has been increased to 
about 12 per issue, thus diversifying the coverage with the same num- 
ber of pages. Starting in August, 1958, the editorial block will be 60 
pages in order to take care of about 16 editorial features, thus expand- 
ing the service in step with the extraordinary expansion occurring in 
the field of metals engineering. 

The thanks of the Society are due to the many members who have 
contributed articles to Meta ProGress during the year. Their high 
quality measures the standing of your magazine. 

In July 1958, the sales staff was expanded with the addition of 
R. W. Cramer as District Manager in the Cleveland-Pittsburgh terri- 
tory. At the same time, W. J. Hilty was advanced to Regional Man- 
ager in this territory. Earlier in the fiscal year, the Detroit office has 
been consolidated with that in Chicago, with Donald J. Walter ap- 
pointed Regional Manager. 

The Meta ProGress Advisory Committee for 1957-1958 con- 
sisted of: 


E. E. Thum, Editor John W. Sweet, Puget Sound 
G. M. Young, President M. H. Brown, Philadelphia 

C. H. Lorig, Vice President E. H. Snyder, Chicago-Western 
W. H. Eisenman, Secretary W. A. Stadtler, New York 

Ray T. Bayless, Assistant Secretary lohn J. Chyle, Milwaukee 


Frank G. Foote, Chicago 
Harry W. McQuaid, Cleveland 
METALS REVIEW 


During the twelve months from October 1957, through September 
1958, Metats Review published a total of 808 pages, an increase of 
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12 pages over the total for the previous year. Of these 808 pages ; 416, 
or 51%, were devoted to the Review or Metar Literature; 226 
pages, or 28% were devoted to chapter news and publicity; and 166 
pages, or 21% were devoted to employment or other advertising, both 
paid and unpaid. These figures represent a 5% increase in the REVIEW 
oF METAL LITERATURE (a reflection of the increased total of annota- 
tions under contract for this calendar year) ; a 7% decrease in chapter 
news, necessary to provide space for the Review or Mera LITERA- 
TURE, and a 3% increase in employment and advertising pages. A total 
of 398 chapter reports were received during the year. 

A new service inaugurated by Metats Review in January 1958 
was the Photocopy Service, which, although it started slowly, has been 
increasing in volume each month and shows every sign of continuing 
to increase as the members become aware of the availability of photo 
copy duplicates of annotated articles. 

Preprint lists were printed four times this past year, according to 
the constitutional requirements set up in 1957-58. The usual features, 
Men of Metals, Meet Your Chapter Chairman, Compliments, New 
Films and Important Meetings, as well as Metallurgical News and 
Developments, were printed on a regular basis in most issues. The 
June issue was devoted primarily to the sad news of Mr. Eisenman’s 
death and necessary changes in the Constitution brought about by his 
passing. 

Kach month an ASM member has been featured on the cover of 
Metats Review, a choice dictated by his, or her, contributions to the 
metallurgical field. 


ASM Review or METAL LITERATURE 


In renewing the contract with the Documentation Center at Western 
Reserve University for the preparation of the ASM Review or Meta 
LItERATURE for the period January through December 1958, the quan- 
tity of abstracts to be prepared was increased from 8000 for 1957 to 
12,000 for 1958. Furthermore, whereas in the past all of the abstracts 
in the Review or Metac LITERATURE have been of the “indicative” 
type (annotations rather than extended abstracts) the policy during 
1958 has been to list the 12,000 documents in three categories as fol- 
lows : informative abstracts for 5000 documents ; annotations for 3000 
documents ; title listings for 4000 documents. The preparation of in- 
formative abstracts for 5000 documents was made possible by coordi- 
nation with the preparation of encoded abstracts for machine feed for 
the Mechanized Searching Project. 

The Review or Meta Literature has been published during 
1958, as in the past, as a monthly feature of Merats Review. The 
monthly installments for 1957 were correlated in a bound book, volume 
14 in the series, published during the past summer. Volume 14 con- 
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tains 967 pages and 8219 annotations, and is accompanied by an 
author, subject, and publications index. 

The Board of Trustees decided, at its August 1958 meeting, to 
separate the Review oF Meta LITERATURE from the METALS REVIEW. 
This will probably permit additional space for chapter reports. The 
Review OF METAL LITERATURE will continue to be issued free of 
charge to the members; but on request only, as is the case with pre- 
prints s se 

»00KS 

During the past fiscal year 30,934 books published by the Society 
were sold to members of the Society and others. This figure includes 
1,839 ASM Metacts Hanppooks, 1,683 Metats HAnpBook Svup- 
PLEMENTS printed in 1954, 2,005 Metats HANDBOOK SUPPLEMENTS 
printed in 1955, and 3,064 TRANSACTIONS. 

During this period 13 titles were added to the publication list. 
They are: 


TRANSACTIONS VoL. 50 

Liguip METALS AND SOLIDIFICATION 

Story oF 2ND WorLD METALLURGICAL CONGRESS 

MAN, METALS, AND MopERN MacIc 

ASM Review or METAL LITERATURE VOL. 14 

ASM-SLA CLASSIFICATION OF METALLURGICAL LITERATURE, 
INTERNATIONAL (SECOND) EDITION 

THe MetTAL MOLYBDENUM 

METALS FOR SUPERSONIC AIRCRAFT & MISSILES 

POWDER METALLURGY IN NUCLEAR ENGINEERING 

THE METAL THORIUM 

SHorT TIME H1GH TEMPERATURE TESTING 

Hicu STRENGTH STEELS FOR AIRCRAFT 

SHEET MATERIALS FOR HIGH TEMPERATURE SERVICE 


SEMINAR COMMITTEE 


Fourteen persons constitute the membership of the Seminar Com 
mittee for 1958, under the able chairmanship of Bruce Chalmers, 
Harvard University, Cambridge. The members of the Committee and 
their Chapter affiliation are: M. B. Bever, Boston; G. B. Craig, On- 
tario; J. E. Dorn, Golden Gate; Pol Duwez, Los Angeles; J. J. Har- 
wood, Washington; W. R. Hibbard, Jr., Eastern New York; R. I. 
Jaffee, Columbus; J. S. Koehler, Peoria; Robert Maddin, Phila 
delphia ; M. E. Nicholson, Minnesota; W. D. Robertson, New Haven ; 
R. L. Smith, Philadelphia; and Ray T. Bayless, Secretary, Cleveland. 

During the year the Committee held one formal meeting in New 
York on February 17, 1958, at which time the subject for the 1959 
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Seminar was selected. With F. Lincoln Vogel as coordinator, the 1959 
Seminar will be on the subject of “Resonance and Relaxation in 
Metals.” 


SEMINAR ON MAGNETIC PROPERTIES OF METALS AND ALLOYS 


The Seminar on “Magnetic Properties of Metals and Alloys” was 
arranged into five sessions this-vear with morning and afternoon ses- 
sions on the Saturday and Sunday immediately preceeding the Metals 
Congress, October 25th and 26th, 1958, with a Saturday night session 
during which G. W. Rathenau of the University of Amsterdam pre- 
sented a paper on “Time Effects in Magnetization.” A capacity au- 
dience filled the meeting rooms of all sessions for the presentation of 
13 papers by the following authors: J. H. VanVleck, Harvard Uni- 
versity; C. P. Bean, General Electric Research Laboratories; R. G. 
Shulman, Beil Telephone Laboratories; H. J. Williams and R. C. 
Sherwood, Bell Telephone Laboratories; J. B. Goodenough, Massa- 
chusetts Institute of Technology; T. O. Paine, General Electric In- 
strument Department; G. W. Rathenau, University of Amsterdam; 
W. J. Carr, Jr., Westinghouse Research Laboratories; A. W. 
Cochardt, Westinghouse Research Laboratories; B. L. Averbach, 
Massachusetts Institute of Technology; J. E. Goldman, Ford Motor 
Company Scientific Laboratory; C. D. Graham, Jr., General Electric 
Research Laboratories ; J. J. Becker, General Electric Research Labo- 
ratories ; Introduction by R. M. Bozorth, Bell Telephone Laboratories. 

Preparation and coordination of the series of lectures on this sub 
ject, and the solicitation of the speakers were under the direction of 
W. R. Hibbard, Jr. 


SciENCE ACHIEVEMENT AWARD 

Since 1951 this program has grown more than 500%. Our first 
year resulted in 16 winners of U. S. Bonds from a total of 450 entries. 
The program just completed required 120 U. S. Bonds to those se 
lected from nearly 3000 entries. Last year’s program was 40% larger 
than the previous years; the program just ended was 42% larger 
than last year. 

ASM support of the Science Achievement Awards administered by 
the National Science Teachers Association began with a grant of 
$10,000. At the time this was ample for the activity, the first year 
ending with a surplus. This surplus, however, was small and con 
tinued to diminish during the first five years. 

The growth of the program justified an increase of $5000 at the 
beginning of the fifth year. Last year we distributed a total of 60,000 
announcements. 2125 teachers requested nearly 32,000 sets of entry 
material, from which over 4000 students submitted projects in science 
to their regional judging committees. There were a total of 120 winners 
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of U. S. Bonds from $25 to $75 each, and 20 winners of $100 U. S. 
Bonds in the National Metals Award. 

The costs involved in the various operations of this program have 
naturally increased. The program just completed involved costs total- 
ing $16,763.46. The modest surplus was not only wiped out, but we 
closed the activity with a deficit $585.95. The ASM Board of Trustees 
has increased ASM’s support to $20,000, beginning with the year 
1958-59. 

At an Executive Committee Meeting of The Future Scientists of 
America Foundation held in Columbus earlier in 1958 a resolution 
was passed to divide three of the large regions into six regions. This 
will mean also that the number of awards will be increased from 120 
to 198. The total expenditure for the purchase of U. S. Bonds will be 
slightly over $14,000, leaving for administration, printing, mailing 
and other expenses the balance of slightly less than $6000. 

The Science Achievement Award Program has become one of the 
country’s major educational efforts at the pre-college level. 


TEACHING AWARDS 

Beginning in 1952, ASM has recognized annually the outstanding 
young teachers of metallurgy. Recognition consists of an award, and a 
sum of money ($2000). Thirteen men have received these awards. 

During the year just ended, the names of 19 outstanding young 
teachers were considered by the ASM Committee. The Award Com 
mittee met on August 26, 1958, in Cleveland, and selected Robert F. 
Hehemann of Case Institute of Technology, Cleveland as the 1958 
winner. 


VisitTInG LECTURESHIP PROGRAM 

Under this program, the ASM pays the traveling expenses of lec 
turers needed by accredited colleges and universities to supplement 
their usual courses. Request is made to ASM for such a contribution. 

Nine lectures were arranged and paid for in the year just ended 
These lectureships included a visit by Professor Maddin of the Uni 
versity of Pennsylvania to Rice Institute in Houston, Texas. Dr 
Harold F. Bishop of Exomet Inc. was the ASM Visiting Lecturer at 
the University of Cincinnati. South Dakota School of Mines was host 
to Dr. D. W. Fuerstenau of Union Carbide and Carbon Corp. Pro- 
fessor S. R. B. Cooke, University of Minnesota was the lecturer at 
the Missouri School of Mines. The ASM Visitor at Illinois Tech. 
was Dr. Arthur S. Nowick of IBM. Penn State University had Pro 
fessor E. S. Machlin of Columbia in April. The University of Pennsyl 
vania heard a series of lectures by one of the prominent ASM Visiting 
personalities, Dr. Morris Cohen of MIT. W. D. Manly of the Oak 
Ridge National Laboratories was ASM Visiting Lecturer at Notre 
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Dame. One of the popular ASM Visiting Lecturers was Dr. Charles S. 
Barrett who spoke at the University of Minnesota. 

Total ASM expenditures for this highly effective lectureship has 
averaged close to $3000 annually. 


METALLOGRAPHIC EXHIBIT 


The thirteenth annual ASM Metallographic Exhibit is being held 
during the National Metal Exposition at Cleveland Public Auditorium. 
More than 500 entries have been received and prizes for Best in Class 
and Honorable Mention awarded in 14 classes. 

The Grand Prize for Best in Show—The Francis F. Lucas Award 
for excellence in metallography, has been presented by the judges to 
W. E. Denny, J. E. Epperson, J. C. Gower, R. J. Gray and E. P. 
Griggs of Oak Ridge National Laboratory. The subject is “Single 
Crystal Copper Spheres.” This award of $500, endowed by Adolph I. 
Buehler, was presented to the recipient at the annua’ Awards Lunch- 
eon on October 28. 

All prize-winning entries will again be assembled in a traveling 
exhibit for shipment to ASM chapters and engineering schools during 
the winter season. The first-prize winners in the 1957 traveling ex- 
hibit, which made the rounds of numerous groups in this country 
during the past year, were shipped to Europe for display before the 
annual meeting of the Societe Francaise de Metallurgie in France on 
October 20 to 25, before the meeting of the Deutsche Gesellschaft fur 
Metallkunde in Essen, Germany on October 29 and 30, and will be 
shown at the spring meeting of the British Institute of Metals in April 
1959. 

Last year’s winning micrographs were sent to the following chap- 
ters and schools: Louisville, Mahoning Valley, Mohawk Valley, Chi- 
cago, Chicago West, Rockford, Canton-Massillon, Penn State, Cornell 
University, Cleveland, Des Moines, New Jersey, Lehigh University, 
a joint meeting of the Dayton, Columbus and Cincinnati Chapter, 
Peoria, Purdue and Philadelphia. The micrographs were also on dis- 
play at the First South-western Metal Congress in Dallas during May. 


CAREER PUBLICATIONS 

ASM has two career publications which have had a total circulation 
of well over 500,000. These two items are the well-known 95 page 
“Your Career in the Metallurgical Profession”—revised early in 
1958—and the accordion fold leaflet “Does Engineering Appeal to 
You?” Both of these publications have gone into every state in the 
union and every province in Canada. Many chapters request both 
items for local distribution, but the greater volume is direct to high 
school teachers, guidance counselors and both junior and high school 
students. 


SECRETARY’S REPORT 


STUDENT AFFAIRS 

While it is not a spectacular growth, the Student Affairs Activities 
in the chapters which have established standing committees are be- 
coming an important factor in chapter service and community prestige. 
We now have over 74 chapters with students affairs committees doing 
excellent work among their local schools. The National Office pro- 
vides each committee with a great deal of career information in addition 
to the previously mentioned ASM publications. 


INCOME SURVEY 

The status of Metallurgists has been graphically recorded in an 
\SM survey made during 1957. This survey was for the purpose of 
determining the income of those who devote their time to metallurgical 
problems. The results show that the well trained and skilled metal- 
lurgist enjoys a higher income than any other professional engineer. 
\ complete summary of this survey of metallurgists income was pub 
lished in the February 1958 issue of Metra Procress. 


ActA METALLURGICA 


\SM was the pioneer sponsor of this international journal of metal 
lurgical science when it was first published in 1952. ASM remains the 
g | 


chief sponsor today, although last year we were joined by AIME. 
Subscriptions this year total 2180, of which about 900 represent 


members in sponsoring societies. The remainder come from cooper- 
ating organizations, or from nonmembers. 900 subscriptions originate 
outside of the United States. 

Since its beginning, Acta Metallurgica has been edited by Bruce 
Chalmers of Harvard University, while ASM Trustee John H. Hollo- 
mon has served as Secretary of the Board of Governors. ASM was 
represented this year on the Board of Governors by Past Presidents 
George Roberts, Adolph Schaefer, and Donald Clark. 

At the request of the National Science Foundation, Acta Metal 
lurgica has published translated versions of two Russian scientific 
journals, “Physics of Metals and Metallography” and “Abstracts of 
Metallurgy of the USSR.” Making this work available in America 
has been a major contribution to metallurgical science. 

Immediate plans of Acta Metallurgica include an increase in edi- 
torial pages, but there will be no increase in the subscription rate this 
year to members of the sponsoring societies. The magazine has now 
established itself as the leading publication on the more scientific 
aspects of metallurgy. 


EDUCATIONAL FILMS 


Two new films were produced by the Society in the past fiscal year 
“WOW METALS BEHAVE’ AND “THE METALS INFORMATION CENTER 
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OF TOMORROW,” thus bringing to a total of 5 the films produced and 
distributed through the national headquarters office. All of the films 
have been constantly in demand, with peak usage occurring in the 
fall-to-spring season. Various ASM Chapters and other educational 
groups have used the films as follows: 


METAL CRYSTALS 130 times 
IRON-CARBON ALLOYS 144 times 
HEAT TREATMENT OF STEEL 74 times 
HOW METALS BEHAVE 44 times 


r'HE METALS INFORMATION CENTER OF TOMORROW _ 161 times 


EDUCATIONAL AID TO CHAPTERS 


The 1958-1959 edition of the SPEAKERS DirEcToRY was sent to 
the officers of all ASM Chapters in March, 1958. Composed chiefly 
of speakers who have presented papers before chapter and national 
meetings, the Directory contains a cross index listing the speakers un 
der the topics on which they have presented papers. A comprehensive 
list of motion picture films, with cross index, is included in the Di- 
rectory. 

A revised edition of the EpuUcATIONAL Courses available for Chap- 
ter use was also distributed to the Chapters in March of this year. 

Siives for use in connection with education lecture courses con 
ducted by the Chapters were provided to 24 Chapters. 

KDUCATIONAL ASSISTANCE FUND allowances have been granted to 
69 Chapters from November 1957 to October 1958. 


METALS ENGINEERING INSTITUTE 

The Metal: Engineering Institute has now been in operation as a 
home study school for nineteen months. It has met with enthusiastic re- 
sponse from individual students and from directors of company pro- 
grams. New courses for various additional branches of metallurgy are 
in preparation that will expand, eventually, its fields of interest. Well 
over twelve hundred students have been enrolled in MEI courses ; these 
include persons in chapter-sponsored classes and in plant training pro- 
grams, as well as individuals from 42 states and 14 foreign countries. 

MEI courses have already become firmly established as a regular 
part of employee-training programs in several large firms and indi- 
vidual student-endorsement is evidenced by numerous re-enrollments 
in additional MEI courses. The very wide appeal of MEI courses can 
be best described by noting that enrolees range from laboratory tech- 
nicians to company presidents. Even a university professor with a 
Ph. D. has enrolled. A survey of student background shows that the 
largest single group is made up of persons with B. S. Degrees; the 
next largest comprises high school graduates. 
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During the past 12 months, 840 enrollments were received. This 
represents a 232% increase in MEI activity over the previous year. 
MEI has graded more than 8000 examinations during the past year. 

Courses now being offered by the Metals Engineering Institute in- 


clude: 
Elements of Metallurgy Electroplating and Metal Finishing 
Survey of Steel Plant Processes Magnesium 
Iron Blast Furnace Operations Titanium 
Metals for Nuclear Power Primary and Secondary Recovery 
of Lead and Zinc 
Heat Treatment of Steel Steel Foundry Practice 
High Temperature Metals Gray Iron Foundry Practice 
Stainless Steels Oxy-Acetylene Welding 
Tool Steels \rc Welding 
In the “almost ready” category are: 
Mechanical Testing and Inspection Forging 
of Metals 
Corrosion of Metals Machining 


Powder Metallurgy Copper, Brass and Bronze 


Other courses are in preparation, and will be announced as they 
near completion. 

The sixteen courses now in use represent 240 individual lessons 
which can be and are being used to prepare “combination course” for 
application to in-plant training programs that can be patterned to suit 
the specific varying needs of different companies. 

In the fall of 1958, six MEI courses have been offered by ASM 
chapters: two by Los Angeles, one each by Worcester, Rochester, 
Golden Gate, and the Cleveland chapters. Other chapters may offer 
their membership similar educational opportunities, combining the ex 
cellent MEI course texts with the vital stimulus of classroom discus 
sion in chapter-sponsored classes. 

\t the August 1958 meeting of the Board of Trustees, the decision 
was reached to increase the charges for MEI courses. The revised 
prices have been published. MEI courses still offer an economical as 
well as a convenient means of studying many fields of metallurgy. 


Tue NEw HEADQUARTERS BUILDING 

The farsighted vision of your Society and of its beloved Secretary, 
Bill Eisenman, of a Headquarters Building that would keynote the 
ASM of Tomorrow is taking dramatic shape in the beautiful rolling 
hills east of Cleveland on one hundred acres that Mr. Eisenman gave 
to ASM. 

Many have visited the site and have seen the gleaming metal that 
will reach some ten stories in the sky, that will extend over an area 
almost the size of a football field, to form the world’s largest geodesic 
space lattice. It is an exciting and wonderful symbol of all that is 
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creative in this world of metals with which ASM members are so 
closely identified. 

In a semi-circle under this great open dome will be the ASM Head- 
quarters Building, consisting of three levels containing 50,000 square 
feet of space. The first, or lower level, will house printing equipment, 
membership machines, the Sauveur Memorial Room, dining and 
kitchen area. 

The second, or lobby level, will contain the library, the lobby itsel, 
a large meeting, Board of Trustees room, and executive offices. 

Staff offices will be located on the upper, or third level. When the 
building is completed, early next summer, 110 staff members will move 
into the new office space it provides which could eventually house 190 
ASM employees. 

This great Headquarters Building will be a lasting and dramatic 
identification of your Society’s relationship with the great industry it 
has served for so many years. It is a building envisioned by Bill Eisen- 
man, created by a most outstanding young architect, John Terence 
Kelly. It is engineered and constructed by the well-known Cleveland 
Contractor, the Gillmore-Olson Company. 

It should be noted here that since the passing of Bill Eisenman, the 
extensive work involved in carrying forward this great part of the 
ASM of Tomorrow has been accomplished by Dr. Clarence Lorig, who 
has been the national officer assigned to this important responsibility. 
Mr. Carl Swartz has acted as his consultant on some of the metallurgi- 
cal problems it presents. A. P. Ford of the headquarters staff has been 
most efficient in the day-to-day activity involved in bringing such a 
large building into being. 


NATIONAL METAL CONGRESS 


Eight societies are cooperating to make the National Metal Congress 
the outstanding scientific gathering in the metals industries. 

ASM will sponsor 50 technical papers, plus 35 seminar and special 
session talks. 

For the first time, ASM will present a series of meetings arranged 
to appeal to management, production men, engineers, as well as re- 
searchers, to be known hereafter as “Billy Woodside Memorial 
Panels.” The name is that of one of the founder members of ASM who 
devoted his life to bringing together the man “at the fire” and the 
scientist. 

A special three-day seminar on “Residual Stresses” will be held 
on the last two days of Metal Show Week, and on the Saturday there- 
after. The lecturer will be the noted Professor Richard Weck of Cam- 
bridge University, England, Director of Research of the British Weld- 
ing Research Association. The Honorary Chairman will be Dr. J. O. 
Almen, retired General Motors Research Laboratories scientist. 
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The Congress will be the scene of the Fall Meeting of the Metal 
lurgical Society of the Institute of Metals Division, American Institute 
of Mining, Metallurgical, and Petroleum Engineers. The Iron and 
Steel Division and the Extractive Metallurgy Division will participate. 
Meetings will be held Monday through Thursday of Metals Week, 18 
subjects being scheduled and 16 sessions for the presentation of ab- 
stracts. 

The Society for Nondestructive Testing is presenting 50 technical 
papers at meetings held Sunday through Friday. 

The Industrial Heating Equipment Association will meet on Tues- 
day, October 28 to hear four speakers on “Economics and Applica- 
tions of Modern Industrial Heating.” 

The Metal Powder Industries Federation program is scheduled for 
Wednesday, October 29th. 

The Metal Treating Institute meets Thursday, October 30th. 

Two days of meetings are planned by the Metals Division of the 
Special Libraries Association who will meet on Thursday and Friday, 
October 30 and 31. 

The Metal Powder Committees of the American Society for Testing 
Materials will meet on Tuesday and Wednesday of Metals Week. 


NATIONAL METAL EXPOSITION 


The National Metal Exposition now being held in the vast Public 
\uditorium truly presents a picture of America’s quickening industrial 

activity, and the keen scientific interest engendered by world events. 
This is a really great show, capturing the accomplishments of the 
metals industries this year and projecting their dreams for the future. 

Over 50,000 people will have trod our famous red carpets before the 
week is over. 

Again we recognize our debt of gratitude to the many exhibitors who 
make a real contribution to the educational and technical facets of the 
program by their worth-while exhibits. 

It is indeed fortunate that on Friday of this week, as on every last 
day in recent years, seniors from the metallurgical departments of all 
neighboring universities and colleges will be our guests at the Show. 


Tue ASM or Tomorrow 
Anyone who has ever been active in ASM affairs in any capacity, 
or who has ever attended an Annual Meeting of the Society must have 
approached this meeting with considerable sadness. It is the first year 
we have met without our beloved and inspiring Secretary, William 
Hunt Eisenman, known to all of us as “Bill.” 
In the confusion and activity of his passing, there has been much 
attention given necessarily to the mechanics of operating this great 
Society, and bringing it to this Metals Congress and Exposition. Too 
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much praise cannot be given to your President, G. M. Young, who 
gave unselfishly of his time during this period. So did all of the other 
national officers. 

Your Society is also fortunate to have great men on its staff. Their 
unselfish devotion to the Society during this period has been outstand- 
ing. It would be unfair to single out a few names, all have contributed. 
I believe I can speak for the officers, however, in appreciation of the 
energy and efficiency of Miss Evelyn Gardner who has become the 
Secretary to the Board of Trustees. We have all known that we retain 
in Cleveland, in Mrs. Eisenman—whom we all call “ Mill’-—one who 
has befriended and helped every officer of the Society. We were sorry 
over the illness of Ray T. Bayless, another long time friend, and rejoice 
in his recovery. 

But I think we cannot leave this meeting without thinking once 
again of the ASM of Tomorrow. It was in 1952 that Bill Eisenman 
made his most famous speech at the close of his annual report. In that 
talk he urged us all to “dream big dreams.” He ridiculed small plans 
and easily-won goals. In that talk he set a goal for ASM which included 
the new headquarters, the Metals Engineering Institute, and industry 
seminars. It went on to still larger goals and ambitions, some of which 
have not yet reached even the discussion stage with the trustees. 

No ASM report has been discussed more widely, quoted so often, 
or distributed so widely. 

Recently there have been many suggestions and requests for me 
morials of various kinds for Bill. Several things are started but, it is 
inescapable to me that the one real memorial to Bill is ASM itself. The 
one way we can best memorialize our departed Secretary is to continue 
to dream not only big dreams, but bigger and bigger dreams. It is only 
by growing in one way or another that we fill our destiny. 

There are many technical societies in the world that are extremely 
well-managed, but there is only one ASM in point of accomplishment 
and service in its field of activity. I have no doubt that the affairs of 
ASM will be properly conducted ; but we must hope and pray that, in 
carrying out our duties, our vision be broadened, our imaginations be 
ever stimulated, and that we have the courage to undertake what we 
believe to be good. 

The greatest memorial we can offer to our departed Secretary is a 
growing, stimulating Society that is constantly finding new and better 
ways to serve its members and the metals industry. The ASM of the 
Future will be a glorious thing as we accomplish this. Now is the time 
for all of us to dedicate ourselves to that future. 
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AMERICAN SOCIETY FOR METALS 
FOUNDATION FOR EDUCATION AND RESEARCH 


Annual Report of the President 


DoNnALD S. CLARK, President 
October 29, 1958. Cleveland 


HE American Society for Metals Foundation for Education and 

Research was founded in 1952 for the purpose of providing for the 
advancement and dissemination of scientific knowledge, particularly 
with respect to the technology of metals for the use and benefit of the 
public at large. 

The Foundation has been in operation for six years and during that 
time its principal efforts have been concerned with the granting of 
scholarships to students in accredited educational institutions in the 
United States and Canada which offer full time day courses leading to 
a degree in metallurgy or metallurgical engineering. This program was 
started in 1953 and since that time, including the academic year 1958 
59, a total of 304 scholarships will have been presented. A scholarship 
will be awarded to an undergraduate student in one additional school 
during the year 1958-59, namely Syracuse University, making a total 
of 58 institutions participating in the program. 

The Board of Trustees of the Foundation increased the amount of 
the undergraduate scholarships from $400 each to $500 each to begin 
with the academic year 1958-59. A list of the institutions granting 
scholarships in 1957-58, with the names of the recipients, is as follows : 


1958-59 ASM FouNDATION SCHOLARSHIPS 
WITH SCHOOLS AND Home Towns 


School Winner School Winner 
University of James Everett University of Richard Ernst 
\labama Battles Cincinnati New Augusta, 
University of Malcolm J. Bibby Indiana 


Thomas C, 
Spangler 
Denver, 
Colorado 

Columbia Melvin Bernstein 
Brooklyn, 

New York 

Gerald B. Miller 
Shawnee, 
Oklahoma 


Edmonton, Colorado School 
Alberta of Mines 
of B. C. Natta 
\rizona Tucson, Arizona 
University of Robert Eiji 
British Columbia  Horita University 
Vancouver, B. C. 
Daniel Green 
Berkeley, 
California 


Alberta 


University 


Cornell 


University of 
University 


California 


Carnegie Institute 


of T echnok gy 


Case Institute 
of Technology 


Roy Thomas 
King 
Ambridge, Pa. 

Gerald J. Hrastor 
Euclid, Ohio 





Drexel Institute 
of Tec hnology 


Illinois Institute 
of Technology 





Melvin Brody 
Philadelphia 


Kenneth Drs 
Berwyn, Illinois 
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School 

University of 
Illinois 

University of 
Kansas 


University of 
Kentucky 


Lafayette College 


Laval University 


Lehigh University 


Massachusetts 
Institute of 
‘Technology 


McGill University 


University of 
Maryland 


Michigan College 
of Mines 


Michigan State 
University 


University of 
Michigan 


University of 
Minnesota 


Miss« yuri Schoc | 
of Mines 


Montana School 
of Mines 


New York 
University 
North Carolina 


State College 


University of 
Notre Dame 
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Winner 
Richard Paul 
Branson 
Peoria, Illinois 
William E. 
Gurwell 
Kansas City, 
Kansas 
William Mark 
Thomas 
Carlisle, 
Kentucky 
Lance A. Davis 
Springfield, Pa. 
Giles Mathieu 
Quebec, P. Q. 
G. Tipton Galyon 
Harrison, 
New York 
Michael Stephen 
Walker 
Farmington, 
Michigan 
B. J. Grierson 
Montreal, Quebec 
Thomas Robert 
Shives 


Roamer 
Predmore 
Caro, Michigan 

Kenneth M. 
Matteson 
Fast Lansing, 
Michigan 

John Wallace 
Risk 
3irmingham, 
Michigan 

Donald A. Koss 
Dodge Center, 
Minnesota 

Harry O. 
Schneider 
St. Louis, 
Missouri 

Richard W. 
Roberts 
Anchorage, 
Alaska 

John Papazian 
Flushing, 
New York 

George Alton 
Sloan 
Cary, 

N. Carolina 

Dean L. Jacobson 
Kearney, 
Nebraska 


School 


Nova Scotia 
Technological 
College 

Ohio State 
University 


University of 
Oklahoma 


University of 
Pennsylvania 

Pennsylvania 
State University 


University of 
Pittsburgh 


Polytechnical 
Institute of 
3rooklyn 

Purdue 
University 


Queen's University 


Rensselaer 
Polytechnical 
Inst. 


San Jose State 
College 


South Dakota 
School of Mines 


Stanford 
University 


University of 
Tennessee 


Texas Western 
College 

University of 
Toronto 


University of 
Utah 


Virginia 
Polytechnic 
Institute 

State College 
of Washington 
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Winner 

Merle Albert Pratt 
Hartland, 

New Brunswick 
John Thomas 
Cammett 

Mason, Ohio 
Robert M. 
Johnson 
Oklahoma City, 
Oklahoma 
Richard H. Deitch 


George Paul 
Sabol 
Clairton, Pa. 

Robert James 
Buzzard 
Natrona Heights, 
Pa. 

Albert Imgram 
Garden City, 
New York 

Robert A. Choulet 
Kansas City, 
Misse uri 

John Raymond 
Barrick 
Wainfleet, 
Ontario 

Laurence A. 
Jackman 
Whitinsville, 
Mass. 


Donald R. Beall 
Crescent City, 
Calif. 

LeVaughn L. 
Sherwood 
Freeport, Illinois 

Kent Douglas 
Winton 
Merced, Calif 

Joe Earl Spruiell 
Knoxville, 
Tennessee 

O. W. Rogers 
Comfort, Texas 

John T. Griffiths 
Welland Junction, 
Ontario 

Donald D. Tuft 
Salt Lake City, 
Utah 

Stanley Mvron 
Wolf 
Washington, D. C. 

Bobby C. 
Deardorft 
Benton City, 
Washington 
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School Winner School Winner 

Washington Donald J. Bailey Yale University Ivan Edward 
University Seattle, Beattie 

Washington Stratton, 
Wayne State Robert W. Colorado 
University - Patterson Youngstown Paul John 

Clawson, Michigan University Kovach 
University of Richard J. Diamond, Ohio 
Wisconsin Stueber 

Juneau, 

Wisconsin 


\ graduate fellowship was awarded to George W. Pearsall, a gradu- 
ate student at the Massachusetts Institute of Technology, for the 
second year, in accordance with the policy previously established by the 
Board of Trustees. The Board of Trustees of the Foundation have dis- 
continued the award of the graduate fellowship on the basis that it 
does not have the breadth of benefits which was at first contemplated. 

For the past few years the ASMFER has been supporting the gath- 
ering and publication of statistics pertaining to the number of students 
enrolled and graduating in the field of metallurgy and metallurgical 
engineering. This committee has been under the chairmanship first of 
Professor Michael B. Bever of Massachusetts Institute of Technology, 
and at present under the chairmanship of Professor W. O. Philbrook 
of Carnegie Institute of Technology. This committee has done a great 
service to industry, the nation, and educational institutions by collecting 
and publishing in the journals of the American Society for Metals these 
statistics. 

A committee of the Foundation chairmanned by Dr. Walter R. 
Hibbard, Jr. of General Electric Company, has been concerned with 
the preparation of a sourcebook for the guidance of Science teachers. 
This booklet is in process of preparation by the committee and should 
he available for distribution in the near future 

The auditors’ statements of the finances of the Foundation, as of the 
end of the fiscal year (November 30, 1958) is appended to this report. 

The American Society for Metals further contributed to the Capital 
Funds of the Foundation by a grant of $5,000.00, bringing the endow 


ment principal of the foundation to $698,788.00. 
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BALANCE SHEET 


AMERICAN SOCIETY FOR METALS FOUNDATION 
FOR EDUCATION AND RESEARCH—November 30, 1958 


ASSETS 
CASH ON DEPOSIT 
The Cleveland Trust Company : 
Income cash : 
Principal cash a ,703.2 $ 30,236.69 
MARKETABLE SECURITIES (approximate market “= 
prices aggregate $893,092.26)—Note A 698,223.79 
OTHER INCOME ASSET 
Accrued bond interest ee +" 3,863.17 
$732,323.65 
LIABILITY AND FUNDS 
PRINCIPAL OF ENDOWMENT FUND 
Grants from American Society for Metals ai teens $695,346.10 
Net profit on disposal of securities........... 8,580.90 $703,927.00 
UNAPPROPRIATED NET INCOME as 28,396.65 


$732,323.65 


Note A—Securities obtained by grant from American Society for Metals are stated at market 
price at July 15, 1952. Subsequent additions are at cost. 


STATEMENT OF INCOME AND EXPENSES AND 
UNAPPROPRIATED NET INCOME 


AMERICAN SOCIETY FOR METALS FOUNDATION 
FOR EDUCATION AND RESEARCH—Year ended November 30, 1958 


INCOME 
Dividends and interest earned 
EXPENSES 
Fiscal agent’s fees and services....... . $ 1,696.43 
Professional services nie = ‘ 425.00 
Educational statistics survey Esa’ s 185.58 
Metallurgy and ceramics eneseunns committee... . 115.20 
Scholarship certificates .. er ie ; a 112.75 
Stationery and office supplies TEE OR 3 45.40 _—_—2,580.36 
INCOME $ 31,692.58 
Unappropriated net income at beginning of year... : oes 29,204.07 
+ ¥ 60 896 65 


Scholarship awards ..... errr ere $ 28,300.00 

Graduate fellowship award ‘ 4,200.00 32,500.00 
UNAPPROPRIATED NET INCOME  _ 
NOVEMBER 30, 1958 $ 28,396.65 

Board of Trustees, 

American Society for Metals Foundation 

for Education and Research, Cleveland, Ohio 

We have examined the balance sheet of American Society for Metals Founda- 
tion for Education and Research as of November 30, 1958, and the related state- 
ment of income and expenses and unappropriated net income for the year then 
ended. Our examination was made in accordance with generally accepted auditing 
standards, and accordingly included such tests of the accounting records, and such 
other auditing procedures as we considered necessary in the circumstances. 

Securities were confirmed to us by The Cleveland Trust Company, agent. 

In our opinion, the accompanying balance sheet and statement of income and 
expenses and unappropriated net income present fairly the financial position of 
American Society for Metals Foundation for Education and Research zt No 
vember 30, 1958, and the results of its operations for the year then ended, in con- 
formity with generally accepted accounting principles applied on a basis con 
sistent with that of the preceding year. 

ERNST & ERNST 


Certified Public Accountants 


Cleveland, Ohio 
December 11, 1958 
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Following the President’s Report, R. H. Aborn presented the Treas- 
urer’s Report; A. O. Schaefer presented the Report of the Secretary ; 
D. S. Clark presented the ASM Foundation for Education and Re 
search Report. These reports are printed in full on the previous pages. 








= President Young then presented the Proposed Constitution Changes 
z : a a ; 
4 which are printed in full on these pages. In the June 1958 issue of 
Ps Metas Review there was published an open letter from the President 
b sale I I < 

wherein it was stated that sometime ago the officers of the Society and 
> the Constitution Committee, after thorough study, had recommended 
t that at some time it would be necessary to separate the secretarial duties 
4 ? I 






of the Society from those of Headquarters management. 

The present Board of Trustees, at a meeting held on June 5, 1958, 
approved these recommendations and duly published them in the June 
issue of Metats REvIEw in accordance with Article X VI of the Consti- 







tution. 

Two further proposed changes to the Constitution were published in 
the August 1958 issue of MeTALs Review, having previously been ap 
‘3 proved by the Board of Trustees at a meeting held on September 6, 


oe OU aN eT ED 











4 1957. They proposed that the requirements for Honorary Membership 
5 he more specifically defined, and the title, Honorary Life Member, be 
Fi changed to Distinguished Life Member in order to be more truly de 
3 scriptive of the honor. 

Upon motion made, seconded, and unanimously carried, the follow 
" ing proposed changes in the Constitution were approved by the mem 





bers attending this annual meeting. 





PROPOSED CONSTITUTION CHANGES 
























Z ARTICLE | 
q MEMBERSHIP 
3 PRESENT CONSTITUTION PROPOSED CHANG! 
: Oualifications Oualifications 
i Section 2 (b). An Honorary Mem Section 2 (b). An Honorary Mem 
* ber shall be such person as the Board of — ber shall be such person as the Board 
lrustees shall determine to have made of Trustees shall determine to be 
iS exceptional contributions to the field of | prominent in his field and who through 
Ds Metallurgy. The total number of living an evidenced appreciation of the im 
4 Honorary Members shall not at any portance of metal science has furthered 
5 time exceed twenty-five (25). the interests of the metallurgical pro 
Section 2 (c). An Honorary Life fession The total number of living 
Member shall be such person as the Honorary Members shall not at any 
Pi Board of Trustees shall choose to rec came exceed <0 
ognize for distinguished service to or Section 2 (c). A Distinguished Life 
3 cooperation with the Society. Member shall be such person as the 
e Board of Trustees shall choose to re 
® ognize for distinguished service to or 
: cooperation with the Society. 
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ARTICLE 





ASM 


Vil 


BOARD OF TRUSTEES 


Constituency of Board 


Section 1. The affairs of the Society 
shall be managed by a Board of Trus- 
tees of nine (9) members of whom the 
President, Vice President, Secretary 
and Treasurer of the Society shall be 
members ex officio. 


Appointment of Committees 

Section 3. The Board of Trustees 
may appoint such committees other 
than those mentioned in Article XIII 
and such subordinate officers as it shall 
deem proper, and shall fix their duties, 
fill vacancies in their number, and at 
pleasure remove them. Nothing herein 
contained shall be deemed to give the 
Board any powers inconsistent with 
the other sections of the Constitution. 


Constituency of Board 
Section 1. The affairs of the Society 
shall be directed by a Board of Trustees 
of nine (9) members including the 
President, Vice President, Secretary, 
Treasurer and the immediate Past 
President of the Society. 


Appointment of Committees 


Section 3. The Board of Trustees 
may appoint such committees other 
than those mentioned in Article XIV 
and such subordinate officers as it shall 
deem proper, and shall fix the duties, 
fill vacancies in their number, and at 
discretion remove them. Nothing herein 
contained shall be deemed to give the 
3oard any powers inconsistent with the 
other sections of the Constitution. 


ARTICLE VIII 
OFFICERS OF THE SOCIETY 


Secretary 

Section 4. The Secretary shall act as 
recording and corresponding secretary 
of the Society. He shall keep or cause 
to be kept full and complete record of 
the membership of the Society and the 
representatives of member firms or 
corporations and shall check his rec- 
ords at frequent intervals with the 
records of the secretaries of the local 
chapters. He shall act as Secretary at 
all meetings of the Board of Trustees 
and of the members of the Society and 
shall perform such other duties as shall 
be delegated to him by the Board of 
Trustees. The office of the Secretary 
shall be at the principal office of the 
Society. 


Secretary 

Section 4. The Secretary shall act as 
recording and corresponding secretary 
of the Society. He shall keep or cause 
to be kept full and complete record of 
the membership of the Society and the 
representatives of member firms or 
corporations and shall check his rec- 
ords at frequent intervals with the rec 
ords of the secretaries of the local 
chapters. He shall act as Secretary at 
all meetings of the Board of Trustees 
and of the members of the Society and 
shall perform such other duties as shall 
be delegated to him by the Board of 
Trustees. * * * 


ARTICLE IX 


NOMINATION, ELECTION AND TERM OF OFFICERS 


Nomination and Election 

Section 1 (a). Selection of Commit- 
tees for Nomination of Officers. A 
Nominating Committee shall be ap- 
pointed each year. Each local chapter 
in good standing which is eligible to 
have a member on the Nominating 
, Committee shall annually select one 
candidate for a Nominating Committee 
from the local chapter membership in 
such manner as the local chapter shall 
deem fit, and the name of the candidate 


Nomination and Election 

Section 1 (a). Selection of Commit 
tee for Nomination of Officers. A 
Nominating Committee shall be ap- 
pointed each year. Each local chapter 
in good standing which is eligible to 
have a member on the Nominating 
Committee shall annually select one 


candidate for a Nominating Committee 


from the local chapter membership in 
such manner as the local chapter shall 
deem fit, and the name of the candidate 
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shall be forwarded to the President 
prior to March Ist of each year. From 
the list of eligible candidates suggested 
hy the various local chapters, the Presi 
dent shall appoint a Nominating Com 
mittee of nine (9) members. In ap 
pointing the Nominating Committee 
the President shall select members 
thereof in such a regional manner as to 
be equitable for all chapters of the So 
ciety. Any chapter having a member on 
the Nominating Committee in any given 
vear shall not be eligible to have a 
member on the Nominating Committee 
during the two succeeding years and no 
member of the Nominating Committee 
may serve two or more successive 
years. The President shall designate 
me of the members of the Nominating 
Committee as Chairman of the Com- 
mittee. Seven (7) members of the 
Nominating Committee shall constitute 
a quorum. 


\ Committee for Nomination of a 
Secretary for the Society shall be ap 
pointed each year in which the term 
of office of the Secretary expires. It 
shall consist of seven (7) members 
The President shall be a member and 
shall serve as Chairman of the Com 
mittee for nomination of a Secretary, 
and shall appoint the six (6) persons 
who have most recently held the office 
of President and who are living. In 
the event that there are fewer than six 
(6) of the past presidents of the So 
ciety who are living and qualified to 
serve on the Committee for Nomina 
tion of a Secretary, any other member 
or the representative of any member 
of the Society shall be eligible for 
membership thereon. Five (5) mem 
bers of the Committee shall constitute 
a quorum, 


Prior to April 15th of each year, the 
names of the Nominating Committee 
and of the Committee for Nomination 
of a Secretary for the Society, if any, 
shall be published by the President for 
the benefit of the members of the So 
ciety in one of the publications of the 
Society. If for any reason there should 
be a vacancy on either the Nominating 
Committee or the Committee for Nom 
ination of a Secretary, after appoint 
ment and before the conclusion of its 
duties, the President shall fill such va 
cancy by appointment of any person 
who would originally have been eligible 
to serve in the place created by such 
vacancy. 
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shall be forwarded to the President 
prior to March Ist of each year. From 
the list of eligible candidates suggested 
by the various local chapters, the 
President shall appoint a Nominating 
Committee of nine (9) members. In 
appointing the Nominating Committee 
the President shall select members 
thereof in such a regional manner as 
to be equitable for all chapters of the 
Society. Any chapter having a member 
on the Nominating Committee in any 
given year shall not be eligible to have 
a member on the Nominating Commit- 
tee during the two succeeding years 
and no member of the Nominating 
Committee may serve two or more 
successive years. The President shall 
designate one of the members of the 
Nominating Committee as Chairman of 
the Committee. Seven (7) members of 
the Nominating Committee shall con 
stitute a quorum. 


Delete entire paragraph. 


Prior to April 15th of each year, the 
names of the Nominating Committee 
*** shall be published by the President 
for the benefit of the members of the 
Society in one of the publications of 
the Society. If for any reason there 
should be a vacancy on *** the Nomi 
nating Committee *** after appoint- 
ment and before the conclusion of its 
duties, the President shall fill such va- 
cancy by appointment of any person 
who would originally have been eligible 
to serve in the place created by such 
vacancy 
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(b) Duties of Nominating Commit- 
tee and Committee for Nomination of 
a Secretary. On any day during the 
third full week in the month of May, 
the Nominating Committee shall meet 
at a place designated by the Chairman 
and shall name one candidate for each 
office which shall become vacant at the 
close of the next succeeding annual 
meeting of the members, except for the 
office of Secretary. During the same 
period in each year in which the term 
of office of the Secretary expires, the 
Committee for Nomination of a Secre- 
tary for the Society shall meet at a 
place designated by its Chairman and 
shall name one candidate for the office 
of Secretary. As an aid in making 
nomination, each Committee, and par- 
ticularly the Chairman of the Commit- 
tee, may canvass the executive com- 
mittees of local chapters for written 
endorsements for consideration by the 
Committee. Each Committee shall also 
give consideration to written endorse- 
ments forwarded to it for its considera- 
tion by individual members or repre- 
sentatives of members of the Society. 
Endorsements submitted by a local 
executive committee to the Nominating 
Committee shall be confined to mem- 
bers of its local chapter or representa- 
tive firms or corporations which are 
members of its local chapter, but an 
individual member or representative of 
a member of the Society may suggest 
any qualified members or representa- 
tives of members of the Society for 
consideration by the Nominating Com- 
mittee. Immediately after the candi- 
dates are thus nominated each Com- 
mittee shall report the names of its 
nominees to the Secretary of the So- 
ciety and the report shall be published 
by the Secretary in one of the publi- 
cations of the Society not later than 
June 15th of the same year. 

(c) Additional Nominations. After 
publication of the names of the candi- 
dates nominated by the Nominating 
Committee and by the Committee for 
Nomination of a Secretary for the So- 
ciety, if any, and at any time prior to 
July 15th of the same year, additional 
nominations for any or all of the va- 
cancies may be made by written com- 
munications addressed to the Secretary 
of the Society and signed by any fifty 
(50) members and/or representatives 
of member firms or corporations. 

(e) Voting at Special Meeting. If 
the Secretary receives additional nomi- 
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(b) Duties of Nominating Commit 
tee. *** On any day during the third 
full week in the month of May, the 
Nominating Committee shall meet at a 
place designated by the Chairman and 
shall name one candidate for each office 
which shall become vacant at the close 
of the next succeeding annual meeting 
of the members. *** As an aid in mak 
ing nomination, each Committee, and 
particularly the Chairman of the Com- 
mittee, may canvass the executive com 
mittees of local chapters for written 
endorsements for consideration by the 
Committee. Each Committee shall also 
give consideration to written endorse- 
ments forwarded to it for its considera- 
tion by individual members or repre- 
sentatives of members of the Society 
Endorsements submitted by a_ local 
executive committee to the Nominating 
Committee shall be confined to mem 
bers of its local chapter or to repre 
sentatives of firms or corporations 
which are members of its local chap- 
ter but an individual member or repre- 
sentative of a member of the Society 
may suggest any qualified members or 
representatives of members of the So 
ciety for consideration by the Nomi 
nating Committee. Immediately after 
the candidates are thus nominated, the 
Committee shall report the names of its 
nominees to the President of the So 
ciety and the report shall be published 
*** in one of the publications of the 
Society not later than June 15th of the 
same year. 


(c) Additional Nominations. After 
publication of the names of the candi 
dates nominated by the Nominating 
Committee *** and at any time prior 
to July 15th of the same year, addi- 
tional nominations for any or all of the 
vacancies may be made by written com- 
munications addressed to the Secretary 
of the Society and signed by any fifty 
(50) members and/or representatives 
of member firms or corporations 


(e) Voting at Special Meeting. If 
the Secretary receives additional nomi- 
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nations for officers of the Society prior 
to July 15th, the Secretary shall call a 
pecial meeting of the members to vote 
on all candidates nominated by such 
communications and all candidates 
nominated by the Nominating Commit- 
tee and by the Committee for Nomina- 
tion of a Secretary for the Society, if 
any. The special meeting shall be held 
prior to the annual meeting and forms 
of proxies for voting at such special 
meeting shall be mailed by the Secre 
tary to each member or to each repre 
sentative of a member firm or corpora 
tion at least thirty (30) days prior to 
the date fixed for such special meeting 


Oualifications 

Section 2 (b). No local chapter shall 
have more than one member or repre 
sentative of a member on the Board 
of Trustees during any one year; 
provided, however, that the Secretary 
reason of his membership on _ the 
Board shall not bar the local chapter of 
which he is a member from additional 
representation on the Board 


by 


Vacancies 

If a vacancy in an office 
occurs for any reason, the Board or 
the remaining members thereof shall 
select a qualified member of the Society 
or an individual designated by a mem 
ber firm or corporation to fill the va 
cancy either for the unexpired term or 
until the next election, the Board 
may deem right and proper 


Section 4 


as 


Eligibility for Immediate Re-Election 


Section 5. No officer may serve two 
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nations for officers of the Society prior 
to July 15th, the Secretary shall call a 
special meeting of the members to vote 
on all candidates nominated by such 
communications and all candidates 
nominated by the Nominating Commit 
tee. *** The special meeting shall be 
held prior to the annual meeting, and 
forms of proxies for voting at such 
special meeting shall be mailed by the 
Secretary to each member or to each 
representative of a member firm or 
corporation at least thirty (30) days 
prior to the date fixed for such special 
meeting 


Oualifications 
Section 2 (b). No local chapter shall 
have more than one member or repre 
sentative of a member on the Board of 
[rustees during any one year. *** 


Vacancies 

Section 4. If a vacancy in an office 
occurs for any reason, the Board or the 
remaining members thereof shall ap 
point a qualified member of the Society 
1 an individual designated by a mem 
ber firm or corporation to fill the va 
cancy either for the unexpired term or 
until the next election, as the Board 
may deem right and proper. 


Eligibility for Immediate Re-Election 


Section 5. No officer may serve two 


or more successive terms in the same or more successive terms in the same 
office, except the Secretary or the office, except the Secretary or the 
Treasurer who may succeed himself as Treasurer, *** as the case may be, but 
Secretary or Treasurer, as the case not for more than one additional term 
may be 
ARTICLE XI 
ADMINISTRATIVE EXECUTIVE 

(Article XI is new. Succeeding ar Section 1. The Board of Trustees 
ticles are to be renumbered accord shall appoint a Managing Director to 
ingly. ) serve as the administrator of the affairs 





of the Society. In this capacity he shall 
be accountable to the Board of Trus 
tees. He shall direct the activities of the 
headquarters staff and shall perform 
such other duties as are delegated to 
him by the Board of Trustees within 
the framework and intent of the Con- 
stitution. The office of the Managing 
Director shall be at the principal office 
of the Society 
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\rticle XI To Be Retitled Article XII 


Article XII To Be Retitled 
Article XIII To Be Retitled 


Article XIII 
Article XIV 


ARTICLE XIV 


STANDING 


Section 1. Standing Committees shall 
be appointed each year by the Presi- 
dent, by and with the consent of the 
Board of Trustees, as soon as possible 
after the annual meeting; and vacan- 
cies in the Standing Committees shall 
be filled in the same manner. Each 
Committee shall consist of at least 


three (3) members who shall all be 
members of the Society and/or indi- 
vidual representatives of a member 


firm or corporation. The President and 
Secretary of the Society shall be ex- 
officio members of all Standing Com- 
mittees. The term of office of the mem- 
bers of the Committee shall be fixed by 
the President by and with the consent 
of the Board of Trustees provided 
that any member of a Standing Com 
mittee shall serve not longer than three 
(3) years or until his successor is ap- 


COM MITTEES 


Section 1. Standing Committees shall 
be appointed each year by the Presi 
dent, by and with the consent of the 
Board of Trustees, as soon as possible 
after the annual meeting; and vacan 
cies in Standing Committees shall be 
filled in the same manner. Each Com 
mittee shall consist of at least three (3) 
members who shall all be members of 
the Society and/or individual repre- 
sentatives of a member firm or corpo 
ration. The President *** shall be an 
ex-officio member of all Standing Com 
mittees. The term of office of the mem 
bers of the Committee shall be fixed by 
the President by and with the consent 
of the Board of Trustees; provided 
that any member of a Standing Com 
mittee shall serve not longer than three 
(3) years or until his successor is ap 
pointed. 


pointed. 
Article XIV To Be Retitled Article XV 
\rticle XV To Be Retitled Article XVI 
\rticle XVI To Be Retitled Article XVII 


\rticle XVII To Be Retitled Article XVIII 


ELECTION OF OFFICERS 
PRESIDENT YOUNG: We will now proceed with the election of officers. 
Complying with the Constitution, I appointed in March 1958 the fol- 
lowing Nominating Committee. selected from a list of candidates sug- 
gested by the eligible chapters prior to March 1, 1958: 


Robert F. Thomson, Chairman, Detroit 
J. P. Fowler, North Texas George F. Kappelt, Buffak 
David Goldberg, Kansas City Blake D. Mills, Jr.. Puget Sound 


Rockford 


N ew 


Wilhelm Olson, 
William C. Schulte, 


Robert B. Gordon, San Fernando 
Valley 


John Kahles, Cincinnati 


Jersey 


The Nominating Committee met on May 23 and made the following 


nominations: 
FOR PRESIDENT 
Memorial Institute, Co- 


Clarence H. Lorig, Technical Director, Battelle 


lumbus—1 year 








ELECTION OF OFFICERS 


FOR VICE-PRESIDENT 
Walter Crafts, Associate Director—Technology, Union Carbide Metals 
Company, Niagara Falls—1 year 
FOR TRUSTEES 
Earl R. Parker, Professor of Metallurgy, University of California—2 years 


Merrill A. Scheil, Director, Metallurgical Research, A. O. Smith Corpo- 


ration, Milwaukee—2 years 


\s required by the Constitution of the American Society for Metals, 
in the third week of May 1958 the Past Presidents Committee nomi- 
nated William H. Eisenman as Secretary of the Society for the term 
1958-60. He was duly notified and had accepted. Mr. Eisenman’s death 
on May 30, 1958 necessitated that this committee reconvene, which 
they did on June 7, 1958 and unanimously nominated Walter E. Jominy 
for the office of Secretary of the Society for the term 1958-60. 
Complying with the Constitution, the Secretary has informed me 
that no additional nominations were received prior to July 15, 1958 for 
any of the vacancies appearing on the Board. Consequently, the nomi- 
nations were closed. I now call upon the Secretary to carry out the pro- 
visions of the Constitution with respect to the election of officers. 
SECRETARY SCHAEFER: Conforming with the provisions and require 
ments of the Constitution of the American Society for Metals, I hereby 
cast the unanimous vote of the members for the election of the afore- 
named candidates who were nominated on May 23 and June 7, 1958. 

President Young introduced the newly elected officers and called 
upon President-elect Clarence H. Lorig for a few words. 

\fter a brief response from President-elect Lorig, President Young 
asked Adolph O. Schaefer, George A. Fisher, Jr., and Carl E. Swartz 
to come forward and presented them with the Past Trustees Certificate 
given by the Society in recognition of the great service which they have 
rendered during their term on the Board of Trustees. 

President Young then called on Harold E. Krayenbuhl to come for 
ward and presented him with a certificate in appreciation of his 20 
years of continuous service as secretary of the Golden Gate Chapter 


CONFERRING OF THE ASM Honorary MEMBERSHIP 
PRESIDENT YOUNG: The Constitution of the Society provides for a class 
of membership to be known as Honorary Members—such persons as 
the Board of Trustees shall determine to be prominent in their field and 
who through an evidenced appreciation of the importance of metal 
science have furthered the interests of the metallurgical profession. 
Selected to receive the 24th Honorary Membership which has been 
presented in the 40-year history of the Society is Ernest E. Thum, 
Editor-in-Chief of METAL PROGRESs. 

President Young called upon President-E 
citation for this recognition, as follows: 


lect Lorig to present the 
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Honorary Membership in the American Society for Metals is 
the highest honor conferred by the Society in recognition of one 
man’s major contribution to metallurgy and the Society. Ernest 
EK. Thum is eminently deserving of this award. 

He came to the Society 28 years ago to create a magazine 
which would be useful to the metallurgical industry ; this year he 
became editor-in-chief of the publication which has achieved 
world prestige and a unique position as the magazine of metals 
engineering. The growth of Metat Procress in the intervening 
years has been guided by his keen insight into metal problems. 
His foresighted leadership, sound judgment and extensive metal- 
lurgical and editorial knowledge have kept MetTAt PRoGREsS 
continually in the vanguard of scientific and technological de- 
velopment. 

The American Society for Metals and the metals industry have 
profited further from association with Ernest Thum. His advice 
and help in all areas of ASM activities have been a large factor in 
the phenomenal growth of the Society. He organized and edited 
the authoritative “Book of Stainless Steels,” “Modern Steels,” 
and many other books ; he has helped plan and conduct meetings 
at ASM conventions and addressed countless metallurgical 
groups. He has been notably active on important committees for 
other technical societies and for the United States Government. 
The American Society for Testing Materials has recognized his 
services with its award of merit. He is chairman and a charter 
member of the U. S. Atomic Energy Commission’s Advisory 
Committee on Industrial Information. 

Mr. Thum’s services to the profession and the ASM are not 
measured by inventions or discoveries. Yet intangible though they 
be, his services have been of immeasurable value during the dec- 
ades when proliferation of the printed word has frustrated the 
scientist and engineer with too much to read and too much to 
study. The responsibility for recognizing the important metal 
lurgical developments as they occur, and the responsibility for 
presenting them in succinct and easily understood form, are there- 
fore tremendously important. Mr. Thum’s wisdom in carrying 
the first responsibility, and skill in the second, have justly carved 
out his place as the “dean of metallurgical editors.” 


br. LorIG: Mr. President it gives me great pleasure to present to 
you to receive an Honorary Membership in ASM, Ernest E. Thum 


PRESIDENT YOUNG: Has any member present anything to bring before 
the annual meeting for the good of the Society ? If not, a motion to ad 


journ is in order. 
I now declare the 1958 Annual Meeting adjourned. 
















ELECTION 





OF OFFICERS 


EpwarpD DEMILLE CAMPBELL MEMORIAL LECTURE 


At 11 am. President Young reconvened the meeting and presented 
Past-President B. F. Shepherd (ASM President, 1935), the chairman 
of the Edward DeMille Campbell Lecture. Chairman Shepherd intro- 
duced Peter Payson, Manager, Central Research Laboratory, Crucible 
Steel Company of America, Pittsburgh, who presented the thirty-third 
lecture in honor of Professor Campbell. The lecture was entitled 
“Tempered Alloy Martensites,” and is published in full in this volume 
of TRANSACTIONS beginning on page 60 


ASM ANNUAL DINNER 


On Thursday evening, October 30, members, guests and friends 
assembled in the Grand Ballroom of the Statler-Hilton for the Annual 
Dinner of the Society. The attendance was in excess of 500 persons. 

Those seated at the speakers table were : Adolph O. Schaefer, Presi 
dent, Pencoyd Steel & Forge Corporation, Philadelphia; George T. 
Hook, Publisher, The /ron Age, Philadelphia; Merrili A. Scheil, Di 
rector, Metallurgical Research, A. O. Smith Corporation, Milwaukee ; 
Carlton H. Hastings, President, Society for Nondestructive Testing, 
Inc., Evanston, Illinois; Walter E. Jominy, Retired Chief Engineer, 
Metallurgical Research, Chrysler Corporation, Detroit; R. Weck, Di 
rector, British Welding Research Association, London, England ; John 
H. Hollomon, Manager, Metallurgy Research Dept., General Electric 
Company, Schenectady; Peter Payson, Manager, Central Research 
Laboratory, Crucible Steel Company of America, Pittsburgh; Robert 
F. Hehemann, Professor of Metallurgical Engineering, Case Institute 
of Technology, Cleveland ; Robert H. Aborn, Director, Edgar C. Bain 
Laboratory for Fundamental Research, United States Steel Corpo 
ration, Monroeville, Pennsylvania ; Ralph Papirno, Research Division, 
New York University College of Engineering; Clarence H. Lorig, 
Technical Director, Battelle Memorial Institute, Columbus, Ohio; 
Ernest E. Thum, Editor-in-Chief, Mrtrat Procress, Cleveland: 
George A. Roberts, Vice-President, Technology, Vanadium-Alloys 
Steel Company, Latrobe, Pennsylvania; Crawford A. Greenewalt, 
President, E. I. du Pont de Nemours & Co. Inc., Wilmington; G. M. 
Young, Technical Director, Aluminum Company of Canada, Ltd., 
Montreal, Quebec, Canada; Albert J. Phillips, Vice-President and Di- 
rector of Research, American Smelting and Refining Company, South 
Plainfield, New Jersey ; Carl E. Swartz, Consulting Metallurgist, Hins 

dale, Illinois; William G. Pfann, Bell Telephone Laboratories, Inc., 
Murray Hill, New Jersey; Donald S. Clark, Professor of Mechanical 
Engineering, California Institute of Technology, Pasadena, California ; 
Kenneth Headlam-Morley, Secretary, The Iron and Steel Institute, 
London, England; Bradley Stoughton, Professor Emeritus, Lehigh 
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University, Bethlehem, Pennsylvania; George Gerard, Research Di- 
vision, New York University College of Engineering; George A. 
Fisher, Jr., Manager, St. Louis Technical Section, The International 
Nickel Company, Inc., St. Louis, Missouri; Eugene E. Stansbury, 
Professor of Metallurgical Engineering, The University of Tennessee, 
Knoxville, Tennessee ; Walter R. Hibbard, Jr., President, The Metal- 
lurgical Society of AIME, and Manager, Alloy Studies Research, 
General Electric Company Research Laboratory, Schenectady ; Walter 
Crafts, Associate Director—Technology, Union Carbide Metals Com 
pany, Niagara Falls, New York; George O. Hayes, Chairman of 
Board, Steel, Penton Publishing Company, Cleveland ; Earl R. Parker, 
Professor of Metallurgy, University of California, Berkeley, Califor- 
nia; Ray T. Bayless, Assistant Secretary and Temporary Managing 
Director, American Society for Metals, Cleveland. 


ALBERT SAUVEUR ACHIEVEMENT AWARD 
In 1934 the Board of Trustees of the Society established an award 
in honor of Dr. Albert Sauveur, distinguished metallurgist and for 
many years an honorary member of the Society. The Award was 
created to recognize a metallurgical achievement which has stood the 
test of time and has stimulated others along similar lines to the extent 
that a marked basic advance has been made in the metal arts and 
sciences. In 1958 the candidate for this award was William G. Pfann, 
Bell Telephone Laboratories, Inc., Murray Hill Laboratory, Murray 
Hill, New Jersey. In presenting the candidate, Past President, Donald 
S. Clark, read the citation of Mr. Pfann’s accomplishments. President 
Young then conferred the award. The citation is: 

Doubtlessly, one of the most important contributions to the 
fields of metallurgy, semi-conductors, chemistry and solid state 
physics, has been Mr. William G. Pfann’s discovery of the zone 
melting processes. The purification process provided in the zone 
refining of metals produces germanium and silicon of spectacular 
purity. The process is widely used in many countries for the 
manufacture of semi-conductors as well as research. Its impact 
on metallurgy and chemistry is just beginning to be felt. Data 
on the true properties of metals which can only be determined 
from investigation on zone refined metals are beginning to appear 
in the literature and are instrumental in continually revising our 
knowledge of the behavior of metals under various external con- 
ditions. For example, zone refined aluminum recrystallizes after 
cold work at temperatures well below room temperature. Metals 
hitherto believed to be brittle are now known to be ductile in the 
zone purified state. For example, zone refined iron appears to be 
ductile at temperatures as low as that of liquid helium. 

Another result of Mr. Pfann’s careful studies of zone melting 
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techniques is the discovery of zone leveling, a process which pro- 
duces segregation-free single crystals. Other zone melting varia 
tions include re-melt processes used to produce pnp junction 
transistors, continuous zone refining processes, a process tor 
moving extremely small zones by a temperature gradient, and 
simple techniques for suspending molten zones electromagnet- 
ically so that contamination from crucibles can be avoided. 

The impact of zone melting has been considerable, for example, 
it has stimulated well over 100 scientific papers devoted wholly or 
largely to the subject of zone melting since Mr. Pfann’s first 
paper appeared in July 1952. And the number is increasing con- 
tinually. 

Mr. Pfann has not been content with investigations only on 
zone refining processes. He has conceived and demonstrated a 
method for preventing bridge erosion in electrical contacts. He 
has some 50 patent applications. 

Mr. Pfann has the unique ability of reducing complicated prob- 
lems to simple scientific principles and suggesting new ideas to 
solve these problems. He has been instrumental in demonstrating 
the existence of dislocations in crystals by etching techniques. 
Mr. Pfann is regarded as a most brilliant and productive man 
with a flair for deriving fresh new practical ideas arising from a 
keen appreciation of the scientific fundamentals. Zone melting is 
but one example. 


ASM MEDAL FoR THE ADVANCEMENT OF RESEARCH 


In 1934 the Board of Trustees established the ASM Medal for the 
Advancement of Research, and this award has been granted to fifteen 
candidates. The 1958 award was presented to Crawford H. Greene- 
walt, President of E. I. du Pont de Nemours & Company. In presenting 
the candidate for this award, George A. Roberts, Past President of the 
\merican Society for Metals read the citation which follows. President 
Young then presented the medal and scroll to Dr. Greenewalt. The 


citation is: 





For virtually as long as the American Society for Metals has 
been in existence the Du Pont Company has supported research 
which has brought forth developments to benefit the metals and 
metalworking industries. Through its support of the physical 
sciences in universities and research in the company’s labora 
tories, Du Pont management has long recognized the needs of 
the metals’ field. 

Crawford H. Greenewalt, a Du Pont man since 1922 and presi 
dent since 1948, is recognized for his faith in research, for spon 
sorship of it at the executive level and for his conviction that 
there is no substitute for enlightened technical work as a basis 
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for technological innovation. Dating back to the late 1920’s, when 
he was a research supervisor at the company’s Experimental 
Station, he has shown remarkable prowess for interpreting the 
findings of research in terms of industrial application. This ability 
was put to the service of the nation in 1943 when he was given 
the responsibility to maintain liaison between Du Pont and the 
University of Chicago, translating the University’s nuclear re 
search developments into practical use in the design, construction 
and successful operation of the world’s first plutonium plant at 
Hanford, Wash. 

When work on the Hanford project was completed, Mr. 
Greenewalt embarked on a series of administrative positions with 
Du Pont, ultimately leading to the presidency of the Company. 
While this meant he was not as close to the rudiments of research 
as he had been in the past he still maintained a staunch belief in 
its importance. He provided leadership for the Company’s large 
research effort, which delves into a multiplicity of scientific fields. 

Metallurgical research conducted by Du Pont ranges from de- 
velopments in the production and use of basic metals and alloys 
to contributions to our fundamental knowledge of corrosion, sur- 
face chemistry and mechanical metallurgy. During the latter half 
of the 1920's the Company made its first effort to apply stainless 
steels in process equipment. Fundamental research on the mech- 
anism of intergranular corrosion started in 1928. This research 
laid the ground work for specifications on heat treating to protect 
against intergranular attack and assisted in establishing quality 
standards for the stainless steel industry. 

One problem attacked early in corrosion research was the phe- 
nomenon of passivity. In the early 1950's this fundamental work 
was broadened to include the mechanism of reactions at metal 
surfaces. For the past several years work has been under way to 
broaden our metallurgical understanding of the mechanical be- 
havior of metals. Recently the Company inaugurated a broad pro- 
gram to study the metallurgy of columbium. 

In the early 1930’s Du Pont pioneered vapor degreasing for 
cleaning metals. In 1946, studies were initiated on titanium metal. 
Other noteworthy achievements are sodium hydride descaling for 
metals (1941), improved methods for electroplating copper, zinc 
and cadmium, a process for plating steel strip with tin at high 
speed, development of porcelain enamels for aluminum (started 
in 1941) and manufacture of high purity silicon (1952). 

For his sponsorship of research and his vision in applying its 
findings to industrial needs and for the many contributions to 
metallurgical technology which have resulted from the support of 
research by Du Pont’s management through the years, the Board 
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of Trustees of the American Society for Metals has awarded its 
1958 Medal for the Advancement of Research to Crawford H. 
Greenewalt, President, E. I. du Pont de Nemours & Co., Wil- 
mington, Delaware. 


CONFERRING OF THE ASM Gotp MEDAL 

The Gold Medal which was established by the Board of Trustees of 
the Society in 1943 has been awarded eleven previous times to indi- 
viduals for their outstanding metallurgical knowledge and great ver 
satility in the application of science to the metal industry, as well as 
for their exceptional ability in the solution of diversified metallurgical 
problems. The recipient of the 1958 ASM Gold Medal was Dr. Albert 
John Phillips, Vice President and Director of Research of the Ameri 
can Smelting and Refining Company. Carl E. Swartz, a member of 
the ASM Board of Trustees, presented Dr. Phillips to President G. M. 
Young to receive this award. In making this presentation he first read 
the citation engrossed on the scroll which accompanies the medal. The 
citation is: 

It is seldom that a man with an abiding interest in science has 
also the faculty of perceiving how fundamental discoveries can 
be applied in industry. This happy combination of talents is pos- 
sessed by Albert John Phillips, Vice President and Director of 
Research of the American Smelting and Refining Company, the 
world’s leading custom smelter and refiner of nonferrous and 
precious metals. In a long and fruitful career with this company, 
he has distinguished himself as a metal scientist, an inspiring 
leader, and an able administrator of a diversified program of 
metallurgical research and technology 

The researches Dr. Phillips has undertaken as well as those 
he has directed among his associates covered a wide variety of 
theory and practice of interest to the entire metals industry. 
These studies dealt mainly with the manufacture of high purity 
metals, effect of impurities, commercial extraction of less com 
mon metals in the smelting and refining processes, increasing re 
coveries, continuous casting of products, and application of the 

new and improved metals introduced in recent years. 

A few of these accomplishments warrant special mention. The 
work on high purity copper, lead, selenium, and indium was out 
standing, particularly the extensive studies of the effects of im 
purities on the physical and mechanical properties of copper and 
lead. A related original investigation by Dr. Phillips on gases in 
metals was the basis of his 1947 Institute of Metals Lecture 
AIME on “The Separation of Gases from Molten Metals.” 
Notable also was the development of a method for increasing re 
covery of selenium from copper and lead refining circuits, which 
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resulted in the first American process for the manufacture of 
high purity selenium suitable for use in rectifiers. 

Perhaps the best known contributions of Dr. Phillips and his 
colleagues have been made in connection with continuous casting. 
The Asarco Process was applied initially to the casting of copper 
billets and then to bronze and silver rods, tubes and shapes. This 
was followed by a method for the continuous casting of tough 
pitch copper cakes, which became the first commercial operation 
for casting the type of copper that is the basic commodity in the 
industry. A still newer installation is now undergoing production 
trials in the continuous casting of copper billets of superior 
quality at a considerably faster casting rate than attained here- 
tofore. 

In spite of business responsibilities and active participation in 
professional affairs, Dr. Phillips has given generously of his time 
and counsel to various agencies of the United States Govern- 
ment. He was on the Advisory Committee on Metals and Min- 
erals of the National Research Council during World War II 
and on successor committees, including the present Materials Ad- 
visory Board. In 1945, Dr. Phillips visited Europe on a technical 
survey under the auspices of the Technical Industrial Intelligence 
Commission. He was Chairman of the Panel on Metals and Min- 
erals of the Research and Development Board 1951-54, and has 
served on the A.E.C. Pyrometallurgical Processing Committee 
in 1952, the Titanium Advisory Committee 1954-58, and cur- 
rently on the Technical Advisory Committee to the Metallurgy 
Division of the National Bureau of Standards. 


In recognition of these achievements, the Gold Medal of the Ameri- 
can Society for Metals was presented to Albert John Phillips. 

Presentation of the foregoing awards represented but a part of the 
program enjoyed by the members and guests assembled for the annual 
dinner. G. M. Young, presiding over the grand affair, opened the pro- 
gram with a warm word of welcome, following which he introduced 
those guests seated at the head table who would not be participating in 
the ensuing program. 

President Young then called Donald S. Clark forward and presented 
a certificate and the President’s Medal to him in appreciation of his 
term as President of the Society for the year just past. 

Presentation of the Albert Sauveur Achievement Award ; the ASM 
Medal for the Advancement of Research; and the ASM Gold Medal 
concluded the formal portion of the program. 

After a brief recess, sparkling entertainment in the form of dancers, 
singers, and much sheer fun arranged by the Palmer House Director of 
Entertainment brought the evening to a close. 


IN MEMORIAM 


William Hunt Cisenman 
1886-1958 











TEMPERED ALLOY MARTENSITES 
(1958 Edward De Mille Campbell Memorial Lecture) 


By P. Payson 


INTRODUCTION 
A' THE Brussels International Exhibition which closed a few 


weeks ago, there were visible many examples of man’s ingenuity 
and inventiveness including workaday machinery as well as models of 
space craft. But probably few of these were more exciting and of more 
significance to the future of civilization than was an exhibit at the Paris 
Exhibition (1)! fifty-eight years ago. This was a demonstration of a 
lathe tool which could cut at so high a speed that the chips being re- 
moved were practically red hot. The steel from which the tool was 
made contained about 1.8% C, 4.0% Cr, and 8.0% W (1,2,3) but 
more important than its composition was the fact that the tool had 
been given the Taylor and White heat treatment which had just been 
developed. This consisted of heating the tool to a very high tempera- 
ture, then cooling it in air, and reheating it for about five minutes at 
1150°F (620°C). The treatment at very high temperature conferred 
on the steel the amazing property referred to as “red hardness,” that 
is, the ability of the steel to remain hard in spite of the fact that it was 
heated in service to a dull red temperature, about 1000 to 1100 °F (540 
to 595 °C). 

Up to the time of the use of the Taylor and White heat treatment, 
the carbon steels which had been hardened by a water quench from a 
cherry red heat [about 1450°F (790°C)] or the Mushet self- 
hardening steel, the only alloy steel in use at the end of the nineteenth 
century (2), were expected to soften appreciably when they were ex- 
posed to temperatures much above room temperature. For this reason 
machining had to be performed at relatively low speeds to prevent the 
tools from losing their temper. After it was discovered that by a combi- 
nation of a special composition of steel and a very high temperature heat 
treatment tools could be produced which would continue to cut for long 
times at high speeds, there was a revolution in machine tool design 
and shop practice which had a tremendous effect on the growth of in- 
dustry in the early years of the twentieth century. 


! The figures appearing in parentheses pertain to the references appended to this paper 


This is the Thirty-Third Edward De Mille Campbell Memorial Lecture, pre- 
sented by P. Payson, Assistant Director of Research, Crucible Steel Company of 
America, Pittsburgh. The lecture was presented October 29, 1958 during the 
Fortieth Annual Convention of the American Society for Metals, held in Cleve 
land. 
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Between the time of the Paris Exposition and the recently closed 
Brussels Exposition, another development has occurred which was 
never dreamed of by Taylor and White or by any of the visitors at 
the Paris Fair of 1900 but which again associates speed and red hard- 
ness, and that, of course, is the production of aircraft which fly at 
speeds faster than the speed of sound. Because of aerodynamic friction, 
the skin of such very high speed aircraft becomes so hot that the 
ordinary material for construction of aircraft, aluminum, is not ade- 
quate to withstand the stresses and temperatures involved. As a conse 
quence, alloys of titanium and alloyed steels are being used, or con 
sidered for use, in high speed aircraft, and the steels that are being 
considered are of such composition and are given such heat treatment 
that they develop red hardness, or in other words, retain high strength 
at elevated temperatures. 

Since my very early days at Haleoml Steel Company back in 1923, 
| have been involved in the heat treatment and application of the 
high speed and hot work tool steels which depend for their usefulness 
on red hardness, and in more recent years, I have been involved in the 
development of high strength steels for service at elevated tempera- 
tures, which again depend on this same phenomenon. It was natural, 
therefore, when I was asked to present the Campbell Lecture for 1958, 
that I should select as my subject this one which has been of great 
interest to me throughout my career and which is currently of great 
importance in our national defense, namely, the characteristics of tem- 
pered alloy martensites. 

Edward De Mille Campbell was still alive at the time I started 
my career but I never met him—except, of course, through his publica- 
tions. 

We are here this morning to honor this great teacher of metallurgy, 
and in honoring Professor Campbell we emphasize that men of science 
and industry are grateful to their teachers who started them on their 
careers. In these days when our country needs young men trained in 
science and engineering we should give all credit to those men who 
devote their lives to the teaching of these young people. 
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in selecting me to be the thirty-third Campbell lecturer, but I realize 
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Howard J. Stagg, and Samuel C. Spalding, my first bosses at Crucible 
Steel Company of America. My present associates in the Department 
of Technology of Crucible who merit my appreciation are many in 
number. Of these, John Hauser has made by far the greatest contribu- 
tion in the development of the data; J. Capenos, D. Beard, V. 
Chandhok, T. Philip, A. Kasak, and R. Cremisio also made important 
contributions ; and A. Nehrenberg, J. Stanley, E. Dulis, R. Lindsay, 
and G. Steven have taken part with me in many interesting and profit- 
able discussions on this subject. 


Rep HARDNEss OF ALLOY STEELS 

Some of the steels that Taylor and White used for their high speed 
cutting tools at the turn of the century as already mentioned, con- 
tained high carbon, chromium, and tungsten. Others contained molyb- 
denum in place of or in addition to tungsten. Later, the carbon in the 
steels was reduced to 1% or less. In about 1903 an extremely important 
addition to the composition of high-speed steel, namely, vanadium, 
was made by John A. Mathews (1,4), of Crucible Steel Company of 
America. Thus for over fifty years steels have been produced contain- 
ing in combination the elements carbon, chromium, vanadium, tung- 
sten, and molybdenum, which provide in the properly heat treated 
steel the property of red hardness, that is, resistance to softening at 
elevated temperatures. We have learned through the years that some 
combinations are preferable to others for different services, and it is 
quite amazing that even to this day combinations of these elements in 
steel are discovered which have not been used before and which there- 
fore are patentable. 

Much has been written about the cause of the resistance to softening 
of the special alloy martensites and the phenomenon is reasonably well 
understood (5-8). It is certainly associated with the formation and 
precipitation of alloy carbides during the heating of the martensite, 
provided the original Taylor and White step has been taken, of heating 
the steel to a sufficiently high temperature to get most of the alloying 
elements dissolved in the austenite before the latter is cooled to form 
the alloy martensite. The details of the formation of the alloy carbides 
are of considerable interest and we shall spend some time discussing 
these details. 

Let us first consider the changes in hardness that occur in the tem- 
pering of alloy martensites. A schematic diagram taken from Gill (3) 
shows that the martensite of a plain carbon steel, Fig. 1, Curve i, de- 
creases in hardness continuously as the tempering temperature in- 
creases. Curve 2 of this diagram shows what happens in a precipitation 
hardening alloy which has been quenched from a solution-annealing 
treatment and has then been reheated. The hardness remains constant 
over a range of temperatures, then with increasing temperature the 
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Fig. 1—Schematic Relationship Between Hardness and Tem 
pering Temperature 


hardness increases until a maximum is reached after which the hard- 
ness decreases with further increase in temperature. Finally, Curve 3 
shows the behavior of a quenched high speed steel—there is a decrease 
in hardness which parallels the hardness change of the carbon steel 
martensite up to a certain temperature [generally about 600 °F 
(315°C)], after which with increasing heating temperature there 
is an increase in hardness to a peak or plateau [at about 1050 to 
1100°F (565 to 595°C)] with a fairly rapid decrease in hardness 
with further increase in heating temperature. The increase in hardness 
in tempered alloy martensites over the range of about 700 to 1050 °F 
(370 to 565°C) is generally referred to as “secondary hardening.” 
The persistence of the high level of hardness over a long period of time 
at these high temperatures is referred to as “red hardness” or “re- 
sistance to softening.” 

The implication of this diagram is that in the tempering of an alloy 
martensite, there is first a gradual softening as in a plain carbon steel 
martensite, then a rehardening because of a precipitation of alloy car- 
bides. There is indeed a further complication because in high carbon 
steels not all of the austenite is transformed to martensite in the pri- 
mary hardening operation; the residual or retained austenite trans- 
forms during the tempering operation, either isothermally or in the 
subsequent cooling to room temperature. 

The effect on the red hardness of alloy martensite caused by the 
transformation of retained austenite is generally not important. This 
is clear in the case of hardened high speed steel. As quenched, this 
steel may contain up to about 20 to 25% untransformed austenite. 
When the quenched steel is tempered for 2 + 2 hours at 1050°F 
(565 °C), all the retained austenite is transformed (7) and the struc 
ture of the steel then is only tempered martensite. Yet, when the double 
tempered steel which no longer contains austenite is reheated for long 
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Table 1(9) 
Effect of 1000-Hour Heatings on Hardness of 
Heat Treated Alloy Steels 


= Rockwell C Hardness __ 





As-Quenched After reheating 
an for 1000 hours at 
Steel Tempered 400°F 600°F 800°F 1000°F 
M2 High Speed* 66 66 66 65 61 
0.58% C, Hot Work Steel® 64 64 64 64 49 


52100¢ 61 57 53 





Heat Treatment 
*2250°F, oil-quenched; tempered 1050°F, 2+2 hours 
»2100°F, oil-quenched; tempered 1050°F, 2+2 hours 
1500°F, oil-quenched; tempered 400°F, 2 hours 


Tempering Temperature °F (t=2 hours) 
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Fig. 2—-Master Tempering Curve of M2 High Speed Steel 


times at temperatures up to about 1000 °F (540 °C), it does not soften 
appreciably as shown in Table I. 

In Table I, the room temperature hardness of the tempered steel is 
shown after 1000-hour exposures at temperatures from 400 to 1000 °F 
(205 to 540 °C). For comparison along with the hardness data for the 
high speed steel are shown data for a hot work steel containing 
0.58% C, 5% Cr, 0.5% V, and 5% Mo and for conventional 52100 
bearing steel. \fter 1000-hour exposures up to and including 800 °F 
(430°C), the high speed and the hot work steels suffered no loss in 
hardness whereas the bearing steel shows a drop of 4 points after the 
400 °F (205°C) heating and an additional 4 points after the 600 °F 
(315°C) heating. After the long-time heating at 1000°F (540°C) 
the high speed steel still has a hardness of Rockwell C-61 but the 
hardness of the hot work steel has dropped to Rockwell C-49. Thus, 
the high speed and hot work steels tempered to be free of retained 
austenite have excellent resistance to softening at specific ranges of 
elevated temperatures. 

Another indication that retained austenite has little, if any, effect on 
red hardness is the fact that the master tempering curve (10,11,12) of 
a high speed or hot work steel, an example of which is shown in Fig. 2, 
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s relatively smooth up to high values of the parameter. It would be 
<pected that if retained austenite was an important factor in red hard- 

ness, the portion of the curve immediately beyond the peak would 
hange slope abruptly. The parameter (with constant 20) for a 2+ 2 
hour temper at 1050 °F (565 °C) is 31,100 and there is only a mod 
erate change of hardness from this point up to a parameter of 34,000 
corresponding to a heating at 1200°F (650°C) for about 3 hours. 

It is appropriate to point out here that although master tempering 
curves may not be relied on for precise relationships between hardness 
and various time-temperature combinations, the master tempering 
curve concept has been proved to be sufficiently reliable to justify 
general comparisons of red hardness based on short heating times at 
relatively high temperatures. For example, the parameter for 500 hours 
at 870 °F (465 °C) is 30,200; this parameter value also corresponds to 

about one hour at 1050°F (565°C). If several hardened steels are 

\ heated for precisely the same time at 1050 °F (565 °C), say one hour 

and are then compared for hardness, it can be reliably concluded that 

the steel that has the highest hardness in this comparison will also 
have the highest hardness after 500 hours at 870 °F (465 °C). 

Since the constant 20 in the parameter value serves adequately for 
most steels, not only for master tempering curves but for master rup- 
ture curves *(13) as well (14), nomographs shown in Figs. 3a, 3b, 
and 3c are quite useful as a quick means of converting parameter 
values to time-temperature combinations, and vice versa. For example, 
to obtain the parameter corresponding to 1000 hours at 1000°F 
(538 °C), a line is drawn joining the 10* hour point on the line at the 
right with the 1000 °F (538°C) point on the line at the left and the 
parameter value, 33,600, is found at the intersection on the center line. 
This parameter value also represents a 2-hour heating at 1200 °I 
(649 °C), 

Hot HARDNEssS 

We have defined red hardness as the resistance of the steel to soften 
ing when it is heated to tempering conditions indicated by parameter 
values over about 28,000 [about 1 hour at 950 °F (510°C)]. But we 
have so far discussed only hardness measured at room temperature 
after the steel has been exposed to high temperatures. What, you may 
ask, do we know about hardness at elevated temperatures? Fortu 
nately there is a relatively simple relationship between room tempera 
ture hardness and hot hardness of tempered alloy martensites namely, 
if the steel is tested at a temperature below which it was tempered, its 
hot hardness will be directly proportional to its room temperature 
hardness. This is shown in Fig. 4 in which are plotted hot hardness 
versus room temperature hardness data for a variety of tempered 


* Bungardt and Mulders have applied the master tempering parameter with a constant 19 to 
1 from short time elevated temperature tests on hot work steels 
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Fig. 3a—Nomograph for Master Tempering Curve; 
Parameter M = T (20 + log t) x 10-3, Temperature 
range 400 to 800 °F. 
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Fig. 3b—Nomograph for Master Tempering Curve; 


Parameter M = T (20 + log t) x 10. Temperature 
range 800 to 1300 °F. 


alloy martensites of different compositions and hardnesses. The hot 
hardness tester, a modification of a Rockwell machine, has been de 
scribed elsewhere (15). The curves for constant testing temperature 
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are roughly parallel indicating a fairly regular decrease in hardness 
with increasing testing temperature from 600 to 1200°F (315 to 
650°C). In other words, the higher the room temperature hardness, 
the higher the hot hardness provided the high temperature testing does 
not affect the room temperature hardness. A steel that has good red 
hardness therefore has good hot hardness. 


EFFECT OF COMPOSITION ON RED HARDNESS 
Now how does the composition of the steel affect the red hardness ? 
We have already seen that the hardened and tempered high speed steel 
has higher hardness after long time exposures at 1000°F (540°C) 
than the hot work steel. Is this because of the difference in carbon 
content, or the differences in the alloying elements, or because of dif- 
ferences in both carbon and alloy contents? This is a question which 
we would like to have answered in order to design steels to meet cer 


tain service requirements, but it is an answer we have so far been un- 


able to attain except in a general way. 

The hardness of alloy martensites tempered into the fourth stage of 
tempering (7,16), that is, beyond a tempering parameter of 28,000, or 
950 °F (510°C) for about 1 hour, is certainly affected by both carbon 
and alloying elements. As has already been mentioned, red hardness 
is dependent on the precipitation of alloy carbides and the steel must 
contain both carbon and carbide-forming elements so that these alloy 














68 TRANSACTIONS OF THE ASM 





86 


+— Steel — a ee ee a a a oO 
600 800 1000 |1/100 1200 AA 
82 m H12 ° © © ee TF ee | 
3.5Cr-Mo-V a a 
TI 7 v 

78 M2 
WB 49, WB 44 







ooda 
oedea 
oep¢4 6B 


a 
ray 


70 


rature Hardness Rockwe 


Tempe 
,) 
@ 


+ 


54F 


Elevated 


50 


46 | } 


42 











56 60 64 68 72 76 80 84 88 
Room Temperature Hardness Rockwell A 





20 39 58 
Hardness, Rockwell C 
Fig. 4—Correlation of Room and Elevated Temperature Hardness at Indicated 
Temperatures for Tempered Alloy Martensites. The WB steels contain 1.1 C, 
7W 


3-4 Cr, 2 V, 5-7 W, 3-5 Mo, and 5 Co. The lines in descending order ~ aoe hard 
ness values at 600, 800, 1000, 1100, and 1200 °F, respectively. 


carbides can be formed. But the quantitative relationship between 
composition and hardness after tempering is not yet understood. A 
number of suggestions have been made for calculating from its compo 
sition the hardness of tempered martensite (17-20). The most in 
teresting is that given by Crafts and Lamont (18) who postulated 
that the hardness is dependent on the presence in the tempered steel of 
the alloy carbides Cr7Cs, V4Cg, WoC, and MooC provided the steel has 
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sufficient carbon to combine stoichiometrically with these alloy ele- 
nents, and that if carbon is present in excess of the amount needed to 
combine with these elements, Fe;C also would be present and would 
contribute to the hardness of the tempered steel. 

Indeed it has been found (15,21) that this scheme is useful in estab 
lishing compositions which have high hardness at tempering param- 
eters from about 30,000 to 34,000 [corresponding to 4-hour heatings 
at about 1000 to 1200 °F (540 to 650 °C), respectively }. 

The data (22) in the next few tables were obtained from a series 
of experimental steels, the compositions of which were designed so 
that the carbon and the carbide forming alloying elements, Cr, V, W, 
and Mo, would be present in approximately stoichiometric balance 
according to the formulae of the carbides of these elements. The steels 
were heated to temperatures between 2150 and 2350°F (1175 and 
1290 °C), high enough to get most carbides in solution but below the 
temperatures of excessive grain coarsening and incipient fusion, oil 
quenched, tempered over the range 950 to 1200°F (510 to 650°C) 
for times up to 32 hours, and tested for hardness. Master tempering 
curves were then plotted, and from these curves parameter values 
were obtained corresponding to hardness values of Rockwell C-66, 
63, and 60. It should be kept in mind that all of the samples used in 
these comparisons contained some residual carbides which means 
that some undetermined amounts of carbon and alloying elements 
were not available for precipitation as alloy carbides in the tempered 
martensites. Nevertheless, even though the aimed for stoichiometric 
balances were not actually attained, the results are of considerable 
interest. 

Table II] shows that if W and Mo are assumed to precipitate as 
WC and Mo.C, the greater the amounts of such carbides, the higher 
the values of hardness maintained 1n the steel over long exposure times 
in the temperature range indicated. 

Table III shows that increasing amounts of C and V, assumed to 
result in a precipitation of the carbide V,C; during the tempering of 
the martensite, provide increased resistance to softening up to an ap 
parent maximum beyond which the resistance to tempering decreases. 


Table Il om 
Effects of Increasing C, W, and Mo in Steels 
Containing About 4.5 Cr. and 0.5 V 


Tempering Parameters x 10-4 
for Rockwell C Hardness 


Steel* ( W M 66 63 60 
\ 0.45 3.6 3.7 31.4 
B 0.55 48 4.8 31.4 32.0 
( 0.65 5.8 5.3 30.2 7 32.4 
D 0.82 7.7 7.8 31.2 32.0 32.6 
E 0.97 88 90 32.3 32.5 32.7 


*Austenitizing temperatures used were 2350°F for Steel A and 2325°F for Steels B, C, D, and E 
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a much more highly alloyed commercial high speed steel is shown in 
Fig. 6. The lower alloy steel, S, austenitized at a much lower tempera- 
ture has a notably flatter curve than the high speed steel M2 and the 
lower alloy steel actually has a higher hardness after tempering condi 
tions corresponding to the higher parameter values, that is, beyond 2 
hours at 1250 °F (675°C). 

On the basis of these data, one would be inclined to conclude that 
“balanced” compositions would be ideal for steels for high speed and 
hot work tool applications, as well as for the high-strength-at-high 
temperature steels required for aircraft. But the steels which are most 
resistant to softening are generally less ductile during long time ex 
posures at 1000 to 1100°F (540 to 595°C). Some data obtained in 
stress rupture tests are shown in Table V1. 


Table VI 
100-Hour Creep Rupture Properties of ‘‘Balanced”’ 
and *‘Not-Balanced”’ Steels Tested at 1000°F 
Cc Cr \ W 
Balanced 0.53 1.4 14 2.8 
Not Balanced 0.32 5.3 07 
Both steels air-cooled from 1950°F 


Balanced Not Balanced 


Rockwell Stress Elong Rockwell Stress 
Cc (psi) (%) ( 


Temper psi 
10S0°F for 2+2 53 124,000 
1100°F for 2+ $2 121,000 


§2 126,000 


0 5 
0 45 113,000 


1 
1 


The higher alloy steel is about equal in strength to the lower alloy 
“balanced steel,” but it is much more ductile and therefore a much 
more acceptable steel for high temperature structural applications. 
We are faced then with another question—how can we obtain in a 
steel good red hardness combined with good ductility ? This is one we 
still cannot answer satisfactorily and the need to answer this ques 
tion spurred us to undertake a more fundamental study of the factors 
which are associated with red hardness in steels. 

Although many excellent papers have been published on this sub 
ject during the last ten years or so, they have not altogether presented 
a convincing explanation of the mechanism responsible for red hard 
ness. Balluffi, Cohen, and Averbach (23) showed that in chromium 
steels cementite, Fe3C, dissolved during the fourth stage of tempering 
and the chromium carbide Cr;C3 was formed. Houdremont (24) re 
ported the precipitation of the vanadium carbide, V4C;, in a steel 
containing vanadium. Habraken (25) believed part of the secondary 
hardness in a chromium-molybdenum steel was attributable to the 
precipitation of the double carbide designated MgC. Kuo (8) reported 
that a tungsten or molybdenum carbide of the M2C type is responsible 
for secondary hardening in high speed steels and Crafts and Lamont 
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18), as already mentioned, stated that the carbides responsible for 
secondary hardening are Cr;C3, V4C3, WeC, and MoeC in steels con 
taining chromium, vanadium, tungsten, and molybdenum. 


EXPERIMENTAL PROCEDURES 

In our studies we used mainly a series of relatively low carbon 
steels made in small induction heats and forged to about 54-inch square 
sections. Samples of the steels were austenitized at temperatures high 
enough to dissolve all the carbides, generally 2300°F (1260°C) or 
higher, quenched in iced brine to minimize any possible transformation 
other than martensite, and refrigerated in liquid nitrogen to minimize 
retention of austenite. They were then tempered over the range 600 to 
1300 °F (315 to 705 °C). The tempered samples were tested for hard- 
ness, length changes, and electrical resistivity and were examined for 
microstructure. Carbides precipitated during tempering were extracted 
by an electrolytic procedure using a citric acid-ammonium chloride 
electrolyte (26), and the residues were identified by x-ray powder 
patterns obtained with filtered chromium radiation in a 10-cm Debye 
camera. 

Another method based on Fisher's (27) extraction replica tech- 
nique, which involves the development of an electron diffraction pat- 
tern from the particles in the extraction replica, was most effective 
for identifying the carbides precipitated in the tempered alloy marten- 


sites. Finally, chemical analyses were made of the residues obtained by 


electrolytic extraction. 

It would be impossible to present within the time now at my dis- 
posal all the data we have obtained in these investigations, but I can 
assure you that papers containing these data are in preparation and 
will be published in the relatively near future. For the present, I hope 
it will suffice to show you some typical facts that have been established. 


MICROSTRUCTURES 


First, the microstructures show that although in some steels 
cementite, which forms during the third stage of tempering, gradually 
disappears under tempering conditions corresponding to the peak in the 
hardness curve, in other steels cementite persists into the fourth stage 
and is still present after the alloy carbides have formed. Electron micro- 
graphs illustrating the cementite behavior are shown in Figs. 7 and 8. 
In the simple molybdenum steel, cementite forms during tempering in a 
short time at about 500°F (260°C), and grows to sizeable particles, 
then gradually redissolves and is completely absent in the structure of 
the sample tempered at 1100 °F (595 °C) for 5 hours. The absence of 
cementite in this structure is established by the electron diffraction pat- 
tern obtained from an extraction replica of this sample. The alloy 
carbide, MooC was detected by the electron diffraction technique in the 
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Fig. 7—-Electron Micrographs of 0.14 C, 3.1 Mo Steel. Samples quenched from 2300 °F and 
tempered as follows: (a) As-quenched, Rockwell C42; (b) 5 hours at 600 °F, Rockwell 
C40. Etched with picral. Magnification x 24,000. 
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Fig. 7—Electron Micrographs of 0.14 C, 3.1 o Steel. Samples quenched from 2300 °F 
and tempered as follows: (c) 5 hours at 800 °F, Rockwell C39; (d) 5 hours at 1000 °F, 
Rockwell C43. Etched with picral. Magnification x 24,000 
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Fig. 7—Electron Micrographs of 0.14 C, 3.1 Mo Steel. Samples quenched from 2300 °F 
and tempered as follows: (e) 5 hours at 1100 °F, Rockwell C40; (f) 5 hours at 1300 °F, 
Rockwell C21. Etched with picral. Magnification « 24,000. 
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Fig. 8—Electron Micrographs of 0.30 C, 0.7 V Steel Samples quenched from 2300 °F 


and tempered as follows: (a) As-quenched, Rockwell C51; (b) 5 hours at 600 °F, Rock 
well C44. Etched with picral. Magnification «x 24,000 
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; a) & . 
Fig. 8—Electron Micrographs of 0.30 C, 0.7 V Steel. Samples quenched from 2300 *F 


and tempered as follows: (c) 5 hours at 800 °F, Rockwell C42; (d) 5 hours at 1000 °F, 
Rockwell C44. Etched with picral. Magnification X 24,000. 
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Fig. 8—Electron Micrographs of 0.30 C, 0.7 V Steel. Samples quenched from 2300 °F and 
tempered as follows: (e) 5 hours at 1100 °F, Rockwell C45; (f) 5 hours at 1300 °F, Rock- 
well C31. Etched with picral. Magnification x 24,000. 
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sample tempered at 900 °F (480°C) and is found in all the samples 
tempered at the higher temperatures. In the 0.7 vanadium steel 
cementite is present throughout the tempering range and the alloy 
carbide is V4C3 (Fig. 8). 


IDENTIFICATION OF CARBIDES BY ELECTRON DIFFRACTION 

Fortunately the electron diffraction technique obviates any inter 
ference from residual carbides either because these are too coarse to 
be picked up by the replica or, if they are picked up, because they are 
too thick to permit penetration of the electron beam. By matching up 
electron diffraction patterns obtained with a series of samples of a steel 
tempered over a range of temperatures, the tempering conditions at 
which the alloy carbide appears and cementite disappears can be deter 
mined. This is illustrated in Figs. 9 and 10. In these figures, the ce- 
mentite pattern is shown at the bottom and the alloy carbide pattern 
at the top. Generally at least one line of the alloy carbide can be dis- 
tinguished from the lines of cementite in the early stages of the alloy 
carbide formation. The pattern of Cr;C3, however, is more difficult to 
distinguish from the cementite pattern than are the patterns of the 
other alloy carbides. 

Recent publications show that European workers (28,29,30) have 
also used electron diffraction methods for identifying carbides pre- 
cipitated during the tempering of martensite. Seal and Honeycombe 
(28,29) found as we did that the vanadium type carbide was present 
in samples tempered short of the condition resulting in maximum 
secondary hardness. 

In Figs. 11, 12, and 13 an attempt is made to summarize the changes 
in carbide which accompany the changes in hardness during the 
tempering of the alloy steels. The lines above the hardness line show 
the relative intensities of the diffraction patterns of the precipitated 
carbides present in each tempered condition of the steels, a value of 4 
being given for a very strong pattern, and 0 for no pattern. It may be 
seen that in most steels the alloy carbide was detected at the beginning 
of secondary hardening ; that cementite was present after the alloy car 
bide appeared ; and that the alloy carbide could be either MooC, W2C, 
or V4Cs. In the 5.8 tungsten steel, the MgC carbide is also found after 
tempering above 1100 °F (595 °C). 

A summary of the data on carbides extracted from a large number 
of steels of both simple and complex compositions is given in Table 
VII. In the simple 5.8 tungsten steel both W2C and MgC were found in 
the samples tempered at 1200 and 1300 °F (650 and 705 °C) whereas 
only W2C was found in the sample tempered at 1100 °F (595 °C). In 
the 0.14 C—3.1 Mo steel, MooC and M¢C were found after the 1300 °F 
(705°C) temper but only MoeC after the 1000, 1100, and 1200°F 
(540, 595, 650°C) tempers. In other simple molybdenum steels only 
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(110) MOoC 


> tafe 





Mo2C 1300°F 





FesC + MOoC 1100°F 







FesC + MooC 1l000°F 





Fe3C + MOoC 900°F 





Fe3C 800°F 


Fig. 9—Electron Diffraction Patterns of Carbides in Extraction Replicas of Samples of 
9 C, 3.1 Mo Steel Quenched from 2300 °F and Tempered for 2 Hours at Indicated 
Temperatures 


MosC was found. These data are generally in agreement with those 
published by Kuo (8). 

In the complex steels containing 0.9% or more of vanadium, the 
predominant precipitated carbide is M,C; but in some of the steels the 
MgC type is present along with M,C. 


CHEMICAL COMPOSITIONS OF EXTRACTED CARBIDES 

To identify the precipitated carbides in another way, chemical 
analyses were made on residues obtained by electrolytic extraction of 
tempered samples. Admittedly these analyses are inaccurate because 
the samples analyzed were quite small in weight and some of them were 
pyrophoric. Furthermore, the extracted residues contained both resid- 
ual as well as precipitated carbides. However, the analyses have some 
value in that they show carbide composition changes during the 
tempering of the steels. Charts are shown in Figs. 14 and 15, to il- 
lustrate these changes in the composition of the extracted carbides. The 
iron content of the residues decreased quite rapidly as the tempering 
temperature increased beyond about 900°F (480°C) indicating that 
the iron carbide cementite begins to dissolve at about 800 °F (430 °C) 
in about two hours. The alloy contents of the residues definitely in 
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(220) M4C3 
M4C3 I350°F 





, 





M4Cz 11ISO°F 
FesC + M4C3 1050°F 
Fe,C +M,C3 950°F 
Fe3C 900°F 
Fig. 10—-Electron Diffraction Patterns of Carbides in Extraction Replicas of Samples of 


0.35 C, 1.3 Cr, 0.9 V, 1.0 W, 1.0 Mo Steel Quenched from 2300 °F and Tempered for 
2 Hours at Indicated Temperatures 


crease as the tempering condition exceeds 1000°F (540°C) for 
hours thus confirming that the alloy carbides are forming under these 
tempering conditions. These charts also show the hardness changes in 
the tempered samples and an arrow close to the hardness line indi 
cates the tempered condition at which the alloy carbide was first 
detected in the electron diffraction patterns. These data show consist 
ently that secondary hardening is associated with the first precipita 
tion of the alloy carbide. 

In the second of these charts it is shown that although all four 
carbide-forming elements are in the steel the only alloy carbide de 
tected is the vanadium type carbide, M,C;. That this type carbide may 
contain other elements in addition to vanadium has also been estab 
lished by other workers. Krainer and Mitsche (31,32) in studying 
the carbides in high speed steels reported that V4Csg was able to dis- 
solve about 50% by weight of tungsten and molybdenum and an ap 
preciable amount of chromium. 

Other physical changes occurring during the tempering process are 
shown in Fig. 16 for the simple 0.14 C—3.1 Mo steel. The electrical 
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Fig. 11—Relative Intensities of Diffraction Patterns of Carbides of 
0.14 C, 3.1 Mo Steel Quenched fron ) F and Tempered 5 
Hours at Indicated Temperatures. Hardness vs. tempering curve 
also shown 
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Fig. 12—Relative Intensities of Diffraction Patterns of Carbides of 0.17 
C, 5.8 W Steel Quenched from 2300 °F and Tempered 5 Hours at 
Indicated Temperatures. Hardness vs. tempering curve also shown 


resistivity decreases gradually up to about 1000°F (540°C) during 
the period when cementite separates from the matrix and then more 
rapidly beyond 1000°F (540°C) as the matrix becomes depleted in 
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Fig. 13—Relative Intensities of Diffraction Patterns of Carbides of 
0.30 C, 0.7 V Steel Quenched from 2300 °F and Tempered 5 Hours at 
Indicated Temperatures. Hardness vs. tempering curve also shown 
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Fig. 14—-Composition of Extracted Carbides vs. Tempering Tem 


perature of 0.15 C, 1.8 Mo Steel Quenched from 2300 °F. Arrow on 
hardness curve indicates tempering condition where alloy carbide 
was first detected by electron diffraction of extraction replica. 


the alloying element, molybdenum. The x-ray diffraction lines of the 
tempered martensite are quite broad indicating a strained condition of 
the matrix up to about the 1100 °F (595°C) temper after which the 
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Fig. 15—Composition of Extracted Carhbides vs. Tempering Temperature of 

1.35 C, 1.3 Cr, 0.9 V, 1.0 W, 1.0 Mo Steel Quenched from 2300 °F. Arrow on 

hardness curve indicates tempering condition where alloy carbide was first de 
tected by electron diffraction of extraction replica. 
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Fig. 16—Effect of 1-Hour Tempering on Properties of 0.14 C, 3.1 Mo Steel Quenched 
mm 2300 °F. Lattice parameter and line width taken from x-ray patterns of tempered 
martensite. Length change and electrical resistivity measured on 4-inch long test pieces. 


lines tend to become sharp, an indication that there has been a relaxa- 
tion of the strain at temperatures above 1100 °F (595 °C). The lattice 
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Fig. 17--Effect of Tempering on Length Changes (Measured at 

Room Temperature) of 0.14 C, 3.1 Mo and 0.29 C, 3.0 Mo Steels 

Quenched trom 2300 °F and Tempered for 1 Hour at Indicated 

Temperatures. Same test piece for each steel was tempered (in 

vacuum) cumulatively. X-ray diffraction indicated absence of 
austenite after 500 °F temper. 


parameter of the ferrite decreases after secondary hardening has oc 
curred and the alloy carbide precipitates. 

Finally, precise length measurements made at room temperature 
before and after the specimens were tempered indicated a decrease in 
length during the early stages of tempering followed by an increase of 
length during initiation of the precipitation of the alloy carbides. The 
contraction during the third stage of tempering was to be expected 
(33,34), but the increase in length accompanying the secondary harden 
ing reactions was surprising. Indeed Crafts and Lamont in 1949 (18) 
had reported such an expansion accompanying the early precipitation 
of alloy carbides during tempering but a discussion (35) of this work 
imputed this expansion to a transformation of retained austenite. We 
believe this expansion which takes place during secondary hardening 
is real and is not necessarily attributable to the transformation of re- 
tained austenite. Fig. 17 shows data on 3¢-inch diameter rods, 4 inches 
long, which were quenched in iced brine, refrigerated in liquid nitro- 
gen, then multiple tempered in vacuum for one-hour periods at inter- 
vals of 100 degrees Fahrenheit. They were measured for length at room 
temperature after each tempering treatment, the length change 
measurements being dependable to about one microinch per inch. A 
small quantity of austenite was found in the as-quenched sampies but 
after the 500°F (260°C) temper examination by x-ray diffraction 
indicated that no austenite remained. 

The length change data indicate an expansion up to 500 °F (260 °C) 
which is attributable to the transformation of the small amount of 
austenite in the quenched and refrigerated steel—this is second-stage 
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Fig. 19—Correlation of Length Changes and Changes in Carbide Composition vs 
Fempering of Quenched 0.38 C, 1.2 Cr, 1.4 V, W, 1 Mo Steel 
tempering. The contraction that takes place between about 400 and 
900 °F (205 and 480 °C) is attributable to the separation of cementite 
from the matrix—the third stage of tempering—and this contraction 
is greater the higher the carbon content of the steel. The expansion 
between about 900 and 1200°F (480 and 650°C) we believe is at 
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tributable to the straining of the matrix by the formation of a coherent 
precipitate of the alloy carbide. Once coherency is lost as the alloy 
carbide grows with increase of tempering temperature there is no 
longer a state of strain and the steel again begins to decrease in length 
with further tempering. 

Similar expansion data were obtained with a number of other steels 

When the length change curve is plotted on the chart showing the 
effect of tempering on the composition of the carbide as in Figs. 18 and 
19 the correlation seems quite clear that as the carbide increases in alloy 
content the matrix expands. When the composition of the carbide 
approaches a constant value after the high temperature tempering, the 
matrix ceases to expand. We may then infer that at this point in the 
tempering process the gestation period has been concluded. The car 
bide particles are no longer coherent with the matrix, and further 
tempering causes growth of the carbides and contraction of the matrix 


CONCLUSIONS 


And so we have arrived at the conclusion (as have Seal and Honey 
combe (29) ) that secondary hardening in alloy martensites is attribut- 
able to a coherent precipitation of alloy carbides; that these carbides 
may be one of several types depending on the composition of the steel, 
viz., MooC or W-C in simple molybdenum or simple tungsten steels ; or 
the vanadium type carbide, M,C; when vanadium is present in some 
minimum amount not known to us as yet but probably less than 0.5%. 
The iron carbide Fe;C may be present along with the alloy carbide 
over some or all of the tempering range up to and beyond the secondary 
hardness peak in the tempering curve. 

Red hardness, that is the resistance to softening after secondary 
hardening has been accomplished, is attributable to the gestation period 
in the development of the precipitated alloy carbide. This is the period 
in which the composition of the carbide increases in alloy content al 
though its structure remains fixed. Eventually the precipitated carbide 
may transform to the M¢C type carbide in some of the complex steels, 
or even in the simple tungsten or molybdenum steels, but when this 
transformation takes place the hardness of the steel has already de 
creased appreciably. 

In steels in which chromium is the only carbide-forming alloying 
element there is no real secondary hardening although there is con 
siderable resistance to softening during relatively short time temnering 
up to about 900°F (480°C). The precipitating alloy carbide in 
chromium steels with less than about 8% chromium is Cr7Cs. We do 
not know why the precipitation of this carbide does not cause second 
ary hardening. However, we may conclude that the resistance to 
softening is associated with the gestation period in the development of 
this carbide. 
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ough the concept of separate alloy carbides for the four carbide 
g alloying elements has not been substantiated by our electron 


ffraction evidence, the use of this concept has resulted in the develop- 
t of steels of superior resistance to softening. It appears now that 
gestation period in the development of the precipitated alloy car- 


1de 1 
ic is 


prolonged when there is a certain balance between the carbon 


ntent and the alloy content of the steel, but we do not know why. 
| hope you will agree with me that we have shed some light on the 


chat 


lism which causes the changes in the mechanical and physical 


perties which occur during the tempering of alloy martensites. But 


hav 


ng 


e left a number of questions unanswered and it appears to me 
in closing this thirty-third Campbell Memorial Lecture to point 


t some of the questions on tempered alloy martensites that remain to 
e answered. All good teachers are willing to concede that they do not 
now everything about the subjects they discuss and generally they are 
mtent to point out the directions in which their students might find 


a°9 
avtsln 
proved 


1 
i 
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fields to cultivate. I believe Professor Campbell would have ap 
of this, so here then are these questions 

What formula should be used in balancing carbon and alloy 
contents to design a steel which has a desired hardness after a 
specified tempering procedure ? 

What compromise must be made in the design of the composi 
tion of the steel to provide good ductility along with good 
hardness after a high temperature tempering ? 

Under what circumstances does cementite persist in alloy 
steels throughout the tempering range along with the pre- 
cipitated alloy carbide ? 

Although it seems clear that carbon for the formation of the 
alloy carbides is provided to the matrix by the solution of 
cementite, can we establish whether the carbon content of the 
matrix is actually increased during the secondary hardening 
period, or whether carbon immediately combines with alloy- 
ing element and precipitates as alloy carbide? If the carbon 
content of the matrix does increase this would help account for 
the expansion that occurs during this period. 

What are the limits of the alloy contents of the carbides pre 
cipitated during the tempering of alloy martensites? To get 
the answer to this question we must develop a much better 
technique than we have used thus far to extract and analyze 
these carbides. 

Why does not the precipitation of chromium carbide in plain 
chromium steels cause secondary hardening? 

In what way does cobalt contribute to the red hardness of alloy 
steels ? This is a subject I have carefully avoided in this lecture 
because very little is known about it. 
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8. When hardened high speed steel is tempered the retained 
austenite is said to be “conditioned” by the heating at 1050 °F 
(565 °C) to transform to martensite during subsequent cool- 
ing. The mechanism that causes the retained austenite to be 
conditioned has not been adequately explained. Can we per- 
haps by use of some of the techniques referred to in this lecture 
get a better explanation than we now have for the conditioning 
of retained austenite ? 


Although we expect that others working in this field will develop 
answers to some of these questions, my colleagues and I are continuing 
our studies so that some day we can fully understand the factors which 
control the properties of tempered alloy martensites. 
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UNIQUE DEFORMATION AND AGING 
CHARACTERISTICS OF CERTAIN 
MAGNESIUM-BASE ALLOYS 


By S. L. Coutrne, J. F. PAsHaK, anp L. SturRKEY 


Abstract 


Certain magnesium alloys exhibit unlimited cold- 
rollability. A plot of per cent rolling reduction versus ten- 
sile yield strength for these alloys shows the yield strength 
to reach a maximum at about 15% reduction, and to de- 
crease progressively from this point on with increasing 
reductions. Aging the cold-rolled material at a low tempera- 
ture raises the yield strength; the greater the rolling re- 
duction, the higher the yield strength on subsequent aging. 
The deformation mechanism operative in these alloys which 
accounts for their unusual property variations is described 
and the probable aging mechanism discussed. (ASM-SLA 
Classification: Q24, N7, F23; Mq) 


AYLOR! HAS SHOWN that five independent shearing modes 

are necessary for a metal to undergo general deformation at con 
stant volume. The number of modes available for room temperature 
deformation of polycrystalline magnesium and most of its alloys is 
thought to be less than five (2,3) ; as a consequence the cold-rollability 
of these magnesium alloys is usually somewhat limited. To give an 
example, AZ31B (a standard commercial sheet alloy which contains 
nominally 3% aluminum and 1% zinc) when cold-rolled from the an 
nealed temper will begin to crack after about 30% reduction. There 
exists, however, a group of magnesium alloys that have unlimited 
cold-rollability. These alloys have recently been described by Mc- 
Donald (4). He notes that the rolling conditions under which un- 
limited cold-rollability is observed are somewhat restricted: the ratio 
of roll diameter to starting gage must be large (~50:1) and the reduc 
tion per pass small (~2%). There are also restrictions on alloy 
content. The effect is only observed in binary alloys containing calcium, 
zirconium, thorium or rare earths, and ternary and polynary alloys 
containing combinations of these elements with or without manganese 
as an additional alloying element. The property variations in these 
alloys with increasing amounts of cold reduction appear to be some 


1 The figures appearing in parentheses pertain to the references appended to this paper. 


A paper presented before the Fortieth Annual Convention of the Society, held 
in Cleveland, October 27-31, 1958. The authors, S. L. Couling, J. F. Pashak, and 
L. Sturkey, are associated with the Dow Chemical Company, Metallurgical 
Laboratory, Midland, Michigan. Manuscript received August 19, 1957. 
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it anomalous. Up to about 15% reduction, the yield strength in 
nsion shows a moderate increase; with greater reductions it shows 
ntinuous decrease. In many cases, the yield strength after a large 
tal reduction is less than that of the annealed starting material. If the 
ld-rolled material is given a low temperature age, a larger per cent 
ous reduction results in a progressively higher yield strength. It 














1—Tensile Yield Strength of Cold-Rolled EKOO as a Fur 


Fig 


s the purpose of this paper to describe the deformation mechanism 
which allows unlimited rollability in these alloys and accounts for their 
unusual property variations. Discussion of the probable aging mecha- 


nism is also included. 


EXPERIMENTAL PROCEDURE 

The two alloys to be discussed in detail here are Mg + 0.5% thorium 
ind Mg+0.2% misch-metal, 0.4% zirconium. ( Misch-metal is a 
mixture of rare earth elements, the major constituent of which is 
erium.) Based on the ASTM system of nomenclature, these alloys 
ire designated HO and EKOO respectively. Unlimited cold reductions 
ire possible in both these alloys and their property variations on rolling 

id aging are fairly typical of such alloys. 

Rolling slabs, 2 x 4.x 8 inches, of HO and EKOO were prepared by 

elting electrolytic magnesium under Dow No. 220 flux, adding the 
ulloying elements either as hardeners (Th, Zr) or directly (misch- 
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metal) and then pouring the melts into permanent molds. Analyses 
of the two compositions are shown below : 


Alloy % Al %Ca Fe SMn ZN BhSi % Zn % Th 

HO <0.03 <0.01 0.018 0.031 <0001 <001 <0.01 0.52% 

EKOO <0.03 <0.01 0.002 0.031 <0.001 <001 <0.01 _ 
Jo Misch-Metal % Zr 


HO a _- (*Chemical analysis, all others 
EKOO 0.21* 0.37* spectrographic ) 


Slabs were lightly scalped on each rolling face and then hot rolled 
to a thickness of 0.125 inch. The initial and reheat metal temperatur: 
was 800 °F for both alloys. Hot rolling was done on an 8-inch labora 
tory mill using steam-heated (180 °F) rolls; roll speed was 80 feet per 
minute. The hot-rolled sheet was annealed at 700 °F for 1 hour prior 
to cold rolling. 

Cold rolling was done on the same mill using steam heated rolls 
Reduction during rolling was 1-2% per pass, the metal being reversed 
180 degrees in a vertical plane in the rolling direction between passes 
The only deviation from this procedure was an occasional pass made 
without reversal to maintain sheet flatness. Total reductions up to 87% 
were made in various samples of both alloys. Aging of cold rolled sheet 
was usually carried out in electrically heated circulating air furnaces 
Tensile yield strengths were determined by the 0.2% offset method. 


RESULTs AND Discussion 
Variation of Properties with Reduction 

Fig. 1 is a plot of tensile yield strength versus per cent reduction for 
rolled samples of EKOO. Yield strengths in the longitudinal and trans 
verse directions for both the as-cold-rolled and cold-rolled-plus-aged 
conditions are shown. For the as-rolled material, the maximum yield 
strength occurs at approximately 15% reduction ; progressively greater 
reductions cause a continuous decrease in yield strength. For the aged 
material, progressively larger reductions result in an almost continu- 
ous increase in yield strength. Figs. 2 and 3 respectively show how the 
tensile strength and the per cent elongation to fracture vary with the 
amount of reduction; the variation in these properties is consistent 
with the yield strength behavior. Longitudinal properties after various 
amounts of cold rolling have also been determined on HO, and the 
relationships observed were similar to those found in EKOO. 

The unlimited rollability of these alloys is (apparently) not the 
result of recrystallization during rolling for the following reasons: 

1. Metallographic examination of as-rolled EKOO and HO 
shows a seemingly cold worked structure with no sign of re 
crystallization (the recrystallization temperature of these alloys 
is ~500 °F compared to only ~300 °F for AZ31B). 





2. If recrystallization were occurring during rolling, it would be 
difficult to account for the cold-rolled-plus-aged curves since it 
appears that cold work is driving an aging reaction. 


\n indication as to the correct explanation for the as-rolled property 
yriations is provided in a paper by Ernst and Laves (5). These au- 
rs compressed various magnesium alloys at elevated temperatures, 
1 on examining their specimens metallographically under polarized 
ght found “bands” to be present. These bands lay at ~45 degrees to 
he compression axis and the material within them was oriented such 
it its basal plane was parallel to the plane of the band. Large com 
essive strains were possible in a specimen containing bands because 
avy basal slip could occur in the banded regions and new bands were 
ntinually generated on further compression. The mechanism sug- 
gested by Ernst and Laves for the formation of these reoriented regions 
ved fracture and rewelding along shear zones ; this mechanism will 
- discussed in a later section 
In seeking an explanation for the rolling behavior of EKOO and 
HO, it was considered possible that bands similar to those observed by 
Ernst and Laves are generated in these alloys during cold-rolling. Many 
itures of the as-rolled property curves of Figs. 1, 2 and 3 can be 
plained if such a hypothesis is correct. Cold-ro!ling is thought to 
ake the material work harden in a normal manner up to a certain 
oint. Bands then commence to form and further cold rolling generates 
1 increasing number of bands, causing the yield strength to decrease 
rogressively. (The material within the bands is oriented much more 
favorably for basal slip than the bulk of the metal in which most of 
the grains have their basal planes nearly parallel to the plane of the 
sheet.) The plane of banding is (on the average) perpendicular to a 
plane containing the rolling direction and rolling plane normal. For 


1 


1 
1, 


any given tensile load, therefore, the resolved shear stress on the bands 


when testing in the longitudinal direction is higher than when testing 
in the transverse direction, and as a result the longitudinal properties 
are lower than the transverse. Deviation of some bands from this ideal 
rientation causes these bands to have high resolved shear stresses 
even for a transverse tensile load and the result is that the transverse 
properties decrease slightly with increasing reductions. 

Proof that the banding hypothesis is correct was obtained fairly 
simply. Longitudinal cross-sections of specimens of HO rolled 50, 75 
ind 87% respectively were examined metallographically. Although no 
umination, polarized light 


handing could be detected under normal ill 
examination disclosed the presence of bands, the numbers of them 
increasing with increasing reductions. It may be seen in Fig. 4 that 
the bands lie at about 30—35 degrees to the rolling plane and have an 
average width of about 0.0002 inch. From measurements of the extinc 
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Fig. 3—Tensile Elongation of Cold-Rolled EKOO as a Function of »% Reduction 
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rostructure of HO after Cold Reductions of (a) 50%, 75%, (c) 87% 
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tion behavior of the bands (6), it was verified that in each the basal 
plane was almost exactly parallel to the respective band plane. In order 
to show that these bands were indeed regions of “easy glide,” i.e., that 
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Fig. 5—-Localization of Shear Strain along Bands in Specimen of HO Cold-Rolled 87° 
ind then Tested in Tension. Etched in acetic picral before straining. Bright light. x 500 


they would effectively act as “soft” regions in a tension test, a specimen 
of HO was cold-rolled 87% and scribed with fine grid lines on its 
edge. The specimen was then strained in tension and the edge examined 
metallographically. The heavy localization of shear strain along the 
reoriented regions was apparent (Fig. 5). Also, because the plane of 
banding was observed to be more or less perpendicular to a plane con 
taining the rolling plane normal and the rolling direction, it was thought 
that exceedingly nonuniform reduction in area would result when a 
specimen was deformed in tension ; the specimen would suffer a much 
larger change in thickness, percentage-wise, than in width. This has 
been verified for a sample of EKOO rolled 75%, and the results are to 
be compared with the relatively uniform reduction of area in the an 
nealed starting material, Fig. 6. Disregarding, for the moment, the 
mechanism by which bands are generated, it seems clear that their 
presence will satisfactorily explain the unlimited rollability of these 
alloys and will account for their unusual property variations. 


Aging 
Now that an understanding of the “softening’’ mechanism in these 
alloys has been developed, it is appropriate to consider the aging re- 
action. Because both the number of bands and the properties of the 
cold-rolled-plus-aged material increase with increasing reductions, the 
bands must be contributing strength rather than weakness to the aged 
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Fig. 7—-HO Cold-Rolled 87% and Aged at Various Times and Temperatures 


there was a pronounced increase in properties at all aging temperatures 
The start of recrystallization could be seen metallographically in the 
two samples aged 3.6 x 10* seconds and 7.2 x 10* seconds, respectively, 


at 600 °F and in all the samples aged at 800 °F. 


Electron Diffraction Studies 


An attempt has been made to detect the possible presence of a hard 
ening precipitate in aged material using electron diffraction. In as-rolled 
HO, diffraction rings from a small amount of a Mg-Th precipitate 
are noted after cold reductions of 60% or more. The composition of 
this compound is believed to be Mgo3Thy or Mg,Th, although the phase 
diagram (7) would suggest that it should be Mg;Th. However, no sig 
nificant increase in amount of this compound can be detected in aged 
material (over that found in as-rolled) nor has any new precipitate 
been found. 


Alternate Rolling and Aging 

Specimens of both HO and EKOO rolled 50% and hardened by 
aging at 400 °F have been found to “re-soften” with further coid roll 
ing and to “re-harden” with additional aging. Some results illustrating 
this behavior for EKOO are shown in Fig. 8. The solid lines are the 
longitudinal tensile yield strength data of Fig. 1, and the dashed lines 
the data obtained by alternate rolling and aging one hour at 400 °F. 

In the light of the above experiments, it is proposed that the harden- 
ing mechanism is polygonization of the banded material with solute 





ms diffusing to dislocation walls within the bands and pinning them 


[t should be emphasized that no direct evidence favoring such a mecha 
ism has been obtained. It is believed, however, that this mechanism 


an account satisfactorily for the observed increase in properties with 

elevated temperature aging, the absence of a detectable precipitate, and 
the behavior noted in the alternate rolling and aging experiments 
\lthough this mechanism might imply that a yield point should be 
bserved during tensile testing of fully aged or partially aged material 
no yield points have been found. Perhaps this is not surprising since the 
bands comprise only a small percentage of the total volume, and they 
are subject to slightly differing resolved shear stresses at any one time 
because of orientation variations. Tensile yield points (and discontinu 
ous yielding) have been observed in certain other experimental mag 
nesium alloys containing thorium but only when the alloys are tested 
at elevated temperatures (8). 


Mechanism of Band Formation 
It has been shown that “softening” and unlimited cold-rollability 
are associated with the presence of bands. For a complete understand 
ing of the phenomenon, it is desirable to know the mechanism by which 
bands are formed. Ernst and Laves (5) suggest that bands are gen 
erated during deformation by a combination of fracture, glide and 
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rewelding. They propose that under stress the metal fractures into little 
“blocks” along a shear zone ; the action of the imposed shearing stresses 
then causes the blocks to undergo heavy basal slip which, in turn, 
rotates the basal planes of the blocks to the point where they are paralle! 
to the fracture path. Rewelding of the entire shear zone then occurs. 

Work now in progress is designed to either verify or disprove this 
mechanism. The procedure being used is to deform large-grained sam 
ples otf HO to the point where bands begin to form in several grains 
(These bands, at this stage, have a twin-like appearance; they are 
distinguished from {1012} twins by the fact that their boundaries ap 
pear ragged and the reoriented material within them shows an extinc- 
tion behavior different from that expected in a {1012} twin.) The 
crystallographic orientation of a grain containing a band is determined 
and plotted stereographically. A two-surface analysis is used to locate 
both the pole of the band plane and the basal pole of the reoriented 
material. 

The results to date do not support a fracture and rewelding mecha 
nism. It appears that a double twinning process is involved in band 
formation: a {1011} twin forms first and the twinned material retwins 
on a {1012} plane. ({1011} twins in pure magnesium have been re- 
ported by Schiebold and Siebel (9) and Schmid and Siebel (10).) Al 
though this double twinning process does not reorient the basal plane to 
a position exactly parallel to the band plane, it does reorient it to a posi- 
tion where basal slip will operate and consequently rotate the basal 
plane into the band plane. Further work is being done on pure mag- 
nesium and other alloys, and it is hoped that the complete results will 
be publishe d shi rtly 


SUMMARY 


Cold rolling of alloys such as EKOO and HO causes discrete vol- 
umes of the metal to become reoriented to a position where the opera 
tion of basal slip within them is very favorable. These bands act as 
“soft” regions during a tension test, and since their numbers increase 
with increasing reductions, the measured tensile strength decreases 
Preliminary work indicates that the mechanism responsible for the for- 
mation of these bands is double twinning—{1011} followed by {1012} 
The bands harden during aging, possibly because of polygonization 
followed by solute atom pinning of dislocation walls. 


ACKNOWLEDGMENT 
The authors are especially grateful to J. C. McDonald, formerly of 
this laboratory, for his encouragement and continued interest in this 
work. They also wish to thank W. A. Backofen of Massachusetts In- 
stitute of Technology and G. T. Horne of Carnegie Institute of Tech 
nology for helpful discussions. 





References 


I. Taylor, “Plastic Strain in Metals,” Journal, Institute of Metals, Vol. 62, 
1938, p. 307. 

S. F. Pugh, “Plasticity of Hexagonal Metals and Its Variations with Tem- 
perature,” Revue de metallurgie, Vol. 51, No. 10, Oct. 1954, p. 683-692. 
E. Hauser, P. R. Landon and J. E. Dorn, “Deformation and Fracture of 
Alpha Solid Solutions of Lithium in Magnesium,” Transactions, Ameri- 
can Society for Metals, Vol. 50, 1958, p. 856 
C. McDonald, “Anomalous Behavior During Cold Working and Subsequent 
Heating of Certain Magnesium Base Alloys,” Transactions, American 
Institute of Mining and Metallurgical Engineers, Vol. 212, No. 1, February 
1958, p. 45. 
Ernst and F. Laves, “On the Deformation of Magnesium and Its Alloys,” 
Zeitschrift fiir Metallkunde, Vol. 40, Jan. 1949, p. 1-12 
L. Couling and G. W. Pearsall, “Determination of Orientation in Mag- 
nesium by Polarized Light Examination,” Journal of Metals, Vol. 9; 
Transactions, American Institute of Mining and Metallurgical Engineers, 
Vol. 209, July 1957, p. 939-940 

A. S. Yamaoto, E. J. Klimek and W. Rostoker, “The Constitutional and Aging 
Characteristics of Magnesium-Thorium and Magnesium-Thorium Ternary 
Alloys,” Wright Air Development Center Technical Report 56-411 

The Dow Chemical Company, unpublished research 

E. Schiebold and G. Siebel, “Studies of Magnesium and Magnesium Alloys,” 
Zeitschrift fiir Physik, Vol. 69, 1931, p. 458 


E. Schmid and G. Siebel, unpublished results quoted by E. Schmid and W 
Boas, Plasticity of Crystals, 1935, p. 96. Julius Springer, Berlin 


DISCUSSION 


Written Discussion: By R. E. Reed-Hill, Department of Engineering, United 
States Coast Guard Academy, New London, Connecticut 
The authors have made a very interesting observation that the bands which 
xplain the unlimited cold-rollability of certain polycrystalline magnesium-rich al- 
ys are discrete regions of reoriented lattice resulting from deformation twinning 
Recent work* on magnesium single crystals stressed in tension parallel to the 
isal plane has shown that very large shears, in some cases as great as 1000%, 
ay occur inside small thin twins. It was also n 1* that if this shear deforma- 
is carried far enough, the metal inside the twin ruptures, producing what is 
wn as a “parting” or fracture which follows the habit plane of the twin. 
Fig. 9 shows an edge view of a small plate-shaped magnesium single crystal 
ifter cold-rolling at room temperature in a small rolling mill with 2-inch di- 
neter rolls. Before deformation this rectangular cross section specimen had the 
lowing dimensions: length 114 inch, width 0.205 inch, thickness 0.064 inch. As 
licated in the drawing accompanying the photograph, the wider surface is the 
sal plane of the crystal and the rolling plane of the deformation, while the 
ngitudinal axis of the specimen, which makes a 2-degree angle with a<1010> 
lirection, is the rolling direction. This picture is presented as evidence of why 
ure magnesium (99.95% Mg) has limited cold-rollability when it possesses a 
referred orientation with the basal plane parallel to the rolling plane. The total 


2R. E. Reed-Hill and W. D. Robertson, “‘Add al Modes of Deformation Twinning in 
Magnesium,” Acta Metallurgica, Vol. 5, 1957, 1 
*R. E. Reed-Hill and W. D. Robertson, “The Crystallographic Characteristics of Fracture 


in Magnesium Single Crystals,”" Acta Metallurgica, Vol. 5, , p. 728 
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Fig. 9—Cold-Rolled Single Crystal of Pure Magnesium Showing the {3034} Parting 
Fractures Which Developed as a Result of the Deformation. The accompanying diagran 
below the photograph gives the orientation of the crystal. « 7 


) 


deformation of this specimen amounted to a reduction in thickness of only 0.002 
inch performed in steps of about 0.0003 inch. In spite of this very limited deforma 
tion, a number of fractures are clearly visible along the edge of the specimen 
These cracks are parting failures in twins whose habit plane is {3034}. As in the 
case of the authors’ bands, the twins and their accompanying fractures occur on 
planes (two {3034} planes of the same zone) nearly perpendicular (within 2 
degrees) to the plane containing the rolling direction and the rolling plane 
normal. 

In pure magnesium those stress conditions which are capable of producing 
(3034} twins apparently are not able to nucleate them in sufficient numbers to 
permit general lattice deformation. The fraction of twinned material is extremely 
small and, while the shear strain in the twinned regions may be very great, it 
contributes little to the deformation of the specimen as a whole and rupture o 
curs with negligible total deformation of the specimen. On the other hand, the 
photographs of Fig. 4 of the authors’ paper indicate that a relatively large fra 
tion of metal may be reoriented by cold-rolling in alloys of unlimited rollability 
If, as the authors suggest, these bands are the locations of deformation twins, it 
is apparent that twins may be formed in them not only in large numbers, but 
also with a rather uniform distribution. It would appear, therefore, that the 
ability of magnesium alloys (with the preferred orientation basal plane parallel to 
the rolling plane) to undergo or not undergo extensive deformation by cold-rolling 
is controlled, other things being equal, by the number of twins which it is possible 
to nucleate in a given volume of the metal. 

There is one question which the authors might wish to clarify concerning the 
form of twin responsible for the observed bands. The authors state that it ap 
pears that a double twinning process is involved in band formation: a {1011} 
twin forms first and the twinned material retwins on a {1012} plane. It might b: 
expected that such a process would still leave the twinned material aligned close 
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1 {1011} plane, which makes an angle of 61.92 degrees with the basal plane. 
urther, because the observed deformation occurs primarily by shear in two sets 

f approximately parallel bands symmetrically inclined to both the rolling direc- 
m and the rolling plane, it might be expected that the orientation of the bands 
lative to the rolling plane would not be materially altered by the deformation. 
However, the observed bands are inclined by an angle between 30 and 35 degrees 
to the rolling plane and, therefore, by approximately the same angle to the basal 
plane of the crystals because of the preferred orientation. This is an angle about 
ilf that between basal and {1011} planes. A brief explanation of the mechanism 
by which the habit plane of the twin is rotated to that of the observed band would 


be appreciated. 


Authors’ Reply 

Dr. Reed-Hill’s observations on the cold-rolling behavior of his magnesium 
single crystal are very interesting. The authors are inclined to agree that the 
propensity of a magnesium alloy to twin and form bands is the determining 
factor as to whether or not the alloy can undergo unlimited cold-rolling. 

Dr. Reed-Hill asks why the bands appear to be at 30-35 degrees when their 
angle of formation in the individual grains is 62 degrees. It must be remembered 
hat we are dealing with a polycrystalline material in which most of the grains 
ave their basal plane close to (within 20 degrees) but not exactly parallel to the 

lling plane. Because of this, considerable deformation by the normal basal slip 
process is possible during cold-rolling and the natural result is that the bands 
rotate so as to decrease their angle to the rolling plane. It is only in the late 
stages of rolling that deformation is confined almost exclusively to the bands and 
we have what is essentially duplex slip on symmetrically inclined zones. Only 
under these conditions will the band angle remain unchanged. We have recently 
measured the band angle in specimens of HO cold-rolled various amounts. After 
10% reduction, bands can be seen within individual grains and their average angle 
is about 60 degrees. After 25% reduction, bands in neighboring grains have 


joined and many of them appear to be several grain diameters long; their angle 


is about 35 degrees. After 50% reduction, their average angle is about 32 degrees 


ind for reductions of 75% or more the angle remains unchanged at about 30 


degrees. 





THE PHENOMENON OF 
“NEGATIVE CREEP” IN ALLOYS 


By R. W. FounTAIN AND M. KorctlyNSKY 


Abstract 


Measured creep elongation is a sum of true plastic de- 
formation and length changes resulting from the structural 
instability of alloys. As a special case, the contraction caused 
by a metallurgical solid-state reaction during creep testing 
may outweigh the elongation due to the applied stress, and 
result ina phenomenon termed “negative creep.” From the 
examples of some iron-tungsten and nickel-molybdenum 
alloys, it is shown that the amount of contraction can be cal- 
culated from the known phase relationships and crystal- 
lographic data. Experimental results illustrating “negative 
creep” in these alloys are presented. Under imposed con- 
stant strain conditions, the contraction of the alloys may not 
only retard stress relaxation, but lead to a marked increase 
in the initially applied stress. (ASM-SLA Classification 
O3, P10d) 


INTRODUCTION 


HE INFLUENCE of changes in structure on the density of metals 


and alloys has received considerable attention. Certain solid-state 
reactions, for example, precipitation from solid solution, are known to 
promote an expansion or contraction in alloys. However, the influence 
of these volumetric changes on the creep behavior of alloys has not been 


thoroughly investigated. 

In measuring creep strain, it is generally assumed that the volume 
of the specimen remains constant during the test. This assumption is 
only an approximation and in many instances may lead to marked dis 
crepancies between the observed creep and the true plastic strain sus 
tained by the material. In extreme cases, positive length change may 
be observed even at zero applied stress (1),' or the alloy may exhibit a 
contraction in spite of the applied stress. This latter departure from the 
normal elongation observed during creep testing has been termed 
“negative creep.” 

The creep curve obtained under the conditions of a simultaneous 
volume change of the alloy is, obviously the summation of twe effects: 


1 The figures appearing in parentheses pertain to the references appended to this paper 


A paper presented before the Fortieth Annual Convention of the Society, 
held in Cleveland, October 27 to 31, 1958. The authors, R. W. Fountain and 
M. Korchynsky, are associated with the Metals Research Laboratories, Electro 
Metallurgical Company, Division of Union Carbide Corporation, Niagara Falls, 
New York. Manuscript received April 16, 1958. 
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a) length changes due to the structural change and (b) strain result- 
ing from the applied stress. Therefore, the phenomenon of “negative 
creep” could probably be observed in a great many alloys provided the 
test parameters were properly selected. A review of the literature, how- 
ever, reveals an apparent lack of systematic investigations on the effect 
of volumetric changes on creep characteristics of alloys. In view of this. 
the present study was undertaken mainly to clarify two aspects of 
‘negative creep,” and the objectives were: 


1. To determine whether the difference between the true amount 
of plastic deformation and the observed creep strain can be 
calculated from crystallographic data and known phase rela 
tions. 

2. To determine experimentally the effect of a negative volume 
change under the constraint existing in a stress relaxation test. 


Volume Changes in Alloys and Their Relation to Creep 


\t elevated temperatures, metallic materials undergo solid-state re- 
actions which are frequently accompanied by appreciable density 
changes. Such density changes may be a consequence of allotropic 
transformations, which result in a more dense or less dense packing of 
atoms in the new crystallographic lattice. The decomposition of a super- 
saturated solid solution by the formation of a pre-precipitate, or the re 
jection of a true precipitate may also result in a positive or negative 
volumetric effect. Similar behavior is encountered when a metastable 
phase dissociates to be replaced by a more stable structural component. 
Finally, even in solid-solution alloys, volume changes may occur be- 
cause of clustering, short or long range ordering, or a preferential redis- 
tribution of solute atoms to the energetically more favorable positions, 
such as low or high angle boundaries, dislocations, or stacking faults. 

Several experimental investigations have been concerned with the 
changes in volume during precipitation from solid solution. Sykes (2) 
reports that solution-treated iron-tungsten alloys of 20 and 30% tung- 
sten, when aged for one hour at 700°C (1290°F) show 0.32 and 
0.4% contraction, respectively. Sykes also reports a contraction of 
0.45% for iron-22% molybdenum when aged at 650 °C (1200 °F) for 
5 hours (3). These effects are attributed to the precipitation of the 
intermetallic compounds of FezW and Fe;Mog, respectively. Jetter 
and Mehl (4) report an increase in length of 0.13% for an aluminum 
1.23% silicon alloy aged for 65 hours at 216 °C (420 °F). An interest 
ing example of the reversal of sign of density change with aging 
temperature has been reported by Lankes and Wassermann who inves 
tigated dilatometrically an aluminum-4.08% copper alloy (5). At aging 


temperatures below 100 °C (210 °F), a redistribution of copper atoms 


takes place to form coherent copper-rich regions within the f.c.c. 
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matrix, and this pre-precipitation process is characterized by a small 
but measurable contraction. At higher aging temperatures, the initial 
contraction is followed by an expansion associated with the precipita 
tion of the metastable phase 6’. At temperatures above 260 °C (500 °F 
the final transition of & into the stable @ phase takes place, and thi 
reaction again causes a contraction. An opposite effect is reported it 
titanium-vanadium alloys where the formation of a metastable phas: 
results in a contraction whereas an expansion follows when the stabli 
phase precipitates (6). 

The volume and length change as a result of precipitation in a binary 
system may be calculated from the equilibrium phase relations and 
crystallographic data for the reaction: 


supersaturated a~saturated a + 8 


The density of each phase may be computed from the crystal structure 
and lattice constants from the relation: 


d= An/NV 


where d is the density in g./cc., A is the mean atomic weight,* n is the 
number of atoms per unit cell, V is the volume of the unit cell, and N is 
Avogadros’ number. Knowing the densities of the supersaturated solid 
solution (d), the saturated solid solution (d’) and the intermetalli: 
compound (d”), then 


AV/V =b/a+bed/d’ +a/a+bed/d”—1 Equation 1 


where AV/V is the change in volume per unit volume and the quantities 
a/a + b and b/a + b are, respectively, the relative amounts by weight 
of the saturated solid solution and the intermetallic compound unde 
equilibrium conditions. 
The change in length is approximately related to the volume chang 
by the relation: 
' AL/L = 4AV/V Equation 2 


Similar results may be obtained using the formula for volume chang: 
derived by Durer (7) : 


AV/V = (V’ — V) + m + n/n *a (v” a Vv’) 


Equation 3 


where the volume per atom of the supersaturated solid solution, the 
saturated solid solution, and the intermetallic compound (A,,B,) ar 
V, V’, and V”, respectively, m and n are the numbers of solvent (A) 


* The mean atomic weight is computed from the atomic fractions x: of the n elements com 
lloy and the atomic weights A:, with the formula: 


prising the allo 
n 
A=) XA 


isi 
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Table I 
Changes in Length During Aging of Various Alloys 


nge in Length, % 
Probable bser Aging Observed 
Precipitating Present Time Previous 
Alloy Temp. °C. Phase Calculated n\ Hr Inv. 
20.5% W 600 (1110°F) Fe:W 0.33 101 
20.5% W 700 (1290°F) Fe:W —0.29 151 0.32 
20.5% W 800 (1470°F) Fe:W 0.26 77 22 - 
20.5% W 900 (1650°F) Fe:W —0.22 23 150 
25.5% } 450 (840° F) NisMo 0.12 470 
25.5% 1 450* (840° F) NisMo 0.12 300 
25.5% ! 540 (1005°F) Ni«sMo —0.115 200 
25.5% ! 600 (1110°F) NisMo —0.11 165 
22% ! 650 (1200°F) Fe:Mos —0.39 
1.25% Si 200 (390° F) Si +0.1 


Strained in tension at room temperature 49.5% pr 


and solute (B) atoms in the intermetallic compound, and finally, 
c—C ‘ ° : 
—,c and c’ being the concentration of B (atomic 
l—c’.m+n/n ' 
per cent) in the supersaturated and saturated solid solutions.* 

Some results for iron-tungsten, iron-molybdenum, nickel-molybde- 
um, and aluminum-silicon alloys based on the above relations are 
presented in Table I. The compositional limits of the solid solution and 
the crystallographic data of the intermetallic compounds formed during 

the precipitation reaction were taken from the literature (8-11). 
\ quantitative treatment of the “negative creep” phenomenon is diffi- 
ult because of the interaction of two opposing processes. The plastic 


“: 
strain usually accelerates the progress of the solid-state reaction, while 
the resistance to plastic flow is dependent on the structural changes pro- 
duced by the metallurgical reaction. 

In view of these difficulties, the combined effect of the two processes 
can be described only qualitatively, as shown in Fig. 1 for the case of 
a negative volume change. The measured creep curve is the algebraic 
sum of curve C, representing the tendency toward normal creep, and 
curve D representing the tendency for contraction. For example, if for 
a given set of test conditions the contraction is large as compared to the 
elongation due to the applied stress (Fig. la), negative creep will result. 
lf the elongation is large (high stress) as compared to the contraction, 
the conventional elongation-time behavior will occur ( Fig. 1b). Finally, 
f the elongation is small as compared to the contraction in the early 
stages of test, but becomes greater with time, the creep curve would 
start negatively and gradually become positive (Fig. Ic). 

In the actual case, the conventional creep curve always contains the 
effects of metallurgical reactions and thus the shape of the creep curve 


) 


nay change during test depending upon these reactions (1). Also, the 


* More generally, a is the atomic fraction of solute rejected from 


supersaturated solid 


itic 


mn, which is different from (c — c’) 
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influence of stress on the kinetics of the reaction will vary for differen: 
systems and stress conditions. 


IX PERIMENTAL PROCEDURE 
The results of the preliminary calculations (Table |) indicate that 
a 20.5% tungsten-iron alloy and a 25.5% molybdenum-nickel alloy 
should exhibit appreciable contraction during precipitation, and thes 














Fig. 1—Schematic Diagram Showing the 

Relation Between Contraction Due to Pre 

cipitation (D) and the Elongation Due to 

Creep (C). The Result of these two Op 

posing Processes is Shown by Curve 
D+C. 


alloys were selected for investigation. The alloys were vacuum melted 
in an induction furnace, deoxidized with carbon, and cast as 2-inch 
square ingots. The ingots were subsequently forged and rollea to %- 
inch diameter bars. The iron-tungsten alloy was solution-treated at 
1375°C (2505°F) and the nickel-molybdenum alloy at 1250 °C 
2280 °F) and water-quenched. An argon atmosphere was used to 
protect the samples during these heat treatments. Dilation measure- 
ments, constant load creep tests, and stress-relaxation tests were made 
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the solution-treated materials and were supplemented, in several 
tances, by tests on cold-worked or pre-aged alloy. 


Dilation Measurements 


[he isothermal dilation tests were performed in a quartz dilatometer 
inder an argon atmosphere using a 2-inch long specimen. The dilation 
was measured by means of a dial gage which could be conveniently read 
to 10° inch per inch, the measurements being corrected for the thermal 
expansion of quartz. The temperature was controlled to +2 °C, 

\n iron-20.5% tungsten alloy aged at 600, 700, 800, or 900 °C (1110, 
1290, 1470 or 1650 °F) to equilibrium should show from Equations 
| + 2a contraction of 0.33, 0.29, 0.26, or 0.22%, respectively, assum- 
ng the precipitation of the intermetallic compound Fe2W. The decrease 
in the amount of contraction with increasing temperature is under 
standable, as the amount of the denser intermetallic compound (FesW ) 
decreases as a result of the larger solubility of tungsten in iron at higher 
temperatures. The results of the dilation tests, conducted in argon 

Table 1), show an opposite trend. The observed amounts of contrac- 
tion are, in general, below the calculated values and tend to increase 
with increasing temperature. Only at 900 °C (1650 °F) are the meas- 
ured and calculated values in good agreement. This discrepancy may 
result from the slow rate of approach to equilibrium at the lower aging 
temperatures. The agreement between the contraction reported by 
Sykes (2) at 700°C (1290°F) and the calculated value might be 
associated with a difference in the purity of the alloys, and thus in the 
rate of approach to equilibrium. 

Calculations on nickel-25.5% molybdenum alloys indicate that a 
contraction should be observed during aging in this system, assuming 
the precipitation of the intermetallic compound NiyMo. As found for 
the iron-tungsten alloy, the amount of contraction calculated decreases 
with increasing temperature. After aging this alloy for approximately 
200 hours, very good agreement was observed between the measured 
and calculated values of contraction at 540 and 600°C (1005 and 
1110 °F), indicating a more rapid approach to equilibrium than in the 
iron-tungsten alloys. At the low temperature 450°C (840 °F), the 
imount of contraction observed was about half of that calculated. How 
ever, prestraining the specimen 49.5% at room temperature prior to 
the dilation test results in a contraction of 0.116% which is in good 
ireement with the calculated values. 


Creep and Relaxation Tests 


\n alloy which exhibits a contraction during precipitation from 
solid solution would, under certain conditions of temperature and 
stress, be expected to show a departure from the generally observed 
creep behavior. ‘Negative creep” should occur if the contraction caused 
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by the precipitation is greater than the elongation resulting from the 
applied stress. 

Although the influence of a volume increase or decrease on the result 
ing creep rate values has been observed quite frequently, only a few 
references have been found in the literature attempting to elucidate this 
phenomenon. Freeman and Corey (12) have reported a retrogression 
during creep testing of 19-9 DL stainless steel after 25 hours’ exposure 
at 650 °C (1200 °F) and 10,000 psi stress. This reversal during creep 
was attributed to a decrease in specific volume accompanying a carbide 
precipitation. Sazonova (13) also observed contraction in creep testing, 
heat resistant stainless steels of 14% chromium-14% nickel and 16% 
chromium-25% nickel-6% molybdenum varieties. Similar effects have 
been reported by Vosskiihler (1) for magnesium- and aluminum-base 
alloys; the apparent creep rate showed either an increase (for 
magnesium-aluminum and aluminum-chromium-magnesium alloys) or 
a decrease (for magnesium-manganese and aluminum-magnesium al 
loys), depending on the nature of the precipitated intermetallic com 
pound. Work done by Fletcher et al. on solid solutions of cobalt 
containing 20 or 32% chromium (14) revealed a contraction during 
creep tests at temperatures at which, according to the equilibrium phase 
diagram, neither a phase change nor a precipitation should occur. 

Iron-tungsten and nickel-molybdenum alloys which had been solu 
tion treated were creep tested at 600°C (1110°F). Although at this 
temperature the rate of approach to equilibrium was slow for the iron 
tungsten alloy, it was anticipated that it would be accelerated as a result 
of the applied stress (5000 or 10,000 psi). The nickel-molybdenum 
alloy, which in dilation tests at 600°C (1110°F) showed a relative 
rapid rate of contraction, was tested at stresses of 5000 or 7500 psi 
To minimize the length change prior to load application, the specimens 
were placed in a hot furnace and the load applied as soon as the furnace 
temperature was stabilized at the desired temperature of measurement 

The data from the creep tests on the solution-treated iron-tungsten 
alloy are shown in Fig. 2. At both stresses, negative creep was observed 
as expected on the basis of the dilation data. At 10,000 psi the shrinkage 
was slightly more rapid than at 5000 psi but did not attain as great a 
negative value.* The maximum shrinkage was obtained in much less 
time at the higher stress, approximately 150 hours as opposed to about 
450 hours in the 5000 psi test. After this time, the specimen begins to 
increase in length. These data would indicate that the precipitation re 
action causing the contraction is accelerated in the presence of the 
higher stress. 

The creep curves for the solution-treated nickel-25.5% molybdenum 
alloy tested at 600 °C (1110 °F) are shown in Fig. 3 for stresses of 5000 
and 7500 psi. Also shown are the creep test data obtained at 5000 psi 


* The values represent the change in length after the initial elastic elongation has occurred 
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e Creep Behavior of a 
1 Alloy at 600% 








Fig. 3 Preaging on the Creep 
Behavio f a Soluti 1 el-25.5% Molybdenum 
- > F) 


n a sample solution treated and aged for 235 hours at 600°C 
1110°F) prior to application of the load. For the specimens initially 
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in the solution-treated condition, the same general behavior is observed 
as in the iron-tungsten alloy. The maximum value of negative cree; 
is reached in a much shorter time in the higher stress test, althoug! 
the amount of contraction is comparable in the two tests. The fact that 
the creep curve reversed and becomes less negative in shorter times 
than in the iron-tungsten system appears to indicate that the approach 
to equilibrium is faster in the nickel-molybdenum system. This is in 
agreement with the dilation test results. 

The data obtained on the specimen aged prior to load applicatior 
indicate quite clearly the influence of the precipitation reaction. From 
the dilation data, it would be expected that after the pre-aging treat 
ment (235 hours at 600°C) the structure of the alloy was probably 
close to equilibrium. Therefore, the contraction due to precipitation 
should be virtually complete and little, if any, negative elongation 
should be observed. As indicated in Fig. 3, a very sharp contractior 
occurred in the early stages of the test followed by a rapid elongation 
This sharp decrease at short times probably results from a precipitation 
of the remainder of the solute in excess of the solubility limit on the 
existing second phase. It is interesting to note that in the pre-aged 
specimen the same net elongation is obtained in about 100 hours as 
compared to a time of about 600 hours in the initially solution-treated 
and quenched specimen. These data emphasize that entirely different 
creep rates can be obtained depending on whether a phase change 
takes place during or prior to creep testing. 

From the results of the creep tests on these alloys, which can be 
interpreted as the specimen “picking up” the applied load, it is interest 
ing to speculate as to the results which might be obtained from a relaxa 
tion test. At constant strain, relaxation is a decrease in stress as a 
consequence of creep. In an elastically strained and rigidly fixed speci 
men, the original elastic strain is in effect exchanged for plastic strain 
with time. However, during a simultaneous contraction as observed in 
this investigation, it might be expected that instead of the usual decrease 
in stress with time, the contraction resulting from structural changes 
would produce a stress increase. 

To test this suggestion, the nickel-25.5% molybdenum alloy was sub 
jected to relaxation tests.* Two initial stresses were employed (5000 
and 7500 psi) at 600 °C (1110 °F). At 5000 psi specimens were tested 
in the following conditions: (a) solution-treated, (b) solution-treated 
and prestrained 10% at room temperature, and (c) solution-treated 
and pre-aged 240 hours at 600°C (1110°F) before load application 
At 7500 psi specimens were tested in only the solution-treated and 
solution-treated and 10% prestrained conditions. The results of the 
tests are shown in Figs. 4 and 5. 


* The relaxation tests were conducted by the Crane Company, Chicago, using test equip 
ment of their design (15). 
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Fig. 5—The Effect of Prior Treatment on the Stress Relaxation 
Behavior of a Nickel-25.5% Molybdenum Alloy at 600 °C (1110 °F) 
and 7500 psi Initial Stress 
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The initial stress of 5000 psi applied to the solution-treated specimen 
increased 1.4 times after about 25 hours’ exposure. On further holding, 
this stress increases slowly to about 1.44 times the initial value, and 
begins to relax after about 165 hours. Only after 350 hours has the 
stress relaxed to the initial level. Prestrain increases the rate at which 
the stress increases and also the maximum stress. In this case the stress 
reaches a value of 1.52 times the initial value. Relaxation began, how 
ever, in a shorter time period. It would be anticipated that the pre-aged 
specimen would not show much stress build-up. Indeed, the stress in 
creased only slightly, but no tendency for relaxation was observed even 
after 340 hours, the duration of the test. At an initial stress of 7500 psi 
the solution-treated specimen exhibited first about a 15% decrease in 
stress, followed by a plateau for a period of about 200 hours before 
relaxation commenced. In the prestrained specimen, the stress increased 
to about 1.1 times the initial value and then decreased less rapidly than 
that of the solution-treated sample. 


SUMMARY 


Data from the literature and experimental results indicate that struc 
tural changes of alloys are frequently associated with changes in density 
and, consequently, in volume. Volume changes, and the corresponding 
length changes, occurring as a result of precipitation from solid solu 
tion appear to be amenable to calculation, provided that reliable crystal 
lographic and equilibrium phase data are available. In the case of the 
systems considered in this study, good agreement was obtained between 
calculated and measured values at the highest temperatures of equilibra 
tion. Large disagreements were observed at low aging temperatures at 
which equilibration times were probably much longer than those em 
ployed. In practice the calculated values thus indicate only the limit of 
the volume change, the actual change depending on the degree of ap- 
proach to equilibrium. These volume changes may substantially affect 
the results of such measurements as creep elongation and should, there 
fore, be taken into account to obtain the true total plastic strain. 

Under the conditions of a creep test, the measured strain is usually 
higher or lower than the true plastic strain, depending on the sign of the 
volume change. Thus, so-called “negative creep” is only a special case 
of the more general behavior of alloys and is usually observed at rela 
tively low temperatures and stress levels where the effect is neither ex 
hausted quickly by very rapid precipitation nor overshadowed by large 
plastic strains. This may be one of the factors that makes the extrapola 
tion of creep data to long times dangerous and unreliable. It is not pos 
sible with the data available to determine quantitatively the relation 
between the creep data and metallurgical structural changes. However, 
from the creep tests performed, it appears that the qualitative treatment 
presented in Fig. 1 is confirmed. 
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For the iron-tungsten alloy tested at 5000 psi, the creep rate is quite 
low, and the contraction due to the precipitation process is much greater 
than the elongation caused by the applied stress. At the higher stress, 
the minimum in the creep curve is shifted to the left indicating that both 
the higher stress and the accompanying higher strain rate increase the 
rate of precipitation. The amount of negative creep is less at the higher 
stress as a result of a higher creep strain, and the elongation becomes 
positive with time. The results for the nickel-molybdenum alloy are 
similar to those obtained on the iron-tungsten alloy, the primary differ- 
ence being in the rate of approach to equilibrium. Consequently, the 
creep curve for the nickel-molybdenum alloy becomes less negative 

takes a positive form) earlier. In general, the higher stress (higher 
rates of creep strain) as well as prior cold work accelerate appreciably 
processes leading to changes in volume. This is explainable since in both 
cases the rates of diffusion are increased because of a higher vacancy 
concentration resulting from plastic deformation. 

In a stress relaxation test, as would be anticipated, the stress was 
found to increase to maintain the imposed constant strain condition as 
the volume of the specimen decreased. This observation may be of 
practical importance and serve as a guide in designing alloys for high 
temperature bolting applications. It appears also that alloys exhibiting 
strong tendencies for ‘negative creep” may present difficulties during 
annealing treatments after prior cold work, because of additional 
build-up of internal stresses which could lead to cracking. In this re 
gard, high heating rates for annealing may be desirable and probably 
could minimize the magnitude of this effect. 
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DISCUSSION 


Written Discussion: By Ervin E. Underwood, Battelle Memoria! Institute 
Columbus, Ohio. 

The authors have convincingly demonstrated the reality of the phenomenon of 
negative creep. Their paper may well be the first of many to report such behavior, 


especially as more results become available on creep of high melting point, heavy 
metals. One attractive extension to the study of negative creep is the possibility 
of designing toward non-creeping alloys. 

In order to gain some idea of the inherent resistance to deformation in these 
alloys, it is necessary to separate out the contribution to changes in length due 
to other processes. This is an extremely difficult task. Unfortunately, dilation 


measurements on aging, unstressed alloys do not supply the needed information 
The accelerating effect of stress on metallurgical reactions has been pointed out 
by the authors, as well as the dependence of the resistance to plastic flow on the 
structural changes which are taking place. The reluctance of precipitates to 
form readily at low temperatures, and their deviations from the calculated 
equilibrium amounts and compositions are well known, but not easily handled 
quantitatively. Thus, the simplifying assumptions are usually made that the phase 
diagram applies fairly well to alloys under stress; that particles have attained 
an essentially infinite radius of curvature; and that precipitate and matrix have 
close to the equilibrium concentration. 

The authors restricted their calculations of negative creep to the volum« 
changes occurring during precipitation. They also mentioned other sol'd-state 
reactions which lead to volume changes, but additional effects must be taken into 
account. Furthermore, the magnitude and rate of these effects must be evaluated 
under the same conditions of stress and strain that exist during the creep test 
These other factors that are known to cause negative creep, or that cause 
volume changes, are: The density changes observed during creep in pure metals 
and non-metallic materials; void formation in alloys due to unequal diffusion; 
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ck formation; surface tension effects; atomic arrangements in single-phase 
illoys ; readjustments in composition due to chemical heterogeneity ; and changes 
n dislocation density. 

Examples of all these effects have been documented in the literature, but there 
are undoubtedly others, the origin and importance of which remain unsuspected. 
For example, one of the puzzling aspects of the work reported in Reference 14 
vas the occurrence of negative creep in Co-Cr alloys during transformation from 
the a- to the §-phase. Very little change in density is involved in this trans 
formation, so apparently some other, unknown factor was responsible for the ob- 
served contraction. The excellent creep resistance of Co-rich alloys is well known, 
but this effect is all the more remarkable when it is considered that a phase trans 
formation during creep usually results in a higher creep rate 

It is hoped that the authors will continue their work in this area, and that the 
results are published as frequently as possible. It will also be interesting to see 

f more refined experimental techniques will shed further light on this extremely 


omplicated phenomenon. 
Written Discussion: By R. W. Cahn, Department of Physical Metallurgy, Uni 
versity of Birmingham, England. 
The very pretty experiments reported in this paper 


foundation of a new field of study connected with creep, since one would expect 


may prove to be the 
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numerous alloys to be capable of the type of negative creep reported here. In 
recent experiments carried out at Birmingham, my colleague J. A. Coll has ob 
served a related phenomenon in alloys that undergo an order-disorder trans 
formation. These were solid solutions of aluminum in iron, containing 24.5—25.5 
at. % of aluminum. At temperatures in the range 540-590 °C, (1005-1095 °F) 
these alloys are just above the critical temperature at which the “FesAl” super 
lattice disappears, and according to available constitutional evidence they are 
delicately poised between two alternative structural states: (a) an imperfectly 
ordered “FeAl” superlattice, or (b) short range order only. It appears that i: 
this temperature range an applied stress affects the balance between thes¢ 
alternative states and, for a reason not understood, these alloys appear to 
oscillate between one state and another while a stress is applied. 

The consequence is that the specimens undergo what one might term oscil- 
lating creep, such as is shown in the figures. The effect becomes larger as th 
critical temperature T. of the FesAl phase field (540°C approximately) is ap 
proached, and it may be that this structure is also formed periodically, even above 
T., when a stress is applied. The negative components of the creep must be 
attributed to the lattice parameter changes which accompany order-disorder 
changes, and which would be expected, under the circumstances of these experi 
ments, to be some hundredths of one per cent. 

The creep curves shown (Fig. 6) were obtained by means of a sensitive auto 
recording extensometer. The very small discontinuities are attributed to instabil 
ities in the pen recorder, but all the larger steps are physically significant. 

The results of this work are being prepared for detailed publication. 


Authors’ Reply 

The authors wish to thank Dr. E. E. Underwood and Professor R. W. Cahn 
for their written discussions as well as the oral discussion offered by Mr. H. Y 
Hunsicker. 

We fully agree with Dr. Underwood that refined experimental techniques 
might be required to separate the two phenomena taking place during creep: (a) 
volume change due to structural changes and (b) true plastic deformation due to 
the applied stress. That precipitation is only one of the many possible solid-state 
reactions leading to volume changes in metals or alloys is evident, for example, 
from the results presented by Professor Cahn on ‘ 
aluminum alloys undergoing order-disorder transformation. These interesting 
data clearly demonstrate the interplay between stress and the resulting strain on 
the one hand and the progress of the reaction on the other. Since the majority 
of the experimentally determined creep curves on potentially unstable alloys are 
probably distorted by hidden positive or negative length changes, a_ better 


‘oscillating creep” in iron 


nomenclature than “negative creep” is perhaps desirable, as was pointed out by 
Mr. Hunsicker. 





AGING CHARACTERISTICS OF HASTELLOY ALLOY B 
By R. E. CLrausinec, P. PATRIARCA AND W. D. MANLY 


Abstract 

The aging characteristics of Hastelloy Alloy B* were 
studied in the temperature range from 1100 through 
1650 °F for periods ranging from 100 hrs to 1000 hours 
Microstructures are shown and hardness data reported. 
Short time tensile data were obtained both at room tem 
perature and at the temperature of aging and are correlated 
to the microstructure. 

Precipitation occurs at all of the temperatures investi 
gated. At 1100°F the precipitation is evident through 
changes tn hardness and mechanical property data. At 
1300°F a Widmanstatten precipitate develops rapidly 
causing a marked increase in hardness and a significant 
decrease in the tensile ductility. The Widmanstdtten pre 
cipitate persists at 1400 °F although somewhat coarsened 
A needle-like precipitate replaces the Widmanstdatten at 
1500 °F and appears at temperatures up to 1650°F, the 
highest investigated. This latter precipitate appeared to be 
much less damaging to the tensile ductility than the Wid 
manstdtten precipitate developed at 1300°F. (ASM-SLA 
Classification: N7b; Ni-b, SGA-h 


NUMBER OF high strength nickel-base alloys containing molyb 

denum have been used extensively by the petroleum, petrochemi 

cal, and chemical industries as materials for heat exchangers, towers, 

its, vessels, tanks, etc. Although developed primarily for resistance 

to hydrochloric acid, they have been found to exhibit excellent corro 

sion resistance to other reducing chemicals and acid chlorides as well 
is to sulphuric, phosphoric, and acetic acids (1-3). 

Recently, the ASME Pressure Vessel Code recognized the alloys 
Hastelloy Alloy B (nominal composition, 28% molybdenum, 5% iron, 
balance nickel) and Hastelloy Alloy C (nominal composition, 17% 
molybdenum, 15% chromium, 5% iron, 5% tungsten, balance nickel ) 

service up to 650 and 1000 °F, respectively (4). The behavior in 
creep and the exceptional corrosion resistance to certain nonaqueous 
environments at elevated temperatures have made Hastelloy Alloy B 


attractive for application in nuclear reactors. Since Hastelloy Alloy B 


7 


Trade mark of Union Carbide Cory 


rhe figures appearing in parentheses pertain to the ence ppended to this paper 

\ paper presented before the Fortieth Annual Convention of the Society, held 

Cleveland, October 27-31, 1958. The authors, R. E. Clausing, P. Patriarca and 
W. D. Manly, are associated with the Metallurgy Division, Oak Ridge National 
Laboratory, Oak Ridge, Tennessee. Manuscript received November 18, 1957. 
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Fig. 1—Stress to Rupture Characteristics of Several Alloys at 1500 °F. 


is age hardenable, extended service results in an increase in the yield 
strength and hardness, a low creep rate, and high stress rupture prop 
erties (5). Fig. 1 describes the stress rupture behavior of Hastelloy 
Alloy B along with that of Inconel and type 316 stainless steel at 
1500 °F. ‘ 

Data obtained in the 1200 to 1400 °F temperature range have shown 
Hastelloy Alloy B to have an unfavorably low ductility. The incidenc« 
of cracking of the base metal in the heat-affected zone when welded 
under conditions of severe restraint has been attributed to this char 
acteristic (1,3). 

It was recognized that a further determination of the weldability of 
this alloy and of the properties of welded joints at the elevated tempera 
tures of interest was required. However, it was deemed advisable to 
undertake a preliminary study to obtain more extensive data pertaining 
to the type and occurrence of aging and its effect on the mechanical 
properties of the wrought material for comparative purposes. 

The aging studies were made by measuring the increase in hardness 
of Hastelloy Alloy B as a function of time and temperature and by 
observing metallographically any structural changes which occurred. 
As a measure of the mechanical properties, tensile tests were made at 
both room temperature and elevated temperatures on the material after 
various aging treatments. 

MATERIAL 

Hastelloy Alloy B sheet, 0.065-inch thick, was used throughout the 

investigation. Its chemical composition, (by weight %), as provided 
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Fig. 2—Eievated-Temperature Tensile Specimen. 


by the manufacturer, was 27.0% molybdenum, 5.5% iron, 0.6% chro- 
mium, 0.6% silicon, and 0.035% carbon. 


EQUIPMENT 

Tensile properties of this material were determined by using a sheet 
metal specimen as described in Fig. 2. A hydraulically operated tensile 
machine equipped with a stress-strain recorder and strain pacer was 
used for both room temperature and elevated temperature tests. The 
strain rate was 0.05 inch per minute for all data reported. 

\ging of specimens at elevated temperatures required inert or reduc 
ing furnace atmospheres. All data reported in this paper are from 
specimens solution-annealed 2 hours at 2100 to 2150 °F in a tube fur- 
nace provided with a —85 °F dew point hydrogen atmosphere. Many 
of the long-time aging treatments were conducted in this type of fur- 
nace provided with helium or argon as a protective atmosphere, the 
gases having been dried with activated alumina. The majority of the 
hardness and metallographic specimens, however, were encapsulated in 
quartz containing a vacuum or purified inert atmosphere. These en 
capsulated specimens were subsequently aged in box-type wire-wound 
electric furnaces. Specimens prepared in this manner remained bright 
during heat treatment. 

Metallographic specimens were prepared in the usual manner and 
etched with chrome regia (1 part 1% chromic acid solution, 10 parts 
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Fig. 4—Microstructure of Hastelloy Alloy B Solution Annealed for 2 Hours 


and Air-Cooled. Etched with chrome regia. (a) x 150; (b) 20 


water, and 3 parts hydrochloric acid) at room temperature for times 
varying from 3 to 5 seconds. A research metallograph was used for ob 
servation and for photomicrography at magnifications up to 2000 
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Effect of Aging Time and Temperature on the Elevated Temperature Tensile 
Strength and Ductility of Hastell All 


diameters. Hardness measurements were made with a Vickers diamond 
pyramid indenter and a 10-kilogram load 


[IeXPERIMENTAL PROCEDURE AND RESULTS 


Since the behavior of Hastelloy Alloy B after prolonged exposure to 
elevated temperatures appeared to be the result of the precipitation of a 
phase or phases from the solid solution, the influence of several vari- 
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Table I 
Effect of Aging Time and Temperature on the Room-Temperature 
Tensile Strength and Ductility of Hastelloy Alloy 








Aging Tensile 


Temperature Strength Elongation Hardness 
(°F) Treatment (psi) (% in 3 in.) (VPN 
Room Solution-annealed for 2 hrs at 118,600 32.0 205-20 
2100-2150 °F and air-cooled 
1100 Aged for 100 hrs 117,700 25.0 243-249 
Aged for 500 hrs 126,000 14.0 285-287 
Aged for 1000 hrs 135,700 18.5 285-239 
1300 Aged for 100 hrs 116,300 25.0 254 
Aged for 500 hrs 140,600 12.5 339-351 
Aged for 1000 hrs 135,100 6.2 409-425 
1500 Aged for 100 hrs 121,700 28.7 238 
Aged for 500 hrs 109,800 12.5 272-274 
Aged for 1000 hrs 126,600 16.0 283-285 
1600 Aged for 100 hrs 124,600 23.7 245-247 
Aged for 500 hrs 132,000 20.0 281-285 


Aged for 1000 hrs 


130,900 23.7 279-281 





Oe: «6=—C( CQ 
Effect of Aging Time and Temperature on the Elevated Temperature 
Tensile Strength and Ductility of Hastelloy Alloy B 





Aging Solution-Annealed* Aged for 100 hr Aged for 500 hr Aged for 1000 hr 





Testing Tensile ; Tensile Tensile Tensile 
Temperature Strength Elongation Strength Elongation Strength Elongation Strength Elongatio: 
(°F) (psi) (%in3in.) (psi %in3in.) (psi) (%in3in.) (psi) (%in3in 


Room 118,600 32.0 


1100 93,700 36.3 83,100 22.0 76,100 113 85,700 9.0 
91,600 33.0 84,100 22.0 91,100 14.0 80,100 7.5 

1300 74.000 20.0 60,700 6.0 92,600 6.0 95,900 4.0 
72,500 213 66,700 13.0 90,400 6.0 

1500 57,260 188 59,600 25.0 63,200 425 61,600 17.5 
59,300 = 16.3 $9,700 188 63,100 375 62.400 267 

1600 44.400 288 44,100 32.0 43,900 45.9 42,600 285 
43,800 28.8 —-45,100 42.5 45.300 490 42600 36.0 








*For 2 hours at 2100—2150°F and air-cooled. 


ables on the type, rate, and quantity of precipitate was investigated 
The effect of aging temperature and time was determined, and the room 
temperature and elevated temperature mechanical properties were as 
sociated with the observed microstructures. 

The binary nickel-molybdenum equilibrium diagram (6) shown in 
Fig. 3 was used as a guide in this study, with recognition given to the 
possibility that the presence of iron and other elements could have a 
significant influence on the positions of the phase boundaries. 

All specimens were solution-annealed for 2 hours at 2100 °F and air 
cooled prior to aging. A typical solution-annealed structure is shown 
in Fig. 4, photomicrographs of the alpha solid solution at 150 and 2000 
magnifications. The presence of a second phase, possibly retained delta 
and/or complex carbides, is evident. 
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\ number of tensile specimens which had been aged at 1100, 1300, 
1500. and 1600 °F for 100, 500, and 1000 hours were tested at room 
mperature to determine the change in properties resulting from ele- 
ited temperature exposure. The results are summarized in Table I. 
It can be seen that a relatively minor improvement in the room tem 
perature tensile strength resulted after aging but that an appreciable 
loss in ductility occurred, accompanied by a significant increase in 
hardness. The most prominent change in room temperature tensile 
strength, ductility, and hardness is associated with prolonged aging at 
1300 °F. The tensile data of Table I are treated graphically in Fig. 5. 
[he pronounced loss in room temperature ductility after aging at 
1300 °F is evident. 

\lthough the room temperature behavior of this material is con 
sidered important, of greater interest in this study was the effect of 
iging on the elevated temperature behavior. A number of tensile speci- 
mens were aged for 100, 500 and 1000 hours at 1100, 1300, 1500, and 
1600 °F and tested at the temperature of aging. Examination of the 
results, summarized in Table II, will reveal a number of trends, the 
most prominent again being the loss in ductility after aging for 1000 
hours at 1300 °F. These data are compared graphically with those for 
the solution-annealed material in Fig. 6. It can be seen that the tensile 
strength of the specimens that were not aged decreased in a linear man- 
ner with testing temperature. It is interesting to note that there is a 
minimum in the ductility curve occurring between 1300 and 1500 °F. 
The lower ductility of the tensile specimens tested at 1300°F would 
indicate that the precipitation reaction may be greatly accelerated by a 
tensile stress. Stress-induced precipitation is very likely if the mecha 
nism of formation is suitable. Below 1300 °F the diffusion rates are 
so low that even under a tensile stress the reaction is quite slow. The 
severe reduction of the elongation at 1100 °F after 1000 hours, how- 
ever, indicates that precipitation is occurring. 

The influence of the variables of aging temperature and time upon 
the microstructures of aged Hastelloy Alloy B specimens is shown col 
lectively in Figs. 7, 8, and 9, photomicrographs at magnifications of 150 
ind 2000 of specimens aged at various elevated temperatures for 100, 
500, and 1000 hours. It is interesting to note that the microstructure of 
Hastelloy Alloy B after aging at 1300°F is characterized by a 
Widmanstatten-type precipitate. The precipitate is still in evidence at 
1400 °F but ceases to exist at 1500°F. Examination of the binary 
diagram of Fig. 3 would imply that this precipitate is the beta phase. 
lhe diagram also suggests that the needle-like precipitate coexisting in 
the alpha phase with the carbides and/or delta particles at 1500, 1600, 
ind 1650 °F is the gamma phase. It would appear that the alpha-plus 
gamma to beta peritectoid temperature lies between 1400 and 1500 °F 
for the Hastelloy Alloy B used in this investigation 
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Fig. 7—Microstructure of Hastelloy Alloy B Aged from the Annealed Conditior 
Temperatures Shown for 100 Hours. Etched with chrome regia 
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Temperatures Shown for 500 Hours. Etched with chrome regia 
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\lthough there is an apparent lack of precipitate in the photomicro- 
rraphs of Hastelloy Alloy B aged for extended periods at 1100 °F, the 
irdness changes observed suggest that a beta precipitation is occur 
ing. The hardness data, shown graphically in Fig. 10, were compiled 


from tests of the specimens presented by Figs. 7, 8, and 9. The increase 


in hardness that occurred with an increase in aging time was signifi 
antly greater at 1300 °F than it was at the other test temperatures. 
Chis hardness increase may be attributed to the appearance of the 
Widmanstatten-type precipitate, while that observed at 1500°F and 


ibove may be associated with the precipitation of the gamma phase. 
[he hardness increase and loss in ductility after aging at 1100 °F, how- 
ever, could not be explained in terms of a readily resolvable precipitate. 
Optical microscopy at 2000 diameters and electron microscopy at 
12,000 diameters failed to reveal a significant change in the microstruc- 
tures. A limited and unsuccessful attempt was made to detect a pre 
cipitate by x-ray diffraction methods. 


i ——_ oz 


1300°F 














f Aging Time and Temperature on the m Temperaturs 
Hardness of Hastelloy Al 


\s indicated previously, the various constituents observed in the 
course of this investigation were tentatively identified by reference to 
the nickel-molybdenum binary diagram shown in Fig. 3. Although a 
study (7) of the special etching techniques associated with the metal 
lography of Hastelloy Alloy B confirms the observations made, more 
positive identification is desirable. Electron diffraction studies may pro 
vide this identification 
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CONCLUSIONS 


Within the limits of this investigation, in which microstructural and 
mechanical property studies of Hastelloy Alloy B were made, the fo! 
lowing conclusions can be drawn. 

Elevated temperature precipitation occurs in this alloy, the natur: 
of which is a function of the temperature and the time at temperature 


1. At 1300 °F relatively rapid precipitation of a Widmanstatten 

type structure occurs which has been tentatively identified as 
the beta phase of the nickel-molybdenum binary diagram. 
After aging at 1100 °F for periods to 1000 hours, the beta pre 
cipitate cannot be resolved by light or electron microscopy, 
although changes in hardness and other mechanical properties 
indicate its presence. 
At 1500 °F the precipitate is significantly different from that 
observed at lower temperatures, being needle-like rather thai 
Widmanstatten. Based on the nickel-molybdenum binary dia 
gram, the structure has been tentatively identified as the 
gamma phase. 


Aging results in a relatively minor improvement in the room- and 
elevated temperature tensile strength, accompanied by a marked reduc 
tion in room- and elevated temperature ductility : 

1. The most prominent loss in ductility is associated with aging 

at 1300 °F. These properties are associated with the presence 
of the Widmanstatten precipitate. 
A significant loss in ductility accompanied by an increase in 
room temperature hardness occurs upon aging at 1100 °F 
The mechanism which produces this change appears to be a 
submicroscopic beta precipitate, with the phase diagram as 
sumed to be correct. 
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DISCUSSION 
ls Research Group, Douglas 


Written Discussion: By Nathan A. Tiner, Material 
raft Company, Inc., Long Beach, California 
[he authors have presented a valuable study 
stelloy Alloy B. The analysis of the effect of aging temperatures and time is of 
tion reactions. Such anal 


the aging characteristics of 


ilar interest as it involves the kinetics of precipita 
is of vital importance for the development of stable high temperature alloys 


aging characteristics are examined principally for the periods of 100, 500 and 


00 hours, but the hardness data are plotted by continuous curves in Fig. 10 
nder whether the extrapolations as shown in Fig. 10 are justified ? 


has been my experience with the age hardening nickel base alloys, such as 


ranickel, Inconel X and Hastelloy R-235, that the uniformly dispersed pre 
pitation of the Nis (Al, Ti) (7) phase leads t motonically increasing hard 
1400 °F. At higher temperatures 
here overaging occurs, the curves show a moré less sharp maximum within 
e first few hours 

lhe authors’ data for the room temperature 


lin Table I for Hastelloy Alloy B aged at 1100 and 1600 °F depict similar 


hardness and tensile strength re 


ndencies. The tensile strength vs time data indicate a maximum when aged at 


F and a minimum when aged at 1500°F. Yet the hardness vs time data 
both temperatures suggest a monotonically increasing curve. The Wid 
nstatten type of precipitation observed by the authors may account for this 


aging. But the tensile and hardness data for 1500°F aging 
mehow do not appear to be consistent and the extrapolation shown in Fig. 10 


this aging temperature is not justified. 


Authors’ Reply 
Although the curves plotted in Fig. 10 are based on data presented in this paper, 
hey are typical of data obtained from other specimens aged for many inter 
No overaging was observed for 1100, 


overaging were observed for 


600 °F. 
In view of the continually decreasing ductility of specimens aged for increas 


it is doubtful that the difference in reported tensile strengths 
1000 hours is significant. The apparent 
inomaly in the tensile data reported for specimens aged 500 hours and 1000 hours 
However, it may be attributed to an 


ng times at 1300 °F, 
or specimens aged 500 hours and 


it 1500 °F is not understood at this time 
bserved change which is the subject of an investigation not yet completed. 





THE RESPONSE OF AN IRON-BASE ALLOY, 
HARDENED WITH TITANIUM, TO 
VARIOUS AGING TIMES AND 
TEMPERATURES 


By T. W. E1rcHELBERGER 


Abstract 
A study was made of the effect of titanium, molybdenum, 
and vanadium on the age hardening characteristics of a com- 
mercial Ni-Cr-Fe alloy. The base composition was 25% Ni, 
14% Cr, 1.25 Mn, and the balance Fe except for the usual 
impurities and as noted above. The aging temperature was 
varied from 1100 to 1600 °F and the effect of aging time 
was studied from 1 to 512 hours. Master curves are plotted 
giving hardness as a function of time, temperature, and com- 
position, the maximum hardness obtainable as a function of 
temperature and composition, and the time to reach maxi- 
mum hardness as a function of temperature. (ASM-SLA 
Classification: N7a, 2-60 ; Ni, Cr, Fe, Ti, Mo, V) 
INCE THE discovery and explanation of the precipitation 
hardening phenomenon in alloys, considerable use has been made 
of this type of reaction in numerous alloy systems. Although this 
method of strengthening has been used in high-temperature alloys for 
several years, there has been no real understanding of the effect of 
various aging treatments on the elevated temperature properties. As a 
first step in a study of this type, it was necessary to obtain accurate 
information as to the effect of chemical composition, aging temperature 
and aging time on the hardness. No attempt was made to investigate 
thoroughly the effect of the solution treatment temperature on the 
aging reaction. The alloy base selected for this study is covered by 
three separate commercial alloys of similar chemical composition. The 
commercial alloys are Tinidur, Discaloy, and A-286 in the order of 
their development. These iron-base alloys al! contain 13-16% Cr, 20 
30% Ni, 0.10% maximum carbon, manganese up to 2%, and silicon 
up to 1%. The alloys are hardened by the use of titanium from 1.3 to 
2.5%. Discaloy and A-286 both contain molybdenum from 1.0 to 3.5% 
and A-286 contains vanadium from 0.25 to 0.50%. The series of alloys 
studied here covers the entire range of titanium, molybdenum, and 
vanadium contents commercially used in these alloys. 


A paper presented before the Fortieth Annual Convention of the Society, held 
in Cleveland, October 27-31, 1958. The author, T. W. Ejichelberger, is associated 
with the Metallurgy Department, Westinghouse Electric Corporation, Research 
Laboratories, Pittsburgh, Pennsylvania. Manuscript received June 27, 1957. 
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EXPERIMENTAL PROCEDURI 
e alloys used in this experiment were all air melted in a 25-Ib. in- 
tion furnace at the Research Laboratories. The heats were cast into 
eet metal mold shown in Fig. 1. 
[he chemical compositions of the heats are given in Table I. The 
el, chromium, manganese, silicon, carbon, and aluminum were held 
nstant within the accuracy of melting practice. The vanadium content 
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eramic Hot Top 
































Fig. 1—Mold for 25-Pound Ingots Cast at Westinghouse Research Laboratories 


Table I 
Chemical Composition of Alloy Variations in Cent 


Total Insoluble Ti 
Heat N Ti Mo Vv Al es Ni : t Fe Analyzed Calculated* 
6925 63 20 0.073 0.09 0.034 Bal. 0.15 0.14 
6926 53 27 0.46 O.11 0.040 Bal. 0.14 0.16 
6927 33 35 0.073 0.038 Bal. 0.16 0.15 
6928 65 36 (0.48 0 0.043 Bal. 0.15 0.17 
6929 62 33 00.068 O 0.036 Bal. 0.16 
6930 57 0.46 0 0.055 Bal. 0.24 
6931 04 0.078 0O 0.032 Bal. 0.13 
6932 72 0.078 0O 0.032 Bal 0.15 
6933 89 0.070 0.035 Bal 0.14 
6934 13 0.48 0.032 Bal 0.14 
6935 95 0.49 3 0.035 Bal 0.14 
6936 85 0.49 0.037 Bal 0.16 
6963 53 _— 0.034 Bal. 0.08 
6964 49 0.02 Bal. 0.07 
6965 0.036 Bal 0.10 
6966 0.024 Bal. 0.07 
6967 Bal 0.08 
6968 0.02 Bal 0.07 
6969 0.038 Bal 0.10 
6970 35 0.019 Bal 0.09 
6971 . 0.02 Bal 0.08 
7002 P : - 0.023 Bal 0.08 
7003 ‘ _ 0.022 Bal 0.09 
7004 0.026 0.68 Bal 0.09 
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* Calculated Insoluble Titanium is Equal to 4x% C. 
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Fig. 2—A Comparison of the Insoluble Titanium 
Content as Determined by Chemical Analysis and as 


Determined by Multiplying the Carbon Content of 
the Alloy by 4. 
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Fig. 3—Variation of ASTM Grain Size with Solution 
Treatment Temperature for Heats 6925-6936. 
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Fig. 4—Age Hardening of Heat No. 692 Following Solution Treating for 


1 Hour at 1950 °F and Oil Que g 
is studied at two levels: at an impurity content of 0.07-0.08%, and 
intentional addition of 0.46-0.49%. The titanium content was varied 
m 1.26 to 2.63%, and the molybdenum content was studied from an 

impurity content of 0.02 to 0.05% to an intentional addition of 3.4% 

The insoluble titanium content was analyzed for chemically and also 

calculated by assuming that the insoluble titanium is in the form of 

titanium carbide. From the atomic weight of titanium (47.90) and of 
carbon (12.010) it is apparent that the insoluble titanium, following 
the above assumption, is equal to approximately four times the carbon 
ontent. Fig. 2 shows a comparison of the calculated and observed 
ilue demonstrating the rather close agreement. From work done by 

Bulina and Hann,* the insoluble titanium apparently does not take 
irt in the precipitation reaction and, therefore, is subtracted from 

the total titanium content determined analytically. Care was exercised 

to prevent carbon pick-up due to tool chips and scale as that would give 

i calculated value in excess of the actual insoluble titanium. 

\fter stripping the ingots from the molds, the ingots were soaked 
four hours at 2100 °F prior to the first rolling step. The ingots were 
reduced 30 to 35% during each of four rolling steps from 2100 °F. The 
ingots were reheated to 2100 °F between steps for periods of 114 to 2% 
hours to insure complete recrystallization. The next two reductions 
were made from 1900 °F after one hour at that temperature. The re 
©. The two final rolling 


? 
ductions were again kept between 30 and 35 
steps were made after the bars had been at 1800°F for 1 hour. The 
reductions were 30 and 40% respectively. The final bar size was 5@ inch 


liameter. 


* Unpublished resear« 
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Fig. 5—The Effect of Two Solution Treatments on Age Hardening at 1350 °! 
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Fig. 6—Effect of Vanadium on the Aging Characteristics of Heats 6933 an 
6936. Solution treated 1 hour at 1950 °F, oil-quenched 


The bars were cut into small specimens, 54 inch in diameter by 
inch long, and solution treated one hour at 1950 °F, except as noted 
Fig. 3 shows that the grain size, as determined on heats 6925 throug! 
6936, ranges from ASTM No. 4 to 5% for this solution treatment 
Hardness readings were taken on all of the specimens following solu 
tion treatment. The specimens were then aged at the following tempera 
tures using a separate specimen for each aging time : 1200, 1300, 1350, 
and 1400 °F. At 1100, 1500, and 1600 °F, one specimen from each heat 
was used for each temperature and aged progressively longer times 
The hardness readings were all made on a Vickers hardness tester 
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of Molybdenum Content on the Aging Characteristics, in 
we f 1100 to 1600 °F, f Alloys Containing 1.9% 
Soluble Titaniun 














iumMm- To 


Fig. 8—A Typic ot ¢ he Effect of Soluble itanit ontent on the 

Aged Hardness at 1300 °F as a Function of ging m Plotted points 

ire taken from hard vs time curves for all alloys and e not experi 
mental points 


using either a 30 or 50-kilogram load and at least three impressions 
were made on each specimen. 

rhe curves of hardness versus aging time were plotted for all aging 
temperatures for each of the alloys studied. An example of such curves 
is given in Fig. 4+. From these curves, comparisons were made of the 
effect of two solution treatment temperatures (see Fig. 5), two vana- 


dium levels ( Fig. 6), and two molybdenum levels ( Fig. 7) on the hard- 
ness. To determine the effect of titanium on hardness, a plot was made 


f hardness versus per cent soluble titanium for various aging times at 
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Fig. 9—Average Aging Curves for Alloys Aged at 1300 °F. Solubk 
titanium content is equal to % titanium—4X % carbor 
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a given temperature. The points for this plot were taken from the 
hardness-aging time curves and actual experimental points were not 
used. An example of this type of plot is given in Fig. 8. From curves 
of the type shown in Fig. 8, new hardness versus aging time curves 
were plotted for the following soluble titanium contents: 1.2, 1.3, 1.4 
1.6, 1.8, 2.0, 2.2, and 2.4 per cent, as shown in Fig. 9. These latte: 
curves were then used to plot the master curves shown in Figs. 10 
through 12. 
Discussion OF RESULTS 
The effect of solution treatment temperature was not rigorous! 

investigated ; however, a series of aging specimens was solution treated 





AGE HARDENING OF IRON-BA ALLOY 





Lower Branch of 
Curves is forO% 
Molybdenum, 

pper Branch is 
for 34% 


Molybdenum 














} ie 
1 Hour Aged Hardness of lloys with Varying Soluble 
itanium Content and Mol ntent 














1800 °F for 1 hour and aged at 1350°F. These specimens were 


mpared with other specimens which had been solution treated for 


hour at 1950 °F and aged at 1350 °F. The results of these tests are 
shown in Fig. 5. The results for all of the heats except 6931 are iden 
g I 


Phe difference between specimens of heat 6931 treated at 1800 °F 
1950 °F would appear to be exceptional 


nd those heat treated at 
Chere was an initial difference in solution-treated hardness of 27 DPH, 
hich is unusual, and this alone may be responsible for the difference 
hardening. The two sets of specimens are very nearly the same 


hardness after 256 hours, so there would appear to be no real difference 
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Fig. 13--Maximum Hardness Obtained on Aging Alloys with Varying 
Soluble Titanium Content at Various Temperatures. All specimens 
were solution treated 1 hour at 1950 °F and oil-quenched prior to aging 
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Fig. 14—Time to (Maximum Hardness—5 DPH) for 

Alloys as a Function of Temperature. Soluble titanium 

contents from 1.18—2.26%, molybdenum contents from 

0.03—3.33%. Specimens all solution treated 1 hour at 
1950 °F and oil quenched prior to aging. 
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he hardening response between the specimens given one or the other 


ition heat treatment. 
he effect of vanadium on the hardening reaction can be seen by 
paring the results of aging heats 6933 and 6936. These results, 


wn in Fig. 6, give clear evidence that vanadium does not enter into 
he aging reaction with respect to the amount of hardening or the rate 
ardening. 
The effect of molybdenum on the age-hardening reaction can be 
een in Fig. 7. There is practically no difference in the hardness be- 
een heats 6931 and 6965 when aged in the range of 1100 to 1400 °F. 
wever, if the aging temperature is increased to 1500 or 1600 °F, the 
olybdenum content begins to exert an influence on the hardness. 
[here are not sufficient data to determine accurately the amount of 
lybdenum necessary to produce hardening in this range ; however, it 
uld appear to be between 2'4 and 314% at 1400 to 1600°F. The 
ta from all of the heats show that an incubation period is connected 
with this precipitation reaction in contrast to the titanium precipitation 
\t 1400 °F, the incubation period is of the order of 50 to 100 hours. 
[he incubation period is reduced at 1500 °F to approximately 25 to 50 
hours and at 1600 °F to approximately 12 to 25 hours. 
lhe solution-treated hardness is increased by the addition of molyb- 
denum, as shown in the following table: 
\verage Hardness as Solution 
Treated One Hour at 1950 °F 
and Oil-Quenched 
120 + 10 DPH 
129+ 10 DPH 
134+ 10 DPH 
138 + 10 DPH 
lhe scatter in hardness is approximately double the spread normally 
inherent in Vickers hardness readings in this range, and is not con- 
sidered to be a significant variation in results 
Figs. 10, 11, and 12 show the resultant curves obtained by averaging 
the data for all heats. In general, all test data hardness curves for all the 
loys tested are within +10 DPH of the values given in these curves. 
It was necessary to conduct further aging experiments at 1250 °F 
because of the rapid change in hardness occurring between 1200 and 
1300 °F. These tests were run for 20 hours and 40 hours only. The 
aximum hardness obtainable is shifted to lower temperatures as the 
wing time is increased from 8 to 40 hours. For times to the right of 
the peak, shown in these curves, the material is over aging, and to the 
left the material is still in the process of increasing its hardness. The 
break in the curve which occurs between 1200 and 1300 °F is shifted 
toward lower temperatures as the time is increased. The maximum 
hardness which can be obtained for any combination of aging tempera- 
ture and soluble titanium content is given in Fig. 13, and the time 
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1950 °F and Aged at 1300 °F. 
required to obtain the maximum hardness is given in Fig. 14. Th 
maximum hardness obtainable is apparently still increasing as aging 
temperature is lowered below 1200°F; however, the aging time to 
obtain this hardness at 1100 °F is between 2000 and 4000 hours. There 
will be a maximum in the obtainable hardness curve, and, from the data, 
this peak should lie between 1100 and 1200 °F. 

The time to maximum hardness is very difficult to obtain accurately, 
so a time value was taken for a point 5 DPH below the maximum hard 
ness for Fig. 14. The times given in Fig. 14 are, therefore, on the low 
side for maximum hardness, but for all practical purposes, this is of 
little importance and should not influence the slope of the curve appre 
ciably. The calculation of an activation energy for such a process is ver) 
easy, but it may have little or no fundamental physical significance du 
to the numerous competing reactions which comprise the overall r¢ 
action. lor those who desire such a value, it is 72,500 cal/mol, which is 
very close to what might be expected for the activation energy for th 
diffusion of substitutional elements in austenite. 

From work by Pennington,* on dimensional changes which occur 
in these alloys during aging, it appears that a relatively constant volum« 
of precipitate, independent of temperature, has been reached after on 
to two hours at aging temperatures between 1200 and 1400 °F. As ai 
example of the type of curve obtained in this work, Fig. 15 gives results 
for four heats at 1300 °F. The contraction is slightly greater at lower 
temperatures as would be expected. However, the time required to giv: 
the maximum contraction, or at least 95% of it, did not change wit! 
temperature in the range of 1200 to 1400 °F. No test was conducted 
at 1100 °F. At 1500 °F, the maximum dimensional change occurred 


* Unpublished research. 
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Effect of Aging Temperature and Time on 
x Mx (a) Solution treated 1 Hour at ) 
irs at 1200 °F. 315 DPH; (c) Aged 272 Hours at 130 95 ‘ (d) 
urs at 1401 * 253 DPH. Original magnification red 1 ; in reproduction 


1 to 2 hours; however, the magnitude of the change was only half 
i that occurring between 1200 and 1400 °F. At 1600 °F, no change 
vas detectable. Pennington’s data would indicate that most of the 
hardener is precipitated in 1 to 2 hours, and that after this period the 
recipitate is redistributed by the resolution of precipitated particles 
ind the diffusion to neighboring particles. As the particles redistribute 
ind grow, the distance between particles will accordingly increase. In 
line with the dislocation theory of precipitation hardening,* the 
hardness will increase to a maximum as the spacing is increased and 
then will decrease as ‘“‘overaging” takes place 
(he microstructures of specimens from some of the heats were 


<amined and typical resulting structures are shown in Figs. 16 and 


A. H. Cottrell, Dislocations anc last Flow in Crysta ) Oxford University Press, 
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Fig. 17—Effect of Aging Temperature and Time on Microstructure of Heat N 6% 


2.03% Ti, 0.03°% Mo. (a) Solution treated 1 Hour at 1950 °F. 124 DPH b) Age 
Hours at 1200 °F. 320 DPH; (c) Aged 256 Hours at 1300 °F. 295 DPH; (d) Age 
Hours at 1400 °F. 258 DPH. Original magnification * 500 reduced 4 in reproductior 


17. All samples were etched using a solution of one part HNQOs, thre: 
parts HCL, and three parts glycerine. Fig. 16 is of specimens wit! 
3.33% Mo and Fig. 17 is of specimens with 0.03% Mo. The speci 
mens have an average soluble titanium content of 1.90%. 

Because of the limited space that can be allotted to the publication o! 
photomicrographs, it is not possible to present complete evidence of! 
the structural changes which will be noted here. An additional limita 
tion in exhibiting a few photomicrographs of a series is the problem « 
preparing all examples exactly the same so that false impressions aré 
not created in the reader’s mind. The following observations are the 
result of viewing the structures of more than 250 specimens. 

The grain boundaries and twin lines become better defined as either 
aging temperature or time are increased because of heavy precipitation 
in these areas. The general precipitation within the grains is not obviou 








1200 °F in any of the specimens containing 3'4% molybdenum but 


s become more apparent as the temperature is increased. The visible 
pitate within the grains appears to lie along lines which may be 
grain boundaries. The specimens which do not contain molybdenum 
w a different general precipitation. These specimens show a general 
rkening of the grains, in some cases even in the solution-treated 
lition, and for long aging times at high temperatures the particles 
ne very large and easily resolvable at 500X. As has been observed 


ier, however, this apparent difference in aging does not affect the 


Iness. There is no convenient explanation for this observation and 
her work is required to identify the apparent change. 

he effect of increasing the titanium content is not obvious, and 
re is little reason to believe that such a difference could be detected 
the light microscope. Further work is being done using the electron 
roscope and x-rays to determine the changes taking place during 


SS 


CONCLUSIONS 
t is obvious from the work presented here that there are many things 
ive yet to learn about the effect of precipitation hardening on the 
echanical properties of alloys. The author has not studied the effect of 
ious solution-treatment temperatures, nor the effect of complex 
ging treatments. The points that have been brought out in this work 


1. Soluble titanium contents of 1.3% and below do not produce 
sufficient hardening to be of much practical importance. 

2. This alloy system shows age hardening at temperatures be 
tween 1100 and 1600 °F. 


3. Molybdenum contents above 2'4°% produce hardening above 
1400 °F. 
+. Vanadium does not visibly affect the aging reaction. 


The time to maximum hardness as a function of aging tem 
perature gives an activation energy for the hardening reaction 
of 72,500 cal/mol between 1200 and 1400 °F. 

6. Ninety-five per cent of the precipitate is nucleated in the first 
eight hours of the aging reaction at temperatures from 1200 to 
1400 °F, 


It is hoped that this work may serve as a basis for further study of 
his important high-temperature alloy system 
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PREPARATION OF FeO, NiO AND CoO CRYSTALS 
BY HALIDE DECOMPOSITION 


By R. E. Cecu ano E. I. ALESSANDRINI 


Abstract 

A new method has been found for producing crystals of 
FeO, NiO and CoO. Oxide crystals are produced by ele- 
vated temperature decomposition of metal halide in an at- 
mosphere which has hydrogen and water vapor in the 
proper ratio to be in equilibrium with the monoxide phase of 
the metal. The metal halide decomposition occurs on an 
MgO crystal surface and deposits oxide in an epitaxially 
oriented film. The single crystal oxide film is as large in 
area as the substrate MgO crystal and grows to a thickness 
which is determined by the amount of reactants supplied to 
the surface. Oxide crystal films 500 microns in thickness 
have been produced. (ASM-SLA Classification: N3r; Fe, 
Ni, Co, 14-68) 


INTRODUCTION 


TUDIES OF transition metal monoxides have been hampered by 

the great difficulty in producing single crystals. Thin oxide films 
have been produced by controlled oxidation of metal crystals (1,2).' 
These films are not always single crystal, however, and are useful pri 
marily in the determination of metal-oxide orientation relationships 
Grains of FeO and CoO a few millimeters in diameter have been ob 
served in recrystallized oxide formed during controlled oxidation of 
iron and cobalt disks (3). Separation of grains to produce single crys 
tals, however, would be a difficult operation. Recently, NiO and CoO 
crystals formed in a flame fusion method have been produced by the 
Linde Company. These have been used in studies of crystal structure 
(4,5) and antiferromagnetism (6). 

During the course of an investigation of reactions occurring between 
transition metal halides, hydrogen and water vapor a new method of 
forming transition metal oxide crystals was found. Metal halide and 
water vapor could be decomposed on a magnesium oxide substrate to 
form the metal oxide. This report summarizes the method of prepara 


1 The figures appearing in parentheses pertain to the references appended to this paper 

A paper presented before the Fortieth Annual Convention of the Society, hel: 
in Cleveland, October 27 to 31, 1958. The authors, R. E. Cech and E. I. Ales 
sandrini, are associated with General Electric Company, Metallurgy and C¢ 
ramics Research Department, Schenectady, N. Y. Manuscript received April 21, 
1958. 
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n and establishment of the orientation relationship between oxide 
rystal and substrate. It is believed that future studies of oxide prop- 
erties and phase transitions involving oxides will be greatly facilitated 
this new method of preparing single crystals. 


EXPERIMENTS 


Crystal Preparation 


[he apparatus used in forming oxide crystals is illustrated schemat- 
ically in Fig. 1. Chlorides or bromides of iron, nickel or cobalt were 
spread in a thin layer on disks of the respective metals. Graphite was 


























Fig. 1—Apparatus Used for Forming Oxide Crystals 


used as the support for cobalt halides. Cleaved plates approximately 
| millimeter thick, of Norton “magnorite” MgO crystals were placed 
over the halides and separated from it by alumina beads or pieces of 
wire. A short sawed segment of quartz tube having the same diameter 
is the metal disk was placed around the crystals. A number of such 
issemblies were stacked, thus enclosing each crystal in a small chamber. 
Che stack of reaction chambers with radiation shields above and below 
was placed in a vertical quartz tube. The bottom end, which would 
remain at room temperature, was wax sealed to a water-cooled metal 
plate. Gas inlets were provided in the metal plate and at the top of the 
quartz tube. The assembly was heated to the reaction temperature 





TRANSACTIONS OF THE ASM 


within 5 minutes by bringing a preheated split vertical furnace around 
the tube. 

The time for complete reaction of halide in the system varied between 
1 and 24 hours depending upon vapor pressure of the halide and the 
amount of halide used. 

The atmosphere used for deposition of FeO consisted of a mixture 
of hydrogen and water vapor in a ratio corresponding to the ratio 
existing at the oxidation-reduction equilibrium of iron at the tempera 
ture of reaction. The gas was prepared in the following way : a mixtur: 
of 15% hydrogen, 85% argon from a premixed tank was diluted with 
argon to a predetermined hydrogen concentration. It was next bubbled 
through water at 95 °F, then passed through a condenser at 77 °F. The 
final gas mixture could be passed through unheated tubing to the ap 
paratus without danger of composition change through moisture con 
densation. The gas entered the reaction chambers from the quartz 
tube by diffusion between the metal plates and quartz rings. 

The atmosphere used for deposition of NiO and CoO was pure water 
vapor. A large quantity of water was placed in the lower, room tem 
perature end of the quartz tube. A water aspirator was connected to the 
gas outlet tube at the top of the chamber. This was used to pump th 
system continuously at a pressure of 25 millimeters of mercury during 
the reaction. 

The oxides FeO, NiO and CoO form by the reaction : 


MX: +H.O —>MO.+2HX« 
‘g) io 


where M is iron, nickel or cobalt and X is chlorine or bromine. Th: 
reaction with fluoride or iodide salts was not examined. Deposition 
of MnO was not attempted. It is likely, however, that MnO could be 
formed under experimental conditions similar to those described here 

The reaction 1 is catalyzed on an MgO surface. If foreign oxide 
catalysts are removed by pretreating the system in a dry HX atmos 
phere, thereby causing the reverse reaction | to operate, deposition of 
MO can be confined exclusively to the MgO crystals. This is considered 
strong evidence that the reaction occurs on the MgO surface rather 
than in the vapor phase. The latter case would be expected to produce a 
deposit of MO on all surfaces in the reaction chamber. 


Table I 


Reaction Crystal Surface 
Temp. Atmosphere Thickness Orientat 


720°C HO/He= 1-10 w 001|MeO 
0.45 


HO, 25mm variable 111!}Me0 
1330 °F) Hg. 
040 °C HO, 25mm 1-500 yu 001!}MgO 
(1185 °F) Hg. 
570°C HO, 25mm lu 001)Me0 
(1060 °F) Hg. 
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lhe deposition of MO occurs on all surface orientations of MgO. 
[his includes {001} cleavage surfaces, {011} parting surfaces and 
m-crystallographic growth faces on MgO crystals. Under some con 
ditions of deposition the MO surface is parallel to the MgO surface and 
under other conditions the MO forms pyramids having surfaces paral- 
lel to {111} MgO regardless of the orientation of the substrate surface. 
[he conditions for deposition and types of MO surfaces are sum- 


marized in Table I. 


Fig. 2—Cross Section of an FeO Crystal Film on MgO Substrate. x 1000. 


MgO-MO Orientation Relationship 
The oxides FeO, NiO and CoO are cubic, NaCl type, as is MgO. 
lhe MO lattice parameters differ from MgO by a few per cent at most. 
It was, therefore, reasonable to expect an orientation relationship. A 
number of clearly observable surface features suggest a precise relation- 
ship between MO and the substrate MgO crystals. 
1. MO films possess cleavage parallel to {001} cleavage of MgQ. 
Fig. 2 shows a cross section of an 11 micron FeO film on 
MgO. One cleavage surface is in the plane of the photomicro 
graph. The other can be seen as a step perpendicular to the film 
plane. 
NiO films formed from chloride decomposition coat the MgO 
substrate completely but grow pyramids having all faces paral 
lel to {111} MgO. 
MO films do not form continuously across large angle grain 
boundaries in MgO polycrystals. Rather, the film terminates 
at each MgO crystal in a series of faces parallel to {111} MgO 


Reflection-type electron diffraction patterns were obtained from the 
surfaces of FeO, NiO and CoO films as they appeared on the MgO sub 
strate crystal. The oriented single crystal film patterns are shown in 
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Fig. 3—Photographs of the Reflection Type Electron Diffraction Patterns from the D 
posited Single Crystal Films and the MgO Substrate 
a—Pattern showing FeO on MgO with the FeO oriented with the {001} plane parallel t 
the cube face of the MgO 


Pattern showing the {001} plane of MgO after the FeO film was 
surtace 


b- lissolved off the 
‘ 


Pattern showing NiO on MgO with the same orientation. 
d—Pattern showing CoO on MgO with the same orientation 


Fig. 3 as well as the pattern from the surface of a MgO substrate 
crystal after dissolving off the FeO film. In each case, the electron beam 
was nearly parallel to the {001} face of the MgO crystal. The array of 
spots in the observed patterns corresponds to an orientation relationship 
between MO and MgO of 


(001) MO//(001) MgO and [100] MO//[100] MgO 





\dditional evidence for an identical orientation of MO and MgO 
s obtained by placing cube oriented coated MgO crystals in a Gen 

Electric XRD 3 diffractometer and obtaining reflections from 
th (001) MgO and (001) MO. With coated MgO crystals having a 


110) parting surface oriented in the x-ray beam, reflections could be 
obtained from both (hhO) MgO and (hhO) MO. Lattice parameters 





36 TRANSACTIONS OF THE ASM 


were normal for each oxide. It is likely that complete lattice registry 
existed in the first few layers of MO deposit but this registry was lost 
as the films became thicker. 


Growth Features of MO Formation 


The deposition of MO is believed to be accomplished by a surfac: 
reaction between H2O and M Xz adsorbed at the steps of screw disloca 
tions. The MO film in many cases is observed to have the same subgrair 
pattern as that observed in the underlying MgO crystal. In some cases 
growth spirals can be observed on the MO surface. Fig. 4 shows 
double growth spiral on a (001) NiO surface. The spiral edges ar 
parallel to [110] NiO. If a rapid buildup of the spiral takes place 
pyramid having {111} faces results. This also occurs where lateral 
growth on (001) MgO is restricted. These observations suggest that 
deposition of MO on MgO or MO is most rapid on {001} planes and 
least rapid on {111} planes. 

MO films form with most uniformity at relatively low temperature 
such that the metal halide vapor pressure equals only a few mm Hg 
Bromides produce films of more uniform thickness than do chlorides 
Nickel chloride in sufficient quantity produces a thick film of NiO 
which has a surface consisting of 100% {111} faces. The surface is 
composed of rows of pyramids. 

The films of NiO formed by halide decomposition are poisoned in 
some unknown manner upon cooling to room temperature. No general 
deposition is observed when NiO coated MgO crystals are reheated 
under conditions favoring further deposition of NiO. There were some 
indications that decreasing temperature fluctuations of under 100 °C 
(210 °F) after deposition had begun would cause a similar poisoning 
of the surface. There were certain local regions on the NiO surface 
on which deposition would continue when the crystal was reheated 
These were primarily cracks which were caused by the differential 
thermal contraction of NiO and MgO during the initial cooling from 
the deposition temperature. In Fig. 5 can be seen rows of growth pyra 
mids overlaying cracks in a flat NiO film formed in a previous run. 

CONCLUSION 

MO crystals can be readily formed in simple laboratory apparatus 
using halide decomposition on cleaved MgO crystals. Crystal thickness 
ranges from microns to nearly a millimeter, depending upon the amount 
of reactants used. These MO crystals having precise cubic orientatiot 
lend themselves readily to studies of the properties of transition metal 
monoxides. An example of one such property is the antiferromagneti 
ordering which occurs in NiO. Films of NiO observed by transmitted 
light under crossed Nicols show antiferromagnetic domain patterns 

In addition to studies of oxide properties the important process of 
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Written Discussion: By U. Martius, research fellow, Department of E: 
neering and Metallurgy, Ontario Research Foundation, Toronto. 


This paper by Cech and Alessandrini on the preparation of FeO, NiO a 
CoO crystals by halide decomposition, constitutes an extremely important c 
tribution, not only to crystal preparation techniques but also to our understanding 
of crystal growth. 1 am most interested in finding out more about the contribu 
tion which the MgO crystal makes to the formation of the metal oxide sine] 
crystals. 

If the MgQ® crystal mainly provides a suitable lattice onto which the met 
oxide grows, it would seem that the latter should grow under equal conditior 
and with equal ease onto its own substrate. 

lf, however, the MgO crystal is truly the site of a catalytic reaction, the latte 
would depend very much on the state of the MgO surface and on surface al 
sorption and surface contamination. 

In the interest of our very limited knowledge of the mechanism of cryst 
growth, it would be most interesting to have some experimental answers to thes 
questions. I would be equally interested to hear more about the briefly mentioned 
poisoning of nickel oxide films. Is that in any way related to magnetic transition 
or changes in antiferromagnetic domain structure ? 

Finally, I would like to draw attention to the potentialities this experimental 
technique might have as a tool for investigation of imperfections or similar proj 
erties in MgO crystals. 

R. J. Stokes, T. L. Johnston and C. H. Li have discussed recently ( Philosophi 
cal Magazine 8th series, Vol. 3, 1958, p. 718) the crack formation in magnesiun 
oxide single crystals. It would appear most promising to attempt to grow meta 
oxide crystals on to their type of materials and try to pinpoint the areas of crac! 
formation by their possibly accentuated activity as growth centres. 

Written Discussion: By O. S. Heavens, Royal Holloway College, University 
of London, London, England. 

The use of epitaxial growth as a method of obtaining single-crystal films has 
so far been restricted almost entirely to formation by thermal evaporation or by 
electrodeposition on to the substrate. The work described here suggests that th 
method may be extended to materials for which evaporation or electrolysis ar¢ 
not suitable. Magnesium oxide is in fact a suitable substrate for epitaxial growtl 
of iron and nickel films although a disadvantage is that the film cannot be re 
moved. Removal is essential if properties which are strain-sensitive are to be 
studied and this is the reason for the frequent use of rocksalt as a substrate. The 
film can be freed by solution of the underlying crystal although the inevitable ex 
posure of the film to water is a drawback. 

The electron diffraction patterns shown suggest that the oxide films are les 


distorted than those obtained by oxidation of the pure metal—possibly becaus: 
of the higher formation temperature. It would be of interest to get an idea of 
the density of dislocations for these films. Also electron micrographs of the filn 


surfaces would reveal whether the oxide film grows continuously over the smal 
cleavage steps generally found on MgO surfaces. 
Written Discussion: By T. K. Bierlein, Physical Metallurgy Operation, Ha 
ford Laboratories Operation, General Electric Company, Richland, Washingtor 
The preparation of single crystals, frequently a painstaking major operation 
is an essential ingredient for the solution of many basic problems. The authors 
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be commended for their simple recipe for preparing single crystals of the 
sition metal monoxides. As the authors have indicated, the method should 
itself to many analogous investigations 
m a scientific point of view an important question which stems directly from 
ervations included in the paper should be answered. When the MgO, con 
to be a catalyst for the decomposition of MX» + H:O into MO, is 
red by the MO film, the MO must provide the nucleation sites or screw 
cations responsible for the selective deposition observed. Why should the 


\ieQ which possesses less favorabk lattice registry and bond coordination be 


susceptible to thermal poisoning than a NiO substrate 


Authors’ Reply 


replying to Professor Mack, the authors would like to amend the statement 


taining to the formation of cracks in nickel oxide films. Experiments on re 
ction of nickel oxide * have shown that cracks form at the temperature of 


ide formation rather than on cooling as indicated in the paper. In addition to 


racks occasionally found in nickel oxide overgrowth crystals, one frequently 


es lines on the cubic surface oriented in a [100] rection. These could be slip 


~ 


traces As Professor Mack points out, one should expect slip to occur tl 
kel oxide crystals if they are under stress 

he cracks and possible slip line traces are consistent with the hypothesis that 
el oxide deposits coherently with the substrate and is, therefore, strained 
89% biaxially in tension. As-the overgrowth thickens, the strain is relieved 
slip which introduces edge dislocations. If this pictu is correct, one should 
ct that the crystals, after removal from the substrate would curve concave 
vards the substrate. Such curving of the crystals is indeed observed. According 


1 


the above hypothesis overgrowth crystals should crack only when slip is 


mehow prevented from occurring at a stress lower than the fracture stress of 


crystal 
he experiments proposed by Profe ssor Mac k « uld he carried out only to a 
her limited extent as the list of permissible substrate crystals is severly re 


ted by the needs for both thermal stability and resistance to hydrogen halide 


ttack. Any success achieved in such experiments would be of great value in 


he crystal rowth process 


ching an improved understanding of t 


’r. Martius has raised some very interesting points which we can answer only 
i limited extent at this time 


4 


\Ithough magnesium oxide in the as-cleaved st r etched with hydrochloric 


id will readily accept an oxide crystal overgrowth, it can be treated so that it 


' 


not do so An extended etch in concentrated sulphuric iC id is one such 
tment which renders the crystal unsuitable for use as a deposition substrate 


is possible that the “poisoning” mechanism here is different from that which 


1 


ted on nickel oxide to prevent crystal growth. Further experiments on the 
tiveness of magnesium oxide crystal growth substrates as a function of pre 
itment should help to clarify the nature of the poisoning effect on magnesium 

de 

Our conclusion, that the halide decomposition was catalyzed by magnesium 

ide, was based solely on the observation that the metal oxides deposit only on 


e magnesium oxide in the reaction chamber, with the exception of some halide 
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decomposition in situ. If the magnesium oxide did not play a part in the d 
composition reaction one should expect to find the metal oxide dispersed throug 
out the reaction chamber in powder form. 

It is unlikely that the antiferromagnetic transition plays a part in the cryst 
growth process or the poisoning of it. As mentioned earlier, the poison appear 
to be some impurity in commercial nickel bromide. The antiferromagnetic chang: 
does appear to cause a spontaneous separation of thick (>0.2mm) nickel oxid 
crystals from the substrate as crystals are cooled from the deposition tempera 
ture. 

Dr. Martius’ suggestion to use the crystal growth process to help in observing 
defects in magnesium oxide crystals has interesting possibilities. However, 
sults obtained with a technique such as is suggested here would be subject 
uncertainty arising from the annealing treatment which the magnesium oxi 
would undergo during deposition of the overgrowth crystal 

The authors thank Professor Heavens for his valued remarks concernin 
work. We agree that it is highly desirable for some purposes to remove the 
from the substrate. 

Recently, we have found that nickel oxide and cobalt oxide crystals can b 
leased by dissolving the magnesium oxide in dilute (15-20%) sulphuric acid 
85% phosphoric acid held just below the boiling point. The overgrowth crysta 
are not attacked by this solution. A few attempts have been made to dissolve tl 
substrate from Wustite crystal films but these have not been successful 

The dislocation density in these films is at least as high as in the magnesiu 
oxide substrate and probably much higher. Dr. W. G. Johnston of this laboratory 
has found that the magnesium oxide crystals supplied by Norton Company hay 
on the average, about 5 x 10° grown-in dislocations per square centimeter 

We have not been successful in finding a dislocation etch for the overgrowt!l 
crystals so do not have a direct measure of the dislocation density. There is son 
indirect evidence that there are at least 8 x 10° dislocations per square centimet 
on cube-oriented nickel oxide crystals. This figure was obtained by counting tl 
nickel crystals formed on a very slightly reduced nickel oxide crystal. This fir 
ing coupled with auxiliary evidence that oxide reduction begins at dislocatior 
leads us to believe that the dislocation density is of the order of 10° per squa 
centimeter. 

The overgrowth crystals grow continuously over cleavage steps in the mag 
nesium oxide crystal. Frequently, spiral growths of large step height are forme 
along cleavage steps in the substrate crystals. This is believed to occur whet 
the magnesium oxide near a cleavage step has been plastically deformed. It 
generally desirable to remove plastically deformed regions near the surface of tl 
cleaved crystals by an extended etch (24 hours) in concentrated HCl befor 
depositing the oxide overgrowth. 

\s Dr. Bierlein has pointed out, the problem of crystal growth poisons ts 


certainly an important one. Until recently there has been no theory which allows 


one to explain observations such as the one reported here. Sears ** has outli 
a mechanism for the poisoning of crystal growth which appears to be very helptu 
According to Sears, the poisoning agent adsorbs at crystal growth steps 


* Private Communication. 


** G. W. Sears, Journal of Chemical Physics, Effect of Poisons 
1958 
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npetition with the major constituents of the crystal. The poison is relatively 


ffective unless it can succeed in complete mono-step adsorption. In this 
e, where material transport to the growing crystal is through the vapor phase 
effectiveness of a growth poison would depend upon both the amount present 
the system and its volatility relative to nickel bromide. At a high temperature, 
kel oxide could be deposited on the crystal at a sufficiently high rate to pre 
t complete coverage of the growth step by the poison. If the temperature of 


1 


system is lowered, the vapor pressure of nickel bromide drops to essentially 
\ more volatile impurity might then adsorb on all growth steps and poison 
surface against further growth 

We have indirect evidence that the growth poison is an impurity contained in 

mmercially available nickel bromide. Nickel oxide crystals prepared from 
purity nickel bromide * are not poisoned on cooling to room temperature.* 

There is no reason why we should assume a priori that magnesium oxide 

uuld be more easily poisoned than nickel oxide. Any given poisoning agent 

uld be expected to react differently with one crystalline material than with 

ther. This would result in a greater poisoning effect on magnesium oxide in 

ne cases and on nickel oxide in others 

We cannot hope to answer Dr. Bierlein’s question without identifying the poisor 


examining its edge adsorptivity to nickel oxide and to magnesium oxide 





SPIRAL GROWTH DURING VAPOR DEPOSITION 
OF CADMIUM 


$y W. I. Pottock AND R. F. Men 


Abstract 


The macroscopic spiral growth of cadmium upon the 
basal hexagonal planes of cadmium has been observed and 
studied during actual deposition from cadmium vapor. 
These spirals, visible at 75 diameters and having heights 
between 300 and 2000 A., originated at ridge boundaries of 
crystals grown on substrates formed by melting and then 
freezing deposits of cadmium which had been previously 
sublimed from the vapor phase. Even in this case, most 
growth was by means of layer formation. 

A sequence of photographs illustrating the stages of de 
velopment and growth of these macroscopic spirals has 
revealed the formation of the initial step, which thereafter 
grows spirally. Many unresolvable steps of small height 
emanating from the center of the spiral can aggregate into 
steps of large height, which are visible some distance from 
the center of the spiral. Conversely, steps can dissociate into 
smaller steps during growth. (ASM-SLA Classification: 
N15g, N12n; Cd) 


HE INTEREST in the basic mechanism of crystal growth, of 

great importance in metallurgy, remains high, and there has been 
much progress in recent years (1).' Presumably, the simplest example 
of crystal growth is deposit from a vapor phase upon a crystal. Crystals 
of metals have been prepared this way and studied after completion of 
growth, a procedure that loses the history of the evolutionary events 
during growth, for example, see Straumanis (2). McNutt and Meh! 
(3) studied the growth of cadmium crystals from cadmium vapor by 
means of optical observations on growing crystals during growth, em 
ploying a microscope and interferometer. 

Classical theory postulates the successive nucleation of monoatomi 
layers and their lateral growth. Classical theory had shown its limita 
tions earlier, for it was observed that crystals grew at appreciable rates 
at which growth should have been negligible (4); to overcome this 
i i The figures appearing in parentheses pertain to the references appended to this paper 

A paper presented before the Fortieth Annual Convention of the Society, held 
in Cleveland, October 27-31, 1958. Of the authors, W. I. Pollock is Research 
Metallurgist, Pigments Department, Experimental Station, E. I. du Pont de 
Nemours & Company, Wilmington, Delaware, and R. F. Mehl is associated with 
the Department of Metallurgical Engineering, Carnegie Institute of Technology, 
Pittsburgh, Pennsylvania. Manuscript received October 29, 1957. 
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difficulty the occurrence of spiral dislocations emerging from the 


growing surface was postulated, for they would permit growth at low 
supersaturation avoiding the necessity of the nucleation of monomole- 
cular layers of a critical size (4). This theory has been essentially con 


firmed by the observation of growth spirals (5). Such spirals have 
been observed in recent vears on metal crystals after growths under 
a variety of conditions. 

McNutt and Mehl made observations on crystals which had never 
been melted. The present paper reports results on a similar set of ex- 
periments with but one difference: after the initial deposition of a 
layer of crystals, this layer was melted, then frozen, and the process of 
further growth from the vapor continued and observed. This technique 
produced spirals. 


IEXPERIMENTAL PROCEDURI 


The general experimental procedures are similar to those used by 
McNutt and Mehl (3). The manner of observing crystal faces in a 
“growth cell,” Fig. 1, while growth is occurring, by means of both 
an ordinary optical and a two-beam Linnick interferometric micro- 
scope (6) was basically unchanged. 

Cadmium, New Jersey Zinc Company’s “Super Purity” grade, was 
transferred to the vapor source well of the growth cell. The temper- 
ature of the growth cell and, thus, the cadmium vapor source, was 
maintained above the melting point of cadmium, 321°C (610°F) ; 
the temperature of the substrate was controlled at a temperature lower 
than the vapor source. A supersaturated cadmium vapor was thus 
obtained. 

\ deposit of cadmium on the inert metal substrate was formed in 
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the usual manner (3). This deposit, composed of columnar crystals 
with the basal hexagonal crystal face normal to the growth directio: 
was allowed to grow from the vapor until at least 44-inch of cadmiun 
had formed. These crystals were examined for spiral growth features 
through the heated window with the optical system; none was ever 
found. 

Differing from the technique of McNutt and Mehl, the deposit was 
then melted by bringing the temperature of the vapor above that 
the melting point of cadmium and by disconnecting the temperatur: 
controlling unit of the substrate. The temperature of the substrate thus 
rose to the temperature of the vapor and the cadmium deposit melted 
Molten cadmium remained on the substrate in a lenticular shape. 

The liquid layer was solidified by cooling the substrate and tl 
temperature set so that a supersaturated vapor was again present in the 
growth cell. Cadmium crystals then grew further on this melted and 
subsequently solidified cadmium substrate. 

Different parts of the substrate and different parts of the individual 
crystals were searched with the optical system. Interesting spiral 
growth features were photographed sequentially; immediately after 
each photograph an interferogram was taken. 

Spiral growth features were usually barely visible and appeared ex 
tremely faint on the negatives. Measurements were made directly 
from prints at 75 diameters to the nearest 0.025 centimeter. The pre 
cision of the step heights is at best 300 A. and this must be borne in 
mind when examining the interferograms. 

Only those crystals with basal planes within a degree or so of normal 
to the optical axis could be seen. The more closely the angle between 
the basal plane and the axis of the microscope approached 90 degrees 
the brighter the surface appeared. This offered an easy way to deter 
mine “ridge boundaries” (3), since the two sides of the ridge bound 
ary are of different brightness. The angle at the ridge boundary was 
easily determined quantitatively by the direction of the interferometric 
fringes on either side; such measurements will provide the tilt at th 
ridge boundary, but will unfortunately not determine any twist com 
ponent. Where interferometry was not possible, the difference in shad 
ings of the ridge boundary provided a qualitative measurement of the 
angle. The displacement of fringes provided quantitative measure 
ment of step heights. Observations were made at various source and 
substrate temperatures. 


RESULTS AND DISCUSSION 


Primary Observations 


On solidification of the liquid deposit upon the substrate, the cry 
tals grew perpendicularly to the substrate surface. The lateral dimen 
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ns of the crystal surfaces were generally larger than those obtained 
[cNutt and Mehl employing sublimation on a cold substrate only. 
he longer the cadmium remained molten on the substrate, the greater 
the number of growth spirals observed. Holding the metal molten for 
times longer than one minute, in general, insured spiral growth. Spiral 
wths were observed at ridge boundaries both convex and concave 
to the observer. Most of the growth occurred by layer formation as 
ted by McNutt and Mehl. 
The crystals which grew on the frozen substrate merely extend these 
stals away from the substrates. The (00.1) faces were parallel to 
he substrate surface. These crystals revealed low-angle boundaries, 
lled ridge-boundaries. 
Many of the crystals kept the same topography throughout an ex- 
perimental run. Any growth lateral and perpendicular to the basal 
lace changed neither the angle of the ridge boundary nor the inter 
ference pattern across the sides of the ridge boundary. 


Example of Spiral Growth 
Che work here reported provides the first observation of the initia 
tion and of the continued growth of spirals on a metal, in this case 
udmium (7). Fig. 2 is an example of the growth of one such spiral, 
if hexagonal outline, at a magnification of 75 diameters. The step 
height is 1100 A. Three convex ridge boundaries may be seen in the 
crystal upon which the spiral appears ; their angles, for increasing posi 
tive #* are 1144, 1 and 2% degrees. The spiral has its origin along the 
ridge boundary at 6 = 1 degree that is running from left to right across 
the crystal face. 
rhe “rotation” of the spiral is shown in this sequence. Every 360 
degrees revolution increased the height of the spiral (perpendicular to 
he substrate) by the pitch of the spiral, 1100 A., in contrast to other 


pirals observed. The height of this spiral remained constant during 


growth. The bottom layer of the spiral increased its diameter during 


each full revolution by twice the distance between whorls, 36 p. 

Of particular interest in this growth sequence is the fact that the 
crystal face on which the spiral “rotates” was oblong with its right 
edges of hexagonal symmetry. Growth of the bottom-most layer must 
spread over the left part of the underlying crystal face as the spiral 
rotates.” Its velocity as measured was 18 » per each 360 degrees revo 
lution (note Figs. 2a through 2c). 

It was not possible to tell whether or not growth spirals start im 
nediately on obtaining a supersaturated atmosphere. Perhaps they 


1 


curred at an earlier time than when first observed, but of an initial 
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2—Series of Photographs Illustrating — ynal Macr 
scopic Cadmium Spiral Growth. x 7 
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height insufficient to be observed ; it is possible that we are observing 
spirals in the latter stages of the growth process 

In several cases, observations were made first after the (00.1) sur- 
face began to wind itself into a spiral. In three cases, observations 
were made on a crystal surface which started with only a ridge bound- 
ary and its sloping flat sides, and then developed a step, thereafter 
growing by winding itself into a spiral. 


Screw Dislocations and Growth Spirals 

No satisfactory explanation of the large step height in spiral growths 
exists. Two types of imperfections which could account for these phe- 
nomena have been proposed: “‘giant dislocations” (5) and “disloca- 
tions of multiple Burgers strength” (&). A giant dislocation is thought 
of as a dislocation with a Burgers vector greater than a unit displace- 
ment. Frank (9) has shown that this dislocation would not be possible 
for metals. A dislocation of multiple strength is thought of as a group 
of dislocations which are all of the same sense (or handedness) and 
close together ; each screw dislocation contributes its Burger vector to 
the thickness of the resultant, large step height. In this manner, such a 
dislocation group could exist of practically any total strength and pro 
mote growth in layers of corresponding thickness. 

Figs. 3a and 3b show a dislocation group of multiple strength on a 
crystal surface with a ridge boundary. At the ridge boundary, three 


1 


right-handed unit (Burgers vector of one each) screw dislocations are 
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emerging. Fig. 3a shows three step-lines on the surface of the crys 
coming from the unit dislocations. Fig. 3b shows what the crystal su 
face might look like if the step-lines from the three-unit dislocations 
united to form a three-layered step. A row on n screw dislocations 
could, in this way, produce an n-layered step. The two parts of Fig 
do not represent a sequence of growth; they are each individual, repr: 
senting single and triple-layered steps on a crystal surface, with thei: 
origin at the ridge boundary. 

The use of dislocations of multiple strength to explain the genesis 
of large step heights in spiral growths is not fully satisfactory. Hun 
dreds of unit dislocations are needed to explain the macroscopic spirals 
reported herein. The misorientation at ridge boundaries, at which th: 
spirals have their origin, may well account for the imperfections 
needed for multiple Burgers strength dislocations. 


Development of Macroscopic Spirals from Solid Louvers 


The development of the macroscopic spirals, observed after crystal 


growth has proceeded for some time, appears to depend upon a mech 
anism inherent in the imperfections of the cadmium substrate. This 
substrate, formed by melting and then freezing a cadmium deposit 
contains ridge boundaries, and it is along ridge boundaries that spiral 
growth first starts. In a few instances spiral growth was observed i1 
which a particular crystal defect played a special role. 

An escarpment, which has been named a “solid louver,” formed 
along a ridge boundary near the center of the surface of the crystal. The 
initial formation of the escarpment is not understood. One end of the 
solid-louver remains fixed while the other end grew to the edge of th: 
crystal and thus formed the initial step-height; the deposit of atoms 
on this step resulted in spiral growth. 

Although this process has been seen in three instances, only one 
complete photographic sequence has been obtained of the complete 
chronology. For brevity, only a selected few of the thirty photographs 
and thirty interferographs are shown. 

Fig. 4a to 41 (with corresponding interferograms, taken imm« 
diately after each photograph, marked prime) are twelve photographs 
at 5-minute intervals illustrating a form of genesis of these macroscopi 
growth spirals. The substrate temperature was 311 + 4°C (592 °F 
and the source temperature was 347 + 4°C (657 °F). 

Careful examination of this series revealed that there are two ridg 
boundaries on this surface. One ridge boundary was evident in the 
photographs, running from 10 to 4 o'clock, by the difference in shad 
ings produced by the angles of the surfaces with respect to the incident 
light beam ; the other, on the upper right of the crystal surface at ap 
proximately 1 o’clock, was somewhat evident by the interferograms 
The ridge angle of the former was 1.39 + 0.01 degree ; the angle of the 
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Fig. 4 (continued)-—-Sequence of Photographs, wit! 

Corresponding Interferograms, Illustrating the Stages 

of the Development and Growth of a Macroscopi 
Cadmium Spiral. &* 115 
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latter was too small to be measured. Both ridge boundaries were c 
vex to the observer. 

Seventy minutes of observation prior to Fig. 4a showed a so 
louver to develop at the major ridge boundary. Within 10 minutes t! 
escarpment disappeared without the development of spiral growth 
might be expected, a curious phenomenon, not understood. 

Fig. 4b, 5 minutes after Fig. 4a, showed the formation of a sol 
louver of 1100 A. height. The evidence that this structure was 


Ridge Boundary 


$$ 


\ 
Solid-Louver 
\ 


Fig. 5--A Spiral Formation at a 
Ridge Boundary. (a) “Solid-Louver” 


along ridge boundary; (b) Growth of 
solid-louver downward and to the left; 
(c) Junction of  solid-louver with 
crystal edge resulting in a step; (d) 
Spiral growth starting 


escarpment will be noted in Fig. 4b’, the corresponding interferogram 
where continuous interference fringes are on either side of the solid 
louver. This type of surface topography is sketched in Fig. 5a. 

The tormation of a solid-louver may be basically inherent in crysta 
misalignment at the ridge boundary. This would account for the ob 
servation that not all ridge boundaries produce solid-louvers ; in fact 
very few do. Unfortunately, difficulties in measurement of ridge bound 
ary angles (3) did not allow twist misorientations to be obta‘ned. 

Fig. 4b shows that the left end of the solid-louver was at the ridge 
boundary ; the solid louver, however, was not wholly coincident wit! 
the ridge boundary (note Fig. 5b). When the solid-louver reached th: 
crystal edge, as in Fig. 4c, a step formed (Fig. 5c) analogous to the 
step of a single screw dislocation, but of macroscope height. Measur 





1s the solid-louver 


ts height (10). The 
1 Te) . in 


ust step down at the 


the spiral continually moved away from the ridge boundary 
the continual addition 


1 


vhorls took an oval shay 
*h tl olid-louver started. This distance be 


rresponding to the 
uundary along whi 
vhorls in Fig. 4g was | the inner step 
700 A. It appears that the heights of the spiral steps increase on 
ising radius of the whorls behavior of the other 
Is) ; the innermost measurabl \. while the height 
e crystal edge was 1200-14 


long its length, eacl 


~ 


Since the spiral step was not of uniforn 


oved at a different velocity. The tail of the spiral moved onl\ 


distance from the ridge boundary in comparison to the move 
near its origin. This accounted for the observation that the 
was not of uniformly increasing radius and that several whorls 
ost touch each other in Fig. 41. 

he growth sequence in Fig. 4a throug! 
had been continued, the spiral 


is actually the initial 
of spiral growth. If observations 
ice, assuming ideal spiral 


ild have covered the whole crystal surf 
be made, the bottom 


vth. Each time a complete revolution would 
st whorl would ideally increase its diameter by an amount twice the 
listance between whorls; the tail length, thus, would decrease propor 
tionally. This process is exactly that predicted by Frank (4) for the 
ling of the exposed edge 


levelopment of the successive stages in the coi 
+, of photo- and inter 


fa monomolecular spiral. This sequence, | 
ous growth of a spiral 


om the vapor phase. 
General Features of Growth Spirals 


In all cases, the sides of observed polygonal cadmium spirals were 


parallel to the edges of the prismatic faces of 
Radial growth was perpendicular to these edg 

When growth commenced, Fig. 4, the edge of the spiral step was 
\s spiral growth continued, they be 


the hexagonal lattice 


cs 


urvilinear (Figs. 4c and 4g) 


ime hexagonal, reflecting the symmetry of the basal cry stal face. These 
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6—Cadmium Spiral whose Steps Remain Curvilinear Through Twenty Minutes 
of Growth at a High Supersaturation. x 75 


same phenomena have been observed for cadmium iodide spiral! 
growths (11). The sequence in Fig. 4 shows that the decrease of curva 
ture with the distance from the center was inherent in the actual spiral! 
growth process. 

The rate of decrease of curvature of the spiral steps with the distance 
from the origin was influenced by the step-height and the supersatura 
tion : increasing both promotes curvilinear steps. 

The spiral form was dependent on the degree of supersaturation of 
the vapor. It is well known from numerous studies of crystal growt! 
that the smaller the supersaturation (the slower the growth) the mor 
nearly the equilibrium crystal shape is approached (12). Fig. 6 shows 
a curvilinear spiral the steps of which remain rounded through 20 min 
utes of growth at a very high supersaturation (substrate temperatur 
of 285°C (545 °F) and source temperature, 350°C (660°F)). In 
many instances, the distances between whorls were not constant wit! 
time, Figs. 4 and 6, owing, presumably, to varying step-height. No 
cooperation of two screw dislocations groups of the opposite handed 
ness, producing closed loops of steps, was seen. 


Aggregation of Many Small Steps to Form a Large Step 


Fig. 7a through 7e is a spiral growth sequence, at a source temper 
ature of 323°C (615°F) and a substrate temperature of 315 °< 
(600 °F). It was taken at 15-minute intervals; the magnifications ar¢ 
75. The hexagonal sides grew laterally at the rate of 0.3 + 0.08 p pet 
second. Unfortunately, no corresponding interferograms could be 
taken of this interesting series because its observation was possibl 
only with the white illumination of a photoflood lamp placed almost 
directly above the growth cell. The ridge boundary angles were thought 
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Series of Photographs of Cadmiut iral Growth Inter 
preted to Reveal the Aggregation of any Small Steps Forming a 
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ya 1 \ \ 
270° 
Fig. 8——Schematic Representation of Fig. 
7b. With polar coordinate system. 

to be about 2 degrees, the usual order of magnitude. The step height 
was thought to be about 500 A, a magnitude estimated merely by com 
paring this spiral, which was just barely visible and requiring uncon 

monly long printing exposure times, with the visibility of steps oi 
known heights under similar illumination. Fig. 8 is a sketch of th 
photogram of Fig. 7b; a polar coordinate system has been drawn 01 
the sketch, the pole O coinciding with the center of the spiral. 

It will be noted that the growing surface of the crystal contains 
three ridge boundaries. Their intersection at O has been made th 
center of the spiral. Within the accuracy of the lateral measurements 

0.025 cm., it cannot be said whether O is properly placed. The three 
ridge boundaries OA, OC, and OD may be represented by (r cos 6 
7.115 r sin @ = O): (r cos @ 0.810 r sin @ ©) and (r cos @ 
0.213 r sin 6 = QO), respectively. Thus angle AOC 121 degrees 
angle COD = 129 degrees and angle DOA 110 degrees + 4; the 
ridge boundaries themselves have taken on essentially hexagonal sym 
metry. As can easily be noted, this approximate hexagonal symmetr) 
of the ridge boundary does not coincide with the hexagonal symmet: 
of the lattice of the underlying crystal, an observation noted by othe: 
(11). 

The ridge boundary in the upper half of the crystal, OAB, ay 
peared curved; it may, however, be represented by two straight seg 
ments, the part AB being approximated by (r cos 6 — 1.804 r sin 6 
OE = QO). The angle OAB is thus about 143 degrees. 

The most curious feature of this spiral is that the origin appeare 
considerably off-center ; that is, the innermost visible point of the stey 
line was not near the center. As seen in the photograms ( Figs. 7¢ an 
7d), the equation of the spiral might be represented by: 

Tr 


r—-a0+b>O; (ae) >— 15 


where > is a constant which expressed the value of r when 6 
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spiral appeared to start at the ridge boundary OD, thus (a6) has no 
ilue less than — #/15. This feature of a growth spiral having its origin 
center is unlikely from the theory of spiral crystal growth. 

The “off-centeredness” may be explained in the following manner : 
it (ad) = — 2/15, the step may have assumed a height just sufficient 

be resolved with the optical microscope using the oblique illumina- 
tion of a photoflood lamp. At — #/15<a#<—hb it is believed that the 
laver is not composed of a single step but is made up of many steps, 

ich small step unresolvable. Fig. 9 is a sketch of such a mechanism. 

\s the crystal grows spirally by the addition of atoms, the spiral will 
ippear to rotate. This can be seen in Figs. 7a, 7b, 7c, 7d and Ze where 
the corners of the hexagonal spirals move outward along a vector 
radius from the pole O, the distance between polygonal spacings, 
AY 17 », remaining constant (within accuracy of measurement). 
[he point E moves along the ridge boundary OD which may be as- 
sumed a radius vector. Curiously, though, E moving along the ridge 
houndary radius vector remains the point of aggregation of the small 
height-steps throughout the growth (or rotation) of the spiral ( Figs. 
7a through 7e). 

Fig. 7f is fifteen seconds after Fig. Ze. Within that time, the point E 
(Fig. 9) has reached the boundary of the underlying crystal face, FG. 
The small height steps are now not anchored to point E and apparently 
catch up with each other forming the large visible step. It will be 
noted that again the spiral appears off-center ; the inner visible end of 
the spiral step is now represented by E”’. It is difficult to understand the 
observation that the apparent distance between whorls, in this case 
the distance between FE’ to, at least, the edge FG (~ 43 ,»), is greater 
than the distance between polygonal spacings, Ar 17 » for the pre- 
vious sequences, Figs. 7a through 7d, and for the following sequences, 


Figs. 7g and 7h. 
Fig. 7g is sixty seconds later than Fig. 7f; unfortunately, the four 


g. 
fifteen-second-interval photographs are too poor in contrast to be 
printed; a puzzling feature appears to have occurred during the un 
observed sixty seconds. It might be expected that the growth of the 
whorl of Fig. 7f, visibly starting at E’ and ending at the crystal edge 
KG, would consist simply in the lateral extension of the hexagonal 
sides to the edges of the underlying crystal surfaces. The point E’ 
would then move along the ridge boundary OD; on moving, say 22 pu 
75 seconds of growth), the visible whorl would look somewhat like 
hig. Ze. 

This behavior was not realized as will be observed in Fig. 7g. Two 
whorls were seen as compared with only one in Fig. 7f. The mechanism 

formation of this structure is obscure; it probably involved again 
some aggregation of small unresolvable steps to form a large step at the 
ridge boundary. 
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Fig. 9—Perspective Drawing of 

Fig. 7b Showing Several Steps of 

Small Height which Originate at Fig. 10—Dissociation of Spiral 

O and Meet at E, Forming the (a) Dissociation continuously along the 

Multiple Step. OAB, OED and hexagonal step; (b) Dissociation along 
OC are ridge boundaries. single hexagonal edge 


Dissociation of Steps 
Dissociation of macroscopic spirals was repeatedly observed, some 
times to the extreme that spirals completely dissociated into steps of 
height not resolvable with the microinterferometer. Owing to the small 
step heights resulting from dissociation of spirals, great difficulty was 
had in resolving many spiral growth forms. In spite of the lack of 
good photograms, the dissociation of spiral step-lines appears well 


established. This phenomena appeared in two interesting ways: 1) dis 
sociation occurring simultaneously along the spiral steps and thus 
forming two or more apparently concentric spirals (Fig. 10a) and 
2) individual sides of a spiral dissociating into two or more steps ( Fig 


10b). 


Examination of Growth Spirals at Room Temperature 

It is of interest to examine macroscopic spirals for subtle growt! 
features at room temperature by more searching techniques. This ha 
been done in a few cases. 

The observation of macroscopic cadmium growth spirals, having 
their origin at ridge boundaries, with the Linnick microscope during 
growth, was repeated using a Vicker metallograph operating at 
higher magnification on crystals at room temperature following growth 
Figs. 11 and 12 illustrate the results. Because this crystal surface wa 
not in one plane, high-power objectives could not produce an image o! 
a flat object which was simultaneously in critical focus over the whol 
field. Further, increasing magnification increased background intensit 
Many photographs were taken at higher magnifications and a represen 
tative sketch was made ( Fig. 13a). 

In Fig. 13a, two concentric spiral whorls can be seen originating 
from a point O which is at the convex (to the observer) ridge bound 
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Growth Structure Examined at Room Tem- 


g. 11 
perature with Dark Field Illumination. 


oe 
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Fig. 12—Same Field as Fig. 11 with Normal Incident Illumination 


\OB. Meeting this point O is also the convex ridge boundary OC. 
These ridge boundaries do not follow rational crystallographic direc- 


ry 


] 


wl 


tions, nor are they straight. 
Both spiral whorls develop hexagonal symmetry, the perfection of 
s increasing with distance from the origin; the step-lines assume 
the lattice symmetry of the crystal surface. Of great interest is the fact 
ygonal up to the ridge 


] 


it the whorls, at decreasing radius, are | 
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Fig. 13—(a) Drawing of Fig. 11 at 

x 1000. (b) Perspective representa 

tion of area enclosed by dashed lines 
in (a) at x 4000. 


boundaries. Near the ridge boundaries, the whorls lose their polygonal 
outline and then follow the ridge boundaries almost exactly to thei: 
origin, point O. 

Careful examination with normal incident and dark field illumination 
indicated that the whorls which follow the ridge boundaries decreas: 
in height in approaching the origin. This has been observed in Fig. 4 
also. 

Along ridge boundary AOB, an escarpment DE appeared. This 
escarpment may be a solid-louver. Issuing partly from the escarpment 
and partly from the ridge boundary are two steps of hexagonal syn 
metry. This region of interest, enclosed in a dashed rectangle in Fig 
13a, has been redrawn at a greater magnification in Fig. 13b. All parts 
of Fig. 13b are representative of the actual structure. The two steps 
have been made to taper to a point at the convex ridge boundary at G 
and H. This is in accord with observations on sodium chloride (12 


SUM MARY 


1. Macroscopic spiral growth of cadmium upon the basal he» 
agonal plane has been observed and studied during actua 
deposition from cadmium vapor. 

Spiral growth was observed only upon cadmium crystals that 
have been once melted and frozen, presumably because of th 
imperfections introduced by the freezing process. Even in this 
case, most growth was by means of the appearance and growt! 
of ordinary layers as observed earlier. 

The height of the spiral step varied from 300 A (the smalles' 
measureable ) to 2000 A. 
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\ sequence of photograms illustrating the stages of the de- 
velopment and growth of one of the macroscopic spirals has 
been interpreted to reveal the formation of a “‘solid-louver” 
at the ridge boundary. During growth, one end of the solid 
louver moved to the edge of the crystal; the other end re- 
mained anchored. The solid-louver, on reaching the edge of 
the crystal, became the initial spiral step; deposit of atoms at 
this step resulted in spiral growth. 

\ series of photograms of a growth spiral, the innermost vis- 
ible point of which was not at the center of the spiral, has been 
interpreted as the result of many unresolvable small height 
steps aggregating at this point to form a step of large height. 
The form of the spirals was dependent on the degree of super- 
saturation. The spirals, in general, are hexagonal; at high 
supersaturations, curvilinear spirals have been observed. The 
polyhedral spirals initially started out rounded; continued 
growth resulted in hexagonal symmetry 

The degree of supersaturation did not determine the height of 
the step. The step height was a function of the severity of the 
original imperfection. 

Steps of large height dissociated into smaller steps in two 
ways: (a) dissociation occurring continuously along the spiral 
step, forming two or more apparently concentric spirals and 
(b) individual sides of the hexagonal spiral dissociating into 
two or more steps. 

It is evident that many complex surface topographies resulting 
from growth from the vapor phase find their origin at imper 
fections at ridge boundaries. Investigation of metal crystal 
growth by sublimation during growth appears to be the only 
possible way to avoid equivocation in the study of the mechan 
ism of the formation of surface structures; this also avoids 
equivocation as to changes in surface structure which might 
occur upon interruption of growth for the examination of the 
crystals. 
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Written Discussion: By M. E. Straumanis, Department of Metallurgical Engi 


neering, The University of Missouri, School of Mines and Metallurgy, Roll 


Missouri. 
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Fig. 14—Hexagon Crystal Distorted Due to Spiral 
Growth. 
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ot Distorted Hexagon Cry 
solved into submicroscopi« 





sible Steps 





Top View of the Resolved 


t isa very fine achievement of the authors that they could show how individual 
producing higher layered 


rew dislocations are gathering together and are 
ps (Figs. 3a, 3b, and 9), a procedure not understood up to now. The illustra- 


ms of Fig. 4 are also very instructive 
However, it is not clear to me how the further growth of such a crystal (Fig 


an proceed as soon as the steps will be filled up. Does nucleation start anew 


it the tip of the screw exactly as in the case of a layer growth? How the growing 
yer can pass the ridge boundary ? 

Is the plane produced by the spiral growth a distorted (001) -plane (see Fig. 14) 
is it a real (001)-plane as shown in Fig. 15? In the latter case the spiral is 
illusory and is simulated by a series of invisible steps. In such terms your Fig. 10a 


in also be interpreted (see Fig. 16) : in certain places of the spiral, because ot 
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some peculiar reasons, invisible steps are produced simulating a spiral. That su 
steps of very small height are possible follows, e.g., from p. 178 of your arti 
Thus, the spiral growth would be only a special case of the usual layer growth 
Is there an experimental possibility to distinguish between | and 2 as discussed 
here ? 
Were the crystals grown in vacuum or in an inert gas of reduced pressur: 


(what pressure ) ? 
Authors’ Reply 


The discussion presented by Professor Straumanis is a useful addition to ou 
paper. Our explanation allows for the continual growth of the crystal. The ex 
posed steps of atoms act as the edge of the nucleus. Growth takes place by th: 
forward movement of the steps. After one revolution, the steps will be still i: 
their initial angular position. The steps will always be present, however muc! 
growth takes place, since it is an essential feature of the surface associated wit! 
the imperfections. The plane produced by the spiral growth is a distorted (001) 


plane. 

The explanation proposed by Professor Straumanis is very interesting and 
would produce a growth pattern somewhat similar to Fig. 7. It is, however 
dificult to see why the growing crystal, after the steps are filled up, should 
always remain in the general shape of a spiral. Further growth studies are being 
carried out at the Metallurgical Engineering Department of the Carnegic 
Institute of Technclogy which will shed more light on this problem 

The crystals were grown in vacuum. 





SOLID STATE DIFFUSION AND THE MOTION OF 
PHASE BOUNDARIES 


By Davin D. Van Horn 


Abstract 


Using the parabolic law for diffusion penetration versus 
time, the equations relating the motion of a phase boundary 
to the diffusion rates in a simple two-phase binary system 
are obtained. Nomographic methods for solving these equa- 
tions are presented, and the behavior of various physical 
systems are analysed. In cases where the parabolic law does 
not hold, the capabilities and limitations of various methods 
of analysing the data are discussed. The influence of time 
dependent boundary conditions on the motion of phase 
houndaries is noted. Criteria for the design of experiments 
are given so that deviations from ideal behavior will be 
recognizable and the maximum physical significance may 
be obtained from the data. (ASM-SLA Classification: N1b) 


INTRODUCTION 


[’ IS WELL known that the interdiffusion of two metals often 


results in the formation of intermetaliic phases in the diffusion 
zone. Relatively little work has been reported relating diffusion rates 
and the growth rates of these layers or the motion of their boundaries 
Early work along these lines has been extensively surveyed by Rhines 
1),’ but experimental results of fundamental usefulness are meager 
2-6). Some of the theoretical aspects of the motion of phase boundaries 
and the experimental consequences of the results of these analyses is 
examined in the present work. It is hoped that the design and inter 
pretation of more numerous and significant experiments will be made 
possible. 


IDEALIZED THEORY 
The simplest case which can be considered is that of diffusion be 
tween two binary phases of the same components such that a single 
boundary separates the two phases. In such a system, the equilibrium 
phase diagram would show, at the temperature of diffusion, two phases 
separated by a single two-phase region. As has been pointed out by 


The figures ippearing in parenthes« pertain to the ret 1 s appended to this paper 


\ paper presented before the Fortieth Annual Convention of the Society, held 
1 Cleveland, October 27 to 31, 1958. The author, D. D. Van Horn, is associated 
ith Incandescent Lamp Advance Engineering #436, Large Lamp Department, 
General Electric Company, Nela Park, Cleveland, Ohio. Manuscript received 
\pril 21, 1958 
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Rhines (1), “In binary systems, when diffusion occurs at substantially 
constant temperature and pressure, the layers formed correspond in 
kind and in order of their occurrence to the single-phase regions, . . 
no two-phase regions appear.” The diffusion coefficients in each phase 
will be assumed to be independent of concentration, and we shall 
neglect any volume change or production of porosity on either side oj 
the phase boundary. 

A determination of the concentration-penetration relationship fo: 
the above situation is given in a recent book by Crank (7) based on 
an original paper by Danckwerts (8). In order to obtain the required 
continuity of material flow across the interphase boundary, moving 
coordinate systems were introduced, with the velocities of the co 
ordinate systems being different in the two phases. This results in a 
rather tenuous relationship between the mathematics and the physical 
system. A much simpler approach is possible which maintains a close 
correspondence to the physical behavior of the system. This method 
was presented originally by Bickle (4), and several modifications are 
given by Jost (9). The procedure followed here is essentially the same 
as Buckle’s, but emphasizes the physical relationships and places the 
mathematics in a form readily amenable to computation. 

Phase 2 =1Cp acumen 
C2-2(Ca-ka) 
C) +2(k)~C)) 








4c 
ky 


Cio ct 


-< -2--1C, C; 
Phase | Phase 2 / Phase | 


Temp. >+— Xoo Xo -*x 














Fig. Equilibrium Phase Diagram and Associated Diffusion 
Curves. 

The basic assumption upon which Buckle’s method is founded arises 
from the time-dependent behavior of the solution of the diffusion equa 
tion in the simple case of diffusion in an infinite single-phase sample 
In this case it is found that the second order partial differential equa 
tion can be reduced to an ordinary differential equation by means of 
the substitution é—x/t'/*. As a consequence, it is found that the 
distance of a given concentration from the initial interface varies di- 
rectly as t'/*. In the more complicated case of the moving phase bound 
ary, it is frequently observed that the position of the boundary varies 
similarly with time. We therefore consider the portion of the concen 
tration position curve appearing in either of the single-phase regions 
as having the same form as if the single-phase region were of infinite 
extent. The validity of this procedure has been supported by Jost (10) 


and Kirkaldy (11). 
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Fig. 1 shows a hypothetical phase diagram and the corresponding 
concentration curves initially and after diffusion for a time ¢ for a sys- 
tem such as we are considering. The initial couple consists of a material 
of composition C, in contact with that of composition Cy. At a later 
time, we find that the phase boundary has moved a distance d = x9 — 
Xoo, Where Xoo is the initial position of the interface. 

\ characteristic of the solution of the diffusion equation in the simple 
infinite case is the constancy in time of the concentration at the initial 
interface. Let k, and ke be the constant concentrations at the initial 
interface related to the concentration-penetration curves in the two 
phases, respectively. These parameters, by which the separate section 
of the curves are described, are determined uniquely by the boundary 
condition of the system. 

The equations of the two branches of the concentration curve are 


c: = ki — (ki — Ci) erf [ (x — xoo) /V4Dit] Equation 1 
and 
Ce = ke — (C2— ke) erf [(x — x00) /V4Dit] Equation 2 


where D, and De are the diffusion coefficients in phases 1 and 2, re- 
spectively. The conditions which these equations must satisfy are 


": = Crs at x = Xe, Equation 
Cs = Coo at x = Xe, Equation 
—D2(0c2/0x) xo + D: (0¢:/0x) xo = 5 dd/dt Equation 5 


lim c; = C; Equation 


>t 


and lim ce = Ca, Equation 


i >— © 


where 5 = Cm — Cx Equation 8 


if the substitution K, =d (4 D, t)-!/2 and Ko =d (4 Det)? are 
made, and using the parabolic time dependence of the boundary dis 
placement, d = Kt!/?, then K, and Kg are related to K, and Kg by the 
equations 
) (l—erf K,) Equation 9 
teri K Equation 10 
Equation 11 
Equation 12 
ipplying Equation 5, it is found that K, and Ke are constants which simultaneously 
satisfy the equations Ki VD; = Ke VD: (= % K) Equation 13 
’ Ke \, erf’ K . . 
- mt Re — . en Equation 14* 
2 K: (1+ erf Kz) 2K; (l—erf K 


2 § exp (— Z*) dZ, erf ’x 
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Consequences of Theory 

The determination of K; and Ke by Equations 13 and 14 makes pos 
sible the determination of k; and kg. From Equations | and 2 we can 
therefore obtain the concentration-penetration curves for any time 
From a practical standpoint, however, Equations 13 and 14 are more 
important in themselves than are the equations for concentration as a 
function of position and time. As is evident from Equation 13, if one 
diffusion coefficient and the boundary migration rate constant K are 
known then the other diffusion coefficient may be calculated.* Similarly, 





075 





Fig. 2—Nomograph for Solution 
of Equation 11 


if both D’s are known, the boundary motion rate constant K can be 
predicted. Since D,, De, and K are interrelated in a complex mannet 
by Equation 14, it is obvious that, in general, the relationship betwee! 
the temperature dependence of the rate constant K and the activation 
energies for the diffusion rates in the two phases will also be complex 
This is especially true since the temperature dependence of K will also 
depend upon the temperature variation of the phase boundaries in th 


equilibrium phase diagram. 

Although Equations 13 and 14 cannot be solved explicitly for either 
K, or Ke, a nomographic solution is possible. We do not attempt a solu 
tion of Equation 14 directly in terms of K; and Ky but reduce it first t 
a linear equation by means of the substitution 


F,; (Ki) = erf’ K,/2 K, (1 — erf K;) Equation 15 
and F, (Ke) = erf’ K2/2 Ke (l+erf Ke) , Equation 16 


Equation 14 now becomes 
Ae Fz (Ke) — A Fi (Ki) = 8 Equation 17 


* We assume that the phase diagram and hence the parameters \1, Az, and 4, are know 
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Table I 
Numerical Examples 


Fig — D: (cm?/Sec) — D 
5.6.7 1.049 10-4 exp ( —27,540/RT) 10 
5 1.074 x 10-' exp ( —41,310/RT) 10-7 exp 
6 1.049 x 10-4 exp 27,540/RT) 10°? 
6 1.049 x 10-4 exp ( —27,540/RT) 10-7 6 
7 1.049 x 10-4 exp 27.540/RT) 10°? exy ‘ , 6 (temperature 
dependent) 
7 1.049 x 10-4 exp 27,540/RT 1.027 x 10°7 ex 13,770/RT) 1% (temperature 
dependent) 
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Fig. 2 is a nomograph using linear scales for ; and F2, by which this 
equation may be solved. From the appropriate point on the A2/A; scale 
a line is drawn parallel to the F,; and Fy» scales, with a length measured 
in units of the F scales, equal to 8/(A, + Az). Any straight line through 
the points so determined will intersect the F, and Fy, scales in points 
vhich will satisfy Equation 17. Solutions of Equation 14 are obtained 
from the nonlinear K, and Kos scales. Two such solutions are indicated 
in Fig. 2. The unique solution desired is obtained by changing the 
position of the line until Equation 13 is also satisfied. Figs. 3 and 4 are 
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nomograms drawn to two different scales which have been used to 
obtain such solutions. 

Using the analytical methods developed above, we have investigated 
the effect of changing the parameter on the predicted phase boundary 
motion. To simplify the calculations, D’s were chosen such that their 
values were 10° cm?/sec at 1000 °K and had activation energies in 
simple ratio of 1 :2:3. The parameter 8 was given the value 4. Table | 


Fo(Kg 50 





} 
} 
{ 
t 
+ 
F 
\ 


90 


Fig. 4—Nomogram Drawn to Two Different 
Scales. 


is a list of the various parameters chosen and Figs. 5, 6, and 7 show th 
phase diagrams assumed and the corresponding plot of log K versus 
1/T. 

These results clearly show that the frequently employed Arrhenius 
plot of the boundary motion constant, K, is meaningless except in the 
extreme cases where the diffusion rates in the two phases differ greatly 
and where the composition limits of the phases are temperature inde 
pendent. 


Special Case of 42» = 0 
Cases frequently encountered in practical applications are those 
where one side of the diffusion couple has the composition of the 
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Migrat on 


solubility limit of the phase or where it is an intermetallic compound 


ith a negligible solubility range. We may treat such cases mathe 

tically by the above approach if we let Ao = 0. (This also will be 
valid for the case where one side of the couple is a two-phase mixture, 
provided that the dispersion of the two phases is much finer than the 
liffusion distances being considered, so that the two-phase region can 
be considered as essentially continuous.) Fig. 8 shows the initial con 
entration distribution and a typical concentration curve at a later time 
In this case Equation 14 becomes 


— i, erf’ K;/2 K;, (1 ri K 5 Equation 18 
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Fig. 7—-Effect of Temperature Dependence of Phase Diagram on 
Migration. 

















Fig. 8—Concentration Curve for \2 0 


using the same notation as previously. The only possible solution t 
equation 18 is that with a negative K,, so the equation becomes 

erf’ | Ki | /2| Ki | (1+ erf| Ki] ) = F2 (| Ki| ) =6/ 

Equation 18’ 

we can obtain the desired solution from Figs. 3 and 4 simply by setting 
Fy = 8/A, and reading |K,| directly on the Ke scale. From Equation 13 
we have K = 2 K,D"”, so that, neglecting algebraic signs, K, in this 
case corresponds directly with y in the notation of Biickle (5) and Jost 
(9). Fig. 9 isa plot of the variation y with the concentration parameters 
8 and A;, obtained from the nomographs. 


Deviations from Ideal Behavior 


As has been indicated, the basic premise upon which all of the abov: 
analysis is predicated is that the concentration-penetration curves fo! 
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. “parabolic law” relationship ; that is, the position of an arbitrary 

oncentration varies as the square root of time. Although the parabolic 

is usually observed to be valid, there are many instances in which 

his is not so. There are two types of deviation from the parabolic law. 
In the first type, we may write the penetration versus time relation as 

x K t'” Equation 19 


re nis a constant. The parabolic law is just a special case (n yee 


In the second type, no equation such as 19 can be written; the time 


dependence of x is a much more complicated function. 
Lustman and Mehl (12) have found that in many cases the motion 














Variation of “Penetration Rate ( 
ion Parameter 


{ phase boundaries can best be described by Equation 19 with n + 2 


[hese authors have pointed out that the best test of the parabolic iaw 
not the linearity of a plot of x versus t'’? or x” versus t but the slope 
| log x versus log t. Another example which has recently been ob 

ved is the interdiffusion of magnesium and zirconium (13). The 
values of n observed in various systems have varied from less than one 

o as high as ten. It is usually found that n varies with temperature 
12,13), but the only theories which have been advanced for explain 
ig these variations in n involve grain boundary diffusion rather than 

pure lattice diffusion (14,15,16). An analysis by L. S. DeLuca (17) of 

some recent work (18) on grain boundary diffusion of nickel into 


pper, using the log x versus log t method, gives the following results : 


Lattice diffusion: n = 1.7 
Grain boundary diffusion (15 degrees boundary): n 
Grain boundary diffusion (50 degrees boundary) : n = 3.1 


2.0 
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ae results were not obvious in the original paper, since only x versus 

* had been plotted. 

Although the above deviations from “ideal” behavior are apparent}; 
not unusual, there does not yet seem to be a consistent way of handling 
the data. Lustman and Mehl (12) use Equation 19 as it stands, deter 
mining K for each of several temperatures (n being different for each 
temperature) and, consequently, determine an activation energy 
many cases, also temperature dependent) from the log K versus 1/1 
plot. Even if one is dealing with the case in which the diffusion co 
efficients in two adjacent phases are greatly different, so that the rat 
constant K is determined by the smaller D alone, it is fallacious to use 
Equation 19 as it stands to obtain an activation energy. A common 
characteristic of the solutions of the partial differential equations for 
diffusion is that the substitutions r= D t may always be made and, 
consequently, in the linear case, as an example, the concentration ma 
be expressed by the equation c =f (x, r) =f (x, Dt). This may bx 
considered as an implicit equation for the position of a given concentra 
tion as a function of time. Equation 19 is nothing more than the explicit 
solution (where possible) of the implicit equation. We should, ther 
fore, write Equation 19 as 

x = K’ (Dt)'* Equation 20 


We have not yet removed all of the mathematical difficulties from 


Equation 19, however, because (Dt) has the dimension of cm*. If n 
is variable with temperature, then the “constant’’ K must also have a 
variable dimensionality. Thus, we should write the modified paraboli 


law as 
x = K, (K.Dt)'” (21), where [Ki] = cm and [K.] = cm 


If this method of analyzing the data is used, it has been found (13 
that K; and K, (or more strictly K,D,) may be essentially constant 
and the temperature dependence of the penetration rate may be a 
counted for entirely by the dependence of m with temperature and thi 
usual activation term in the diffusion coefficient (D = D, exp (—Q 
RT) ). Thus, we write 

In x =In Ki + 1/n (In K.D. + Int) —Q/n RT ~~ Equation 22 
Since K, in Equation 19, is determined as the penetration observed at 
unit time, then 


In K = In Ki + 1/nIn (KoD.) —Q/n RT Equation 23 


; 


Using the values of n found at various temperatures from the plot o 
log x versus log t, then K, KD, and Q may be determined by least 
squares or some other appropriate method. This has been done for the 
magnesium-zirconium system (13) and has been applied also to som: 
of the data obtained by Lustman and Mehl (12). In the Lustman an 
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Table Il 
Boundary Motion in Ni-Zn 


Temperature Log (X x 10* ir At one hour) —— 
°C °F Observed (Ref. 12) Calculated (Equation 24) 
232 450 0.04 0.00 

281 538 0.47 0.49 

313 595 0.71 0.75 

341 645 0.89 0.93 

373 700 1.10 1,10 

400 750 1.27 1,23 

417 780 1,32 1.32 


Mehl! data for the nickel-zine system, m was found to vary between 1.7 
ind 2.2 over a temperature range of from 232 to 417°C (450 to 
785 °F). Using Equation 23, and the observed values of n, the fol 
lowing expression for the motion of the phase boundary was obtained : 
20.700 p 
X (in.) = 10° (1.65 «x 10° e — RT rt) Equation 24 
where f is measured in hours. It is seen from Table IT that the results 
are within the experimental errors. More important than these results, 


however, is the value of the activation energy for the diffusion process 


so obtained. Lustman and Mehl give Oyi-2n 11,060 cal/mol, while the 
above method of separating the temperature dependence of m and the 
temperature dependence of D gives Ox;-», 20,700 cal/mol, a more 
reasonable value in the light of the activation energy of zinc in other 
systems. It must be emphasized, however, that great caution must be 
exercised in attaching theoretical significance to results obtained by 
these methods. As has been demonstrated earlier, the rate constant K 
will generally be a complicated function of more than one diffusion 
coefficient ; and this will be particularly true if the diffusion coefficients 
ire concentration dependent. 


THe Errect or TIME-DEPENDENT BOUNDARY CONDITIONS 

\nother type of deviation from “‘ideal’’ behavior is much easier to 
understand qualitatively than the above mentioned variation of m in 
Equation 19. Unfortunately, the analytical results are generally of 
small value, if obtainable at all. If either the concentration or the flux 
at the interface varies in some arbitrary manner with the time, then 
the simple error-function solution of the differential equation no longer 
applies. In many cases, a solution c = f (x, Dt) exists, but is of such a 
form that for a given value of the concentration, c, it is impossible to 

btain an explicit equation for the position, x, as a function of time. 

\s an example, consider the semi-infinite bar with zero initial con 
centration and with a flux at the free face proportional to the difference 
between the instantaneous concentration of the face, c (o0,t), and a 
saturation concentration, c,. The concentration gradient at the face is 
the refore: 


(2c/Ox) =<: a/D [co o, t) Equation 25 
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The solution (19) of the diffusion equation, subject to this boundar 


condition, 1s: 
c(x,t) = co exp (— x*/4 Dt) {exp (x°/4 Dt) [I — erf x/\/4 Dt] 
exp (x/V4 Dt + a Vt/D)* [I — erf (x/V4F Dt + aVt/D)]} Equation 2 


lig. 10 is a plot of log x versus log t for various values of c, as obtained 
from Equation 26, It is seen that at large times, all of the curves ap 








0.1 
0.01 a2 


=— 
D 
Fig. 10—Penetration Curves Obtained from 
Equation 26 








proach “ideal” behavior, that is, n= 2. For small times, n becomes 
smaller, particularly for larger values of c/c,. In all cases, x vanishes 
below a certain value of t (depending upon the value of c). In general, 
therefore, we cannot represent the behavior of such a system by Equa 
tion 19, since itself varies with time. 

Another type of time-dependent condition is one which can occur if 
the diffusion specimen is semi-infinite. In this case, one obtains the 
depletion of a component in the finite portion of the specimen. In thi 
case the phase boundary may reach a maximum position in one direc 
tion and then reverse direction as the depleted phase is annihilated by 
further diffusion into the infinite phase. 
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The Design of Experiments 
One criterion in the design of diffusion experiments involving phase 
boundary migration has not yet been considered. If one is interested 
the general physical relationships involved, one would certainly 
desire to choose a diffusion couple which would be easy to produce, 
either by diffusion bonding or by electroplating. Furthermore, one 
vould desire a system in which the phase boundary (or boundaries ) 


could be readily delineated and in which the boundary remained 
ight and parallel to the initial interface. Unfortunately, there seem 


straig 
b 


e€ many systems in which these ideals may be only imperfectly 
realized. In addition, if one is interested in a particular system, one may 
be faced with great experimental (and interpretive) difficulties because 
of the lack of one or more of these ideal prerequisites. 

\ssuming no such restrictions in the choice of a couple, however, the 
preceding sections of this paper indicate that the following points should 
he considered in designing a set of experiments in the investigation of 
phase boundary motion: 


1. The equilibrium phase diagram of the system under study 
should be accurately known. 
Care must be exercised that the observed phenomena are 
diffusion-controlled and not surface-reaction controlled. 
Do the data obey a parabolic law behavior ? 

It is not proposed that only a system which behaves ideally can yield 
useful information. Only if care is taken, however, in properly assessing 
vhat constitutes the ideal behavior of a system can one assign physical 
significance from departures from the ideal. The author apologizes for 
the amount of mathematics in the above presentation. It is hoped, how 
ever, that through a better recognition of the mathematical “trees,” 
a clearer view of the physical “woods” may be developed. 
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DIFFUSION LAYER FORMATION IN THE TERNARY 
SYSTEM ALUMINUM-MAGNESIUM-ZINC 


3. CLARK AND F. N. R 


Abstract 


The identity, order and structure of ternary diffusion 
layers have been studied in couples composed of aluminum 
and a series of magnesium-zinc alloys, using metallographic 
and x-ray diffraction methods. The sequence of layers al 
ways corresponds to consecutive regions in the appropriate 
ternary isotherm of the phase diagram; the composition 
path represented by successive compositions in the diffusion 
couple deviates away from that component which diffuses 
the most rapidly. One-phase regions in the ternary phase 
diagram are represented by one-phase layers in the couple, 
two-phase regions either by two-phase layers, or by an inter 
lace betwee ntwo one phase layers and three bhase region Y 

a three-phase interface in the couple. It is concluded 
that: (a) each composition sequence is uniquely identified 
hy any two composition points upon it, (b) from any ran- 
domly selected terminal composition it is possible to produce 
a couple the composition path of which will pass through 
any other pre-designated composition he ternary system. 
Intermediate layers of the diffusion structure are composed 
of columnar grains of one or of two-phases; terminal layers 
retain essentially their pre-diffusion structure. (ASM-SLA 
Classification: Nle, M24 . 


| IS WELL established that the stratified interfacial structure 


produced by isobaric, isothermal diffusion between two metals is 


omposed exclusively of single-phase layers occurring in the composi 
tion sequence in which the corresponding phases appear upon the ap 
ropriate phase diagram (1,2).' The three-metal case is known to 
liffer in that it is possible for both one-phase and two-phase layers 

form (2). Both cases conform to the requirement that a composition 

activity gradient must exist continuously across the structure in 
rder that diffusion may occur; this is possible only when the con 


ed to this paper 
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ngineer, Dow Chemical ( ompany Midland Michigan, forme rly gradu ite 
lent in the Department of Metallurgical Engineering, Carnegie Institute of 
hnology ; F. N. Rhines is Alcoa Professor of Light Metals, Carnegie Institute 

f Technology, Pittsburgh, Pennsylvania. Manuscript received February 21, 1958 


199 





200 TRANSACTIONS OF THE ASM Vo 


stituents of the individual layers are constitutionally tervariant, or o| 
higher variance. : 

A ternary diffusion couple develops where two substances, that ar 
composed of a total of three elements, make physical contact at a tem 
perature at which diffusion may proceed. Attempts to predict the se 
quence of diffusion layer formation by the expedient of drawing, upon 
the appropriate ternary isotherm, a straight line connecting the te: 
minal compositions of the diffusion couple and then noting the order 
and identity of the one-phase and two-phase zones crossed, have ap 
peared to succeed in some cases in which relatively simple constitu 
tional relationships were involved (2). That the assumption of a linear 
course of the gross composition path across a ternary diffusion coup| 
is an over-simplification is clear, however, both from the noncon 
formity of many diffusion structures, including in particular some of 
the oxide scales that form upon binary alloys, and from the condition 
that a linear composition path implies the unlikely restriction of equal 
ity among the diffusion rates of the three components. As has been 
demonstrated by Rhines, Meussner and DeHoff (3) for isothermal 
diffusion between pairs of a-solid solution alloys of the system copper 
tin-zinc, the typical path of composition change across a ternary solid 
solution field is curved. The association of the diffusion layer structure 
with the phase diagram is, of course, derived from the so-called “dox 
trine of infinitesimal equilibria,” which in the present case presumes 
that the isothermally growing diffusion structure exists in a dynami 
cally steady state, with each infinitesimally thick layer of the structur: 
effectively in equilibrium with its neighboring layers. 

In order to discover the rules governing the course of the composition 
path in multi-layered ternary diffusion structures, it was desired to ob 
serve diffusion behavior in a relatively complex system of known con 
stitution. The system aluminum-magnesium-zine appeared well suited 
to this purpose, both because it was known to have several intermediate 
binary phases and a ternary intermediate phase, and because its con 
stitution had been studied in some detail in all composition ranges. As 
the diffusion study progressed, however, it became increasingly ap 
parent that the phase diagram was incomplete. 

The interpretations of diffusion couples that follow were not pos 
sible until corrections to both the binary and ternary diagrams had beet 
made. The first of these came opportunely from Koster (4), who 
identified the p-phase in the Mg-Zn system. Further corrections t 
this system as well as to the binary system Al-Mg have since been mad 
by the present authors (5,6). In addition, the ternary system Al-Mg-Zn 
has been re-examined at 335 °C (635 °F) ; the results of this investiga 
tion, which will be published elsewhere, are incorporated in the 1so 
therm of Fig. 1. Chief among the innovations of this diagram are the 
inclusion of the binary p-phase and the ternary y-phase. 
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Table I 
Analysis of Couple Components 


Nominal ‘ aul Analysis 

Couple Compositior :-Zn Alloy Component 
Weight Percentage Weight Percent Zinc 

10 Zn-90 Mg vs Pure Al 10.2 

20 Zn-80 Mg vs Pure Al 20.04 

30 Zn-70 Mg vs re Al 30.8 

40 Zn-60 Mg vs Pure Al 39.8 

50 Zn-50 Mg vs re Al 49.9 

60 Zn-40 Mg vs Pur ] 59.2 


The Redetermined te sotherm of t Al-Me-Zn Phase Diagram 
wing the Paths of Composition in the Diffusion Zones of the Al-Mg-Zn Couples. The 
tT fields have been enlarged slightly in their vert mension in order to clarify 


the diagram 


EXPERIMENTAL OBSERVATIONS 


More than half of the system Al-Mg-Zn has been scanned by seven 
semi-infinite) diffusion couples composed of pure aluminum fusion 


velded respectively to pure magnesium and to six Mg-Zn alloys of 


minal compositions: 10, 20, 30, 40, 50 and 60% zinc, see Table I. 
Each couple was held, 1000 hours, at 335°C (635 °F), the highest 
temperature that could be used without incurring risk of liquation in 
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Fig. ; Key to the Diffusion Layer Structures and the Relative Thickness of t 
\l-Mg-Zn Diffusion Couples Listed in Table | After a 1000 Hour Anneal at 

(635 °F). 


any alloy. The growth of the diffusion layers was followed by measurt 
ments made at five intervals during the 1000-hour heat treatment 
Fig. 9. In the final samples the phases present in each layer were identi 
fied by metallographic and x-ray diffraction methods; the results art 
presented schematically, in Fig. 2, Details of the experimental met! 
ods employed are given in an Appendix at the end of this paper. 

The principal results of this study are contained in the paotomicr 
graphs of Figs. 3 to 8 inclusive. They will be understood most readil 


by comparison among the corresponding phase identification strips | 
Fig. 2, and by comparison with Fig. 1, where the composition path o! 
each couple has been plotted on the 335 °C (035 °F) isotherm by us: 


of the relationships summarized in Table II. 





DIFFUSION I 


Table Il 
Relationship Between Diffusion Layers and the Phase Diagram 


Diffus ructure® rre Phase Diagrar 


All er 
between tw 
isothermal 1: 
1e exact location 
1a one-phase to a tw 
osition at each posit 


4 1 


MgZn 10. The couple made with the 10% zinc alloy, Fig. 3, differs 
1a binary Al-Mg couple, chiefly in that a two-phase zone of « 


p 


ppended to the complete series of layers found in the binary couple. 


is remarkable because it means that the composition path, Fig. 1, 
emerging from the Mg-Zn side of the system, has turned almost 
tly away from the zine corner, has proceeded parallel to the Mg-Zn 
into the e-field, and then has turned 120 d grees and proceeded, 
to the Al-M¢g side, all the way to the aluminum corner. The lineal 
from Mg-Zn 10 to aluminum would have crossed an altogethet 
rent set of fields in the phase diagram. A reason for this behavior 
be found in the high rate of diffusion of zinc as compared with 


of the other two metals. Accord eerwald (7) the diffusion 
tant of magnesium in aluminum at 4 is 3.6 x 10° cm™ per 
nd, that of zinc in aluminum 5.6 x 10° cm? per second; Mehl, 
nes and von den Steinen (8) report a five to one advantage for zinc 
100 °C (750 °F). At the Mg-Zn side of the couple, zinc is withdrawn 
eferentially and rapidly so that the affected layer becomes magnesium 
rich; at the aluminum side, zine diffuses inward so rapidly that it does 
develop a high concentration in any zone and the layers that are 
luced are, accordingly, those of the Al-Mg system. Of particular 
erest is the sharp curvature of the composition path in the e-field; 
is curvature is more acute but similar in kind to that found in the 
Sn-Zn solid solution cited above 


-MgZn 20. As the zinc content of the couples is increased, the 
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Fig. 3 -The Diffusion Layer Structure of a 10% Zn 90% Me Alloy/100% Al Coury 
Atter 1000 Hours at 335 °C (635 °F). Micrograph at left unetched, 100; microgray 
at right chromate etchant, 5 


250 


paths of composition change shift toward higher zinc content throug! 

out their length, Fig. 1; there is no crossing of any of the compositior 
paths. In the case of the Al-MgZn 20 couple, the path again follows 
«+ p into the e-field where a sharp turn permits emergence into the 
«+ y field. The absence of any two-phase ¢ + y layer in the microstruc 

ture, Fig. 4, indicates that the composition path lies parallel to a ti 

line ; the two-phase field is represented by only the interface betwee 
the « and y-phase layers. 

Again, in the y-field, the composition path of the 20% zine coup! 
turns sharply away from the zinc corner of the system. This brings 
it into the y + 8 field. There is a small two-phase y + 8 zone in the 
microstructure, but it does not exhibit the property oi gradual trans! 
tion from 100% y to 100% of 8 that should be expected if the path 
were to cross the two-phase field diagonally. The nearly straight 
interface and the adjacent two-phase layer, composed of a few small 
particles of y embedded in 8, suggest that the composition path li 
parallel to a tie-line from the y-edge of the y +8 field almost to its 
5-edge, but just before entering the 8-field curves somewhat toward 
increasing aluminum content. It is to be noted that the path from y to é 
involves what appears to be a regression in the composition chang 
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The Diffusion Laver Structure of a 20% Zr: 
1000 Hours at 335 °C (635 °F Micrograph at |! 
450. HC1LHF etchar 


but 1s still consistent with the turning of the composition path generally 


iway from the zinc corner and toward the aluminum corner in each 
the one-phase fields. From the $-layer onward the Al-MgZn 20 
ouple develops the same diffusion layers as are found in the binary 
l-Mg series. 

l-MgZn 30. Withdrawal of zinc from the MgZn 30 alloy again 
hifts the composition toward the magnesium corner of the system. 
he e+ p+ r, field which is crossed first, is represented in the micro 
structure of Fig. 5 by the interface between the two-phase fields « +- p 
id 


a ee eS 


r. At this boundary there is an abrupt increase in the quantity 
the dark-etching e«-phase, associated in part with the greater zinc 
mtent of the r-phase. The quantity of + in the « + +r layer diminishes 
noticeably toward the e-edge of the field, indicating sloping or curvature 
of the composition path in this region. 
This time the path across the y-field terminates at the y corner of the 
three-phase field y + 8+ A, which, in this case, is represented by the 
terface between the single-phase field y and the two-phase field 8 + A 
\s deduced from the ratio of the two phases in the microstructure, the 


§ + A field is intersected rather near its § end and is crossed almost at 


rht angles to its tie-lines. This brings the composition path into the 
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The Diffusion Layer Structure of a 30% Zn 70% Mg Alloy/100% Al Couy 
After 1000 Hours at 335 °C (635 °F). Micrograph at left, * 75; micrograph at right 
x 150. HCI-HF etchant 


three-phase field § + A +f’, which is represented by the interface be 

tween the two-phase layers 8+ A and B’ + A. The boundary between 
dark and light etching #’, in Fig. 5, is an etching limit and does not 
denote either a difference of phase or an abrupt difference in composi 
tion. The A content of the 8’ + A field diminishes gradually to zer 
showing that the composition path crosses the tie-lines diagonally to 
enter the f’ field, where the binary Al-Mg sequence of layers resume 

Al-MgZn 40. The composition path of the Al-MgZn 40 coup! 
Fig. 6, undergoes five alternations of two-phase and three-phase field 
before a one-phase field, the £’, is reached. These layers are, in succes 
sion: e+ p, «+ p+ 7 (represented by an interface), «+ 7, «e+ 7 
(interface), «+ A,e+A-+ y (interface) y +A, A+ y + 8 (interface 
A+ 8, A4-8+ P’ (interface), and A+ f’. Despite the fact that 1 
single-phase region is crossed in this entire sequence, the composit 
path follows the same general pattern as did those in preceding exam 
ples; it makes four distinct turns, three of them rather sharp and 
of them associated with three-phase interfaces, see Fig. 1. 

Al-MgZn 50. As far as the A + 8 field, the series starting with t! 
MgZn 50 alloy, Fig. 7, passes through the same steps as did the pr: 
ceding couple. From the A + 8 field the composition path now enters 
the A-field, which is crossed, as have all others been, in a directior 
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The Diffusion Layer Structure of a 4 n ¢ Mg Alloy/100% Al Couple 
0 Hours at 335 °C (635 ) icrograph at left glycol etchant, X 65; micro 
graph at right 325 { 
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Fig. 7—The Diffusion Layer Structure of a 50% Zn g Alloy/100% Al Couple 
After 1000 Hours at 335 °C (635 °F). Micrograph at left, x 60; micrograph at right, 
<x 450. HCI-HF etchant 
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Fig. 8—-The Diffusion La 


yer Structure of a 60% Zn 40% Me Alloy 
After fours at 335 °C 


(635 °F). Micrograph at left, » 1 Micr 
200. HCLHF etchant 


away from the zinc corner of the system. The subsequent successiot 
three single phase layers, namely: A, 8 and a, denote passage throug 
the fields A, A+ 8, B, 8 + a and a, both of the two phase fields bei 
traversed parallel to their tie-lines. 

Al-MgZn 60. In the case of the 60% zinc alloy, the initial structur: 
is p+ 7, Fig. 8. Still the composition path swings somewhat awa 
from the zine corner as it crosses e+ p+ 7 and «+r. Thereaftes 
turns toward the aluminum corner, crossing the A-field and going a 
proximately parallel to tie-lines through A + a into the terminal a-fi 
For the first time in this survey, all of the phases of the binary Al-M 
series (except a) are omitted. 


DiIscUSSION 


Since there is no apparent reason to suspect abnormality in the bi 
havior of the Al-Mg-Zn system, it seems admissible to drew conc! 
sions of a generalized nature from the observations just cited. It 
clear, and probably quite general, that each ternary diffusion couy 
is capable of developing a sequence of layers that corresponds to 
connected series of phase equilibria linking, on the phase diagram, t 
terminal compositions of the couple. At fixed temperature (after 5 





fact th: 


been oby 

a sf 
termin 7 
the gener: 


unt on 
lating f1 
the present case 1 


compuiete 


1e System 1S ¢ 
paths. Allowing for 
intermediate phases, the 
ym zinc, the fastest diffu 
is should occur, even 
mponent must spread itself over the longest span in the 
mn couple, thus minimizing its concentration evervwhere within 
ructure. The slower diffusing components, in contr: 
become concentrated near ; 
te the formation of phases in wl 
consistently that the inal 
a 


phase Equilibrium. The one 


‘epresented in the diffusion structure, 


legree Ss of tree 


rs. Since there are two « 
ne-phase equilibrium, the compositiot 
may vary simultaneously with respect to two components, 


position path may be curved. Reasons for curvature have alre: 
discussed, but it is interesting to pursue this question farther 
be true that all points in the ternary is 
ome time for diftus 
welding temperature 
ll, four degrees of freedom, of w 
iperature, leaving tw for the regulat : 
number is decreased by one, at three-phase interfa it i lecreased by 
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couples having any common terminus, then it should be possible to find 
a couple that will pair any designated point upon the perimeter of a 
one-phase field with any other freely selected point upon the same 
perimeter. Although the present survey has provided examples onl) 
of such points connected by composition paths lying within the one 
phase field, there appears to be no reason to expect that the joining 
composition path could not as well lie outside the one-phase field. Ac- 
cordingly, it may be deduced that the boundary of any ternary inter 
mediate phase field should be divided into portions corresponding, first, 
to compositions that are connected by internal diffusion paths to adja 
cent points upon the perimeter of the field, and, second, to compositions 
that are connected to adjacent points by external paths. Couples that 
pass through internally connected points would develop but one cor 
responding single-phase layer, whereas those passing through a pair 
of externally connected points should develop two separate single-phase 
layers composed of this phase. Terminal, single-phase regions might be 
composed of one or both kinds of points. The e-field of the Al-Mg-Zn 
system appears to be bounded wholly by internally connected composi 
tion points. 

Two-phase Equilibrium. Each two-phase region of the phase diagram 
is represented in the diffusion structure either by the interface between 
two single-phase layers, by a layer of definite thickness composed of 
alternating deposits of various proportions of the two phases, or by a 
combination of these modes, see Table II. Differences in structure 
correspond to the manner in which the composition path crosses the 
two-phase field. 

If the path lies parallel to a tie-line, there can be no composition gra 
dient in either phase in crossing the field and nothing more than an 
interface between the two phases can develop. Judging from the num 
ber of its occurrences in the presently investigated system, there must 
be a tendency for this type of structure to form preferentially. A pos 
sible explanation lies in the fact that the energy of the system is in 
creased by the introduction of phase interface. A plane boundary b 
tween single-phase layers corresponds to a minimum interfacial area 
a two-phase layer to larger surface area. Thus, it appears that the dif 
fusion path, as a whole, may be warped to seek minimum surface 
energy. 

Paths that cross tie-lines in the two-phase region have been so located 
in Fig. 1 as to designate the relative proportions of the two phases 
When the path cuts all tie-lines in the field, the two-phase layer is 
composed of all conjugate compositions of the two phases. Each par 
ticle that extends from one boundary of the layer to the opposit: 
boundary varies in composition over the complete range of the tw 


phase field. Typical examples are such as the «+7, «+A, y+A 
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§ and A+ ’ layers in Fig. 6. Evidence of this composition range 
is given by the shading of the etching tone across one of the phases in 
h of these layers (except « + A). 
iriations in the relative quantities of the two phases may be illus- 
ted by comparing A+ 6 layers in Figs. 5 and 6. In the 30% zinc 
vy, Fig. 5, the diffusion structure is composed of almost 80% of the 
ise ; the composition path lies correspondingly close to the § bound- 
ary, Fig. 1. In the 40% zinc alloy, Fig. 6, the composition path crosses 
he A+ 8 field diagonally near its midpoint; accordingly, nearly equal 
portions of A and 8 appear in the corresponding layer, but with some 
rease in the proportion of 8 to A in traversing the layer in a down 
vard direction. Evidence of the curvature of the composition path in 
versing the y + 6 field in Fig. 4 has already been cited. 
Since there is but one degree of freedom * in two-phase equilibrium 
fixed temperature and pressure, the complete freedom of choice of 
iposition path that is required in order to realize the condition that 
very couple shall follow a unique path across each field that it en 
inters, demands that the diffusion sequence determine both the 
onjugate compositions of the phases and their relative proportions at 
ich position in the two-phase layer. Thus in the A + 6 layer of Fig. 6, 
rapid decrease in the zinc content is produced both by decreasing the 
content of the A-phase as the layer is traversed and by increasing 
he relative quantity of the zinc-poor 8-phase. 
Three-phase Equilibrium. In the diffusion structure, three-phase 
uilibrium is always represented by an interface at which three phases 
meet. This can occur by the meeting of a pair of two-phase layers having 
phase in common, or by the meeting of a two-phase layer with a 
ingle phase layer composed of a third phase, see Table II. In plotting 
iposition paths in Fig. 1, straight lines have been drawn across 


hree-phase areas in order to associate the two gross compositions 
vhere layers meet at the three-phase interface. Points along this 
straight line represent, in the phase diagram, a sequence of ratios of the 
uantities of the three phases, but, because the three-phase “layer” is 


’ 


really just a two dimensional surface, variation in the quantities of the 


ses across the “layer” has no meaning. 

Since the three-phase equilibrium in an isobaric isotherm has no 
legrees of freedom,* the only control over the gross composition 
hange across this field resides in the proportioning of the quantities of 

three phases upon the two sides of the interface. It is possible for 
point upon one of the straight sides of a three-phase field in the 
hase diagram to be associated with any point upon either of the other 
sides. This provides unique transits for each diffusion couple and 
number of paths through any point within the three-phase region. 


first footnote under “Discussion.”’ 
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Morphological Considerations. Although the layers in the samples 
studied were too thin to permit any detailed morphological analysis 
there are a few gross aspects that merit comment. Two kinds of two 
phased layers are distinguishable: (a) terminal layers (e.g. « + p and 
«+ 7) which are composed of approximately equiaxed particles and 
(b) mid-system layers composed of more or less acicular particles 
oriented with their major axes parallel to the direction of composition 
change. The reason for this difference is self evident. Particles in th 
terminal zones are derived directly from the pre-diffusion structure and 
thus have the position and dimensional characteristics of the same phass 
in the cast structure. These characteristics may be passed on to an 
adjacent layer, such as « + + when one of the phases of the pre-diffusio: 
structure persists in the new layer. 

Mid-system layers clearly advance by the forward growth and th 
simultaneous, though slower, dissolution of the retreating end of eac! 
particle. The nucleation of new particles should be insignificant after 
the initial establishment of the diffusion structure. This might result in 
a geometrically perfect system of rods were it not for local differences 
in growth rates imposed by the interaction of crystals of a variety 
orientations. Despite such irregularities it might be expected that thy 
particle size (1.e. the frequency of phase alternation in the two-phased 
layer), would adjust to a dynamic equilibrium representing a balanc: 
between surface energy and chemical energy. The finer the structur: 
the greater the surface energy content of the layer; the coarser th 
structure, the larger must be the local deviations from the two-phas: 
equilibrium compositions along any plane parallel to the plane of th« 
diffusion couple. With higher diffusion rates it is to be expected that 
this kind of dynamic equilibrium would produce coarser particles. 

Here the measurements of the rates of diffusion zone growth, Fig 
become of interest. It is not a new fact that, as indicated by these meas 
urements, the growth of ternary diffusion zones follows the familiar 
parabolic law, nor is it new that the individual layers in the diffusior 
zone obey the same law, (9,10). The present measurements are 0! 
particular interest, however, in that they exhibit a very large increas 
in the rates of layer growth with increase in zinc content within th 
range of the coexistence of « and p, (0 to 50% Zn). It is anticipated 
therefrom, that the microstructure of each mid-system diffusion layer 
should coarsen with increasing zinc content. Three kinds of two-phased 
layers are available to test this prediction: y + A, 8+ A and A+ 
The latter two do indeed appear to bear out the prediction as can b 
seen by comparing Figs. 5, 6 and 7. There is so little difference in the 
A particle frequency in the y + A layers in Figs. 6 and 7, however, as 
to lead to no clear conclusion with respect to this case ; it is possible, oi 
course, that the expected difference is hidden by the increase in th: 
quantity of the A-phase, in Fig. 7. 


( 
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SUMMARY OF CONCLUSIONS 


> extent that the Al-Mg-Zn system may be considered typical : 
The layers in a ternary diffusion couple correspond to a 
connected series of phase equilibria linking the terminal com 
positions of the couple on the phase diagram. 
Diffusion composition paths radiating from any single com 
position point apparently do not cross one another and, if 
made sufficiently numerous, are expected to reach every com 
position in the ternary system 


The composition sequence is unique for each semi-infinite 


couple at fixed temperature and pressure, regardless of the 
duration of diffusion; it follows from this and (2) that any 


ternary diffusion series may be identified uniquely by any 


two composition points upon it. 

The diffusion composition path of any couple tends, as a 
whole, to bend away from the fastest diffusing component of 
the system. 

One-phase equilibria result in the formation of single-phase 
layers in the diffusion structure 

The composition path across a one-phase layer is normally 
curved and turns away from the composition of the most 
rapidly diffusing component. 

Two-phase equilibria result in the formation of two-phase 
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layers, or interfaces between single-phase layers of the con 
jugate phases. 

8—tThe interface type of two-phase structure (corresponding 
to parallelism of the composition path and a two-phase tie 
line) occurs with unexpected frequency, suggesting that 
there may be a tendency to suppress two-phase layer forma 
tion in order to minimize the interfacial area in the micro 
structure. 
‘The relative proportions of the phases in a two-phase layer 
correspond with a unique composition path across the two 
phase region of the phase diagram ; the path may be curved 
-Three-phase equilibria are represented by interfaces betwee: 
two layers made up of a total of three phases, i.e., either two 
two-phase layers having one phase in common, or a two 
phase layer and a single phase layer constituting the third 
phase. 
The composition path commonly turns sharply as it passes 
through a three-phase interface, the direction of rotation 
being determined by the relative rates of diffusion of t! 
components of the system. 

12—The particles of mid-system two-phased layers are normal 
acicular, those of terminal two-phase layers tend to be t! 
same as those of the terminal alloy. 

13—Two-phase layers tend to be composed of coarser particle 
the faster the rate of layer growth. 

14—Diffusion zone growth in ternary couples obeys the paraboli 
law. 


Appendix 

Preparation of the Alloys. The alloys were prepared from high purit 
metals by melting under a chloride flux (50% KCl + 50% NaCl) in 
graphite crucible using standard melting and alloying practice for 
magnesium. These were chill cast into rods 34 inch in diameter and 
6 inches long. Chemical analysis of the alloys agreed within 1% of the 
nominal composition as shown in Table I. No gross segregation was 
observed metallographically in the cast rods. 

Heat Treatment. All heat treatments were carried out in an electri 
furnace which was controlled within +1 °C. The alloys and diffusior 
couples were sealed in Pyrex vials containing argon for all heat treat 
ments. No metallographic evidence of loss of zinc or magnesium 
observed. Cast alloys were homogenized by a 10-day anneal at 335 ° 
(635 °F). The diffusion couples were annealed for 50, 100, 250, 50! 
and 1000-hour periods at 335 °C (635 °F). 

Welding of the Al-MgZn Couples. Both components of the couple 
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After the argon flush, the loaded clamp was pushed into the 
hot zone of the furnace, which was held at about 339% 

(640 °F) for the Al-MgZn type couples. The clamp exerted 
more pressure during heating due to the difference in th 
expansion coefficients of the clamp and couple materials 
About 40 minutes were needed to bring the clamp to the weld 

ing temperature. 

By controlling the furnace current, rate of argon flow throug! 
the furnace and air through the aluminum block, the coupl: 
was held near 339°C (640°F) for 20 minutes. The exact 
temperature required varied slightly with the couple typ 

e.g., 342 °C (650 °F) was required for the zinc-poor coupl 

After this welding period the clamp was removed from the 
furnace and air cooled. 

The welded couple was examined metallographically. Over 
heating or overliquation was detected by the presence of beads 
projecting from the couple interface. Such couples were im 

mediately discarded. If the couple had not welded properly, it 
usually parted during grinding for the metallographic test, or 
exhibited, upon metallographic examination, a fine black lin 
of a hair crack along the interface. 


No couples were studied in which the weld zone was more than a 


tenth the thickness of the diffusion structure formed subsequently at 
335 °C (635 °F). 


METALLOGRAPHIC AND X-RAY DIFFRACTION PROCEDURES 

The diffused couples were mounted in a cold setting plastic and a 
surface ground perpendicular to the diffusion interface. Standard po! 
ishing procedures for aluminum were used. Phases in the diffusion 
layers were identified both by etching characteristics and by powder 
x-ray diffraction. Special sampling techniques for powder x-ray diffrac 
tion analysis and selective etching procedures were developed for iden 
tification of the phases in the thin complex diffusion layers. 

When present in the diffusion couple the magnesium solid solution 
exhibited different etching characteristics from the normal. Therefore 
phases in the diffusion layers near the alloy component were identified 
by comparison with two-phase standard alloys consisting of the mag 
nesium solid solution and a known intermetallic phase. 

In order to use stronger etches to study detail and etching chara 
teristics of the diffusion layers near the aluminum half of the couple, 
the highly reactive Mg-rich couple half and its adjacent layers wer 
coated with plastic nail polish. The exclusion of these reactive layers 
from the etching reaction allowed the etching peculiarities of the high 
Al layers to be determined, rather than have the whole reaction of the 





Table Ill 
Etchants Used 


1000 


in the dissolutio1 areas of the couple 


rincipal etchants 
> on a 5.73 centimeters diameter Nort] 


der patterns were made 
n. A nickel screen was 


erican Phillips camera using copper radiati 
d between the sample and film. For very small samples, requiring 
exposure times, a pentacrythritol monochromator was used. The 
n method lay in the col 
ision lavers. The thicker 
carefully with a dental 


1 


h and greater control, 


st difficult problem with the x-ray diffracti 

of sufficient sample from the thin diffi 
usion layers were sampled by scratching 
For very thin layers requiring a finer scr 


Bergsman Microhardness tester was utilized as a microgouge 
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DISCUSSION 


Written Discussion: By J. L. Meijering, Philips Research Laboratories, Find 
hoven, Netherlands. 

Diffusion in ternary systems will probably become increasingly important i: 
the future. It is gratifying to have already such an important paper on a very 
complex system. 

The marked tendency of the diffusion composition paths to deviate away fron 
the Zn corner is extremely interesting, but presents a problem. In the absence of 
net lateral flows the overall composition of a slice of constant thickness across a 
complete diffusion zone must lie somewhere on the straight line going throug! 
the terminal composition points in the ternary diagram. Therefore the complete 
composition path cannot lie on one side of the straight line only, such as the 
Al-MgZn 10 path in Fig. 1, which lies wholly on the Mg-rich side. The other five 
paths cross the corresponding straight lines. Still, at least the Al-MgZn 40 and 
\l-MgZn 50 paths also point to a loss in Zn relative to Mg. In both couples th 
(y + \)-layer—the only one contributing to a relative excess of Zn—appears t 
be too narrow (cf. Fig. 2) to compensate the Zn deficit brought about by the 
other layers. 

Presumably the metallographic sections were sufficiently far from the surface 
to preclude lateral loss in zinc by vaporization. It also looks improbable that the 
liquidation during the welding process can be responsible for the discrepancies 
Such trivial lateral effects are moreover very unlikely in view of the insensibility 
of the layer sequences towards diffusion time. Unequal changes in lateral speci 
men dimensions would only give very small effects. 

It seems much more likely that the missing zinc is to be found near one of the 
ends of the diffusion zone, in the (e+ p) or the a layer. Here the concentration 
gradients are small and consequently small changes in the concentration pat! 
weigh rather heavily in the Mg/Zn balance. To account for the apparent Zn loss 
we would have to assume that either from the Al corner or from the Mg-Zn side 
the diffusion paths swing in the direction of the Zn corner before turning away 
from it. Apparently both cases demand a region with uphill diffusion of Zn. Ir 
view of the thermodynamics of the binary systems one would expect the Al-Zn 
interaction to be less advantageous than the Al-Mg and Mg-Zn interactions 
Therefore uphill diffusion of Zn near the Al corner seems unlikely. But it might 
well be that in the (e + p) region the Zn activity increases with Al concentration 
so that zinc partly moves backward before the incoming aluminum. 

The metallographic consequence would be that the p-fraction in the (e+ 
layer goes through a maximum. To see whether there is anything in the surmis 
above, it might perhaps be easier to examine the diffusion path between Al and 
Mg with 3% Zn. This would be expected to show two homogeneous « layers wit! 
an (e+) layer in between; this would provide, by the way, an example of a1 
“external path” (p. 210). 

Written Discussion: By Dr. J. S. Kirkaldy, Department of Metallurgy and 
Metallurgical Engineering, McMaster University, Hamilton, Ontario 

The authors have offered a valuable contribution to the understanding of dif 
fusion layer formation in complex alloy systems. We are particularly impressed 
by the observation that the layer penetration maintains a parabolic variation 
even though two phases appear in some of the layers. Such a variation is thee 
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lly expected in linear semi-infinite systems with single-phase layers pro 

| that the terminal alloys are homogeneous solid solutions and that diffusion 
ructure independent throughout,* but there seems to be no simple reason why 

; should be so in the more complex case involving three-dimensional diffusion. 
f, for example, we consider a perfectly columnar two-phase zone with plane 
r boundaries, it can be seen that it is impossible to satisfy a (substantially) 
uilibrium condition on all columnar grain surfaces while at the same time 
ntaining uni-dimensional diffusion. Since the diffusion must therefore be 
e-dimensional, we might still attempt to find three-dimensional solutions 
1,4 


would lead to a parabolic law. These would necessarily have the functional 


tor each component, 


Cy Le (as yt, Y, 
However, substitution in the multicomponent diffusion Equation 1 shows that no 
solutions exist 
\ccordingly we must conclude that the parabolic penetration dependence in 


nplex ternary systems will at best be an overall apprceximate average, that 
lividual layers will probably show greater deviations from this dependence 
than will the total layer zone, and that the parabolic dependence will be more 


rately adhered to the fewer two-phase layers there are. It should also be 

| that three-dimensional diffusion in two-phase layers must influence the 

uniformity of the diffusion fields in adjacent single-phase layers and give rise to 
n-planar layer interfaces. 

We have had some difficulty in interpreting a few points in the authors’ list 

if conclusions and would appreciate some clarification. We respectfully submit 

for comment the following minor revisions of their conclusions 1, 2, and 3 which 


feel add to the precision and clarity : 


1. To the extent that lateral diffusion and nonuniformity of layer inter 


faces can be ignored, successive incremental layers in a ternary diffusion 


couple correspond to a connected series of phase equilibria linking the 


terminal compositions of the couple on the phase diagram. 
I 


Ss) 


2. Diffusion composition paths radiating from any ternary alloy terminus 
towards a series of associated binary alloy termini, do not cross one 
another and, if made sufficiently numerous, are expected to reach every 
composition in the ternary system 

3. The composition sequence is unique for each semi-infinite couple at a 
fixed temperature and pressure, regardless of the duration of diffusion 

This is qualified to the extent that an early sequence, which passes near 
a critical point, might shift a sufficient amount in later stages, through 
the development of lateral diffusion and non-uniform interfaces, to be 
detectable 

[he authors state, as an apparent consequence of (2) and (3), that “any 


ernary diffusion series may be identified uniquely by any two composition points 


upon it.” It seems to us that the only two composition points which define a 


equence uniquely are the terminal ones. Two arbitrary compositions will only 


lefine a sequence if further conditions are stated or tacitly understood. Are the 
*J. S. Kirkaldy, “Diffusion in Multicomponent Metall Systems III. The Motion of 
‘lanar Phase Interfaces,’"’ Canadian Journal of Physics, \ 6, 1958, p. 917-925 
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authors implying that the terminal alloys must be binary ones as extra conditi 
Next, with reference to conclusion 8, we doubt that the surface free ene: 
production in the two phase layers is an important factor in the determinati 
the composition path. However, there is an important implication here that 
can subscribe to, and this is that the diffusion equations, the equilibrium 
lations and the continuity conditions together, may not uniquely determin 
path. In other words, it may be possible in view of the flexibility of the 
phase structures and interface profiles that the process equations and boun 
conditions can be satisfied by a whole continuum of morphological variatior 
as is likely, this be the case, it becomes necessary to state a thermody: 
principle which specifies the choice between the various paths. One possibi 
as suggested by the authors, is that the system pass through states of mini 


free energy. However, as diffusion is an irreversible process, there is no fur 


mental basis for such a principle (except perhaps as a qualified, crude appr 
mation ). 
Onsager * has presented a variation principle from which the multicon 


diffusion equation for a single phase can be derived and this states tl 
system passes through states in which the total energy dissipation (or ent: 
production) is a minimum consistent with the maximum rate of dect 
Gibbs Free Energy. Mathematically, this is 


[ —dG/dt — %Jf ,TodV ] = O, (maximum), 


where G is the Gibbs Free Energy, T the absolute temperature, ¢ is the rat 
entropy production (T ¢ is the energy dissipation) and V is the volume. In \ 
of the formal similarity of diffusion and phase change as simple rate process 
it seems plausible to suppose that the same variation principle applies to multi 
phase diffusing systems, and we so postulate it. According to this, the comy 
sition path is the one of least resistance compatible with the minimum diffusi 
gradients in all directions (the entropy production depends on the square of 
gradients). Thus, regions with low diffusion coefficients will be avoided. 1 
will be a tendency to flatten gradients by means of paths paralleling tw 
tie-lines, and there will be an avoidance of two-phase layers which intr 
extraneous entropy production via their lateral diffusion fields. If such layer 
are necessary to satisfy the general conditions, the phase distributions will 
columnar and as coarse as is compatible with the boundary conditions, sir 
morphology tends to minimize the lateral gradients. These inferences appear 
be in rough correspondence with the observations. 


Authors’ Reply 

The points brought up by Dr. Meijering are very important ones, and we 
grateful to him for bringing them to light. His added interpretation suggests 
general rule that needs to be stated, namely, that the diffusion path must 
least once, cross the straight line connecting the terminal compositions. In vi 
of the method by which the compositions were identified by us (i.e., by pl 
identification only) we think that the precision by which the diffusion pat 
were drawn is such as to allow variation sufficient to accommodate the materi 
balance. At least :~ the case of the 10% zinc couple, it seems to us altoget! 
probable that the zinc content of the aluminum-rich phase could be sufficient 


* Onsager, “Theories and Problems of Liquid Diffusion,”” Annals of the New Yor {-adew 


f Science, Vol. 46, 1945-46, p 
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te a material balance; there is no limit to the thickness of this layer, so its 

mtent could be substantial. In the case of the 50% zinc couple, the transit 
ss the lambda field could as well have been drawn at a place where a zinc 

e would have been achieved; this layer is very thick; furthermore, the 
laries of the gamma field are not well established and its true limits might 
ch as to favor this change. The hardest case to argue is that of the 40% 
| 


With little variation in the method of drawing the diffusion paths, the 


it through the delta plus lambda field might have been brought onto the 
side of the straight line, but as Dr. Meijering says, this does not appear to 
nough. His suggestion of the possibility of a maximum in the epsilon plus 
eld, as created in a couple composed of aluminum against 3% zinc, is very 

ting indeed 
e bulk of the pertinent experimental evidence that is on record in the 
iture leaves no room for doubt that multi-phased diffusion layers that form 
idimensional growth, as in the present case, obey the parabolic growth law, 
the precision of existing measurements, see for example, (a) Rbhines, 

ransactions American Institute of Metallurgical Engineers Vol. 137, 1940, 
46-286 and Vol. 147, 1942, p. 205-221. This is true whether each layer in a 

nplex is considered separately, or some, or all, of the layers in a system are 
sured as a group. It was for this reason that the demonstration in Fig. 9 was 
fined to a total measurement; it was desired only to demonstrate that the 
tem was not abnormal. 

We question Dr. Kirkaldy’s prediction of contrary behavior because it does 
ippear to us that lateral diffusion should be involved in the rate of layer 
wth. The two-phased layer is composed of a pair of conjugate phases each 

ving a corresponding concentration gradient between the two surfaces of the 

layers. These gradients are so constructed that, at any specified depth within the 
each phase has the same activity. Thus a gradient exists in a direction 
rmal to the external boundary planes of the layer, but not parallel with these 
urfaces and there can, accordingly, be a net chemical transport only normal to 
ver surface. Parity of the activity of the two phases, of course, requires a 
ral segregation of the components. This, however, results in no gross change 
the composition in any plane in the layer parallel with the interface, because 
ybservation includes many repetitions of pattern 
\ccordingly, we are inclined not to adopt Dr. Kirkaldy’s proposed modification 
onclusion 1. We have already specified that the behavior that we describe is 
expected only after a more or less steady dynamic state has been attained. The 
nly deviation from the regular sequence of layers that we would expect should 
precede the attainment of the steady state 
In conclusion 3 we do not intend to limit to binary compositions; any two 
npositions should identify a unique path. 
We quite agree with Dr. Kirkaldy, when he says: “we doubt that the surface 
the cde 


free energy production in the two-phase layer is an important factor it 
mination of the composition path,” and we have not said or knowingly inti 
ted that the case should be otherwise. Our belief is that there may exist a 
lance between the rate of segregation by lateral diffusion and the rate of 
rticle surface minimization by agglomeration. This in no way bears upon the 
position path of the two-phase layer which varies only in a direction normal 


+h 


e diffusion interface 





GROWTH CONDITIONS FOR EQUIAXED CRYSTALS 
IN ALUMINUM-MAGNESIUM ALLOYS 


By T. S. PLASKETT AND W. C. WINEGARD 


Abstract 


The breakdown from columnar growth to equiaxed 
growth for Al-Mg alloys was found to be dependent upon 
the rate of solidification (R), the temperature gradient in 
the liquid ahead of the solid-liquid interface (G), and the 
solute concentration (Co). It is suggested that constitutional 
supercooling ahead of the dendritic interface promotes nu 
cleation in the melt. (ASM-SLA Classification: N12; Al 
Mq } 


HERE HAVE been many investigations in the grain refinement 

of “as-cast”’ structures, particularly with respect to the behavior of 
nucleating agents. From results on aluminum base alloys, Cibula (1 
postulated that for effective grain refinement nucleation must occur and 
a concentration gradient must exist. The requirements for an effective 
nucleating agent have been established by Cibula, but little information 
is available concerning the influence of concentration gradients ahead 
of a dendritic solid-liquid interface. 

The concentration gradient existing ahead of a plane interface in a 
simple binary system has been calculated by Tiller et al (2) and 
verified experimentally by Walton et al (3) and Tiller and Rutter (4 
At the same time, the breakdown of a plane interface to a cellular inter 
face was seen to depend upon the rate of solidification “R,” the tem 
perature gradient in the liquid ahead of the interface “G,” and the 
concentration “Co” of the particular solute present. Tiller and Rutter 
(4), Morris et al (5), and Holmes et al (6) found these same variables 
R, G and Co to be significant in determining the onset of dendriti 
growth from cellular growth. 

While no quantitative theoretical treatment is as yet available con 
cerning the existence or the extent of constitutional supercooling ahead 
of a dendritic interface, Winegard and Chalmers (7) have proposed 
that the amount of supercooling may be large enough to cause nuclea 
tion ahead of the advancing dendritic columnar interface. If this is the 
case, the onset of equiaxed growth in a casting should be dependent 
upon the same growth conditions that influence constitutional super 


* The figures appearing in parentheses pertain to the references appended to this paper 


A paper presented before the Fortieth Annual Convention of the Society, he 
in Cleveland, October 27-31, 1958. The authors, T. S. Plaskett and W. C. Wine 
gard, are associated with the Department of Metallurgical Engineering, Uni 
versity of Toronto, Toronto, Canada. Manuscript received January 17, 1958 
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Fig. 1—A Portion of the Aluminum- Magnesium 
Phase Diagram 


cooling—t.e., G, R and Co. The present investigation was undertaken 
to determine whether the onset of equiaxed growth in the aluminum- 


magnesium system could be described in terms of the aforementioned 
growth variables. 


EXPERIMENTAL TECHNIQUES 


Standard foundry practices were followed in the preparation of alu 
minum alloys containing 1, 2, 5 and 10% magnesium. In each case, 
the magnesium was added to the molten aluminum by means of a 
graphite phosphorizer and the bath covered with a flux to prevent ex 
cessive oxidation. As seen in Fig. 1, the alloys are all below the maxi- 
num solubility of 14.9% at the eutectic temperature. 

Cylindrical ingots 3 cms. in diameter by 10 centimeters in height 
vere cast to fit into a specially-designed graphite crucible, shown in 
lig. 2. The ingot was remelted in the crucible and allowed to solidify 
trom the bottom unidirectionally to the top of the crucible. 
Since one of the main purposes of the investigation was to measure 
he rate of solidification and the temperature gradient in the melt, it 

is necessary to measure the temperature at various points in the 
liquid without influencing the melt. There is little doubt that the most 


itisfactory method for measuring the temperature is to place the 
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Thermocoup 


"|e 





Fig. 2—A Schematic Illustration of the Graphite 
Crucible Used in the Experiments and the Positions 
of All Thermocouples 


thermocouples in the melt. Unfortunately, however, it was found that 
in several preliminary experiments the thermocouples themselves acted 
as nucleating agents, thus influencing the resultant structure of th 
casting and the temperature distribution in the original liquid. For this 
reason, the thermocouples were placed outside the melt, as shown ir 
Fig. 2. Thermocouples in a position just outside the thin graphite tuly 
mould will measure the actual melt conditions if the advancing interfac: 
is flat and solidification is unidirectional. In other words, linear heat 
flow must be maintained and heat loss from the sides eliminated or at 
least reduced to a minimum in order that no temperature gradient 
should exist across the interface or across the wall of the crucible. Ii 
unidirectional heat flow is established, the temperature readings should 
correspond to the melt temperature at a point opposite the thermo 
couple. This condition of linear heat flow was ensured by constructing 
the walls of the crucible of close fitting concentric graphite tubes and 
surrounding the crucible with a furnace. The heat was extracted fron 
the bottom by means of an air-cooled graphite plug; this is shown 1 
Fig. 2, along with the overall design of the crucible without the furnace 

Seven chromel-alumel thermocouples were placed in the wall of the 
mold—1.5 millimeter from the inside surface and at a distance of 1 
millimeters from each other. One thermocouple was used to contro! 
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Surface Macrostructure as Funct Compositior 


(b) —1% Me: ( 1% Me: (d) 3% Me: (e) 10% Me 

the temperature of the furnace, while the remaining six were used to 
record the temperature of the melt during solidification. The tempera 
ture of each recording thermocouple was recorded for 5 seconds once 
every 30 seconds by means of a rotating switch. This resulted in six 
cooling curves from which the rate of growth and the temperature 
gradient in the liquid ahead of the solid-liquid interface were calculated 
for any position of the interface. In order to establish that the thermo- 
couples were recording the correct temperature, an initial experiment 
was done with commercially pure aluminum (99.99%). Each of the 
six cooling curves obtained showed distinct changes of slope at a tem 
perature of 660 °C (1220 °F) 

The resulting ingots were macro-etched to determine the position 
f the breakdown from columnar to equiaxed 
were sectioned longitudinally to determine the position of breakdown 
in the interior. It was found that the onset of equiaxed growth occurred 
at approximately the same position in the interior as on the outside of 


crystals. Several ingots 


he casting. Since a variation of 3 or 4 millimeters in the position was 
sometimes observed, the measurements were made on the surface as 
the temperature measurements were made on the surface. 

\n experimental point of importance is the fact that, in every case 
xamined, growth of the columnar crystals was vertical. No growth 
was ever seen to indicate that the heat flow was anything but linear 


OBSERVATIONS AND RESULTS 
l'ypical surface macrostructures for each concentration are shown in 
‘ig. 3; as the concentration increased, the length of the columnar 
rystals decreased. The actual breakdown from columnar to equiaxed 


growth was measured as a distance from the bottom of the ingot. At 
he same time, both “R” and “G” are known as a function of the dis 
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Fig. 4—The Rate of Growth “R” and the Tem 
perature Gradient in the Liquid “G” Versus the 
Distance Solidified for a 2% Magnesium in 


Aluminum Alloy. 
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Fig. 5—The Ratio G/R‘/? Versus the Distance 
Solidified for a 2% Magnesium in Aluminum 
Alloy. 
tance solidified. A typical example of the variation of “R” and “G”’ wit! 
distance solidified is shown in Fig. 4 for a 2% magnesium in aluminun 
alloy. The rate of growth curve does not proceed according to th 
equation 
Rat” 


where R is the rate of growth and t is the time from the start of solidi 
fication. This is because the above equation is for a casting process 
where the metal is poured into a cold mould. However, in this stud 
the metal was melted in the same crucible as it was solidified in, so that 
initially the crucible was at the same temperature as the metal. Ever 
tually, if the crucible was longer, the above equation would apply. 
For a reason to be discussed later, the ratio G/R'/? was also plott: 
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Table 
Growth Conditions for the Breakdown of Columnar Crystals to Equiaxed Crystals 
Ingot R G ; 
No cm./sec. C/cr G/R* 
1015 0.039 3.5 
1016 0.038 0.70 3.6 
1017 0.034 3.0 


1018 0.031 
1019 0.032 
1020 0.025 
1021 0.033 


1026 0.024 
1027 0.029 


1023 0.016 
1024 0.017 
1025 0.018 














Fig. 6—G/R'/2 Versus Co for the t of Equiaxed 
Growth in Aluminum-Magnesium Alloys 


as a function of the distance solidified ; the curve obtained for the same 
2% alloy is shown in Fig. 5. 

Che values of R, G, and G/R!/”" at the breakdown of columnar 
growth are listed in Table I for each concentration. A graph of the 
iverage G/R!/? at breakdown versus C, is shown in Fig. 6, from which 
it may be seen that the relationship is almost linear over the range of 


concentrations investigated. The breakdown curve divides the graph 


into two regions. To the right of the curve is the region for equiaxed 
rystal growth and to the left is the region for columnar crystal growth, 
least for the values of C,, R and G used in these experiments. 


DISCUSSION 


During the investigations concerning the onset of dendritic growth 
tin in lead (4) and silver in lead (6), it was found that the begin 
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ning of dendrite formation was best described in terms of Co and the 
ratio G/R'/*. While no attempt was made in the present investigation 
to vary “R” and “G” independently, it will be seen from Fig. 6 that fo: 
the conditions used, the onset of equiaxed growth for the system 
aluminum-magnesium may also be considered in terms of Co and 
G/R'?. 

Since the breakdown of columnar growth depends upon the growt! 
conditions G, R and Co, it is reasonable to assume that a solute ric! 
region extends ahead of the solid liquid interface and that this region 
depends upon the original concentration Co and the rate of solidification 
R. It is also reasonable to suppose that constitutional supercooling can 
exist to an extent which depends upon the temperature gradient G 

While no quantitative theory can be presented to account for th 
results obtained, it appears that the qualitative suggestions by Wine 
gard and Chalmers (7) are valid. As the original concentration in 
creases, it would be expected that the extent of solute build-up would 
increase and that, for the same degree of supercooling a higher “G 
would be acceptable. It should be emphasized that no nucleating agents 


1 


were added and that it is assumed that nucleation has occurred on th 


same agent in every case. 

[It is believed that this work is significant in that it is an attempt to 
relate these measurable solidification variables to the actual structuré 
of the casting. The results appear sufficiently encouraging to warrant 


further investigations using this approach. 
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DISCUSSION 


Written Discussion: By Derek Walton, research engineer, Department of Engi 
ity of California, Berkeley, 


ring. Institute of Engineering Research, Universi 
rnia 
he authors are to be congratulated for an extremely interesting and sig 


ant work. There is, however, some question as to the physical significance of 


parameter G/R*”?: 

is an established fact that liquid melts must supercoo 
e solid occurs. Therefore, some supercooling must exist in the liquid ahead 
f equiaxed grains. If the solid is 


It 1 before nucleation of 
f the advancing interface for the nucleation o 


ving dendritically, the liquid into which the 
supercooled; the greater the supercooling the higher the rate of dendritic 


dendriters are advancing must 


th. If the supercooling necessary for dendritic growth is large enough fot 


ucleation ahead of the interface, equiaxed grains should be produced. Even in a 
ure metal, then equiaxed grains should be produced at extremely high rates of 
nterface advance. However, the rates of dendritic growth are so high at the 
supercooling which would be necessary for nucleation, that it is not surprising that 
his effect has not been observed. If the above is true, then the important param 
eter should be the rate of growth since it establishes the degree of supercooling 
the liquid adjacent to the interface. The temperature gradient in the liquid 
uld be unimportant since the only requirement for the production of equiaxed 
rains is that the liquid be supercooled enough for nucleation to occur. The 
nperature gradient will determine the volum liquid which is supercooled ; 
ywever, this would be of no significance so long as it is not so small that it will 
ersely affect the probability of nucleation occurring at the corresponding 
ipercooling 
Solute could, presumably, limit the rate of dendritic growth, due to the necessity 
solute redistribution during solidification.* Chalmers * has pointed out that in 
ase the liquid ahead of the interface may cool 


ince. This could also produce a sufficiently super: 
ent again the production of 


than the interface car 


oled region ahead of the 


for equiaxed nucleation to occur. In 
uld not depend on the temperature gradient 


uiaxed grains sh 
nts in which the gradient 


It would be instructive to see the results of experime 
ntly, although there is an inci 


| rate of growth have been varied independ 
ligh rates of growth. It 


lental association of low temperature gradients with h 
however, quite possible to produce high rates of growth with high temperature 
radients, and low rates of growth with low temperature gradients. 
Written Discussion: By J. S. Kirkaldy, Department of Metallurgy, McMaster 
iversity, Hamilton, Ontario, Canada 


he authors’ observations demonstrate the existence of constitutional super 


ling ahead of a growing solid-liquid interface. However, the important 


* B. Chalmers, Private communication 
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theoretical question as to how the supercooling is distributed near the inter/ 

mains unanswered. For a cellular interface growing under steady state 
ditions, the principle of minimum entropy production * suggests that constity 
tional supercooling should be eliminated at the cell tips since this configuratioy 
assures the maximum solute segregation and the largest number of defects d; 
posited behind the interface, and therefore the lowest final entropy state. For a 
“steady state” dendritic interface one still presumes a state of minimum entropy 
production, but because of the oscillatory configuration at the tips a small pocket 
of constitutional supercooling undoubtedly oscillates between the tips and th 
adjacent regions. For a nonsteady state dendritic interface, as in these experi 
ments, the system should still tend towards small entropy production values, but 
the states need no longer be minima. Accordingly, a continuous strip of supe: 
cooled liquid adjacent to the tips, and superposed on the above-mentioned oscil 
latory variation of supercooling, is expected. The extent of these zones 
pockets of supercooling should be of the order of the diffusion length D/R, which 
for these experiments is about 10 microns, so the nucleation of new grains must 
occur very close to the interface. 

Experiments to delineate the microscopic details of this process do not presently 
appear to be possible, or at least have not been proposed. In lieu of this, tt 
correlation of macroscopic variables appears to be the best approach. Should tl 
authors be planning further experiments of this type, it would be very wortl 
while to study the behavior cf the system under steady state conditions, such a 
provided by the “thermal valve” technique.+ Among other things, this woul 
assure that R and G be constant for a given test, and be independently variab! 


through a series of tests. 


Authors’ Reply 


The authors are grateful for the discussion from Dr. Walton and Dr. Kirkald 
Dr. Walton has raised an interesting point with respect to the significance « 
G/R**. We cannot at the moment give any physical meaning to this ratio, but 
our results seem to indicate that both G and R are important. It is possible that 
at rapid rates of growth there could be a temperature inversion ahead of the i: 
terface, as suggested by Dr. Walton, but it would be very difficult to measuré 
It is more likely in our opinion that the supercooling is obtained by constitutional! 


means and, therefore, “G” is important. 

Dr. Kirkaldy suggests that the steady state growth forms eliminate super 
cooling, and that even in a non-steady state situation, the supercooled regi 
is always very close to the interface. In our opinion, the length of the super 
cooled zone depends on the imposed gradient G. The solute build-up will bi 
the order of the diffusion length, but the real supercooled zone may extend b 
yond this. This we feel is verified experimentally by the large mushy zones ofte 
found in alloy castings where the supercooling must be constitutional. 

We are in complete agreement with Dr. Kirkaldy’s suggestions that the therma 
valve technique would give more reliable information. 


* W. Byers Brown, Transactions of the Faraday Society, Vol. 54, 1958, p. 772. 


+ W.A. Tiller and J. W. Rutter, Canadian Journal of Physics, Vol. 34, 1956, p. 9¢ 





AN X-RAY METALLOGRAPHIC STUDY OF 
ARC-CAST TUNGSTEN 


By Sam LEBER 


Abstract 
Double crystal x-ray diffraction camera techniques are de- 
scribed which can be used to provide a complete analysis of 
the distortions of the lattice planes within crystals. The data 
obtained from two arc-cast tungsten grains are used to de- 
scribe the modes of distortion, misorientations across sub- 
boundaries, character of subboundaries, etc. An x-ray 
micrographic technique is presented which is used as an aid 
in determining the spatial and orientation relationships be- 
tween subgrains (ASM-SLA Classification: M26, M22q; 
W) 
INTRODUCTION 
I THE IDEALLY perfect crystal, atoms are arranged in perfectly 
flat planes, a condition seldom obtained in real crystals. Stress con 
ditions accidentally or deliberately imposed on real crystals cause the 
lattice planes to bend, resulting in variation in the orientation of the lat 
tice within the crystal. In some cases abrupt changes in orientation 
occur across boundaries which subdivide the crystal into domains called 
subgrains. 

The form and degree of the imperfections in real crystals are impor- 
tant in the consideration of all structurally sensitive properties. For 
example, correlation has been observed between the character of the 
substructure and the important properties, creep, (1,2)' and tensile 


strength (3,4,5) in metals such as aluminum and nickel. 


The dislocation etch pit technique (6) has been the primary metal 
lographic method for determining the distortion of lattice planes. How- 
ever, the validity of this technique is questionable unless a one-to-one 
correspondence between etch pits and dislocations is obtained. In addi- 


tion, knowledge of dislocation types (screw or edge) and the value and 
direction of the lattice distortion associated with each type must be 
issumed for each etch pit examined. 

The following describes a direct x-ray diffraction technique which 
can be used for the analysis of lattice distortions in crystals and the re 
sults obtained from an analysis of two arc-cast tungsten crystals. 


[he figures appearing in parentheses pertain to the references appended to this paper 


\ paper presented before the Fortieth Annual Convention of the Society, 
held in Cleveland, October 27 to 31, 1958. The author, Sam Leber, is associated 
with General Electric Company, Engineering #731, Lamp Metals and Components 
Dept., Cleveland. Manuscript received April 18, 1958 
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DESCRIPTION 

technique, and follows the suggestion by Barrett (7) that this technique 
could be used to determine the variation in orientation within a single 
grain in a poly-crystalline sample. Patterns obtained by the Berg- 
Barrett technique are images of isoclinal areas within the reflecting 
crystal since all such areas must be at Bragg angle to the incident bean 

Thus, the image can be considered as a topographical map of the crystal 
showing the spatial relationships between areas having a particular 
orientation. Iterative exposures combined with intermediate sample 
rotations result in a collection of patterns which record the change in 
shape, position and reflecting power of areas within the crystal as a 
function of the relative sample orientation about the axis of rotation 
In this manner, a complete topographical map of the exposed surface of 
the crystal may be prepared. 

A double crystal camera, similar to the one described by Weissmann 
et al. (4,8,9) was used in this investigation. On this equipment the 
sample could be irradiated by either the direct beam or the monochro- 
matized beam without changing the angle of incidence. Rapid position 
ing of the sample to place individual crystals in their reflecting positions 
was accomplished using the greater intensity available in the direct 
beam, since reflected images could be observed on a fluorescent screen 
in a darkened room. When recorded on film, the images could be com 
pared with the optical microstructure and thus be used to identify the 
particular crystal causing the reflection. The greater angular imperfec 
tion of the direct beam (15 minutes of arc) offered a second advantage 
in this application since more of the crystal would be recorded by 


Basically the method employed is a modification of the Berg-Barrett 


single exposure. 

Resolution can be defined as the minimum detectable angle of mis 
orientation ; and is dependent on image sharpness and the quality of the 
incident beam. Optimum image sharpness is obtained at the minimun 
film to specimen distance at which no interferences by the superposition 
of images of other grains within the sample are encountered. A good 
quality calcite monochromatizing crystal was used to produce an inci 
dent beam having an angular divergence of 25 seconds of arc. Horizon 
tal foreshortening of the image was prevented by maintaining the film 
holder parallel to the sample surface. 

Sample rotation was accurately controlled by means of the microm 
eter tangent screw. Angles were measured as micrometer drum div! 
sions which were each equivalent to 35 seconds or 0.97 « 10° degrees 
of are. 

RESULTS 


A sample of arc-cast tungsten, known to contain large grains having 
substructures, was selected for examination. A surface was prepared 
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ing the dislocation etch pit technique devised by Wolff (10). Re- 
peated electropolishing and etching were used until a constant etch pit 
density was achieved. The surface was then assumed to be free of the 
residual distortion effects of sectioning and mechanical polishing. 

Fig. 1 shows the optical micrographs of the two adjacent grains se- 
lected to demonstrate the different modes of distortion which could be 
detected. Dislocation etch pits were not detected in these grains since 


Fig. 1—Optical Micrographs of Arc-Cast Tungsten Crystals 
A and B. x 10 
the orientation of the exposed surface was more than 38 degrees from 
a (100) plane (10). Distortions were revealed by observation of the 
112) planes in these crystals. 

Lattice distortions in both grains were found to be due to combina- 
tions of lattice bending and the abrupt orientation changes associated 
with subgrain formation. Subgrain formation predominated in grain A, 
while lattice bending was found to be the major cause of distortion in 


grain B. These two effects can be detected in the x-ray micrograph 
shown in Fig. 2. This micrograph was obtained using the direct beam 
and a single stationary film. Multiple exposures were combined with 
sample rotations of 15 minutes of arc to match the horizontal angular 
imperfection of the incident beam. A similar micrograph could also be 


prepared from the collection of patterns obtained using the monochro- 
matized beam. In this case, judiciously selected patterns could be fitted 
together like parts of a microscopic jigsaw puzzle to reproduce the 
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In Fig. 2 subgrains are identified by their photographic contrast wit} 
adjacent subgrains. Subboundaries appear as black or white borders 
around the subgrains. Orientation changes due to bent lattices can a 
cause abrupt changes in photographic contrast. Pseudoboundaries sepa 
rating such areas are more diffuse than the true subboundary and do n 
form the characteristic light and dark borders. These pseudoboundaries 
do not indicate abrupt orientation changes. Instead, they merely ind 


cate the limits in the angular range of orientations which can be r 


Fig. 2—X-ray Micrograph (112) Plane 
of Arc-Cast Tungsten Crystals A and B 
x 10 

corded with a single exposure. A small change in sample orientatiot 
will cause a change in the position of the pseudoboundary which is easil) 
detected in the collection of patterns obtained with monochromatized 
radiation, whereas the position of a true subboundary is invariant dur 
ing orientation changes. 

Reflection from any individual subgrain was found to persist over a 
definite range of sample orientations. The extent of this range is de 
pendent on the lattice misalignments within the subgrain and the an 
gular imperfections in the incident beam (9). As the subgrain passes 
through its reflecting range the reflected intensity will follow a Gaussian 
(9) or Cauchy (11) function of sample orientation. The relative orien 
tation of an area in the sample was recorded as the position of maximun 
intensity. At any particular sample setting the reflecting areas varied 
in their approach to their maximum reflecting position. This resulted 
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the variation in photographic density between subgrains seen in 
Fig. 2. 

When the misorientation between adjacent subgrains is less than the 
angular imperfections of the incident beam, reflections may be obtained 
from both subgrains in a single exposure. Since Bragg conditions 

1ust be maintained, the subgrains will selectively reflect different an- 
cular components of the incident beam. This angular difference will be 
maintained in the reflected beams causing misregistry between the 
recorded images. A gap results when the reflected beams diverge from 
the sample surface and indicates a ridge formation between the mis 
aligned lattices. Conversely, image overlaps are the result of convergent 
beams and indicate valleys between misaligned lattices. These gaps and 
werlaps are seen as the white and dark boundaries surrounding the 
subgrains in Fig. 2. Misorientations about a horizontal axis (¢,) can 
be estimated from the vertical misregistry of adjacent images (12). For 
example the overlapping images of grains A and B shown in Fig. 3 in 
dicates that a valley is formed between their (112) reflecting planes 
The angle of misorientation was 3 degrees. The maximum angle found 
in the ridge lying horizontally across the center of grain A was 0.50 
degrees. The smallest misorientation detected by this technique was 
0.05 degrees. 

The misorientation data which can be obtained from Fig. 2 is limited. 
\lthough it was used to determine the vertical tilts across some sub 
boundaries it does not readily indicate which subgrains have the same 
relative orientations. The data recorded from the patterns obtained 
with the monochromatized radiation was used to plot the complete 
distribution of detectable misorientations in grain A. Fig. 2 was ex 
tremely useful as an aid in determining the spatial location of each 
subgrain. 

The topographic analysis of grain A is given in Fig. 3. The number 
associated with each subgrain gives the horizontal projection of its 
relative orientation in micrometer drum divisions. The horizontal tilt 
angle (¢,) between any two subgrains can be obtained by multiplying 
the difference in relative orientation by 0.97 « 10°* degrees. Almost all 
the orientation differences noted were the result of small angle bound 
aries. Orientation differences produced by lattice curvatures were re 
corded as the average orientation of a given area. No effort was made 
to differentiate these areas from subgrains. 

Reflections were obtained from grain A over a reflecting range of 2.6 
legrees. Grain B was found to be more nearly perfect than grain A as 
evidenced by a reflecting range of only 0.58 degrees. Only six subgrains 
were exposed by means of (112) plane misalignments. Lattice curva- 
tures greatly extended the reflecting ranges of these subgrains, and 
made it rather pointless to attempt the designation of orientations by 
single numbers. 
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Fig. 3—Topographic Analysis of Horizontal Misorientation in the (112) Plane of Crystal A 


Fig. 4 shows the effect of sample orientations on the size, shape, and 
position of the image reflected from the (211) plane of grain B. The 
increased film to specimen distance required by the increased angle « 
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incidence caused an obvious loss in resolution. However, correct spatial 
relationships between image details were obtained in these images. The 
number above each image indicates the relative sample orientation in 
micrometer drum divisions. Movements in the relative positions of 
image details which are indicative of lattice curvatures can be detected 
by comparison with the reference position marked by the arrow. 


Discussion 

A complete discussion of the mechanisms involved in the formation of 
the distorted lattices during arc casting is beyond the scope of this in- 
vestigation. Dislocations formed by mistakes in growth would collect 
at domain walls to form subboundaries. More likely, solidification and 
quenching stresses, greater than the yield strength of the material 
elevated temperatures could cause simultaneous plastic deformation and 
polygonization. A detailed analysis of the stress patterns resulting from 
solidification and quenching stresses would be required to explain the 
differences in mode and degree of deformation observed in the two 
crystals. Any explanation presented must consider that the planes ex 
amined were parallel to within a few degrees. Thus, the differences 
observed do not appear to be dependent on the orientation of the reflect 
ing plane within the sample. 

In many of the areas examined in grain A, the vertical misorientatio 
(¢,) was found to be approximately equal to the misorientation in th 
horizontal plane (¢,). Distortions within crystal A therefore can be 
considered isotropic. The true angle of misorientation between sub 
grains is given by 

& = (Gv? + gn®)”” 
A first approximation of the misorientation between subgrains will be 
equal to 1.4 gy. 

Weissmann (9) has demonstrated the coexistence of several order 
magnitude of subgrains. The crystals within a metal may be subdivided 
into large, first order subgrains. These large subgrains are in turn sub 
divided into smaller domains called second order subgrains. In 
three orders of magnitude were detected by Weissmann. The bound 
aries of the first order subgrains in crystal A are shown in Fig. 5 
broad distribution of orientations exists in most of the first order sul 
grains resulting in overlapping ranges of horizontal orientation { 
adjacent first order entities. 

In ideally imperfect crystals all dislocations would be collected i: 
subboundaries and the lattice planes within the subgrains would ! 
perfectly flat. The theoretical reflecting range for each of these perf 
subgrains would be but a few seconds of arc. In real crystals lattice mis 
alignments within the subgrain do exist, resulting in an extended © 
flecting range. The extent of the reflecting range can be used as 
measure of the lattice misalignments within the subgrain. All subgrains 
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lied contained lattice misalignments to some degree, as evidenced 
reflecting ranges which extended over a few minutes of arc. 

Geometric consideration of the angle of the boundary within the 
stal and the indicated tilt misorientations, permit some description 
the character of the dislocations concentrated in the subboundaries. 
Edge type dislocations would cause a tilt in a plane perpendicular to the 
boundary. Screw dislocations, on the other hand, would cause twist at 
the boundary resulting in tilt misorientations in a plane parallel to the 


Fig. 5—-First Order Subgrains in Crystal A. 


oundary. The triangular shaped first order subgrain at the lower left 
hand corner of crystal A (Fig. 5) is the most conveniently located ex- 
imple. This subgrain is divided into second order subgrains by a ver- 
tical subboundary. No difference in the projected horizontal orientation 
could be detected across this subboundary. Screw type dislocation must 
therefore predominate. Observations of other boundaries indicate that 
n general subboundaries were complex and contained both types of 
lislocations in varying proportions. 

Intrater and Evans (13) have shown the correlation which would be 

pected between a curved lattice and the resultant diffracted images. 
‘ig. 6 is a schematic representation of lattice planes which have been 
bent in various ways through an angle of 100 seconds. Since the inci 


dent beam has a resolving power of 25 seconds, it is obvious that repre- 

ntation of the entire surface will require at least four exposures, 
combined with intermediate sample rotations of 25 seconds. If the image 
position can be related to a reference mark on the sample surface a 
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progressive shift in image position will be noted. The lattice containing 
double curvature can be detected by the gradual converging and even 
tual merging of images from parallel sections of the lattice. Intrater and 
Evans could not find evidence of such curvatures in a deformed sample 
of zinc. Fig. 4 is a remarkable demonstration of the existence of such 
curvatures. Similarities between the predicted (Fig. 6) and observed 
(Fig. 4) changes in the patterns are quite striking. The merging of the 
legs on the bottom half of the image is quite similar to the change pre 
dicted for the doubly curved lattice shown in Fig. 6. The progressive 
horizontal shift of image location with respect to the reference mark 


Mark 











Fig. 6—Schematie Representation of the Correlation Be- 
tween Lattice Bending and X-ray Images (after Intrater 
and Evans). 


seen in the upper half of the image in Fig. 4 indicated continuous lattice 
curvatures about a vertical axis. Similar shifts in the vertical position 
of this part of the image indicated that there is also curvature about the 
horizontal axis. 

Fig. 6 shows that the minimum number of patterns required to re- 
cord the entire irradiated area is equal to the total lattice curvature 
divided by the beam imperfection, if continuous curvature is present in 
the sample. Another extreme case would be encountered in a sample 
containing areas with small random misorientations about the mean 
orientation of the crystal plans. In this case, the entire areas of the 
crystal would be revealed at any single sample setting within the range 
of misorientation. A combination of both conditions is obtained in 
Fig. 4 indicating the coexistence of at least two orders of magnitude 
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of curvature. The progressive shift in image position described above 
must be the result of continuous changes in the average orientation of 
macroscopic areas within the crystal. Complex smaller orders of curva- 
ture must be superimposed on this first order curvature causing an 
increase in the range of reflection for any macroscopic area. In this 
case progressive movements of the image with respect to the reference 
mark would occur with sample rotation but the number of images re- 
quired to reproduce the irradiated area would be less than that calcu- 
lated by dividing the first order curvature by the beam imperfection. 
The similarity between coexisting orders of curvature and subgrains 
is obvious. Figure 4 may be an indication of the grouping of dislocations 
of like sign which may occur prior to the formation of subgrains. 
CONCLUSIONS 
1. The double crystal camera is capable of giving a detailed de- 
scription of the topography of lattice planes within crystals. 

2. Lattice distortions in arc-cast tungsten have been shown to 
occur by the combined effects of subgrain formation and lattice 
curvature. The orientation of the plane within the sample does 
not appear to be an influence in determining which effect will 
predominate. 

3. The coexistence of orders of magnitudes of subgrains and lat- 
tice curvatures has been demonstrated. 

4. Complex subboundaries were detected which contained vary- 
ing proportions of edge and screw type dislocations. 
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DISCUSSION 


Written Discussion: By Josef Intrater, director of research, Materials Re 
search Corporation, Yonkers, New York. 

I have read with great interest the paper by Dr. Leber. Having spent a few 
years in the field of substructure — I can appreciate the excellence of the 
x-ray micrograph shown in Fig. 2. It is very gratifying to see the pattern of 
Fig. 4, as it confirms Miss vane’ and my prediction of possible “b 
of the lattice and the resultant x-ray images. 

The importance of establishing geometrical reference marks for the determina 
tion of the kind of subboundary present (+ or —) has been discussed in con 
nection with the study of bent aluminum specimen.* 

Would Dr. Leber care to explain the procedure used in establishing the 
geometrical reference marks in the images of Fig. 4? 

Written Discussion: By S. Weissmann, College of Engineering, Rutgers 
University, New Brunswick, New Jersey. 

The paper represents an interesting contribution to the mapping of lattice 
distortions in arc-cast tungsten crystals. Care should be taken, however, in 
interpreting the x-ray reflection micrographs only in terms of lattice misorienta 
tions. The diffuse areas of the reflection micrograph of Fig. 2 described as 
pseudoboundaries may very well be due to the variations in reflecting power of 
the crystal, and so may certain darker and lighter areas depicted on the x-ray 
micrograph. A tracing of the reflection images at increasing distances from 
the specimen surface would greatly aid in distinguishing between lattice mis- 
orientation and extinction contrast due to the variation in reflecting power 


buckling” 


Author’s Reply 
Dr. Intrater has emphasized the importance of relating the change image 
location to the orientation if the direction of curvature is to be determined. An 
artificial reference mark such as was used in Fig. 4 is required in the absence of 
identifiable natural land marks such as grain or subgrain boundaries. Such 
boundaries do not change position during rotation and can therefore be used 


. Intrater and S. Weissman; “‘An X-ray Diffraction Method for the Study of Substructure 
in Crystals,” Acta Crystallographic, Vol. 7, 1954, p. 729. 
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as reference marks. The outlines of the image in Fig. 4 are the pseudoboundaries 
referred to previously. Since they will move with sample orientation an artificial 
reference mark is required to determine the direction of image displacement. 
Such a mark was supplied by a scratch which was accidently but fortunately 
made on the surface. This scratch can barely be seen in Fig. 1 but is much more 
obvious in Fig, 2. It is detected in Fig. 4 as a dark vertical line which moves 
across the top of the image from left to right as the relative orientation is 
increased. 

The phenomena described by Dr. Weissmann could not be detected. The 
position of diffuse boundaries seen in Fig. 2 changed with sample orientation 
indicating that the reflected intensity in this region was dependent on orientation 
ind that the change in intensity across the pseudoboundary was not a character- 
istic of the crystal. In contrast the position of areas of enhance reflecting power 
due to lattice perturbations would remain fixed during rotation. The use of 
sample rotation would appear to be the more sensitive method for distinguishing 
between these effects. Step wise rotation between exposures was used to obtain 
Fig. 2. If rotation was continuous during the exposure, the reflected intensity 
was very uniform across the entire image. This is additional evidence of the 
uniform reflecting power of the crystal. 











TEMPERATURE AND STRESS DEPENDENCE OF THE 
ATMOSPHERE EFFECT ON A NICKEL-CHROMIUM 
ALLOY 


By Paut SHAHINIAN AND M. R. ACHTER 


Abstract 


Creep rupture tests have been performed in vacuum and 
air on a nickel-chromium alloy at 1100, 1300, 1500, 1700, 
and 1900 °F at a range of stresses. While the alloy tends to 
be stronger in air than vacuum at high temperatures and 
low strain rates, the reverse is true at low temperatures and 
high strain rates. At stresses where the vacuum specimen 
has a longer rupture life, the creep rate of the air specimen 
may be lower at the start of the test but faster subsequently. 
A possible mechanism to explain these reversals involving 
two competing processes is considered. Comparisons of the 
atmosphere effect on the nickel-chromium alloy and nickel 
are in accord with the difference in oxidation resistance. 
(ASM-SLA Classification: 03m, 2-61, 3-66; Ni) 


PREVIOUS investigation (1)! of the creep-rupture properties 

of nickel in air and vacuum demonstrated that the atmosphere 
effect varied with the strain rate. The data of other workers in this 
field, reviewed in the above paper, showed that, at the relatively low 
strain rates used, the metals had better creep strength in air than in 
vacuum. Similarly, the nickel ' had a longer rupture life in air than in 
vacuum at low strain rates but at high rates it was found that there is 
a reversal ; the creep properties are better in vacuum. A tentative mech 
anism, explaining these results, was considered which involved two 
competing processes, oxidation strengthening and reduction of strength 
by decrease in surface energy. 

Since the relative effectiveness of these two processes should depend 
on the rate of oxidation, the present investigation was conducted with 
a material of higher oxidation resistance, a nickel-chromium alloy, to 
observe the influence of oxidation characteristics on the atmosphere 
effect. The effect of air and vacuum environments on the alloy is com 
pared to the results with nickel. In addition, tests were conducted at a 
greater number of temperatures over a wider range to assess the tem 
perature sensitivity of the atmosphere effect. 


1 The figures appearing in parentheses pertain to the references appended to this paper. 


A paper presented before the Fortieth Annual Convention of the Society 
held in Cleveland, October 27-31, 1958. The authors, Paul Shahinian and M. R 
Achter, are associated with the High Temperature Alloys Branch, U. S. Naval 
Research Laboratory, Washington, D. C. Manuscript received July 29, 1957. 


244 














1959 NICKEL-CHROMIUM ALLOY 245 


EXPERIMENTAL PROCEDURI 

The investigation was conducted with a commercial grade nickel- 
chromium alloy in sheet form which had the following chemical com- 
position: 19.2% Cr, 1.5% Fe, 1.4% Si, 0.47% Mn, 0.1% Al, and 
0.04% C. 

Sheet specimens were employed of 0.050-inch thickness, 0.500-inch 
width, and 1.25-inch gage length. After machining, the specimens were 
annealed at 2000 °F for 20 hours in helium. This treatment produced 
a mean grain diameter of 0.09 mm. To remove the surface layers of 
the specimens which may have been distorted by the machining opera- 
tion the specimens were etched to a depth of approximately % mil in a 
solution of copper sulfate and hydrochloric acid. Prior to testing, the 
material was degassed by heating in vacuum at 600 °F. 

Creep-rupture tests were conducted in air and vacuum at temper- 
atures ranging from 1100 to 1900 °F in the stress range of 1500 to 
60,000 psi. The test procedure and equipment were the same as that 
described in a previous report (2). These tests were carried out at ulti- 
mate pressures ranging from 5 x 10° mm. at 1100 °F to 10* mm. at 
1900 °F. In the calculation of the applied load, a correction for the 
effect of the atmospheric pressure was made. To determine any pos- 
sible effect of bellows extension, a specimen was tested in the vacuum 
chamber, but open to the air; the results were the same within experi- 
mental error as those for a specimen tested outside of the chamber. 
[-xtension of the specimen was measured by means of a dial gage at- 
tached outside the furnace which was actuated by movement of the 
upper specimen holder. Elongation at fracture was measured from 
gage marks scribed on the specimen. 


gi 
RESULTS 

Both intercrystalline and transcrystalline fractures occurred in the 
range of temperatures and stresses employed. The lower temperature 
tests were characterized by considerable deformation of the grains and 
transgranular fracture. Even though in each region a different mode 
of creep is known to occur, the properties in both regions were affected 
by environment. 

The creep-rupture data are listed in Table I. In general, either indi- 
cated by data points or extrapolation, the properties are better in 
vacuum than in air at high stresses and low temperatures ; the rupture 
life is longer and the minimum creep rate is lower. At low stresses and 
high temperatures, however, the reverse is true and the corresponding 
properties are better in air. As can be seen in Figs. 1 and 2 this behavior 
can lead to an inversion in the comparison of the vacuum and air prop- 
erties as the stress is changed. This inversion point takes place at 
shorter times at the higher temperatures. At 1500 and 1900 °F, and 
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Table I 
Creep Rupture Test Results 
Minimum Red. of Hard 
Temp. Stress, Atmos- Rupture Creep Rate, Elong., Area, ness, 
°F psi phere Life, Hr. %/Hr. / % VPN* 
1100 60,000 Air 5.5 2.8 38 34 
Vacuum 8.5 1.8 42 34 
50,000 Air 24.3 0.53 31 26 
Vacuum 30.8 041 33 27 
40,000 Air 100. 0.095 at 38 219 
Vacuum 103.8 0.096 50 38 234 
1300 30,000 Air 47 3.1 75 48 
Vacuum 5.4 3.2 73 53 
20,000 Air 40. 0.77 57 40 196 
Vacuum 50 0.55 51 41 198 
15,000 Air 148.5 0.16 35 26 
Vacuum 144.1 0.17 23 28 
12,500 Air 453. 0.054 35 25 
Vacuum 390 0.058 32 26 
1500 15,000 Air 30 10.4 41 $4 
Vacuum 4.2 94 46 32 
12,500 Air 12.0 3.0 48 30 
Vacuum 13.3 2.5 43 33 
10,000 Air 27.5 0.99 31 22 169 
Vacuum 35.4 0.81 29 26 165 
1500 6,000 Air 187.5 0.056 17 12 
Vacuum 183.0 0.055 17 12 
4,000 Air 1000. + <0.0095 
Vacuum 483.6 0.0135 il 7 
1700 6,000 Air 5.4 2.74 21 14 
Vacuum 3.7 17 11 
5,000 Air 15.0 0.98 25 14 
Vacuum 13.6 1.0 22 14 
4,000 Air 395 0.26 17 i) 
Vacuum 33.0 0.32 x 
2,000 Air 485. 0.0060 10 + 141 
Vacuum 297.1 0.013 11 5 143 
1900 4,000 Air 1.6 8.0 17 11 
Air 1.9 93 25 i8 
Vacuum 2.1 97 28 19 
3,000 Air 40 2.8 23 15 
Vacuum 5.0 34 21 13 
2,000 Air 62.6 0.42 46 19 151 
Vacuum 20. 0.47 18 6 140 
1,500 Air 1600. + <0.012 
Vacuum 35.1 0.193 10 4 
1900 Vacuum 41.0 — 14 9 


Untested Material 138 


and 500 Gram Load 


*Taken on Tukon Testor with Diamond Pyramid (136°) Indentor 


low stresses, a marked strengthening took place which is much greater 
than would be predicted by a straight line extrapolation. 

Elongation at fracture, as shown in Fig. 3, was not significantly af 
fected by atmosphere except at 1900°F. At this high temperature, 
while the ductility in vacuum is decreased with time, it is greatly in 
creased in air. In general, of the two specimens tested at the same stress 
the one with the longer rupture life had the larger reduction of area, 
Table I. The influence of atmosphere, as shown in I'ig. 4, is similar to 
that on elongation. 

Typical creep curves of the alloy in air and vacuum are shown in 
lig. 5. In tests which exhibited a longer life in vacuum, a crossing of 
the creep curves may occur. In the early stage of creep, a faster rate was 
observed in vacuum which later dropped to a value below that for air. 
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Fig. 1—Influence of Temperature and Stress on Rupture Life in Air and Vacuum 
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Fig. 2—Influence of Temperature and Stress on Minimum Creep Rate in Air and 
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\Ithough one may gain information concerning the change in relative 
creep resistance with time from the slope of the curves, the relative 
positions are in doubt because of unknown take-up in the apparatus at 
the initial loading. An unusual curve was obtained in air at 1500 °F 
and 4000 psi. After creep had apparently entered the tertiary stage, 
substantial strengthening occurred, accompanied by higher ductility, 
which prolonged life beyond that normally expected on basis of the 
shorter time tests. 

The microstructures of the test specimens were basically the same 
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Fig. 3—Variation of i? Elongation with Rupture 
Life. 


with a few minor differences. Air specimens which had a shorter life 
than corresponding ones in vacuum contained more intergranular 
cracks and pits on the surface, Fig. 6. This was also indicated by the 
appearances of the external surfaces. Generally, the specimen which 
possessed the longer rupture life, whether in air or vacuum, also ex 
perienced the greater amount of intergranular cracking, as demon 
strated in Fig. 7. While the fractures at the high temperatures were 
intercrystalline, those at the lower temperatures (1500 °F and below) 
and faster strain rates were usually transcrystalline. Many of these 
which were predominantly transcrystalline, however, seemed to be 
initiated from intercrystalline cracks. Evidence of strain hardening in 
specimens tested at the lower temperatures was seen in hardness 
measurements, Table I. No significant differences in hardness were 
noted for specimens tested in air and vacuum at the same temperature 
and stress level. 

In a recent theory of steady-state creep based on a dislocation climb 
mechanism, Weertman (3) derived an equation for creep in poly 
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crystalline metals. The equation predicts a creep rate which depends 
on the stress through a power law at low stresses, the exponent having 
a value of 4.5 for pure metals. At high stresses the creep rate increases 
more rapidly with stress. The equation he derived contains an activation 
energy which was calculated in the present investigation in the usual 
manner from the minimum creep rates. A reasonably good correlation 
is indicated in Fig. 8 by the adoption of an average value of 88,000 cal 
per mol in the expression é¢T exp (Q/RT) where ¢ is the creep rate ; T, 
the absolute temperature ; R, the gas constant ; and Q, the activation en 

ergy. Appreciable divergence of the values of the parameter from the 
curve is indicated for tests run at low stresses in air at high temper- 
ature. A possible explanation of this divergence would indicate appre- 
ciable oxidation strengthening. The data at low stresses seem to follow 
a power law stress dependence with an exponent on the stress of about 
+.4. This exponent agrees rather well with that predicted by the theory 
and is almost the same as the value, 4.6, found for nickel (4). It is in 

teresting to note that while the activation energy for creep of nickel, 
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Fig. 5b—Typical Creep Curves 


in Air and Vacuum at 1500 °F. 


65,000 cal per mol (4), was raised by alloying with chromium, the 
stress dependence apparently remained the same. 


DISCUSSION 


The greater creep strength of the nickel-chromium alloy in air at 
low strain rates but greater strength in vacuum at high rates is similar 
to the behavior found for nickel (1). A tentative explanation m terms 
of two competing processes was offered to explain these results. Oxida- 
tion strengthens the material but surface adsorption of gases reduces 
the surface energy and facilitates the propagation of cracks. At low 
strain rates and high temperatures, conditions conducive to extensive 
oxidation, the metals are strengthened in air while at high strain rates 
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Fig. 6—Micrographs of Specimens Tested at 1500 °F and 10,000 psi in (a) Air—27.5 
Hours to Rupture, and (b) Vacuum—35.4 Hours to Rupture. x 200. 


and low temperatures the competing process becomes controlling and 
they are stronger in vacuum. 

In accord with this crack propagation mechanism is the form of the 
creep curves in Fig. 5b. In those tests where the vacuum specimen had 
a longer rupture life, the air specimen exhibits a higher creep rate than 
the vacuum specimen only after a portion of the test is completed, pre 
sumably when intergranular cracks are initiated. Interrupted tests to 
determine when crack initiation takes place are needed to confirm this 
point. 
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Micrographs of Specimens Tested at 1700 °F 
297.1 


and 2000 psi in 
Hours to Rupture and (b) 


a) Vacuum 
Air—485 Hours to Rupture 


. X 200. 

This crack propagation mechanism, however, cannot be used to ex 
plain the creep curves at 1100 °F and 60,000 psi, not reproduced here 
The creep rate of the air specimen is faster even at the start of the test 
If surface tension acts as a barrier to dislocations, reduction in its mag 


nitude by adsorption of impurities should allow their escape to tak« 
place more easily and increase the creep rate 


A comparison of strain 
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energy of a dislocation with energy of the surface, however, would indi- 
cate that such an effect could not account for the large differences in 
strain rate. 

A comparison of the variation of the reversal points in Figs. 1 and 2 
with those for nickel (1) is indicative of the influence of oxidation 
characteristics of the metals on the atmosphere effect. For nickel, the 
reversal point at 1500 °F occurs at 10 hours while at 1200 °F it is at 
300 hours. Although the alloy at high temperatures displays as large a 
temperature sensitivity of the reversal point as nickel, 3 hours at 
1900 °F and 80 hours at 1500 °F, there is only a small variation, if any, 
between 1500 and 1100 °F. Since the strengthening of the metals in 
air is imputed to oxidation, the displacement of the reversal points for 
both metals to longer times with lower temperatures is in accord with 
the variation of oxidation rate with temperature. Similarly, the occur- 
rence of the 1500 °F reversal point for the nickel-chromium alloy at a 
longer time than for nickel is also in accord with the lower oxidation 
rate of the chromium-containing material. 

Since no data are available for the temperature variation of the re- 
versal point for nickel at temperatures lower than 1200 °F, it is not 
possible to determine whether nickel would display the same decrease 
in temperature sensitivity at lower temperatures. It is, however, clear 
that in the range for which comparative data are available, 1200 to 
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1500 °F, the effect of temperature on the nickel-chromium alloy is 
less than on nickel. Most probably this difference is ascribed to the 
oxidation characteristics of the two materials. 


SUMMARY 


The creep and rupture properties of the nickel-chromium alloy were 
determined in both air and vacuum in the temperature range of 1100 to 
1900 °F and at stress levels of 1500 to 60,000 psi. 

The following points were established from this study : 


1. While the alloy is stronger in air than vacuum at high temper 

atures and low strain rates, the reverse is true at low temper 

atures and high strain rates. The reversals in behavior oc 
curred at shorter times at the higher temperatures. 

In long time tests at high temperatures a marked strengthen 

ing accompanied by an increase in ductility occurred. 

3. The general features of the atmosphere effect on this material 
are similar to those found with nickel except that the points of 
reversal in strength of vacuum and air specimens at high tem 
peratures are displaced to longer times in accord with the 
greater oxidation resistance of the alloy. 

4. A possible mechanism to explain these reversals is presented 

involving two competing processes. One is the strengthening 

resulting from oxidation while the other is the weakening due 
to surface energy reduction. 

The activation energy for creep of the nickel-chromium alloy 

was found to be approximately 88,000 cal per mol. The creep 

data at low stresses seem to follow a power law stress depend 

ence with an exponent on the stress of about 4.4. 
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DISCUSSION 


Written Discussion: By T. P. Wang, research metallurgist, Wilbur B. Driver 
Company, Newark, New Jersey. 

I would like to ask the authors about the reproducibility of their rupture life 
data in terms of hours, in air and in vacuum, particularly at 1700 and 1900 °F. 


Authors’ Reply 
Only two sets of duplicate tests were conducted, listed in Table I, at 1900 °F at 
stress levels of 4000 and 1500 psi. Although the reproducibility of these tests is 
onsidered good, we cannot answer quantitatively Dr. Wang’s question. However, 
an indication of the reproducibility also may be obtained from the consistency of 
data at adjacent stress levels. 








STUDIES OF THE OXIDATION AND CONTAMINA. 
TION RESISTANCE OF BINARY COLUMBIUM 
ALLOYS 


By CuHester T. Sims, WiLL1AM D. Kopp, aNp Rosert I. JAFFEE 


Abstract 


A study of the effects of binary alloying additions on the 
oxidation and contamination resistance of columbium has 
been conducted. The alloys contained up to 35 a/o titanium, 
chromium, and zirconium, 25 a/o vanadium, molybdenum, 
tantalum, and tungsten, and 5 a/o beryllium, boron, cobalt, 
iron, manganese, nickel, and silicon. The oxidation and con- 
tamination studies were conducted in air at 600, 800, and 
1000 °C (1110, 1470 and 1830 °F). 

Four elements, titanium, vanadium, molybdenum, and 
chromium, improved oxidation resistance. The concentra- 
tions for optimum oxidation resistance at 1000°C 
(1830 °F) were 25 a/o titanium, 10 a/o vanadium, 5 a/o 
molybdenum, and 15 a/o chromium. Titanium was most 
effective in reducing the rate of oxidation; at 600 to 1000 °C 
(1110 to 1830°F), the columbium-25 a/o titanium alloy 
oxidized one-tenth to one-twentieth as rapidly as pure 
columbium. 

Contamination was investigated by hardness-penetration 
measurements on all oxidized alloys except those containing 
beryllium or boron. Zirconium and titanium markedly re- 
duced the depth of oxygen contamination resulting from 
exposure to air. Diffusion coefficients for oxygen in the co- 
lumbium binary alloys were calculated, and related by 
activation-energy plots where possible. Zirconium, titanium, 
chromium, and vanadium were most effective in reducing 
oxygen diffusion into columbium. (ASM-SLA Classifica- 
tion: Rih, 2-60; Cb) 


OLUMBIUM metal is of great interest as a potential high tem 
C perature construction material for nuclear reactors and jet en- 
gines. However, like moiybdenum, columbium oxidizes excessively 
when in contact with air at elevated temperatures. Reduction of the 
high oxidation rate of both of these metals is very desirable, ard would 
greatly increase their usefulness. 

Major effort in the past has been unsuccessful to protect molybde- 


A paper presented before the Fortieth Annual Convention of the Society, held 
in Cleveland, October 27-31, 1958. The authors are associated with Battelle 
Memorial Institute, Columbus, Ohio. Manuscript received August 1, 1957. 
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num from oxidation by alloying to form a chemically and thermally 
stable protective oxide film, principally because the most common ox- 
ide, MoQs, is volatile at temperatures of interest. The possibility of in- 
creasing the oxidation resistance of columbium by alloying is more 
promising, because of the relatively refractory nature of the oxide 
formed, CbeO3. Accordingly, an investigation has been undertaken to 
determine the effect of binary alloying additions on the air oxidation 
rate, and also on the contamination rate of columbium. The latter is of 
importance because of the embrittling effect produced by diffusion of 
oxygen from the oxide scale. 

The present work is concerned with air oxidation only. It was hoped 
that additions of appropriate alloying elements would lower the oxida- 
tion rate of columbium by formation of a protective complex oxide with 
the alloying element such as a columbate or a spinel. To present as com 
plete a picture as possible, no attempt was made to rule out potential 
alloying additions on the basic factors such as atomic size fit or volume. 
Common transition metals in the program included chromium, cobalt, 
iron, manganese, molybdenum, nickel, tantalum, titanium, tungsten, 
vanadium, and zirconium. Aluminum, beryllium, and silicon were in- 
cluded because of their tendencies to form tight protective self-oxides. 
oron was also studied. 


BACKGROUND INFORMATION 

The open literature contained no information on the oxidation of 
columbium alloys. However, some pertinent information on the co- 
lumbium oxides exists. For instance, columbium pentoxide, CbeOs, 
has been found to be stable up to at least 1200 °C (2190 °F). (1,2)! 
\ccording to Orr (3), columbium pentoxide melts at 1512°C 

2755 °F). Kubaschewski and Hopkins (4) report a melting point of 
1460 °C (2660 °F). 

One part of the present program on columbium was an investigation 
of the oxidation of pure columbium metal in air and in oxygen. The 
results of this study are presented separately (5). The procedure used 
in studying the oxidation of pure columbium in air was identical with 
the procedure used to evaluate binary alloys described in the present 
report. The specimens were exposed to undried air in a muffle furnace, 
removed at various times, and the weight gain measured. Reaction was 
due primarily to oxygen ; nitrogen was found to have little effect. The 
oxide formed on pure columbium occurred as a nonprotective white 
solid, and although the measurements obtained by intermittent weigh 
ing were not suitable to establish the mode of oxidation, they were con 

istent with linear oxidation rates. 

Data in the text show that pure columbium oxidizes in air at a highet 
rate at 800°C (1470°F) than at 1000 °C (1830 °F), an effect which 


The figures appearing in parentheses pertain to the references appended to this paper 
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has been verified by measurements made after removal of the scale 
This phenomenon may be the result of sintering of the oxide at the 
higher temperature, preventing ready access of air to the metal-oxide 
interface. The characteristic voluminous white oxide formed on pure 
columbium at 1000 °C (1830°F) is also pictured in this report. The 
appearance of pure columbium specimens oxidized at 800 °C (1470 °F) 
is essentially same as those oxidized at 1000 °C (1830°F), although 
specimens oxidized at 600 °C (1110°F) form visibly less oxide. 

The study on pure columbium (5) also presented data on the con 
tamination hardening of columbium in air. It was shown that air con 
tamination is primarily due to oxygen, and that nitrogen has little 
effect. 


PROCEDURE 


The columbium-base alloys containing binary additions of up to 35 
a/o were arc-melted as small buttons in a helium-atmosphere furnace 
on a water-cooled copper hearth. Weight losses during melting were 
measured and the amount of binary alloying element lost estimated. 
The buttons were machined into rectangular specimens, about 0.1 by 
0.2 by 0.45 inch. For oxidation testing, the specimens were placed on 
inverted porcelain crucible covers and supported by '%-inch diameter 
porcelain rings so that minimum contact was maintained between the 
specimen and the support. The specimens were exposed to air at 600, 
800, and 1000 °C (1110, 1470 and 1830 °F) in a muffle furnace for pe 
riods up to 20 hours, depending on the oxidation rate. No attempt was 
made to control humidity. Weight data were recorded initially and after 
1, 5, 10, 15, and 20 hours of exposure. The weight-gain data were 
plotted for each alloy. Oxidation rates were then calculated from the 
curves. Photographs were taken to record oxide appearance. In addi- 
tion to the weight-gain data, the specimens were descaled after the final 
exposure and weight-loss data recorded. 

The scale was removed by scraping with a knife and picking with 
tweezers to save for analysis, so it was often difficult to remove com 
pletely. It is believed that portions of a thin layer of oxide, possibly) 
CbO, remained on some of the specimens following scale removal 
Selected oxides were then analyzed chemically and by x-ray diffraction 
to study the oxidation behavior of the alloys compared with pure 
columbium. 

Following completion of the oxidation measurements, hardness 
traverses were taken on sections of the oxidized alloys to determine 
the extent of oxygen contamination (diffusion) during oxidation 
Contamination-rate constants and diffusion constants were then cal 
culated, and where possible, these rates were related by Arrhenium 
plots. Diffusion of oxygen in the most promising alloys was compared 
with behavior in pure columbium. 
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Nominal 


Alloy 


( omposition, 


a/o 
100 Cb(b) 


Cb-1.0 Ti 
5.0 Ti 
10 Ti 
25 Ti 
35 Ti 


Cb-1.0 Mo 


5.0 Mo(c) 


10 Mo 
25 Mo 


Cb-1.0 C 


Cb-1.0 Zr 
-5.0 Zr 
-10 Zr 
25 Zr 
-35 Zr 


Cb-1.0 W 
-5.0 W 
10 W 
-25 W 


Cb-1.0 Ta 
-5.0 Ta 
-10 Ta 
25 Ta 


Cb-0.2 Mn 
-1.0 Mn 
-5.0 Mn 


Cb-0.2 Ni 


Cb-0.2 Al 


Cb-0.2 Be 


-5.0 B 


As-Cast 
Hard- 
ness, 


VHN 


115 


108 
115 
135 
156 
181 


126 
166 
201 
299 


120 
124 
147 
345 
429 


114 
160 
172 
194 
176 
167 
209 
272 
289 
127 
165 
196 
299 


nw 


12 
12 
12 
13 
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140 
139 
140 


114 
146 
178 
136 
165 
249 
144 
147 
230 
132 
131 
114 
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186 
330 
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111 
160 
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Table I 
Weight-Gain Oxidation Rates, Final Weight-Loss Oxidation Rates(a), As-Cast 
Hardnesses, and Exposure Times for Binary Columbium Alloys 


Weight-Gain 


Oxidation Rate, 
mg/(cm*)(hr), at 


600°C 


/ 


Cres NEN 


Uwe 


oe oo 


( 


= 


Indicated 


Specimen 


Temperature 
800°C 1000°C 
33.7 24.2 
21 26.0 
21.0 15.7 
Io 7.7 
0.6 19 
07 4.3 
12.0 13.2 
2.1 4.6 
1.9 10.1 
3.8 42.5 
29.8 33.1 
24.2 28.1 
24.4 26.2 
5.1 6.1 
0.4 22.3 
6.3 13.8 
1.4 4.6 
0.7 3.5 
6.1 193 
64.8 71.0 
41.2 135 
25.2 101 
10.7 49.5 
2.2 30.0 
41.0 59.0 
12.3 54.0 
17.0 26.0 
31.0 94.0 
29.0 68.2 
34.7 25.5 
39.7 20.3 
26.3 61.3 
40.0 21.8 
38.0 22.1 
39.3 23.9 
32.0 35.6 
40.5 25.0 
22.0 25.0 
40.8 43.8 
41.9 37.6 
39.2 38.5 
27.3 30.3 
26.5 58.5 
31.5 46.3 
39.2 19.8 
37.2 22.5 
44.2 19.4 
52.0 21.4 
53.3 46.5 
67.0 103.8 
27.6 24.0 
31.1 21.5 
40.6 18.0 
39.3 19.9 
27.8 20.2 
10.3 15.1 


at er 


72.8 


52.0 
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Fig. 1—Air Oxidation Rates of Columbium Alloys Contain 
ing Titanium, Molybdenum, Chromium, and Vanadium, 
Calculated from Weight-Gain Data. 


RESULTS AND Discussion 

Weight-Change Studies 
Table I lists the numerical weight-change data for all of the alloys, 
which shows that they oxidize in a substantially linear manner. The 
oxidation product formed in a slablike “Maltese Cross” fashion on the 
rectangular specimens. For pure columbium, the oxide was quite volu 
minous and had a similar consistency and appearance to white soap 
As alloying elements were added and the oxidation rate decreased, as 
with columbium-titanium alloys, the oxide became thinner and darker 
Table I and Fig. 1 give the air-oxidation rates of columbium-titanium 
binary alloys calculated from weight-gain data, and show that the 
oxidation rate for these alloys at all temperatures reaches a minimum 
at about 25 a/o titanium. The oxidation rates at 800 and 1000 °C (1470 
and 1830 °F) are essentially the same. This fact is further verified by 
oxidation rates of the titanium alloys calculated from weight-loss meas 
urements after descaling, given in Table I. The oxidation rate of the 
columbium-titanium alloys appears to be linear from the present data ; 
however, as mentioned previously, the intermittent method of measur 
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ing weight gain used in this work requires that the specimen be re- 
moved from the furnace for weighing at definite time intervals. Thus it 
would be difficult to detect parabolic oxidation rates if they occurred, 
since the protective film formed during exposure might crack and 
spall while the specimens were cooling prior to each weighing opera- 
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Tablell | 
Analysis of Selected Columbium Alloys and of Oxidation Scale Following 
Exposure to Air at 800°C (1470°F) 


Alloy Composition (Balance Columbium) 


Estimated(*) Chemical Analysis of Scale 
Nominal Actual Exposure Alloy(>) 
Alloy Addition Addition, Time, Addition, Oxygen Columbium 
Addition a/o w/o w/o hr w/o (*), w/o (>), w/o Remarks 
None 100 100 100 5 0 27.3 Balance Cb2Os contains 30.1 w 
oxygen 
Ti 5 2.6 24 5 1.40 28.0 Balance 
10 5.4 4.7 10 402 23.7 Balance 
25 14.7 13.6 20 10.0 - 
V 5 2.8 2.4 10 1.34 - Sample too small for ac- 
curate calculations 
10 5.8 5.0 10 - Sample gained weight 
insufficient oxide for 
chemical analysis 
25 15.5 13.2 5 8.1 18.1 52.7 
Mo 5 §.2 5.2 20 1.50 Sample lost following 
oxidation 
25 25.6 22.5 5 4.03 24.2 Balance MoO; probably volatil 
ized 
Cr 5 2.9 1.7 5 0.22 28.4 67.8 
25 15.7 91 5 2.56 — — Sample too small for a 
curate calculations 
Ta 5 93 93 5 94 30.0 Balance 
25 39.3 39.3 5 40.0 23.4 Balance 
Ww 5 94 94 5 6.0 27.6 Balance 
25 39.8 39.8 1 21.2 23.3 Balance 
Zr 5 49 49 5 45 25.5 Balance 
25 24.6 24.6 5 24.0 21.8 Balance 
Al 5 1.51 <0.2 5 0.05 Balance 69.3 
Fe 1 0.60 0.23 5 0.31 Balance 68.2 
Si 1 0.30 0.23 5 060 Balance 67.9 
Mn 1 0.59 0.04 5 0.09 Balance 68.1 
Co 1 0.64 0.30 5 0.01 Balance 67.5 
Ni i 0.63 0.30 5 0.04 Balance 69.0 
B 5 0.61 0.6 5 —_— — _ Estimated by spectro- 
graphic analysis 
Be 5 0.51 0.005 5 _ Estimated by spectre 





graphic analysis 





(a) Estimated from weight-loss data during melting and spectrographic analysis 
b) By wet chemical analysis 
(c) By vacuum-fusion analysis. 


tion. Therefore, for the columbium-titanium alloys and for all of the 
other alloys studied in this work, the present studies show relative oxi 
dation rates but are not presumed to establish the mode of oxidation. 

Similar data were obtained for all of the columbium alloy systems 
studied. The results are presented as weight-gain oxidation rates in 
graphical form in Figs. 1, 2, and 3 for binary alloy systems of particular 
interest. 

Fig. 1 shows the weight-gain oxidation rates found for alloys of 
columbium with up to 25 a/o molybdenum and 25 a/o vanadium. Be 
havior of these alloys is quite similar. Both alloy systems exhibit rather 
sharp minima in oxidation at about 5 a/o molybdenum and about 10 a/o 
vanadium. Above the minimum concentrations, oxidation rates increase 
very rapidly and reached catastrophic proportions at 1000 °C 
(1830 °F). This is not unexpected in view of the poor oxidation prop 
erties of high molybdenum and vanadium alloys, which are well known. 
The oxidation-rate data calculated from weight loss after descaling for 
the molybdenum and vanadium alloys verify these findings. Although 








959 BINARY COLUMBIUM ALLOYS 263 





> 
> co 
Ke J 


+ +—- + + + 
| 


Specimens Exposed for 20 hours 


800 |. atthe Following Temperatures: 
© 600°C 
x 800°C 
700 t t 4 1000°C 7 | 7 


Knoop Hardness Number 
LS wn 
re) 
(oe) 

















a 
c =~ + 
SS 
hee — = —— 
- x x x 
- x 
U + = 
0.02 0.04 0.06 2 0.14 
Deoth * Contam rr 
Dep 


Fig. 4—Depth of Oxygen Contamination in Columbium- 
25 a/o Titanium Alloy as Determined by Knoop Hardness 
Readings 


the best columbium-molybdenum alloy, 5 a/o molybdenum, is not quite 
so oxidation resistant as the columbium-25 a/o titanium alloy, molyb 
denum is the most efficient alloying addition for oxidation resistance 
found in this study in that only small amounts are required. 

The effect of chromium additions are also shown in Fig. 1, but since 
melting losses (Table Il) were very severe, oxidation rate is plotted 
against estimated rather than nominal alloy content. The chromium 
additions improve oxidation resistance only slightly up to 5 a/o chro- 
mium, but considerable improvement occurs at 10 a/o and above for 
600 and 800 °C (1110 and 1470 °F). However, a minimum in oxida- 
tion rate at 1000 °C (1830 °F) occurs at 15 a/o chromium. 

Tungsten and tantalum additions to columbium, shown in Fig. 2, do 
not improve the oxidation resistance of columbium. At 800 and 1000 °C 

1470 and 1830 °F ), small additions of tungsten and tantalum (1 a/o) 
cause a marked increase in oxidation rate followed by a minimum at 
moderate concentrations. In both systems, the minimum is only suffi- 
cient to reduce the oxidation rate about to that of pure columbium. 

Zirconium additions (Fig. 4) improve oxidation resistance quite 
markedly at 600 °C (1110°F) but improvement at 800 °C (1470 °F) 
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is noted only at about 35 a/o zirconium and above. At 1000 ° 
(1830 °F), a catastrophic maximum in oxidation rate occurs at about 
5 to 10 a/o zirconium, Oxidation rates for these alloys based on weight 
losses after descaling are given in Table I, and support the results of th: 
weight-gain measurements. Tantalum, tungsten, or zirconium up to 25 
to 35 a/o appear to have no promise for improving the oxidation re 
sistance of columbium metal. 

Eight other alloying elements, aluminum, beryllium, boron, cobalt 
iron, manganese, nickel, and silicon also were evaluated. Additions 
were limited to a maximum of 5 a/o because of the lower expected 
useful amounts of the addition elements. Melting losses of aluminum, 
iron, manganese, cobalt, nickel, and beryllium were severe. Retention 
of boron was excellent and silicon fair. The oxidation rate curves based 
on weight-gain data for the compositions where binary alloy retention 
was satisfactory are shown in Fig. 3. Data for all of the alloys is given 
in Table I. None of these alloying additions decreased the oxidation 
rate of columbium significantly. Nickel and silicon increased oxidation 
at 800 or 1000 °C (1470 or 1830 °F). All eight alloy systems, except 
columbium-nickel, showed a greater oxidation rate at 800°C 
(1470 °F) than at 1000°C (1830°F) for several nominal alloy con 
centrations, usually 0.1 and 0.1 a/o. None of these alloy systems appear 
to warrant further study for oxidation-resistance purposes. 


Examination of Oxidation Scales 

Following weight-gain measurements, the CbeO; oxidation scale 
was removed and oxidation weight loss determined as discussed above 
The scale was removed by mechanical picking and scraping, so that 
chemical analyses of the scale could be obtained. During this procedure, 
visual inspection indicated that a thin subscale may have been present 
on all of the alloys. This occurred between the Cbh2O; scale and the 
alloy base metal, and was difficult to separate from the alloy. Although 
it was not positively identified, it is believed that this was a layer of CbO 
or CbO-type oxide as found during the oxidation of pure columbium 
(5). 

Results of chemical analysis for binary alloy additions and for oxygen 
in the scale, and results of some calculations to estimate oxygen con- 
tent of the scale, are given in Table II. Oxygen content of the scales 
will be discussed first. 

The alloys of greatest interest are the most oxidation reststant ones, 
but as shown in Table II, oxygen contents are not reported for some 
of these alloys. Too little scale was available for chemical analysis, and 
weight gains and losses were too low to provide accurate estimations. 
As pointed out earlier, the weight-loss measurements may be low, be 
cause of adherence of subscale to the base metal. The scale oxygen con- 
tents of the alloys determined chemically are close to the theoretical 
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oxygen content of pure CbeO;, 30.1 w/o. Scale oxygen content of the 
tantalum, tungsten, and zirconium alloys decreases with increasing 
alloy content. The oxides of these metals (Ta2O5;, WOs3, ZrOz) all 
contain less than 26 w/o oxygen, which may indicate that some Ta2O;, 
WOs, and ZrOz is present in the scale. However, the 5 and 10 a/o 
titanium alloy and the 5 a/o chromium alloy (nominal) also show a 
decrease in scale oxygen content, even though chromium and titanium 
oxides (Cr2O3 and TiO.) contain more than 40 w/o oxygen. Scales 
from all of the 1 a/o alloys were determined by chemical analysis to 
contain very close to the stoichiometric amount of oxygen for CboQOs. 
This indicates that B, Si, Fe, Co, and Ni, which were retained in rea- 
sonable amounts during melting have little effect on oxidation. It is 
inconclusive for alloys where the binary element was lost in melting 
such as Al, Mn, and Be. 

Chemical analyses of the scale for the binary alloying element and 
for columbium, in some cases, were obtained. In all instances, the binary 
alloying element was found present in the scale. It usually was present 
in an amount directly related to the binary content of the alloy whether 
the alloy was oxidation resistant or not. Exceptions were scales from 
nominal 5 and 25 a/o chromium, 5 a/o aluminum, and 1 a/o cobalt, 
which contained considerably less than the expected amount of binary 
element based on the behavior of other alloys, even when the severe 
melting losses experienced for the addition element in these binaries is 
considered. 

X-ray diffraction studies were conducted on the oxide scales re- 
moved from the most promising oxidation resistant alloy systems ex- 
posed at 1000 °C (1830°F), as given in Table III. The oxide scales 
studied were principally composed of the outer layers of oxide. If a 
thin layer of CbO-rich material were located underneath, it was not 
included in the x-ray analysis. The results must be considered pre- 
liminary, because the exact crystal structure of M-type Cb2O;, the 
allotropic modification stable from 900 to 1100 °C (1650 to 2010 °F) 
(7), has not been firmly established. The data in Table III indicate 
rather conclusively that the binary oxide formed on the columbium al- 
loys studied is an CheO; type. Most of the specimens formed either 
M-type or H-type (stable above 1100 °C) CbeO;. This behavior is par- 
ticularly consistent in the molybdenum alloys where a good atomic size 
fit between molydenum (Mo*+ = 0.66 A, Mo®+ = 0.62 A) and co- 
lumbium (Cb°*+ = 0.70 A) suggests that molybdenum may be substi- 
tuting in the CbeO; lattice. The x-ray data also indicate the same situa- 
tion may exist for 25 a/o titanium (Ti*+ = 0.66 A) and 5 and 25 a/o 
chromium (Cr®+ = 0.60 A). The low titanium alloys, all of the vana- 
dium alloys, and 10 a/o chromium have oxides with new crystal struc- 
tures similar to M- and H-type Cb2O;, but with greater symmetry. 
This indicates that a mixed oxide may be occurring in the majority of 
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Table Ill 
X-Ray Diffraction Examination of Oxidation Scale on Columbium Alloys Exposed in Air 


Alloy Content 


(Balance Columbium), Exposure Time 
a/o Coior at 1000°C, hour Results 

Pure Cb 1.6 M-type Cb20s(*) 

5 Ti 5 A pattern closely related to both M 
and H-types but of slightly higher 
symmetry 

10 Ti 19 Same as 5 a/o titanium 

25 Ti White 20 M-type 

Black M-type 
Yellow M-type 

1 Mo White 5 H-type, well crystallized 
Black M-type, poorly crystallized 

5 Mo White 20 M-type 
Black M-type 
Pink M-type, very slight shift in the positior 

of some lines 

10 Mo White 5 M-type, a marked shift in some 
lattice parameters 

Black Mixture of M- and H-types 
5V Pink 10 Same as 5 a/o titanium 
Black Same as 5 a/o titanium 

10 V White 10 Related to 5 a/o titanium but more 

complex 
Black Same as 5 a/o titanium 

25 Vv 1 Same as 10 a/o vanadium 

5 Cr(>) 5 M-type 

10 Cr(>) 5 Same as 5 a/o titanium 

25 Cr(*) Yellow 5 M-type 

Brown Related to 5 a/o titanium 
White M-type 
(a) M-type Cb2Os(6) is the allotropic modification stable from 900-1100°C (1650-2010°F) ; 


H-type is stable above 1100°C (2010°F). Pure Columbium was exposed in oxygen 
(b) Melting losses on these alloys were severe, and reference should be made to the estimated 
actual compositions in Table II. 


the less oxidation-resistant alloys. The most promising oxidation 
resistant alloys, 15 a/o chromium, 5 a/o molybdenum, 25 a/o titanium, 
and 10 a/o vanadium, all show M- and H-type Cb.O; with the excep 
tion of the latter. The 10 a/o vanadium alloy has less tendency to form 
a new structure than the alloys with poor oxidation resistance. Thus, 
improvement in the oxidation resistance of columbium apparently is 
consistent with the presence of an alloying element that will substitute 
for columbium in the outer scale, which retains the CboO; structure. 

In studies of the oxidation of pure columbium (5), it was found that 
a thin, dense layer, rich in CbO, also containing oriented CbeQs, 
formed adjacent to the columbium metal. Presumably, oxidation pro 
ceeded in a parabolic manner, and the CbO-rich layer reached limiting 
thickness. Thick, relatively fluffy Cb2O; formed at the ChO-gas inter 
face in a linear manner. In all probability, oxygen diffused to the CbO 
CbeO; reaction interface through pores and cracks in the CbeO; 
making outward diffusion of cations from the CbO-Cb2Q; interface un 
necessary for oxidation to proceed. In this situation, diffusion through 
the CbO layer was rate controlling, and the oxidation of CbO to ChoO; 
would only occur as fast as columbium ions were supplied through the 
CbO-rich layer to the CbO-CbeO; interface. Since the over-all oxida- 
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tion reaction occurs at a linear rate after CbO formation is complete, 
columbium ions must diffuse rather rapidly through CbO. 


X-ray analysis showed that the outer scale formed in the more oxi- 
dation resistant alloys was of the CbsO; type, which forms in the same 
Maltese-cross manner as in free scaling of pure columbium. Although 
ChO was not positively identified as present in this work, visual in 
spection of oxidized alloys during Cb2O; removal indicated a separate 
phase adhered to the alloy under the ChoO;5-type layer. If a CbO or 
ChO-type oxide forms on the alloys as well as on pure columbium, it 
is probably the rate-controlling factor. 

If CbO is considered as a metal-excess semiconductor (stable with 
more than the stoichiometric amount of columbium), it is characterized 
by a location of excess Cb*t? at interstitial lattice positions as shown 
hy the Wagner theory (4). An equal amount of electrons is also located 
interstitially. Additions of cations of higher valency than Cb*? will 
replace Cb*+? ions in normal lattice sites, causing a decrease in Cb*? at 
interstitial lattice sites and an increase in free electrons. Since diffusion 
of Cht+? through CbO is the rate-determining factor, and it is reduced 
by the decrease in interstitial columbium, oxidation will then be re 
duced. This may be the case in the present studies when V +5, Mo*t5 
Crt? and 137° 
columbium with these metals to be oxidation resistant. However, anom 


ions are present in the CbO lattice, causing alloys of 


alously, additions of other metals with higher ionic valences than 
Ch+?, such as Tat+®, Zr+*, W+4, Al+3, Mn+‘, Sit+*, and B+, do not 
appear to inhibit oxidation. In fact, small additions (approximately 1 
a/o) of many of these elements and also of titanium and chromium pro 
mote oxidation compared to higher percentages of the same addition. 


Contamination Studi 


Following completion of the oxidation measurements, Knoop hard 
ness traverses were made on transverse sections of the unreacted por 
tions of the specimens to measure the depth to which contamination (or 
diffusion) by oxygen * penetrated during air oxidation testing. All of 
the alloys were studied except those with boron and beryllium. Data 
for hardness versus depth of contamination were plotted for each alloy 
and temperature. ig. 4 shows the hardness-penetration curves for the 
columbium-25 a/o titanium alloys at 600, 800, and 1000 °C (1110, 1470 
and 1830°F), plotted on the original hardness data. Hardness 
penetration curves for some of the more interesting of the other alloys 
studied are given in Figs. 5 and 6. The original data points have been 
removed from these plots for clarity. In the depth measurement, zero 
baseline depth was taken as the surface of the oxidized alloy following 


* Work on the contamination of pure columbium (5) has shown that the principal contamina 
ion in air is oxygen. Nitrogen has only a minor effect, ar for the purposes of this study, is 


ignored 
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scale removal. The hardness-penetration curve for most of these alloys 
dloes not meet the uncontaminated base-metal hardness value sharply, 
so a finite point for maximum hardness penetration is difficult to obtain 
Therefore, maximum depth of contamination is arbitrarily taken as 
the point where the hardness-penetration curve reaches the base-meta! 
hardness value plus 50 KHN. Data on the depth of the contamination 
obtained in this manner are given in Table 1V for all of the alloys 
studied. 

Fig. 4 shows that hardness near the surface was greater at 800 °( 
(1470°F) than at 1000 °C (1830°F) for the columbium-25 a/o tita 
nium alloys. These alloys oxidize more rapidly at 1000 °C (1830 °F ) 
than at 800°C (1470 °F), and it may be that the reversal in surface 
hardness is due to the relatively rapid manner in which the metal was 
consumed at 1000 °C (1830 °F) compared with 800 °C (1470°F), so 
that the oxidation reaction surface tended to overtake the hardening 
effect of oxygen diffusing into the metal. At about a 0.01-cm distance 
from the surface, a crossover occurs and contamination becomes greater 
at 1000 °C (1830°F) than at 800 or 600 °C (1470 or 1110 °F). In 
spection of Figs. 5 and 6 will show that similar effects occur in a num 
ber of other alloy systems. 

The data on contamination depth in Table [V and the contamination 
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Contamination Depth and Hardness of Columbium and Columbium-Base Alloys 
Exposed to Air at 600, 800, and 1000°C (1110, 1470 and 1830°F) 


Nominal 
Alloy 


Composition, 


a/o 


100Cb 


Cb-1.0 Ti 
-5.0 Ti 
-10 Ti 
-25 Ti 
-35 Ti 


Cb-1.0 Mo 
-5.0 Mo 
-10 Mo 
-25 Mo 


Cb-1.0 Cr(4) 
5.0 Cr 
10Cr 

Cr 

Cr 


Cb-1.0 Zr 
5.0 Zr 
-10 Zr 
25 Zr 
-35 Zr 


Cb-1.0 W 
-5.0W 
10 W 
25 W 


Cb-1.0 Ta 
5.0 Ta 
-10 Ta 
-25 Ta 


Cb-0.2 Mni 
1.0 Mn 
5.0 Mn 

Cb-0.2 Fe 
1.0 Fe 
5.0 Fe 

Cb-0.2 Co 

-1.0 Co 

5.0 Co 

Ch-0.2 Ni 
1.0 Ni 
5.0 Ni 


Cb-0.2 Al(4) 
-1.0 Al 
5.0 Al 


Cb-0.2 Si 
-1.0 Si 
-5.0 Si 


a) Hardness of the as-melted alloy 
b) Taken from the hardness-penetration curve at the hardness of the 
plus 50 KHN 


Hardness 
of Uncon- 
taminated 
Metal 
KHN(*) 
155 
155 
165 


115 
125 
145 
157 
195 


130 
155 


600°C 
Exposure 
0.006 
0.013 
0.013 


0.014 
0.006 
0.007 
0.008 
0.007 


0.012 
0.038 
0.022 
0.007 


0.016 
0.018 
0.015 
0.0 

>O.1 


0.009 
0.008 
0.004 
0.012 


0.008 
0.006 
0.008 
0.016 
<0.005 


0.030 
0.028 
0.030 
<0.002 


0.007 
0.008 
0.013 
0.020 


0.018 
0.015 
0.015 


0.020 
0.019 
0.013 


0.016 
0.024 


0.022 


0.008 
0.009 
0.033 


0.016 
0.013 
0.013 


0.013 
0.004 
0.028 


c) Sample completely oxidized. 
d) Melting losses on these alloys were severe, and reference should be made to the estimated 
actual compositions in Table II. 


Depth of Contamination After 
Indicated Exposure, cm 
Time 800°C Time 1000°¢ 
hours Exposure hours Exposure 
1 0.032 1 0.067 
5 0.049 5 >0.12 
10 (¢) 10 >0.10 
10 0.056 5 0.154 
10 0.037 5 0.065 
20 0.036 10 0.063 
20 0.018 20 0.058 
20 0.021 20 0.040 
5 0.053 5 >0.10 
20 -~0.14 20 >0.14 
5 0.070 
5 0.024 
5 0.054 5 “0.12 
5 0.052 5 >0.14 
5 0.043 5 0.10 
5 0.015 5 0.05 
20 0.1 0) <0.005 
10 0.042 5 0.12 
10 0.044 10 <0.14 
10 0.037 10 ~0.10 
10 0.018 5 0.01 
5 0.050 5 0.100 
5 0.012 5 
5 0.013 5 0.006 
5 0.0 5 0.006 
20 <0.005 0 <0.005 
10 0.076 5 0.068 
10 0.084 5 >O0.1 
10 0.1 5 > 0.1 
10 0.029 1 0.054 
10 0.045 5 0.063 
10 0.042 5 >0.1 
10 0.032 5 >0.1 
10 0.052 5 0.050 
10 0.040 5 >0.1 
10 0.049 5 >0.1 
10 0.048 5 O41 
10 0.045 5 01 
10 0.068 5 >0.12 
10 0.055 5 0.10 
10 0.053 5 0.1 
10 >0.1 5 >0.1 
10 >O.1 5 >O.1 
10 0.037 5 >0.1 
10 0.028 5 >0.1 
10 0.044 5 >0.1 
10 0.075 5 >0.1 
10 0.067 5 ~O.1 
10 0.041 5 >0.1 
10 0.031 5 >0.1 
10 >0.1 5 >0.1 
i0 >O.1 1 >O.1 


Time, 
hours 
i 
5 
10 
5 
5 
10 
20 
20 
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Fig. 5b-—Depth of Oxygen Contamination in Columbium-Chromium Alloys. Chro- 


mium alloy composition given is nominal. Actual composition is somewhat | 


(Table IT). 


curves show that most of the alloys studied are hardened seriously }» 
internal contamination. The behavior of pure columbium in oxygen is 
given in a separate report (5). Binary additions of titanium and zir 
conium, however, appear to markedly reduce contamination. Increasing 
titanium additions progressively reduce oxygen contamination up to 
35 a/o. Zirconium alloys appear to be more resistant to contamination 
than any of the alloys studied. The columbium-titanium alloy system 
was of particular interest, since alloys in the range of columbium-25 a/o 
titanium show marked improvement in both oxidation and contamina 
tion resistance compared with pure columbium. A columbium-35 a/o 
zirconium alloy was virtually free of contamination. However, with 
this alloy system, as with most of the alloys that show poor oxidation 
resistance, oxidation occurred rapidly at 1000 °C (1830°F) so that 
the reacting metal tended to overtake the portions of the specimens be 
coming contaminated with oxygen, which diffuses inward in a parabolic 
manner. This may result in fictitiously low depth-of-contamination 
values for the highest temperature. Thus, Table IV should be compared 
with the oxidation-rate curves of Figs. 1, 2, and 3, or with the weight 
loss data of Table I, before conclusions are drawn concerning contam 
ination effects. 





resistant as 35 a/o titanium, but 
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Fig. ¢ Depth of Oxygen Contamination in Columbium-Zirconium Alloys. 


Phe 25-35 a/o chromium alloys (nominal composition) also show 
promising behavior compared with pure columbium. At 600 and 800 °C 
1110 and 1470 °F), 35 a/o chromium alloys are not so contamination 
at 1000 °C (1830°F). 35 a/o chro- 

mium appears to be better than 35 a/o titanium 
The hardness-penetration data were first evaluated by assuming that 
the maximum depth of contamination varied with the square rvot of 


time, so that a contamination-rate constant could be calculated: 


S?/t = K’Doe ~-2®T = (K) a const Equation 1 
here 
S = contamination depth, cm 
t = contamination time, hours 
K = contamination-rate constant, cm* per hour 


Chis expression has been found to correlate contamination of titanium 
loys (8). In the present study, it was only found possible to correlate 


the columbium-titanium alloys by this equation. An Arrhenius-type 
plot of the contamination rate, K, for columbium and the columbium- 


titanium system is shown in Fig. 7. The family of curves obtained shows 
that 1 a/o titanium has virtually no effect on contamination, but that 


larger titanium additions reduce contamination considerably. The 
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Temperature °C 
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Fig. 7—-Oxygen Contamination Rates of Colum 
bium and Columbium-Titanium Alloys 


activation energy for oxygen contamination in this system was cal 
culated to be 29,010 + 400 cal per mole. This compares with the value 
of 25,700 cal per mole found in studies of the air contamination of pure 
columbium (5). 
Oxygen-Diffusion Studies 

The hardness-penetration data may also be utilized to calculate the 
diffusion of oxygen in columbium and the alloys studied. Diffusion and 
contamination are very closely related, since contamination hardening 
is dependent on the rate at which oxygen diffuses into the metal. The 
Van Ostrand-Dewey solution (8) to Fick’s second law was applied and 
may be stated as follows: 


C— Co/Cm — Co = 1—9— [: x =): Equation 2 
2V DI 

where 
Co = original concentration of diffusing element in 

the diffusion media 
= diffusing-element concentration at the surface 

c = diffusing-element concentration at a given dis 

tance from the surface 

@ = probability (or error) function 


Cm 


x = distance from surface, cm 
D = diffusion coefficient, cm* per hour 
t = diffusion time, hour. 
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If the diffusing-element concentration is expressed in terms of hard 


ness and Equation 2 is solved for D, then 


D= . Equation 3 
4(6 — 1[Hm —H/Hn mene 4 

Data were taken for three points on each of the depth-of 
contamination curves for the alloys studied. H,, hardness of the con 
taminated alloy at the alloy-air interface, was estimated by extrapola- 
tion of the depth-of-contamination curves to zero depth. Table V lists 
the average of the three values for each alloy composition and temper 
iture. These values of the oxygen-diffusion coefficient, D, may be com 
pared with the depth-of-contamination coefficient, K, in Table V.* The 
issumption that depth of contamination varies with the square root 
if time [Equation 1| is generally supported by the more exact calcula 
tions of Equation 2. 

Consideration of the diffusion data in Table V shows that chromium, 
titanium, vanadium, and zirconium binary additions slow oxygen dif 
fusion in columbium, although not all binary compositions in these 


* The diffusion coefficient, D, is approximately equal t ne-half the depth-of-contamination 


efhicient 
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TableV ah 
Contamination-Rate Coefficients, K, and Diffusion-Rate Coefficients, D, for 
Columbium and Columbium Binary Alloys Exposed in Air 


Nominal Contamination-Rate 
Alloy Content Coefficient, K, at Indicated Diffusion-Rate Coefficient, D 
(Balance Temperature, at Indicated Temperature 
Columbium) 10~* cm? per hour 10~¢ cm? per hour 
a/o 600°C 00°C 1000°C 600°C 800°C 1000°¢ 
100 Cb 0.137 9.16 16.3 0.0865 1.26 7.56 
1 Ti 0.196 6.28 47.5 0.0680 2.97 9.41 
5 Ti 0.036 2.64 8.45 0.0134 0.496 1.64 
10 Ti 0.025 1.30 3.98 0.0062 0.289 0.711 
25 Ti 0.032 0.162 1.68 0.0052 0.030 0.244 
35 Ti 0.025 0.221 0.80 0.0058 0.024 0.486 
1 Mo 0.288 5.62 >20.0 0.0848 1.93 4.69 
5 Mo 0.721 9.80 >9.80 0.143 2.01 0.0287 
10 Mo 0.722 10.1 = 0.153 1.50 
25 Mo 0.098 1.25 — 0.0254 0.329 
1 Cr®) 0.512 4.43 — 28.8 0.162 1.51 8.01 
§ Cr 0.578 5.00 “39.2 0.188 1.49 9.20 
10 Cr 0.450 3.53 - 20.0 0.0981 0.900 6.11 
25 Cr 0.0 0.45 5.0 1.07 0.145 0.920 
3§ Cr >5.0 >5.0 <0.05 0.0902 (0.555) ( 0.0449 
1\ 0.081 3.54 “28.8 0.0222 0.990 6.70 
SV 0.064 1.94 -19.6 0.0124 0.508 4.21 
10 Vv 0.016 1.37 “10.0 0.0106 0.344 2.20 
25 \ 0.144 0.65 1.0 0.0785 0.0801 0.127 
1 Zr 0.128 5.00 10.0 0.0476 0.384 3.38 
5 Zr 0.072 0.288 - 0.0268 0.0638 - 
10 7r 0.128 0.338 0.180 0.0346 0.0232 0.0119 
25 Zr 0.512 0.0 0.180 0.0870 0.0644 0.0659 
35 Zr <0.012 <0.012 <0.012 0.0 0.0 0.0120 
1W 0.900 11.6 46.4 0.118 1.82 8.40 
5W 0.785 14.2 > 100.0 0.115 1.81 8.02 
10 W 0.900 20.0 > 20.0 0.0902 2.00 0.709 
25 W <0.004 &.4 2.92 0.0 2.01 5.09 
1 Ta 0.049 4.05 39.7 0.0217 1.10 10.9 
5 Ta 0.064 3.54 > 20.0 0.0246 1.09 9.42) 
10 Ta 0.169 2.05 >20.0 0.565 1.04 (1.31) 
25 Ta 0.400 5.41 25.0 0.116 1.34 6.40 
0.2 Mn 0.325 3.20 > 20.0 0.198 1.30 11.2 
1 Mn 0.225 4.81 > 20.0 0.131 1.74 5.70) 
5 Mn 0.225 4.60 > 20.0 0.104 1.63 5.96) 
0.2 Fe! 0.400 4.05 > 20.0 0.159 1.48 13.4) 
1 Fe 0.361 9.27 >29.0 0.0988 2.09 (7.28) 
5 Fe 0.169 6.05 >20.0 0.0411 1.68 2.98 
0.2 Cot 0.256 5.62 >20.0 0.123 1.95 11.6) 
1 Co 0.578 >20.0 > 100.0 0.166 1.13 (9.21) 
5 Co 0.485 >20.0 >20.9 0.158 (0.100) @ (1.77) 
0.2 Ni 0.072 2.74 > 20.0 0.0590 0.788 6.48) ( 
1 Ni 0.081 1.57 >20.0 0.0215 0.394 0.346) 
5 Ni 1.90 3.87 > 20.0 0.107 0.780 (2.04) 
0.2 Al 0.256 11.2 >20.0 0.146 2.84 14.1) 
1A 0.169 9.00 >20.0 0.134 2.92 1.18 
5 Al 0.169 3.39 > 20.0 0.104 0.790 8.20)‘ 
0.2 Si 0.169 1.93 >20.0 0.0398 0.613 0.411 
1 Si 0.016 > 20.0 >20.0 0.0341 3.20 19.7 


5 Si 0.783 > 100.0 > 100.0 0.562 3.80 18.4 
‘*) Specimen contaminated from opposite side, giving falsely high baseline hardness. D-value 
not used in Arrhenium-type plots. 


) Melting losses on these alloys were severe. and reference should be made to the estimated 


actual compositions in Table II. 


i 
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Activation Energies for Oxygen shittentoas Venan Air in Columbium-Rich Binary Alloys 
Alloy Activation Energy, Q 
Systen cal per mole 
Pure Columbium 24,900% 
Columbium-titanium 30,800 
Columbium-chromium 21,300 
Columbium-vanadium 31,600 
Columbium-tantalum 35,100 
Columbium-tungsten 24,400 
Columbium-manganese 23,000 
Columbium-iron 26,600 
Columbium-cobalt 21,700 
Columbium-nickel 24,000 
Columbium-aluminum 28,090 


See Reference (5 
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Fig. 9-—Comparative Oxygen-Diffusion Hardening of 
Columbium and Columbium Alloys in Air at 600 °C. 
stems are equally effective. The most effective additions appear to 
be 35 a/o chromium, 10-35 a/o titanium, 25 a/o vanadium, and 20—35 


i/o zirconium. The 35 a/o zirconium alloy showed zero oxygen dif- 
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Fig. 10-—Comparative Oxygen-Diffusion Hardening 


of Columbium and Columbium Alloys in Air at 
800 °C (1470 °F). 


fusion at 600 and 800 °C (1110 and 1470 °F), and very low diffusior 
at 1000 °C (1830 °F). . 

Fig. 8 shows Arrhenius-type plots of diffusion-rate coefficient, D 
against reciprocal temperature for columbium and the columbiw 
titanium system. The activation energy for diffusion of oxygen i 
columbium-titanium alloys was calculated from Fig. 8 to be 30,800 ca 
per mole, which is in good agreement with 29,000 cal per mole found 
for contamination by oxygen for the same alloys. These values ar 
somewhat higher than the activation energy of 24,900 cal per mo! 
found for diffusion of oxygen in pure columbium (5), as shown i: 
Fig. 8. It was possible to correlate oxygen-diffusion rates in most 
the other alloy systems by Arrhenius-type plots, also, and activation 
energies for oxygen diffusion for all of the systems plotted are summa 
ized in Table VI. Elements added in major quantities, which for 
extended solid solutions with columbium, raise the activation energ) 
compared with pure columbium except for chromium. The minor addi 
tion elements have activation energies close to pure columbium. 

The diffusion of oxygen in pure columbium and in selected promis 
ing diffusion-resistant alloys is compared in Figs. 9, 10, and 11 by usé 
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Fig. 11—Comparative Oxygen-Diffusion Hardening of Co- 
lumbium and Columbium Alloys in Air at 1000 °C (1830 °F). 


of Equation 5. The alloys chosen for comparison were columbium-25 
a/o titanium, columbium-25 a/o vanadium, columbium-35 a/o zir 
conium, and columbium-35 a/o chromium (estimated 20% chromium ). 
Values of the diffusion coefficient, D, were taken from Table V. Ex- 
posure time was chosen as 10 hours, and the alloys were compared at 
600, 800, and 1000 °C (1110, 1470 and 1830 °F). Values of the func- 
tion H,, — H/H, H, were chosen from 0.2 to 0.95, and substituted 
with the constants in Equation 5 to find diffusion depth. 

H H./Hm H,, which is equal to 1 Hm — H/Hm — Ho, was 
then plotted against depth for the various temperatures. 

The data of Figs. 9 through 11 show that addition of 35 a/o zir- 
conium prevents oxygen diffusion more than any other alloying addi- 
tion at all temperatures. At 600 and 800°C (1470°F), no diffusion 
was found for this alloy. At 600°C (1110°F), 25 a/o titanium also 
decreases diffusion, but 25 a/o vanadium and 20 a/o chromium, have 
no effect. At 800 and 1000 °C (1470 and 1830 °F), all of the alloying 
ulditions have a marked effect. As temperature increases, the effect of 
vanadium increases relative to titanium additions, which are most 
effective at lower temperatures. 
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CONCLUSIONS 
Conclusions from the experimental work on the effect of binary allo 
ing on the air oxidation and contamination of columbium metal at 600 
800, and 1000 °C (1110, 1470 and 1830 °F) are as follows: 


(a) Binary additions of titanium decrease the oxidation rate of 
columbium. The oxidation resistance improves with increas 
ing titanium content up to at least 25 a/o titanium. The pres 
ent data appear to show that columbium-titanium alloys oxi 
dize in a linear manner like pure columbium. Chromium, 
molybdenum, antl vanadium additions also reduce the oxi 
dation rate of columbium, Optimum oxidation resistance j 
found at 10 to 20 a/o chromium, 5 a/o molybdenum, and 5 to 
10 a/o vanadium for these binary alloys. Columbium-35 a 
zirconium alloys show a reduced oxidation rate compar 
with pure columbium, at temperatures of 600 and 800 °¢ 
(1110 and 1470 °F). 

Binary additions of up to 25 a/o tantalum and tungsten 
give no significant improvement in oxidation resistance. Bi 
nary additions up to about 5 a/o of boron, and silicon do not 


significantly increase or decrease the oxidation rate of co 


lumbium metal. Binary additions of aluminum, beryl!ium 
cobalt, iron, manganese, and nickel suffered severe losses i1 
melting and conclusions cannot be drawn from the pres 
data. 

Alloying additions of up to 35 a/o titanium reduce inter 
contamination of columbium by oxygen significantly. Within 
this range, increasing titanium content increases the con 
tamination resistance for all temperatures. Alloys with up 
to 35 a/o zirconium also showed improved contamination 
resistance at all temperatures. The columbium-35 a/o zir 
conium alloy was exceptional. At 1000°C (1830°F 
columbium-20 a/o chromium possesses equal or better con 
tamination resistance than the best titanium alloys and 
equal to the 30 a/o zirconium alloy. Vanadium additions al 
produce some improvement in contamination resistance. 
Alloy additions of up to 25 a/o molybdenum, tantalum, and 
tungsten, and up to 5 a/o silicon were found to result 1 
negligible improvement in contamination resistance. 
Diffusion-rate constants for oxygen diffusion were detet 
mined from the contamination data for most of the alloys 
studied. Zirconium alloys show the most resistance to oxygen 
diffusion; 35 a/o zirconium shows a zero diffusion rate at 
600 and 806 °C (1110 and 1470 °F), and a very low rate at 
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1000 °C (1830 °F). Titanium additions also reduce oxygen 
diffusion, and 25 to 35 a/o titanium is nearly as effective as 
35 a/o zirconium. Columbium-25 a/o vanadium and 


columbium-20 a/o chromium alloys also significantly reduce 


oxygen-diffusion rates, vanadium becoming increasingly 


effective with increasing temperatures. 
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DISCUSSION 


Written Discussion: By P. E. Blackburn and Earl A. Gulbransen, Westing 
Research Laboratories, Pittsburgh. 
do the authors know what oxidation state the alloying metals will have 
the ChO lattice? 
la is Ta’, why shouldn't some of the Cb be | 
Written Discussion: By John W. Semmel, Jr., Flight Propulsion Laboratory 
rtment, General Electric Company, Evendale, Ohio 
he authors have made a valuable study of columbium alloy oxidation. Theit 
is particularly helpful because it describes the penetration by oxygen as 
scaling, and both factors limit the usefulness of columbium alloys as high 
rature structural materials 
here is disagreement in the literature concerning some of the alloying ele 
ts which improve the oxidation resistance of columbium. Our results are sim 
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ilar to the authors’ in the case of titanium, vanadium, molybdenum, and chromi 
On the other hand, we find that tungsten additions improve the oxidation 
sistance near 1100 °C (2010 °F). 

Concerning the penetration by oxygen, we expect that absorbed oxygen 1 
mains in solution in some alloys and undergoes precipitation in others. | 
example, in the oxygen penetrated layer of an alloy with 18 atomic % titani 
a fine precipitate may be seen with the electron microscope. This proba! 
should be taken into consideration when calculating the oxygen diffusivity f; 
the hardness-penetration curves. 

We have frequently observed an initial period of decelerating scaling follo 
by a constant scaling rate near 1100 °C (2010 °F), and the authors report an 
nearly constant scaling rate. Our experimental methods were similar, and, as t 
authors suggest, continuously recorded weight change data would more 
vincingly determine whether the alloys undergo a transition from the paraboli 
the linear oxidation law. A mode of oxidation which provides for this transiti 
has been described by Loriers,* and the authors take a somewhat similai 
not identical, point of view. When the type of oxidation described by Lorie: 
occurs, diffusion in the nonporous oxide (CbO) is rate controlling for most 
the oxidation which occurs during an initial period when the parabolic oxidati 
law is dominant. Later, when the oxidation rate becomes constant, the rat 
controlling step becomes the conversion of the nonporous oxide (CbO) to t 
porous oxide (Cb.O;) by an interfacial reaction which is sustained by diffusi 
in the nonporous oxide. In this case, the constant rate of oxidation is not 
trolled by the diffusivity of the components in the nonporous oxide. This is « 
ferent from the authors’ consideration that only diffusion in the nonporous oxi 
is rate controlling, indicating the need for an accurate determination of t! 
oxidation rate laws and the assignment of appropriate rate controlling steps b 
fore the influence of alloying on the oxidation of columbium can be understood. \ 
hope that the authors will continue this interesting line of investigation in 
effort to discover the means by which the oxidation resistance of columbium cat 
further improved. 

Authors’ Reply 

The valence of tantalum in solution in columbium oxide is difficult to detes 
mine. Generally, in the discussions in the text, the authors assumed the high: 
valence states for addition elements. It may be that tantalum in solution 
possible CbO inner scale should not be present as Ta”. However, more recent 
information as discussed below, suggests the inner scale is principally orient: 
Cb.0;, not CbO. 

The authors have made some attempts to determine the valence of metals 
solved in columbium oxide by calculating which oxides of the alloying metal 
stable at the oxygen pressures existing at the metal/oxide interface. For examy 
at 1000°C (1830°F), CbsO; decomposes to CbOz at 10% atmosphere, CbO: t 
CbO at 10™ atmospheres, and CbO to columbium metal at 10 atmospher: 


Tungsten oxides are decomposed to metal at a higher pressure, 10~° awmospher 


Thus, in dilute columbium-tungsten alloys, oxidized tungsten could not exist 
near the metal/oxide interface of a columbium-tungsten scale. Likewise, simi! 
calculations for titanium and zirconium show that oxides of these elements 


* J. Loriers, Comptes rendus., Vol. 231, 1950, p. 522. W. W. Webb, J. T. Nortor 
Wagner, Journal, Electrochemical Society, Vol. 103, 1956, p. 107. 
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e at oxygen pressures lower than that of CbO, i.e., oxides of these metals 
rm beneath the metal/oxide interface. This results in subscale formation, 
h has been observed experimentally for alloys containing these elements. 
he authors wish to thank Dr. Semmel for his helpful comments. Data taken 
Battelle confirms his observations of precipitate subscales, found in both 
umbium-titanium and columbium-zirconium alloys 
egarding the mechanisms by which binary alloying effects the oxidation be 
ir of columbium, we would like to summarize some conclusions from mor¢ 
nt work here. The results of this work, which are included in the Proceed 
gs of the Second International Conference on Atomic Energy, indicate that in 
low alloying range, i.e., up to about 15 a/o, the effects of alloying on the 
lation behavior can be correlated quite well with the ionic radius of the addi 
ompared to columbium. Zr* which has an ionic radius of 0.79A, is larger 
Ch**, 0.69A, and increases the linear oxidation rate. Elements with smaller 
sizes such as \ (0.594), Mo* (0.62A), and Cr* (0.63A), promote 
mation of protective scales resulting in reduced oxidation rates. This relation 
holds for vanadium, molybdenum, chromium, titanium, tantalum, zirconium, 
tungsten. (Tungsten, with an ionic radius of 0.65A for W*, was found to 
ve oxidation resistance at 1200 °C). Thus, it now appears that the relative 
size is the important factor at low alloying levels rather than valence of 


1 


addition in the innermost portion of the scale 


\t higher alloying levels, i.e., above 15 a/o, the physical and thermodynamic 


bilities of the oxide of the alloy additions become important, apparently be 
use the solubilities of the additions in CheO; are exceeded. Elements such as 
nium and zirconium, which form oxides with greater thermodynamic sta 
lity than CbeO; and which have good physical stabilities, improve the oxidation 
resistance through formation of new scales. On the other hand, the physical 
stabilities of molybdenum and vanadium oxides are poor. These elements reduce 


oxidation resistance of columbium when solid solubility in the oxide scale is 
eeded and the volatile or liquid binary oxides form 





HIGH-TEMPERATURE OXIDATION AND 
CONTAMINATION OF COLUMBIUM 


sy Witxiam D. Ktopp, Cuester T. Stms, AND Rosert I. Ja 


Abstract 

The oxidation and contamination rates of columbium in 
oxygen and in air were measured in the temperature rang: 
600 and 1200 °C (1110 and 2190 °F). The oxidation curv: 
in oxygen were linear and the rate constants were correlated 
by an Arrhenius-type plot. The heat of reaction was 541 
cal per mole from 600 to 1100 °C (1110 to 2010 °F) ; abows 
1100 °C (2010 °F) the reactions were rapid and the rates 
could not be correlated to the Arrhenius-type plot. The acti 
vation energy for diffusion of oxygen in columbium was cal 
culated from contamination data. W eight-change curves 
columbium in air were also linear, with lower rates than in 
oxygen. The heat of reaction was, from the reaction rat 
data, 10,100 cal per mole from 600 to 1200°C (1110 to 
2190 °F). Contamination in air-reacted columbium was 
simular to that in oxygen-reacted columbium, suggestin 
that oxygen is the primary diffusing contaminant. (ASM- 


SLA Classification: Rth, N1; Cb) 


| Bisretoing METAL and its alloys are receiving considerab! 
attention as possible structural materials for jet engines 
nuclear reactors. The reasons for this interest, in addition to the stir 
ulus of recent discoveries of extensive columbium ore reserves, incl 
good strength and creep resistance at elevated temperatures, and 
low-thermal-neutron-absorption cross section, 1.1 barns. The oxide 
columbium is not volatile at the proposed service temperatures, offerin 
possibilities for improved oxidation resistance by alloying 

Although the strength of columbium is only moderate at | 
peratures, it does not fall off rapidly at elevated temperatures as 
many other metals. In the range 870 to 980 °C (1600 to 1800 °F), tl 
rupture strength of columbium is comparable to that of molybdenun 
For example, the 100-hour rupture strengths at 870 °C (1600 °F 
about 20,000 psi for columbium (1)! and 15,000 to 30,000 psi 
molybdenum (2), while at 980°C (1800°F), they are 14,000 
17,000 psi (1,3) and 10,000 to 17,000 (2), respectively Thus. fr 
strength standpoint, columbium is quite attractive for high temperatu 
service. 


1 The figures appearing in 


parentheses pertain to the referes 
A paper presented before the Fortieth Annual Convention of the Societ 

in Cleveland, October 27-31, 1958. The authors are associated 

Memorial Institute, Columbus, Ohio. Manuscript received August 7 
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Che major shortcoming of columbium is its low oxidation resistance 


temperatures above several hundred degrees Centigrade. The oxide 
ed is not volatile below about 1400 °C (2550 °F) but apparently is 
protective. To provide a base line for determining the effects of 
illoying elements on oxidation, a study was initiated on the oxidation 
| contamination of pure columbium. This study is discussed here. 
lhe effect of alloying on the oxidation of columbium is discussed in a 
parate paper (4). 
Past Wor! 
rauer (5) has reported three stable columbium oxides, CbsQs, 
bO., and ChO. The most stable oxide, Cb2Os, is white or yellow-white 
| exists in three modifications designated as low (T), middle (M), 
high temperature (H). The T form is stable up to 900°C 
1050 °F), the M form is stable between 1000 and 1100 °C (1830 and 
10°F), and the H form is stable above 1100°C (2010°F). The 


stal structure of CbeO; is reported to be isomorphous with TasOs, 


ich is pseudohexagonal orthorhombic (6 
CbhOz has a rutile-type structure, with a 1.84 A, c= 2.99 A, and 
0.618. This oxide can be formed as a black powder by reduction 
Cb.O; with hydrogen or columbium metal powder. CbO forms a 
bic structure with a $.203 A. 
The oxidation of columbium has been studied previously by Gul- 
ransen and Andrew (7) and by Inouye (8). Gulbransen and Andrew 
estigated the reaction of columbium with oxvgen and nitrogen at a 
ressure of 7.6 centimeter of mercury. They reported parabolic reaction 
ves in oxygen at 250 to 375°C (480 to 710 °F) with an activa- 
n energy of 22,800 cal per mole. A thin oxide film assumed to be 
(bO was formed at these temperatures. In the range 400 to 800 °¢ 
750 to 1470 °I*), reaction curves in nitrogen also followed the para- 
lic rate law, with an activation energy of 25,400 cal per mole. Reac 
with nitrogen was much slower than with oxygen and no surface 
m was visible on the nitrided samples. 
Inouye measured the rates of reaction between columbium and wet 
dry air in the range 400 to 1200 °C (750 to 2190 °F). This in 
stigator reported a transition from parabolic to linear reaction after 
2l-hour exposure at 400°C (750°F) and linear reaction curves in 
he range 600 to 1200 °C (1110 to 2190 °F). Moisture increased the 
te of reaction at 400°C (750°F), decreased the rate at 600 °C 
10°F), but had very little effect at SOO °C (1470°F) or higher. 
1000 and 1200 °C (1830 and 2190 °F), rod samples had higher 
lation rates than sheet samples. The activation energies were 13,400 
per mole in the temperature range 600 to 900 °C (1110 to 1650 °F) 
| 4350 cal per mole in the temperature range 900 to 1200 °C (1650 
2190 °F). Oxide scales at all temperatures were identified by x-ray 
fraction as one or more of the CbeO; modifications. 





TRANSACTIONS OF THE ASM 


Test PROCEDURES 

In the present work reactions of columbium with oxygen and air 
were investigated in the temperature range 600 to 1200 °C (1110 to 
2190 °F). 

The columbium-oxygen reaction rates were determined manometri 
cally in a modified Sieverts apparatus described previously by Belle and 
Mallett (9). Cylinders machined from are-melted buttons were in 
duction heated in vacuum to the desired temperature before admitting 
oxygen. Oxygen was obtained from thermal decomposition of hig! 
purity KMnQ, and was dried before entering the reaction chamber by 
passing through a dry ice acetone cold trap. 

Reactions in air were measured by intermittent weighing of samples 
after 1, 5, and 10-hour exposure to undried air in small muffle fu 
naces. The samples consisted of either 0.1 by 0.2 by 0.45-inch slabs cut 
from arc-melted ingots or 0.25-inch-diameter rod swaged from double 
vacuum-sintered columbium. Melting stock for the arc-melted ingots 
was cut from commercial rolled columbium sheet. The hardnesses of 
the cast ingots, 110 to 130 VHN, compared favorably with the hard 
ness of the sheet melting stock (110 VHN) and indicate that very 
little contamination occurred during are melting. Representative anal 
yses of these materials indicate the presence of about 0.1 weight 


, 


oxygen, 0.05 weight % nitrogen, and 0.03 weight % carbon. All sam 


ples were polished on 600 -grit emery paper, degreased in acetone, and 
placed in prefired shallow porcelain crucibles for exposure. Weight 
gains were determined with a sensitivity of better than 0.1 milligram 
per square centimeter. 

One test was also performed in nitrogen in the modified Sieverts 
apparatus. Matheson prepurified nitrogen, which has a purity of better 
than 99.99%, was used. It was dried in a dry ice acetone cold trap be 


fore entering the reaction chamber. 

Knoop hardness traverses were made on each of the reacted samples 
to determine the effects of temperature and gas composition on the 
contamination hardening. Two or four traverses were made on eacl 
sample and averaged to give one hardness curve. The depth of con 
tamination was expressed as the distance from the final metal surfac« 
to the point 50 Knoop points harder than the uncontaminated metal 
Diffusion coefficients also were calculated from each of the contamina 
tion curves. 

I.XPERIMENTAL RESULTS 
Reaction With Oxygen 

The reaction of columbium with pure oxygen between 600 an 
1200 °C (1110 and 2190°F) is shown graphically in Fig. 1, wit! 
reaction rate data given in Table I. As seen in Fig. 1, the reactions at 
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600 to 1000 °C (1110 to 1830°F) proceeded linearly (within the 
nge of experimental error) after slight deviations at the beginning of 
xidation. At 1100 °C (2010 °F), the rate increased sharply after 80 
inutes oxidation to approximately the same rate as observed on the 
150 and 1200 °C (2100 and 2190°F) reaction curves. This may be 
to a change in the rate determining mechanism to the same one 
vhich controls the oxidation at 1150 and 1200 °C (2100 and 2190 °F). 
rhe reactions above 1100 °C (2010°F) had much higher rates than 
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Table I 
Oxidation and Contamination Data for Columbium-Oxygen Reaction 


Oxidation Depth of 
Oxidation Conditions Rate Constant, Contamina- 
Temperature, Pressure, Time, Time g/(cm?*)(sec) or tion(*), Diffusion R 
| °F cm mercury hr Law g?/(cm*) (sec) cm cm? per se 
600 1110 76 2.30 Linear 6.5x1076 0.010 3.66x10" 
800 1470 76 1.30 Linear 11.9x107* 0.028 3.65x10™ 
1000 1830 76 1.62 Linear 17.5x107* 0.076 1.25x10 
1100 2010 76 1.50 Linear 20.2x1076 0.140 6.34x10 
1150 2100 76 0.68 Linear 78.9x107* 0.111 7.86x10 
1200 2190 76 1.00 Linear 72.5x107* 0.155 6.37x10 
800 1470 7.6 1.50 Parabolic 2.78x107 0.028 3.73x1078 
800 1470 38 1.50 Linear 6.47x107* 0.033 3.84x107* 


*) The depth of contamination was determined as the point on the hardness versus dept! 
which was 50 KHN above the hardness of the uncontaminated metal 
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would be expected from the lower temperature behavior, as seen it 
Fig. 2. 

At lower temperatures, the outer scale was white and powdery, whil 
at higher temperatures, it formed as slabs. X-ray diffraction patterns 
made on the outer scales from the samples reacted at 600 and 1000 °( 
(1110 and 1830°F) showed these scales to be T type and M tyy 
Ch2Os, respectively. A thin, black, adherent subscale was present on 
the surfaces of the reacted metal samples. This film was identified by 
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diffraction as a mixture of oriented Cb.O; and CbO. No CbO> 
is found in either the outer scale or the subscale. 
One test was conducted in oxygen at 1400°C (2550°F), but the 
ction was self-sustaining and the sample quickly overheated and 
elted. This temperature is near the reported melting point of CboOs, 
vhich is 1440 °C (2625 °F) (10). 
Che Arrhenius-type plot of reaction rates versus temperature, Fig. 2, 
vs that the reaction rates are consistent and have a linear log K 
ersus 1/T relationship in the range 600 to 1100 °C (1110 to 2010 °F). 
[he activation energy for the reaction in this range is 5410 cal per 
le. An inflection occurs in this curve between 1100 and 1150°C 
2010 and 2100°F). At this point, the reaction rate increases with 
perature at a much higher rate than at the lower temperatures 
his indicates a change in the rate-determining mechanism, although 
ere was no visual difference in the type of scale formed. 
he effects of oxygery pressure on the columbium-oxygen reaction 
re investigated at 800°C (1470°F). Tests were conducted at 76, 


38, and 7.6 centimeters of oxygen pressure. Results are shown in Fig. 3. 
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At 76 centimeters pressure, a linear reaction curve was obtained with 
a rate constant of 0.50 milliliter oxygen per square centimeter per min 
ute. At 38 centimeters oxygen pressure, the reaction was slower, } 
coming linear after about 40 minutes with a rate constant of 0.272 milli 
liter oxygen per square centimeter per minute. However, at 7.6 centi 
meters oxygen pressure, the curve was parabolic and less oxygen was 
consumed than at 38 centimeters oxygen pressure. 

Examination of the oxidized samples revealed that the nature of th: 
scales also changed with decreasing oxygen pressure. At 76 centimeters 
oxygen pressure the scale was composed primarily of white CbeOs wit! 
a very thin black subscale on the metal surface. As the oxygen pressurs 
was decreased, the thickness of the CbzO; layer decreased and the thic! 
ness of the black subscale appeared. to increase. X-ray diffraction 
measurements showed the outer scale to be T-type (low temperatur: 
Cb.O; and the subscale to be a mixture of oriented T-type ChoO; and 
CbO. There were no traces of ChOs, the intermediate oxide, in the 
scale. 

Attempts were made to correlate the thickness of the adherent sub 
scale with the reaction rates at the various pressures, but the results 
were inconclusive. However, it is apparent that oxygen must diffus: 
through this subscale during oxidation. This provides a mechanism by 
which alloying elements can reduce the over-all oxidation rate, i.e., } 
decreasing the diffusivity of oxygen in the subscale. 


Reaction With Nitrogen 

A columbium cylinder, approximately 0.45 inch long by 0.30 inch 
diameter, was heated in nitrogen in the modified Sieverts apparatus 
and the consumption of gas measured by the change in pressure. The 
sample was held at 800°C (1470°F) for 50 minutes, after which 
the temperature was raised to 1000 °C (1830 °F) for 18 minutes. No 
reaction could be detected at either of these temperatures, although a 
faint tarnish film was present on the sample at the conclusion of th 
test. Previous tests by Gulbransen and Andrew (7) indicated that th: 
reaction between columbium and nitrogen follows the parabolic law 
in the range 400 to 800 °C (750 to 1470 °F) and is very slow. Fron 
the data of Gulbransen and Andrew, the total amount of nitrogen 
reacted during the test described was estimated to be 9 x 10°!" grams 
or 0.3 milliliter of nitrogen. This small amount is near the detectior 
limit of the modified Sieverts apparatus. No additional tests were cot 
ducted in nitrogen. 


Reaction With Air 


As discussed previously, air oxidation tests were conducted by a! 
intermittent weighing method. This method is most expedient but 
cannot be used to determine the time-dependent nature of the reactio 
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Table Il 
Oxidation and Contamination Data for Columbium.Air Reaction 
Depth of 


Condition Oxidation Conditions 


and 


Shape(*) 


Cast slab 


ast slab 


Temperature 
( 


Hr 


600 
800 
1000 
600 
800 
1000 
600 
800 
1000 
600 


cS ouMM Ue ee 


Time 


Oxidat 
107*G 


tamination 
m(>) 


0.006 
0.032 
0.067 
0.013 
0.049 
0.12 

0.013 


0.1 


m? per Sex 


2.35x107% 
6.44x107% 
1.30x10~ 
2.87x107% 
4.06x1078 
1.74x10" 

1.70x1079 


Diffusion Rate 


800 
1000 
1200 

600 

800 
1000 

600 

700 

800 

900 
1000 

600 

700 

800 

900 
1000 


0.012 
0.049 
0.115 


2.95x107 
3.50x10™* 
1.63x10 


Wrought 
roe 


ARMAAMAMAA ah 


cia} eter by 0.45 in. long 


0.1 


by 0.2 by 0.45 ir ‘ ns §-in. dian 
cast f It huttor 


* were machines 
The depth of mtamination was taker 
50 KHN above the hard: f the u 
Sample was completely oxidized 

One side was painted with CreO, for 1 


Annealed 44 hr. at 2150°C in vacuum 


specimens labeled 


ss-versus-depth curve whicl 


ess 


ve. Based on the fact that columbium reacts with pure oxygen in a 
near manner and that the scales formed in air were loose and appar 
itly nonprotective, linear oxidation rates have been assumed for the 
ction of columbium with air. 
the range 600 to 1200 °( 


*). The average oxidation rates, given in Table IT, are 
| rl g lat 9 Table I] 


Seven series of tests were conducted tn 
1110 to 2190 


lower than those found for oxygen. This is apparently the result of the 


ver oxygen content in air. 
[In all of these tests, with the exception of ( 
t 800°C (1470 
use of this behavior is not known, but it cot 


1 
| 


»-4, the oxidation rate 
] 


F) was higher than at 1000 °C (1830 °F). The exact 
ild be caused by geometry 
oxidizing atmosphere, or 
Data of Inouye (8) at 


the test specimens, moisture content of the 
ntering of the scale at the higher temperature. 
(1830 
tor of 2 as the shape of the specimen 1S ¢ hanged from sheet to rod 
indicated and more work 


10 °¢ F) indicate a range of oxidation rates varying by a 
he effect of moisture has not yet been clearly 
mains to be done on this aspect. Sintering of the scale may be a 
F) by preventing ready 
Sintering was indicated 


ctor in slowing oxidation at 1000 °C (1830 
access of oxygen to the metal-oxide interface 
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since the scales tend to form in slabs at the high temperatures, whereas 
they were powdery at the low temperatures. 

One series of four samples, Cb-4, was painted on one side wit! 
paste of CreO, and methanol before oxidizing. After exposing for 2 
hours at 600, 800, 1000, and 1200 °C (1110, 1470, 1830 and 2190 °F 
the samples were re-examined. It was found that the Cr2Oxs was on t! 


outside surface of the oxide in all four cases. This experiment indicates 


that the gas-metal reaction occurs at the metal-scale interface, as wou 
be expected in the case of a metal which oxidizes linearly. Oxygen must 
diffuse through the oxide scale either atomically or molecularly 
means of holes or cracks to reach the reaction zone in this type 
oxidation. 

Two series of tests were conducted on rod which had been swage 
from a double-sintered '% by '-inch columbium powder metallurg 
bar. 

One series, Cb-7, was run on the as-swaged rod; the other series 
Ch-6, was conducted on the same rod vacuum annealed '% hour 
2150 °C (3900 °F). No consistent difference was apparent in tl 
over-all oxidation behavior in the two conditions, indicating that col 
work does not effect oxidation rate above 600 °C (1110 °F). 

\n Arrhenius plot of the air-oxidation rates is shown in Fig. 2. \) 
activation energy of 10,100 cal per mole was calculated from this p! 
although the large amount of scatter in the data makes this value w 
certain. This value is higher than the activation energy for t 
columbium-oxygen reaction, which was 5410 cal per mole. Inouye (& 
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ed an activation energy of 13,400 cal per mole for the reaction 
between columbium and dry air in the range 600 to 900°C (1110 to 
1650 °F), and 4350 cal per mole in the range 900 to 1200 °C (1650 to 


ré 


Contamination Studies 
[he contamination of columbium by oxygen, nitrogen, and air was 
d by hardness traverses of the unreacted metal cores after ex 


j 
1¢ 


sure. Typical hardness traverses are shown in Fig. 4. 


[he depth of contamination, expressed as the distance from the final 


tal surface to the point on the hardness-traverse curves which was 

ints harder than the base metal, was measured from these curves 

the oxygen-reacted and air-reacted samples. These data are given 

Tables I and IT. 

No quantitative measurements were made on the sample reacted with 
wen, since it was exposed at two different temperatures. However, 

s evident from l‘ig. 4 that nitrogen contamination is much less severe 


n oxygen contamination. 
he diffusion coefficients associated with the contamination process 


re calculated from the contamination curves of the oxygen-reacted 
| air-reacted samples and are given in Tables I and II. 
(he method for the calculation of D involved use of the Van Ostrand 


vey solution (11) to Fick’s second law of diffusion. Their solution 


Ives the probability (or error) function, and may be written as: 


Equation 1 


concentration of the diffusing element at a given distance from 


the surface 
original concentratio 


medium 
concentration of the diffusing elemen 


probability (or error) function 
distance from surface (cm.) 
diffusion coefficient (cm.* per. sec.) 


time (sec.) 


n of the diffusing element in the diffusion 


t at the surface 


\ssuming that the concentration of oxygen in columbium can be ex 


ssed in terms of hardness (H), Equation 2 can be rewritten as: 


o( : ) Equation 
V Ut 


solving for D, the following equation is obtained : 
x 
/ ae —H Equation 3 
4(¢@ 
Hm — Ho 


D 
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where the term ¢* [H,, — H/H,, — H,] is the inverse error fun 
of the hardness ratio. 


Several assumptions were made in calculating D by use of 


tion 3, which may be sources of errors. These assumptions were 


l 


The diffusivity is assumed not to vary with concentrati 
2. The hardness of columbium is assumed to vary linear 

the concentration of oxygen in columbium. 

The initial columbium-columbium oxide boundary is ass 
to be constant, while actually it is progressing inward 
dation proceeds. 

The maximum hardness, H,,, is assumed to increase 
perature, since the solubility of oxygen in columbin 
to increase with temperature (12). The valu 
mated trom the experimental data, were taken a 
and 550 KHN at 600, 800, 1000, and 1200 
1830 and 2190 °F), respectively. Values 


experimental values, and ranged from 105 to 


It is of interest to note that the diffusion coefficients for c 
tion are similar for the samples reacted at 800 °C 
ent oxygen pressures. The significance of this 
oxygen does not have free access to the bare metal 
beginning of oxidation. There 1s instead a compact 
rh 


metal surface through which oxygen must diffuse. This lay 
black subscale, which was described previously to con 
oriented CbheQs,. 


Comparison of the diffusion coefficients for 
and air-contamination shows that they are qui 
oxygen is the primary contaminating gas in 
ess. This is substantiated | 
the air-reacted samples and the tact that nitrogen re 
j l 1 much more slowly tha 

nination data and 
and air-reacted sam] 
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ig. 6—Depth of Contamination f 
lized for 1, 5, and 10 Hours at Variou 


The criterion is a hardness increase 


I 


of 30 Knoop points for exposures of 1, 5, and 10 hours at various t 
peratures. Similar curves can be plotted for other hardness incr: 
and other exposure times. 


C ONCLUSIONS 


1 


It is possible to draw several, conclusions relating to the oxidati 
mechanism and rate-controlling reaction for columbium. The pres 
of a compact, oriented ChO-—Cb2O; scale layer adjacent to the met 
surface and the fact that the oxidation reaction occurs at the met 
scale interface, as shown by the marker experiment, indicates 
oxygen must diffuse through the compact scale layer to reach 
reaction zone. Oxygen is shown not to have free access to the met 
surface after the beginning of oxidation by the observation that ide: 
tical amounts of contamination occurred although oxygen pressu! 
was varied by a factor of 10. 

Based on these observations it is suggested that the rate-contr 
reaction during oxidation of columbium is the diffusion of oxyg 
through the oriented compact ChO-Cb2O; scale at the metal surfa 


This scale apparently reaches a limiting thickness during early oxida 
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\V-7405-eng-92. The assistance of William M. Albrecht in conducting 
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and oxidation ts then linear with constant compact scale thickness. 
reasons for the breakdown of the compact protective scale are not 
- hut may be related to (a) the large oxide-to-metal volume ratio, 
would cause large compressive stresses in the scale; (b) trans 
ation of the scale from oriented into a randomly-oriented oxide 
le; or (c) saturation of the oxide lattice with oxygen and accom 
nying volume increase, causing rupture 
Nitrogen does not affect the air-oxidation behavior. The reaction 
es in air are less than in pure oxygen because of the reduced oxygen 
ressure. 
SUMMARY 
Columbium has been found to oxidize in a linear manner when ex 
sed to 1 atm oxvgen at 600 to 1200°C (1110 to 2190°F). From 
to 1100°C (1110 to 2010 °F), the activation energy was 5410 
‘mole; above 1100 °C (2010 °F), the reaction proceeded more 
idly. At 1400 °C (2550 °F) the oxidation reaction is self-sustaining 
he oxide formed at all temperatures consisted of a thin black sub-scale 
riented ChoO; and CbO, and an outer layer of white, porous Cb2O; 
800 °C (1470 °F) and 0.1 atm of oxygen, the reaction was para- 
The reaction between columbium and nitrogen is very slow up to 
00°C (1830 °F 
The reaction between columbium and undried air proceeds at a 
near rate, although slower than the reaction with oxygen. The re 
m rate at 1000 °C (1830°F) was lower than would be expected 
m the lower temperature rates. This may be a result of moisture in 
r, or sintering of the oxide to produce a more protective scale 
of activation for air oxidation was 10,100 cal per mole in the 
ge 600 to 1200 °C (1110 to 2190 °F 
Contamination in the air-reacted and oxygen-reacted samples was 
ributed to oxygen diffusion, with a negligible contribution from 
rogen diffusion. Diffusion coefficients for oxygen in columbium 
ere calculated from the contamination data, and a value of 24,900 cal 
‘mole obtained for the activation energy for diffusion. Variations in 


he oxygen pressure by a factor of 10 did not affect the rate of diffusion 


oxygen into columbium, indicating that the oxygen diffuses into 
metal surface from the adherent sub-scale layer. 

Che rate-determining reaction was concluded to be diffusion of 

ygen through the compact, oriented sub-scale. Linear reactions are 

served after the sub-scale reaches a limiting thickness. Reasons for 
breakdown of the protective sub-scale are not known. 
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DISCUSSION 


Written Discussion: By P. E. Blackburn and Earl A. Gulbransen, Westi 
house Research Laboratories, Pittsburgh, Pennsylvania. 

The authors use Crz:Q3 markers to determine the mechanism of oxidati 
Although the experiments are very simple, we feel the results are oper 
criticism. For the temperature range of 500 to 700 °C (930 to 1290 °F), Gulbrans 
and Andrew’ have shown that the oxide scale is cracked and that spalling 
the oxide occurs on cooling. Marker experiments: for these conditions have 
meaning since CrO, would appear in the outer layer irrespective of whet! 
oxygen, columbium, or both were diffusing in the oxide 

For effective mechanism studies, the marker experiments must be made for t 


and K. F. Andrew, Journal, Electrochemical Society, \ 
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ntinuc not impossible to obtair 
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hile Cu® is the diffusing ion in CusO. We agree with Messrs. Black! 
Gulbransen that the adherent portion of the scale must be thicker than th. 
particle size. Our estimates of the thickness of the adherent portion of th 
scale range from 2 microns at 600 °C to 70 microns at 1200 °C, compared 
measured particle size of less than 2 microns* for the type of Cres | 
employed. Thus, the CrOs particles are small enough to allow the ad 
portion of the scale to engulf them if Cb* is the primary diffusing ior 
Recent work on tantalum has shown that after several hours at 100) 
adherent film can be formed in air which is related crystallographica 
underlying metal.’ This indicates that oxygen is the diffusing ion 
these conditions and, by analogy, offers further indication 
primary diffusing ion in Cb.O; 


Mr. Inouye has called attention to the similarity in slopes 


1100 °C (2010 °F) reaction curve after 80 minutes and the 1150 and 12 


nd 2190 °F) reaction curves. We feel that this is not indicative 
as suggested by Mr. Inouye. Ignition was observed 
in oxygen and proceeded at a much faster rate thar 
resulting in fusion of the metal. While we did not furthe 
’ slopes, we feel it may be due to a change in oxi 
Cb.O; transforms from the M form to the H form at about 1100 °¢ 
l error since these were single determinations 
[he authors agree that several reactions are involved in tl 
olumbium. However, we do not agree that conversion of CbO t 
rate-controlling reaction. In theory, all three oxides, CbO, CbOs, and 
exist in the scale. No CbOs was found and CbO, was observed 
amounts. The major component of the adherent portion of the s 
Hence, we conclude that the lower oxides are present in such thin layers 
to Cb.O;) that their contribution to the diffusion resistance of the 
ib] 


is negligible, and the total diffusion resistance is essentially that of ( 


ing of the CbeO; appears to be a mechanical process, and affects the 


hehavior by limiting the average thickness of the adherent subscale 
controlling reaction appears to be diffusion through the (essentiall 


adherent scale 
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MECHANICAL PROPERTIES OF Fe-Al-Si ALLOYS 
AT ROOM AND ELEVATED TEMPERATURES 


By D. J. ScuMatz AND V. F. ZACKAY 


Abstract 

An investigation of the mechanical properties of iron-rich, 
ron-aluminum-silicon alloys was conducted. Silicon was 
used as the independent variable at three aluminum levels; 
5,7 and 9 weight %. Silicon increased the strength at both 
oom and elevated temperatures. Ductility was markedly 
lecreased by silicon and interstitial elements, such as car- 
bon. Silicon appeared to be more than additive to aluminum 
in improving the oxidation resistance. Room temperature 
lectrical resistivity measurements on quenched and slow 
ooled alloys indicated silicon was additive to aluminum in 
nitiating order. Silicon also raised the ordering temperature 
rapidly. A correlation between ordering temperature, as de- 
termined by electrical resistivity, and creep rate was noted. 
ASM-SLA Classification: Q-general, 2-60, 2-61, P15q; 
Fe-b, Al, Si 

INTRODUCTION 


many respects. Extensive solid solubility of both aluminum and sili 


ft pen TERNARY SYSTEM Fe-AI-Si is metallurgically unique in 


is exhibited even though the solutes are larger and smaller respec 
riation, and also the large 


y, than the solvent iron.* This size vat 
ference in electrochemical potential of these elements relative to iron 
undoubtedly factors in the extensive ordering exhibited in the 
iries Fe-Al and Fe-Si, and the ternary Fe-Al-Si. The Japanese in 
demonstrated the highly desirable 


( 


stigator, Masumoto (1)! has 
ectrical and magnetic properties of the compositions Fe,3Al and FesSi, 
i the ternary alloys between them. An optimum composition for mag 


tic properties called “Sendust,” contains approximately 10% silicon 
engineering uses of this 


id 5% aluminum (weight %). However 
are severely limited 


loy and, indeed, of all compositions in this range, 
ie to their extreme brittleness. 

Desirable properties of the ternary alloys containing somewhat less 
luminum and silicon appear to be excellent oxidation resistance, high 


relations are based ts of the pure elements 


ppearing in parentheses pertain to the refer es appended to this paper 


paper presented before the Fortieth Annual Convention of the Society, held 
leveland, October 27 to 31, 1958. Of the authors, D. J. Schmatz is Research 
letallurgist; V. F. Zackay is Supervisor, Physical Metallurgy Section, Metal 
gy Department, Ford Motor Company, Dearborn, Michigan. Manuscript re 


ed April 21, 1958 
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electrical resistivity, and resistance at elevated temperatures to 
burizing and sulphurizing atmospheres. Also, an obvious advantag: 
this system is the nonstrategic nature of all three elements. Althoug 
some effort has been devoted to the evaluation of the physical 
mechanical properties of the binary Fe-Al (2,3) and Fe-Si (4) all 
little is known of those ternary compositions which might possess sufi 
cient ductility for engineering utilization. 

In this investigation, some general observations of the properties 
of ternary alloys are presented, particularly with reference to r 
temperature strength and ductility, and the effect of interstitials. Pos 
sible relationships between the order-disorder reaction of the ternar 
alloys and their plastic behavior will also be discussed. 


RESULTS 


Past research investigations in this Laboratory relating to the plasti 
properties of the Fe-Al and Fe-Si binary systems have indicated the 
general levels of aluminum and silicon in iron-base alloys most fruitfu 
for investigation. Iron-aluminum alloys possess adequate room ter 
perature ductility to about 10% aluminum (2), while silicon in i 
must be limited to about 4%. A series of alloys, listed in Table I, w 
prepared using conventional vacuum melting techniques. The meth 


Table I 
Composition of Alloys 


Aluminum Silic on 
wt “) wt %) 
5.30 0.52 
$.22 1.36 
5.24 2.38 
7.18 0.48 
6.89 1.39 
6.89 2.35 
882 049 
8.96 1.37 
9.21 2.34 


of specimen preparation, measurement of electrical resistivity and 1 
chanical properties have been described in a previous publication (2 
Preliminary work indicated an increase in the recrystallization te 
perature of ternary alloys relative to binary Fe-Al alloys. Also, the 
solutioning temperature for the carbides present, presumably of t! 
type Fe,;AIC,, was increased above that required for the binary Fe 
alloys. Optimum room temperature properties were obtained by heat 
ing the alloys between 1400 and 1500 °F for 1 hour and oil quenching 
The tensile properties were quite consistent with respect to change 
composition as shown in Fig. 1. The data are plotted relative to silt 
content at constant aluminum contents. The data pertaining to silic« 
free alloys of Fe-Al were obtained from previously published work ( 3 
Although the strength parameters increased markedly with an increas 


in silicon, the ductility decreased at a rapid rate. Slowly cooled all 





PROPERTIES OF FE-AI 





\ 
6°le : 


Yield and Tensile Strength 
(outs, eys) 


_L | 

















c 
ICON, 


1—Mechanical Prop 


erties 
juenche 


of Iron-Alun 








100 Hour Rupture Life 
© A37 
® A38 
0 A39 








| i a ——— * 
1000 1200 1400 1600 


Temperature °F 





Fig. 2—One Hundred Hour Stress-Rupture Curves for ® Aluminum Alloys 
Containing Various Silicon Contents; A37 0.5 , A338 1.5%, A39 2.5%. 
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Hundred Hour Stress-Rupture Curves for 9% 


Aluminum Con 
—1.5%, A45 —2.5%. 


4— One 


taining Various Silicon Contents; A43 —0.5%, A44 


exhibited about the same tensile strength as the quenched alloys 
possessed lower ductility which was, in turn, dependent upon the s 


tion temperature. 
Stress-rupture data were obtained for recrystallized and quenc! 
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Fig. 6—Room Temperature Electrical ssistivity of Two Slowly Cooled 9% 
Aluminum Alloys Containing 1.5 and 2.5% Silicon After Reheating and Oil 
Quenching from Various Temperatures 


alloys at temperatures between 1000 and 1400°F. The data for 100 
hour rupture life, calculated through the use of the Larson- Miller equa 

tion (5), are shown in Figs. 2—4. Silicon increased the stress for rupture 
in 100 hours at all aluminum contents. The alloys with the largest solute 
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content exhibited the greatest improvement, but unfortunately they | 
the lowest room temperature ductility. 

Oxidation resistance increased with the addition of silicon by a1 
larger factor than if the same amount of aluminum would have b 
added. The 5% aluminum alloy with 1.5% silicon appeared to le 
equivalent in visual scaling resistance to an 8% binary Fe-Al alloy 

\ decrease of electrical resistivity with increasing solute cont 
of annealed alloys is generally considered evidence of long range order 
ing (6). Considering that the binary Fe-Al system does not show thi 
presence of long range order until about 10% aluminum, it is inter 
ing to observe that silicon, at lower aluminum levels, appears to | 
additive to aluminum in initiating order as shown in Fig. 5. The chang 
in resistivity with quenching temperature for annealed alloys contai: 
ing 9 aluminum —1.5 silicon and 9 aluminum —2.5 silicon is indicat: 
in Fig. 6. Higher quenching temperatures than 1800 °F caused abnor- 
mally high electrical resistivity values due to thermal cracking. The lo 
resistivity for the 9 aluminum —2.5 silicon alloy oil-quenched as hig! 
1800 °F indicates no significant change from the ordered state, but tl 
alloy with one weight percent less silicon distinctly shows an ord 
disorder reaction. 


DIscUSSION 


Unfortunately, the combined presence of the order-disorder reactior 
and that of interstitials could not be clearly separated when evaluati 
the mechanical properties of these alloys. The behavior of slowly cool 
alloys, relative to ductility, illustrates this complication. Metallograp! 
examination pre xluced some correlation of the carbide dispersi mn 
the room temperature properties accounting for some of the decreas 
ductility. Quenched alloys held most of the carbon in solution, t! 
being somewhat dependent on the quenching temperature. Sl 
cooled alloys, however, had various types of carbide dispersions 
pendent on the original solutioning temperature. Figs. 7-8 show 
carbide dispersions which result from different heat treatments. | 
example, the alloy containing 7 aluminum —0.5 silicon shows a simi! 
distribution of carbides in both the quenched, 1400 °F, and slow! 
cooled conditions (from 1400 °F ), as illustrated in Fig. 7. Oil quen 
ing and furnace cooling the alloy from a higher temperature, 1500 
however, produced a striking difference in the microstructure as sl 
in Fig. 8. At this temperature all of the carbon remained in soluti 
upon quenching, but slow cooling allowed a carbide to precipitate at | 
grain boundaries forming a nearly continuous film. The ductility 
indicated under each figure, decreased drastically in the latter conditior 
The addition of a strong carbide former, such as titanium, has beer 
found to increase the ductility somewhat by forming an evenly di 
persed, stable carbide. 


+} 


The alloy of 7 aluminum —0.5 silicon was used to demonstrate 





n. (a) Oil-quenched from 
ng from both treatments 


tion 12-13%. Electro 


t of interstitials because very little long or short range ordering 
kes place. It is quite possible, however, that the loss of ductility in 
ther alloys was not due to the interstitial reactions alone, but was com- 
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structure of Alloy A4 0.5 Sil.con. (a) Oil-quen 
slowly cooled from 1: F. The structure of the quenched material 
nly ferrite; expected igatior 23%. The structure of the slowly cox 
ferrite and a grain boundary film of carbide. Expected elongatior 
polished, etched in HCl and picric acid. «250 


plicated by the presence of ordering. Ordering has been suggested 
a strengthening and embrittling mechanism (6). 
Twinning during tensile deformation was observed to occur fr 
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Fig An Abrupt Decrease in the eep te i erved in the Vicinity of 
the Ordering Temperature for the Alk tainir Aluminum 1.5 Silicon 
No change in the creep rate is ysery he al ntaining 7 aluminum 


5 silicon (always disordered), and 9 aluminum silicon (always or 


dered). Creep rates were determiner constant stress of 5000 psi 


quently in quenched alloys, but never in slowly cooled alloys, indicating 
i change in the mode of deformation with heat treatment. Again, this 
may be the effect of either interstitials or ordering. Current studies on 
high purity Fe-Al single crystals may aid in separating these two 
effects. 

Sato (7) found a linear relationship of ordering temperature with 
omposition along a pseudo-binary Fe,Al-Fe,Si, with the ordering tem 
perature increasing as Fe,Si was approached. In this regard it is in 
teresting to note that complete disorder may be retained in the Fe-Al 
system to 14% aluminum, and to 4.5% silicon in the Fe-Si system, yet 
it the intermediate composition of 9 aluminum —2.5 silicon, complete 
disorder cannot be obtained at the highest quenching temperature in 
vestigated, as illustrated in Fig. 6. 


Silicon has been shown to improve the stress-rupture properties at 
] 


1 


all aluminum levels, although no quantitative formulation has been 
made. It should be noted that these alloys behave generally as all ferritic 
naterials, that is, they have poor resistance to deformation at elevated 
temperatures. Even the ternary alloys which do have a reasonable hot 
strength lose this quite abruptly around 1200 °F. However, the 9 
iuminum —2.5 silicon alloy appears to be an exception. This alloy de 
creases in rupture strength without an abrupt change throughout the 
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temperature range investigated, suggesting that ordering is a f 
determining the strength of these alloys. 

Various attempts have been made to demonstrate the « 
ing on the mechanical properties of alloy systems, especially 
brass (8,9) Herman and Brown (9) have shown that the cree; 
of beta brass decreased abruptly below the order-disorder temperat 
Strain data obtained from stress rupture and creep tests of the ter 
Fe-Al-Si alloys were analyzed according to Herman and Br 


method. A plot of the log creep rate versus reciprocal of absolute t 
perature, at a constant stress of 5000 psi, is shown in Fig. 9 i 


15 


thect 
icc 


ies 
] silicon 


three alloys, 7 aluminum —0.5 silicon, 9 aluminum 
aluminum —2.5 silicon. An abrupt change in creep rate is observe 
the vicinity of 1230 °F for the 9 aluminum —1.5 silicon alloy. Ar 


logous change near this temperature in the order-disorder reac 


the completely ordered alloy, 9 aluminum 
sistent with both electrical resistivity and stress to rupture « 
cases, order was observed to strengthen the alloys as indicated 


lower creep rate. A more rigorous evaluation of this phenom 
currently being pursued utilizing both binary and ternary all 


SUM MARY 


\lloys of iron containing varying amounts of aluminun 

(5-9% ) and (0.5-2.5% ) respectively, have been inv 
Strength and ductility increased and decreased 
with an increase in silicon content at all alu 
Electrical resistivity was increased by the 
Measurements indicated that silicon was additin 

in initiating long range order, and that it also 

disorder temperature quite rapidly. 

Stress-rupture properties were improved at 

by the addition of silicon 

Following Herman and Brown’s criteria, the 

ternary alloys was markedly sensitive to the pre 

In alloys either ordered or showing an or: 

order was observed to decrease the creep rate 

Silicon appeared to be more than additive 

oxidation resistance of the ternary alloys. 
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RECRYSTALLIZATION, STRUCTURE, AND 
HARDNESS OF LOW CARBON STEELS 
CONTAINING UP TO 1% COPPER 


By R. L. RicKett anp W. C. LESLIE 


Abstract 

Copper greatly retards recrystallization of low carbon 
steel and in general increases its hardness after annealing 
Under proper conditions comparatively coarse elongated 
ferrite grains can be obtained in cold-worked and annealed 
steels containing 0.4% or more of copper, in which case the 
hardening effect of copper is minimized. An elongated grain 
structure in 0.4-0.9% copper steels can be obtained by cold 
reduction followed by: (a) heating at a rate of about 200 °1 
per hour to 1300°F or by; (b) pretreatment at 950 °F, 
then annealing. (ASM-SLA Classification: N35, Q29n, 
1-00; CN-g, Cu) 


INTRODUCTION 


HE EFFECT OF copper was expivred as part of a long-rang 
investigation of variables that affect the recrystallization behavior 
grain structure, and resulting properties of low carbon steel. Copper 
is of particular interest in this connection because its solid solubi 


lit 


in ferrite varies with temperature, leading to the possibility that precip 
itation may precede or accompany recrystallization. It seems probabl 
that the presence of a finely dispersed phase, formed either before or 
during recrystallization, may profoundly affect both rate of recrystal! 
lization and the resulting grain structure. In aluminum-killed low 
carbon steels, for example, precipitation of aluminum nitride under 
certain conditions during recrystallization is believed to be responsible 
for both the retardation of recrystallization and the formation of elon 
gated grains (1,2).' Copper-bearing steels were investigated in orde 
to obtain additional evidence regarding the effect of precipitate form 
tion on recrystallization rate and on grain structure after annealing 
Moreover, the effect of copper on hardness and grain size of annealed 
low carbon steels is of practical interest. 

To aid in interpretation of recrystallization data, information o1 
solution and precipitation of copper in low carbon steels containing 
maximum of 1.14% copper was obtained by use of the electren micr 


The figures appearing in parentheses pertain to the references apy 


\ paper presented before the Fortieth Annual Convention of the Society, held 
Cleveland, October 27 to 31, 1958. The authors, R. L. Rickett and W. C. Les! 
are associated with the Edgar C. Bain Laboratory for Fundamental Resear 
United States Steel Corporation Research Center, Monroeville, Pa. Manuscrip* 
received April 24, 1958. 
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LOW CARBON STEELS 








Table I 
Composition of Steels 


Composition % (Check Analysis) ————— 

Mn > S Si N * 
Experimental Steel 

0.01 0.06 0.57 0.007 0.013 0.004 0.004 0.007 

0.43 0.06 0.63 0.007 0.013 0.004 0.004 0.005 

0.61 0.06 0.53 0.005 0.013 0.005 0.006 0.005 

0.84 0.05 0.48 0.007 0.012 0.004 0.006 0.006 


Commercial 


0.27 0.06 0.36 0.009 0.034 0.008 0.005 0.004 
0.27 0.08 0.39 0.005 0.031 0.006 0.005 0.003 
1.14 0.029 0.39 0.007 0.020 0.005 — 


\cid soluble 


scope and x-ray diffraction. Isothermal recrystallization behavior was 
investigated at various temperatures, and for various starting condi 


tions, using a series of experimental low carbon steels containing 0.01, 


1.43, 0.61 and 0.84% copper and two commercial open hearth steels 


containing 0.27% copper. The effect of composition, heating rate, 
mount of cold reduction and other variables on hardness, grain size 


and grain shape was also determined. 


MATERIALS 


[he compositions of the steels investigated are listed in Table I. 
Steels A through D were made in an induction furnace at the Applied 
Research Laboratory of United States Steel Corporation, following 
rimmed steel practice so far as possible. A small amount of aluminum 
vas added to each heat for control of gas evolution during solidification. 
\s indicated in Table I, the amount of residual acid-soluble aluminum 
was very low and in the range encountered in commercial rimmed-steel 
eats. The ingots were hot-rolled to slabs 4 inches wide and 0.5 inch 
thick. 

Steels E, F and G were obtained in the form of hot-rolled sheets, 
ither 0.116 or 0.06 inches thick, from commercial open-hearth heats. 


SOLUTION AND PRECIPITATION OF COPPER 


The solubility of copper in ferrite has been redetermined recently 
ve 


3) and was found to be higher than indicated in previous studies (4) 


The new values are shown in Table IT. 


Table Il 
Solubility of Copper in Ferrite 


perature 


1562 
1472 
1382 
1292 
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Within this temperature range, these data can be represented by the 
empirical equation 


Log wt % Cu = 4.335-4499/T 


In the low carbon steels (containing approximately 0.05% C) used 
in the present investigation, austenite starts to form at about 1335 °F, 
at which temperature about 0.68% copper is soluble in ferrite. The 
solubility of copper in low carbon steels containing manganese, carbon, 
sulphur and other elements remains somewhat uncertain, however. To 
insure the complete solution of copper, steels containing more than 
0.60% copper must be heated to temperatures either within or above 
the Ae,-Aes temperature range. If heated within this range, the differ 
ence of activity of copper in ferrite and in austenite will tend to segre- 
gate copper in the latter phase. For this reason the solution temper 
atures used were either 1300 °F or temperatures above the Aes, usu 
ally 1650 °F. 

With some exceptions, the steels used were cooled in air from the 
solution temperature in order to obtain an essentially ferritic structure 
for subsequent recrystallization studies. Published information (5) in 
dicated that rapid cooling of a 1% copper steel was not necessary for 
development of maximum hardness after aging, implying that most or 
all of the copper was retained in solid solution. Also, holding at tem 
peratures of 1475 °F or above for 1 hour sufficed to produce maximum 
aging after cooling and reheating. It was expected, therefore, that 
copper would be entirely in solution in the normalized steels under 
investigation. Measurements of ferrite lattice parameters were made on 
steels normalized at 1650 °F for 4 hour. The results were erratic, but 
the lattice parameter increased as expected with increasing copper 
content (up to 0.61% ), but then decreased at higher copper contents, 
indicating either incomplete solution of copper, precipitation during 
cooling, or both. Electron micrographs of normalized specimens ( Fig 
1), show that in some areas of the specimens copper was precipitated 
or had not been completely dissolved, even in the 0.43% copper steel 
The amount of precipitate increased with increasing copper content 
the steel. 

Several of the normalized steels were held for various periods of tim: 
at 1100 °F to determine whether copper would precipitate at this tem 
perature and whether precipitation hardening would result. Hardness 
data (Fig. 2) indicate that precipitation hardening occurred in th 
1.14% and 0.84% copper steels, although to a lesser extent than found 
by Smith and Palmer (5) using a 1% copper steel. The difference | 
probably due to differences in amount of copper in solution. Steels con 
taining 0.01 and 0.43% copper softened slightly due to spheroidizatior 
of pearlite, whereas hardness of the steel containing 0.61% copper r 
mained unchanged, possibly because slight precipitation hardening 
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electron Micrographs Showing Precipitate Formed in Normalized 0.43% 
% Copper Steels. (a) 0.43% Copper (dark area at left is cementite); (b) 0.61% 
(c) 84% Copper; (d) 1.14% Copper. Extraction replicas. Super picral etch 
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counteracted the softening to be expected due to spheroidization. The 
relatively high hardness of the 0.439% copper steel is probably due in 
part to its higher manganese content (Table I). 
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Age-Hardening of Normalized C: pper Steels at 
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), 1200 and 1300 °F on Hardness a: 
1.14% Copper Steel 


Precipitation in the 1.14% copper steel was investigated at 1200 an 
1300 °F as well as at 1100°F. Fig. 3 shows the change in hardn 
and in lattice parameter that resulted from holding at these tempe: 
atures. A decrease in lattice parameter, probably due to precipitation 
copper from solid solution, occurred at all three temperatures. Precit 


+- 


tation at 1100 °F was accompanied by an initial increase in hardn« 
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followed by a decrease, as discussed previously. At 1200 and 1300 
slight softening occurred over the entire period investigated. 

The electron microscope yielded the most conclusive evidence 
precipitation. As shown by Figs. 4a and 4b, the amount of precipitat: 
in the 1.14% copper steel increased on holding for as little as 1 hour 
at 1100 °F, which corresponds to the peak of the precipitation harden 
ing curve (Fig. 3). Individual particles of the precipitate were more 
easily resolved after 72 hours at this temperature (Fig. 4c) and after 
the same period of time at 1200 or 1300°F (Figs. 4d, 4e). At the 
latter two temperatures, rods as well as spheres were formed. Electron 
diffraction of the extracted particles indicated that they were the face 
centered cubic epsilon phase (copper with a small amount of iron in 
solid solution). No other diffraction lines were found except those cor 
responding to CusO, which were found in specimens held at 1100 °F 
or for short periods of time at 1200 or 1300 °F. The presence of CueO in 
these specimens is believed to be due to atmospheric oxidation of th 
very fine extracted particles in the replica. 

The apparent amount of precipitate indicated by some of the electron 
micrographs is much greater than would be expected from the amount 
of copper present in the steels. This is due in part to removal of particles 
from below the surface by the extraction replica procedure and prob 
ably in part to local concentrations of copper in the areas photographed 
It is also possible that manganese may tend to dissolve in the coppe: 
precipitate in preference to iron and thus increase the volume of pre 
cipitate. 

Evidence of precipitation in the 1.14% copper steel held at 1300 °F 
could also be seen with the light microscope. Fig. 4f shows the structur: 
after 72 hours at this temperature. A precipitate could also be seen with 
the light microscope after one hour at 1300 °F, the precipitation evi 
dently occurring preferentially along sub-grain boundaries. 

Microscopic examination of the lower copper content steels was less 
extensive. However, after extended periods at 1300 °F, evidence of 
precipitation could be found with the light microscope in steels con 
taining 0.61 and 0.84% copper but only limited precipitation was noted 
in the 0.43% copper steel. Examination of the 0.84% copper steel in 
the (a) as normalized condition, (b) after 72 hours at 1100 °F, and 
(c) 21 days at 1100 °F, using the electron microscope, revealed that 
the amount of precipitate in this steel increased considerably in 72 hours 
and that the particle size increased when held for 21 days. 

The foregoing evidence indicates that considerable precipitation of 
copper takes place in steels containing 0.6% copper or more when the 
steels are held at 1100-1300 °F. No satisfactory quantitative measure 
of the rate or extent of precipitation is available but it is evident that 
even at 1100 °F substantial precipitation takes place within 1 hour in 
a steel containing 1.14% copper. Extended periods at temperatures in 
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Fig. 5—Effect of Copper 
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Fig. 6 -Effect of Temperature on Recrystallization of Each of Four Steels. Symbol 
as in Fig. 5 


the 1100-1300 °F range resulted in partial precipitation of coppet 
steels containing as little as 0.6% of this element. 


Errect oF Copper ON RATE OF RECRYSTALLIZATION 

Copper, in amounts up to at least 0.84%, has a very marked effect 
on the time required for recrystallization of cold-rolled low carbo: 
steel at 1050, 1100 and 1200 °F as shown in Fig. 5. The time required 
for complete recrystallization at 1050 or 1100 °F is markedly increased 
by increasing copper content from 0.27 to 0.84%. At 1200 °F, how 
ever, copper up to 0.6% has little effect ; only the 0.84% copper ste: 
exhibits delayed recrystallization. 

The recrystallization curves of Fig. 5 have been rearranged in Fig. | 
to show the marked effect of copper content on change in recrystalliza 
tion behavior. In the virtual absence of copper (Fig. 6a) the recrystal 
lization curves are comparatively smooth and move in regular fashion 
towards shorter times with increasing temperature. With increasing 
copper (Figs. 6b, 6c, 6d), recrystallization at the lower temperatures 
follows an increasingly irregular course and the effect of increasing the 
isothermal recrystallization temperature becomes more abrupt. 

The results, as shown in Figs. 5 and 6, indicate that normalizing 
1650 °F or “solution treating” at 1300 °F were practically identical 1 
their effect on recrystallization behavior. This is perhaps to be expected 
in view of the indicated extent of precipitation of copper during cooling 
from the normalizing temperature and during holding at temperatures 
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Effect of Long Time Holding at 11006 °F Prior to Cold Reduction on Subse 
quent Recrystallizatior 


in the recrystallization range. Despite the evidence that the amount of 


copper remaining in solution probably did not increase in proportion 
to the amount added, rate of recrystallization was markedly retarded 
s copper content increased to at least 0.84%. This increased resistance 
to recrystallization at high copper contents is probably due in part to 
copper precipitated before, or during, the early stages of recrystalliza- 


tion. 

In order to explore further the effect of precipitation before cold 
reduction, recrystallization of samples of the 0.01, 0.43, 0.61 and 0.84% 
copper steels held 72 hours (3 days) and 21 days at 1100 °F was in- 
vestigated. Prior to these treatments at 1100 °F (595 °C), the 72-hour 
specimens were air cooled from 1650 °F in a pack of 8 pieces 0.1-inch 
thick. The 21-day specimens were oil-quenched from the same tempera- 
ture in 0.5-inch thick sections and subsequently machined to a thickness 
of 0.25-inch. After holding for the desired period of time at 1100 °F, 
the steels were cold reduced approximately 60% and recrystallized iso 
thermally at suitable temperatures, with tl 
Neither treatment had an appreciable etfect on recrystallization of the 
U.OL and 0.43% copper steels. Recrystallization of the 0.84% copper 
steel at 1300 °F was retarded considerably by prior holding at 1100 °F 

Fig. 7d), with some indication of slight retardation of this steel at 
1100 °F and of the 0.61% copper steel at 1100 and 1200 °F (Fig. 7c) 
In contrast to the effect of holding at 1100 °F prior to cold reduction, 


e results shown in Fig. 7. 
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Fig. 8—Effect of Treatment at 1300 °F on Recrystallization at 1100 °F 
After Subsequent Cold Reduction. (All cold-reduced 60% before re 
crystallization) 





g holding at 1300 °F, particularly if followed by very slow cooling, 
led to accelerate the recrystallization of the 0.61 and 0.84% copper 
ls at 1100°F (Fig. 8). The “slow cooling” treatment in this in 
e consisted of holding for 24 hours, each, at 1250, 1200, 1150 and 
)°F and for 70 hours at 1050 °F during cooling after a 72-hour 
at 1300°F. The object of this treatment was to reduce the 
unt of copper in solid solution to a mum. A precipitate could 
seen with the light microscope in the 0.61 and 0.84% copper steels 
irdless of cooling rate, with possibly a small amount in the 0.43° 
yper steel as slowly cooled. Whether the reduced resistance of the 
and 0.84% copper steels to recrystalliz ition after slow cooling is 


to more complete precipitation or to larger particle size of the pre 


te is not known. Even after slow oling from 1300 °F, these 
ls are much more resistant to recrvstallization than a steel without 
per, as shown by comparison with the curve for the 0.01% copper 


-epeated in Fig. &c. It is apparent, therefore, that even when par 
] g 


lly precipitated prior to cold reduction, copper has a verv marked 


t 


t in retarding recrystallization 


GRAIN STRUCTURE OF RECRYSTALLIZED COPPER STEELS 


Grain structure of the steels containing 0.84% copper or less was 
tiaxed when the steels were box annealed after 60% cold reduction 
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Fig. 10—Effect of Prior Treatment on Grain Structure of 0.84% Copper Steel R« 
crystallized at 1300 °F. (a) 10 minutes complete recrystallization. No pretreatment 


(CR 61%); (b) 5 hours nearly complete recrystallization. Pretreatment 6 hours at 
950 °F. (after 61% cold reduction) 5% nital etch. * 25 











Effect of Pretreatment at 950 °F (6 Hours) After Cold Reduction 
sequent Recrystallization. Cold reduction approximately 60% 


\ box annealing treatment was simulated by packing cold-rolle: 
copper-plated specimens in cast iron chips in a sealed steel pipe. Th: 
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eating rate was about 88 °F per hour from 100 to 540 °F, then about 
13°F per hour to 1300 °F. The specimens were held at 1300 °F for 

urs, 40 minutes, then furnace-cooled. Equiaxed grains were also 
btained in the 0.01 and 0.43% copper steels recrystallized isothermally 


1 


1100 °F. In the early stages of isothermal recrystallization of the 
and 0.89% copper steels the recrystal 


ized grains were largely 
ngated, but in later stages of recrystallization predominantly equi- 
| grains formed. Neither steel was completely recrystallized even 
714 days at 1100 °F. 
From the fact that elongated grains were formed in the 0.61 and 
84% copper steels in the early stages of recrystallization, it was 
ught that perhaps an essentially elongated grain structure could 
e obtained by recrystallizing these steels at a higher temperature where 
the process would require less time. An elongated grain structure may 
e desirable because of its beneficial effects on deep drawing character 
stics. The 0.61% copper steel was therefore recrystallized at 1200 °F 
und the 0.84% copper steel at 1300 °F ; both after approximately 60% 
ld reduction. In both instances the recrystallized grain structure was 
essentially equiaxed rather than elongated, as shown in Figs. 9a and 
1Va 
[he foregoing results indicated that some process, possibly precipi 
tation, taking place at 1100 °F during or prior to the early stages of 
recrystallization favored the production of elongated grains, but that 
he effectiveness of this process disappeared after longer periods at this 
temperature. A two-step recrystallization method (6) was therefore 
tried wherein the cold-rolled steels were first held for 6 hours at 950 °F 
llowed by recrystallization at a higher temperature. The 0.61% 
pper steel was recrystallized at 1200 °F and the 0.84% copper steel 
1300 °I*; grain structure of both steels was definitely elongated, as 
wn in Figs. 9b and 10b. The treatment at 950 °F retarded subse 
uent recrystallization of the 0.43, 0.61 and 0.84% copper steels, as 
wn in Fig. 11, and also retarded recrystallization of the two 0.27% 
per steels. Time for complete recrystallization of the 0.01% copper 
teel (Fig. lla), was not affected appreciably even though the 950 °F 
treatment itself resulted in considerable recrystallization. 
lo determine the optimum recrystallization temperature for obtain 
ng an elongated grain structure, the 0.43, 0.61 and 0.84% copper 
teels were annealed for 1-hour and 5-hour periods at 1200, 1250, 1300 
1 1350 °F. The steels were first cold reduced 60% and one set of 
specimens was then held 6 hours at 950 °F, whereas a companion set 
vas cold reduced only before annealing. The results (Fig. 12), indicate 


; 


hat under the conditions used the maximum degree of elongation 


highest elongation ratio) is obtained by annealing at the lowest tem 
perature at which the steel will completely recrystallize. Only a mod 
te degree of elongation was found in the 0.43% copper steel and the 





TRANSACTIONS OF THE ASM 


Legend 
_ Hour at Temp 


5 Hours at Temp 





3 Temperature ° 


Anneo g fu 


*retreatment at 950 °F and of Annealing Tempe 
Elongation and Grain Size (Fast Heating) 


: 


1 
@ 

1@ 4) 

-— 
} © 
” T) 


——<y 


{ 
; 
4 
4 
4 
q 
A 


a Sees 


—— 





























} 
} 
\ 
} > 
NU 


‘| 
{ 
I - - 


Minutes 





Fig. 13—Effect of Pretreatment Time and Temperature on G 
Grain Size of % Copper Steel Annealed 5 Hours at 1300 °F. | 
applied after 60% cold reductior 


maximum elongation ratio increased at higher copper contents. T! 
chart also shows that in these steels, as in aluminum-killed steel, 
elongated grain structure is accompanied by a coarser grain size. 
The effect of time and temperature of pretreatment was investigat: 
using the 0.84% copper steel. After 60% cold reduction, specimet 
were held for various periods of time at 850, 950, 1050, 1150 a 
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1200 °F, and then annealed for 5 hours at 1300 °F. As shown in Fig. 13, 
creasing time at 850 °F, up to 16 hours, increased the degree of grain 
ngation. Pretreatment for 1 to 16 hours at 950°F resulted in an 
elongated grain structure, the maximum effect being observed after 
} hours. At 1050 °F, the maximum pretreatment time used was | hour 
nd during this period grain elongation increased with increasing time. 
Results of holding for corresponding periods of time at 1150 °F were 
less consistent but show that 1 hour at this temperature resulted in 
lefinitely elongated grains, although the grain size was fine. Pretreat 
ent at 1200 °F was not effective in producing elongated grains. From 
these results it can be inferred that a minimum pretreatment time of 
| hour at temperatures in the range 900 to 1100 °F is required for the 
production of coarse elongated grains in an 0.8% copper steel. For 
lower or higher copper contents the optimum conditions may be some 

vhat different. 

Rate of heating to the annealing temperature was found to have a 
narked effect on grain structure, as shown for 0.43, 0.61 and 0.84% 
copper steels in Figs. 14, 15, and 16. If heated very rapidly to 1300 °F 
vithout pretreatment, grain structure of all three steels was equiaxed 
Fig. 14a, etc.). Pretreatment for 6 hours at 950 °F followed by rapid 
heating to 1300 °F resulted in a coarser, more elongated grain struc 
ture (Fig. 14b, etc.) ; the grains being coarser and more elongated the 
higher the copper content of the steel. Heating at a slower rate, 200 °F 
per hour, with or without pretreatment, resulted in an elongated grain 
structure (Figs. 14c, 14d, etc.). After heating at this rate, the 0.84% 
copper steel had a less elongated grain structure than the others. Heat 
ing at a still slower rate, 30°F per hour, resulted in a substantialh 
equiaxed structure in all instances ( Figs. I4e, 14f, etc.), confirming 
the results of box annealing mentioned previously. These results show 


hat an elongated grain structure in cold-reduced 0.4-0.9% copper 


teels can be obtained by: (a) heating at a suitable rate, approximately 

200 °F per hour, to the annealing temperature of 1300°F; or (b) by 
pretreatment at 950 °F then heating rapidly 
eesie 


to the annealing tempera 


The effect of cold reductions ranging from 20 to 80% on grain struc 
ture and hardness as annealed was investigated using two heating rates : 
a) very rapid heating and (b) 200 °F per hour. For the first heating 
rate, specimens with no pretreatment and specimens pretreated 6 hours 
it 950 °F were used. After heating at the desired rate to 1300 °F and 
holding for 4 hours at this temperature, all of the specimens were 
ooled slowly (approximately 30 °F per hour) to minimize the harden 
ng effect of the precipitated carbides. 
\s indicated in Fig. 17, the structure of specimens cold-rolled and 
then heated rapidly to 1300 °F was essentially equiaxed, regardless of 
pper content or amount of cold reduction. Except for the 0.84% 
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ect of Heating Rate and Prior Treatment on 
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Grain Structure and Hard 

ness of 0.43% Copper Steel. (a) CR-ANN, Rb 59.1; (b) CR-6 hours 950 °F — ANN 

Rb 55.0; (c) CR-ANN, Rb 54.5; (d) CR-6 hours, 950 °F — ANN, Rb 52.8; (e 

CR-ANN, Rb 51.9; (£) CR-6 hours, 950 °F — ANN, Rb 51.3. Cold-rolled 60%. An 

t 1300 °F. Cooled 30 °F per hour. 5% nital etch. X 250. a and b ast 
ating; c and d—Heated 200 °F; e and f—Heated 30 °F per hour 
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Fig. 1S—Effect of Heating Rate and Prior Treatment on Grain Structure and Hard 


ness on 0.61% Copper Steel. (a) CR-ANN, Rb 60; (b) CR-6 hours, 950 °F — ANN, Rb 

).1; (c) CR-ANN, Rb 56.5; (d) CR-6 hours, 950 °F ANN, 55.8; (e) CR-ANN, 

Rb 54.1; (f) CR-6 hours, 950 °F ANN, Rb 53.6. Cold-rolled 60%. Annealed 4 hours 

1300 °F. Cooled 30 °F per hour. 5% nital etch. X 250. a and b—Fast Heating; c and d 
—Heated 200 °F; e and f—Heated 30 °F per hour 
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l¢ reg f Heating Rate and Prior Treatment on Grain Structure 
of 0.84% Copper Steel. (a) CR-ANN, Rb 67.6; (b) CR-6 hours, 9 
0; (c) R.. ANN, Rb 59.2; (d) CR-6 hours, 950 °F — Ah. Rb 
( R- ANN, Rb 62.1; (f) CR-6 hours, 950 °F ANN, Rb 61.6. Cold-rolled 
nealed 4 hours, 1300 °F. Coo led 30 °F per hour, 5% nital etch. * 250. a am 
eat : c and d-—Heated 200 °F; « and f—Heated 30 °F per hour 
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Effect of o | 
and Grain Struct 
er Cold Reduct 
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opper steel, hardness after annealing increased almost in proportion 
the percentage of prior reduction. Hardness of the 0.84% copper 


steel first decreased and then increased with increasing amounts of 
prior cold work because of incomplete recrystallization at 1300 °F 
itter 40% or less reduction. As expected, grain size became finer, in 
general, with increasing prior reduction. No marked or consistent effect 
| copper content on grain size was found, except that after 60 or 80% 
old reduction the copper steels were all finer grained than the base 
steel which contained 0.01% copper. 
Under conditions favoring the development of elongated grains 
Migs. 18 and 19), the degree of elongation increased with increasing 
ounts of prior cold reduction. Confirming the trends shown in Figs 
+, 15 and 16, grain elongation of specimens pretreated at 950 °F and 
hen heated rapidly to 1300 °F increased with increasing copper con 
nt. However, when heated at 200 °F per hour to the annealing tem 
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Fig. 18—Effect of % Cold Reduction on 
Hardness and Grain Structure-Held ¢ 
Hours at 950 °F After Cold Reduction 
and Heated Rapidly to 1300°F. (An 
nealed 4 hours at 1300 °F, cooled slowly) 


perature, maximum elongation was found in the 0.43 and 0.61% copper 
steels. Except when recrystallization was incomplete, hardness after 
annealing increased and grain size became finer the greater the prio: 
cold reduction. The effect of copper content on grain size and hardness 
was complicated by changes in grain structure, the formation of elon 
gated grains being accompanied by grain coarsening and a tendency 
towards lower hardness. 


DiscussION 
It is now clear that the control of recrystallization, grain shape and 
grain size of ferrite by precipitation, first noted in aluminum-killed 
steels (1,2) is a general phenomenon. Other precipitates, in additiot 
to aluminum nitride and copper, may be found to produce the same 
effects. Apparently, it is only necessary to balance the rate of precipita 
tion and the rate of recrystallization so that precipitation occurs simu! 
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Fig. 19—Effect of % Cold Reduction o1 

Hardness and Grain Structure-Heated 

00 °F per Hour After Col Reduction 

(Annealed 4 hours at 1 I cooled 
slowly) 


taneously with, or slightly in advance of, recrystallization. Also, the 
precipitate should prefer to form in the boundaries of the prior cold 
worked grains. 

\Ithough it is possible to speculate on the process by which precipita 
tion controls recrystallization, our present knowledge of the mechan 


isms of precipitation from, and recrystallization of, ferrite are much too 
inadequate to allow of a satisfactory explanation. We hope that this 
situation may soon be improved. 


SUMMARY 


rhe principal results of this investigation can be summarized as 
follows: 


(a) On air cooling from above the A, temperature, some pre 
cipitation took place in steels containing as little as 0.4% 
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copper. Additional precipitation of copper was found to 
occur in these steels when held at 1100 to 1300°F. Pre 
cipitation hardening resulted from holding normalized 0.8 
and 1.1% copper steels at 1100°F but was not found in 
steels with 0.6% or less copper or at 1200 and 1300 °F in 
the higher copper steels, although short periods at the latter 
temperatures were not investigated. Particle size of the 
precipitate increased and the particles became more rod-like 
rather than spherical as the temperature increased. 
Copper, in amounts from 0.27 up to at least 0.8%, markedly 
retarded isothermal recrystallization and the degree of re 
tardation increased progressively with increase in copper 
content, even though not all of the copper was in solid solu- 
tion before cold reduction. 
Treatments designed to precipitate copper from solid solu 
tion before cold reduction did not appreciably alter the rat 
of isothermal recrystallization unless the treatment was such 
that considerable growth of the precipitate probably o« 
curred. These findings indicate that a fine dispersion of pre 
cipitated copper particles, or a pre-precipitation clustering, 
formed either before or during the early stages of recrystal 
lization, is probably responsible for the sluggish recrystalliza 
tion of the higher copper steels. 
An elongated grain structure can be obtained in 0.4-0.8% 
copper steels by cold reduction followed by pretreatment for 
one hour or more at 900-1050 °F before final annealing at 
a temperature sufficiently high to bring about complete re 
crystallization within a few hours. The pretreatment retards 
recrystallization and results in precipitation of copper. |: 
steels containing 0.4-0.6% copper, and to a lesser extent 
with 0.8% copper, elongated grains can also be obtained by 
heating at a moderate rate, approximately 200 °F per hour 
even without pretreatment. With very rapid heating, pr 
treatment is necessary to obtain an elongated-grain struc 
ture, and after very slow heating (30°F per hour) the 
grain structure was essentially equiaxed whether or not 
pretreatment was used. 
Increasing the amount of cold reduction was found to in 
crease the degree of grain elongation in copper steels treat 
to obtain an elongated-grain structure. The general effect of 
increased cold reduction was to increase hardness and t 
decrease grain size after annealing, as expected. 
When the grain structure was equiaxed, increasing coppet 
content considerably increased hardness as annealed and 
steels containing 0.4% or more copper tended to have a 
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slightly finer grain size than a similar steel without added 
copper. When the grain structure was elongated, the effect 
of increasing copper on hardness and grain size was counter 
acted to some extent by the tendency of elongated grains to 
be coarser and hence softer than the corresponding equiaxed 


grains. 
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DISCUSSION 


Written Discussion: By Paul A. Beck, research professor of physical metal 
gy, University of Illinois, College of Engineering, 
copper, when precipitated from solid 


Urbana, Illinois. 


is clearly shown in this paper that 
lution in the form of a fine dispersion before reduction, greatly retards 
lization of low rbon steels. Only in a very 


bsequent isothermal recrystal 

other cases was a similar effect observed. Usually it is considered that 
purities present in the form of solid solution recrystallization much 
the form of a precipitate. However, in 


re drastically than when present in 
logy with the authors’ findings, it the case of a lead alloy 
ntaining small amounts of calcium, m that the time of recrystal 
was larger by a factor of hundred, vhen the alloy was in the 
as compared with that for 


ipitation hardened condition at the time 
imen of the same composition, but in the lution treated and quenched 
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condition. Thus, contrary to common belief, the precipitate was more effective in 
retarding recrystallization than the same alloy addition in solid solution form 
Additional data are very much needed to clarify further these observations. The 


authors’ contribution is therefore of great interest. 


Authors’ Reply 

We were pleased to receive Professor Beck’s comments on the inhibition of 
recrystallization by elements in solid solution and by precipitates. As he stated 
in 1940, it is the state of dispersion of the precipitate that influences the rate of 
recrystallization. If precipitation is made to occur after cold-rolling, we can 
control grain size and shape as well as rate of recrystallization. 

In the copper steels studied, both solid solution effects and precipitation effects 
occurred simultaneously, but we believe that the evidence presented indicate 
that the precipitation effects are the more important of the two, and they can be 
controlled. In another system, aluminum-killed, low carbon steels, the recrystal- 
lization behavior is almost entirely dependent upon precipitation. Solid solution 
effects in this instance are relatively insignificant. 





MULTIPLYING FACTORS FOR THE CALCULATION 
OF HARDENABILITY OF HYPEREUTECTOID 
STEELS HARDENED FROM 1700 °F 


By C. F. Jarczax anv D. J. GrrarpI 


Abstract 


Hardenability effects of manganese, silicon, chromium, 
nickel, and molybdenum, singly and in combination, were 
studied in 1.00% carbon steels by the end quench test at a 
quenching temperature of 1700 °F and from normalized and 
spheroidized prior structures. Two different sets of harden- 
ability factors were derived. One set, based on a normalized 
prior structure, can be used to predict the case hardenability 
of carburizing steel grades at carbon levels of 0.75 to 1.25%, 
and the other, based ona spheroidized prior structure, is for 
the hardenability prediction of homogeneous hypereutectoid 
analyses, such as tool steels. Hardenability factors were ob- 
tained for each element to a level of 1.50% or higher with 
the exception of molybdenum whose effect was determined 
up to 1.00%. (ASM-SLA Classification: J5, 2-60; AY) 


INTRODUCTION 


HE WORK DESCRIBED herein is believed to be the first at- 

tempt at the derivation of practical multiplying factors for hyper- 
eutectoid steels austenitized at 1700°F. These data can be used to 
establish the case hardenability of carburizing type steels, directly 
quenched from 1700 °F. While it is recognized that 1700 °F is not a 
commonly used austenitizing temperature for alloyed tool steels, in the 
course of this study, hardenability factors for a 1700 °F austenitizing 
temperature for hypereutectoid steels with a prior spheroidized struc- 
ture were also developed. 

The hardenability effects of numerous alloying elements have been 
established fairly accurately in steels containing between 0.20 and 
0.70% carbon (1-4).! The most accurate data in this carbon range are 
believed to be those of Kramer, Siegel and Brooks (4) who made a 
direct evaluation of the hardenability effect of carbon along with that 
of the other alloying elements. The use of Kramer et al hardenability 
factors applicable to low and medium carbon steels has been found to 


1 The figures appearing in parentheses pertain to the references appended to this paper. 


A paper presented before the Fortieth Annual Convention of the Society, held 
in Cleveland, October 27 to 31, 1958. Of the authors, C, F. Jatezak is Research 
Metallurgist, Steel and Tube Division; D. J. Girardi is Manager, Metallurgical 
Research and Process Control, The Timken Roller Bearing Company, Canton, 
Ohio. Manuscript received April 16, 1958. 
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be inadequate for the hardenability calculation of eutectoid or hyper 
eutectoid steels. The accurate application of their factors depends 1 
the existence of full solution of alloy and carbon in the steel at th 
moment of hardening. In steels containing eutectoid or higher carbon, 
full solution of alloy and carbon rarely obtains, since commercial treat 
ments of these steels normally produce undissolved alloy carbides. 

Jatezak and Devine (5) and recently Whittenberger, Burt and 
Carney (6) have studied the hardenability effects of alloying elements 
in high carbon steels. These investigators recognized that any practical 
evaluation of the hardenability effects of the various elements under 
conditions of incomplete carbide solution depended on strict contro! of 
the factors which influence carbide formation and solution. Conse- 
quently prior structure, austenitizing temperature and time were insofar 
as possible regulated. 

Jatezak and Devine (5) developed hardenability factors for man- 
ganese, silicon, chromium, nickel, and molybdenum in nominally 1.00% 
carbon steels which were normalized prior to austenitizing for 35 to 
40 minutes at 1475, 1525, and 1575 °F. Except for some steels of higher 
alloy content, the first austenite decomposition product was pearlite. 
Jatezak and Devine also attempted to determine hardenability factors 
for certain of their steels which were spheroidize annealed prior to 
end quenching, but the data suggested strong interactions among the 
several elements. However, they developed an empirical relation be- 
tween ideal critical diameter for the normalized and the annealed prior 
structures. 

Whittenberger et al (6) employed the same austenitizing conditions 
as Jatezak and Devine, but concerned themselves only with the sphe- 
roidize annealed prior structure and with compositions producing 
bainite as the first decomposition product. The effects of manganese, 
silicon, chromium, nickel, and molybdenum were determined. Serious 
disagreement with the factors of Jatcezak and Devine was shown only 
for the element silicon, this element showing a higher hardenability 
effect for Messrs. Whittenberger et al. than for Jatczak and Devine. 
This effect of silicon noted by Whittenberger et al resulted from the 
fact that bainite rather than pearlite was the first transformation 
product in their steels. 

There are two reported investigations of hardenability studies of 
high carbon steels at temperatures as high as 1650 to 1700 °F (7,8). 
Austin et al (7) did not derive hardenability multiplying factors as 
such, but listed the qualitative effects of up to 0.50% of nickel, copper, 
silicon, manganese, aluminum, and chromium which they found to be 
effective on hardenability in the order listed, with chromium showing 
the greatest effect. The work of Digges (8) dealt with the study of the 
influence of various prior structures on the critical cooling rate of com- 
mercial 1.00% plain carbon steels. 
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MATERIALS AND TREATMENT 

One per cent carbon steels of varying analyses were prepared for end 
quench hardenability testing. These analyses are listed in Table I. 
Numerous low carbon counterparts of these analyses had previously 
been examined for case hardenability at the 1.00% carbon levels. Ex- 
cept for the steel series containing high chromium, very good agreement 
was indicated between the hardenability of the 1.00% carbon alloy 
steels when quenched from the normalized prior structure and the 
hardenability of the 1.00% carbon level in the similarly alloyed car- 
burized steels when quenched directly from the carburizing treatment. 
In the chromium steels the case hardenability of the direct quenched 
carburizing grades at the 1.00% carbon level always exceeded the hard- 
enability of the prior normalized 1.00% carbon steels of equal chro- 
mium content. 

With the exception of two production steels, all other analyses were 
melted in thirty pound induction heats. All heats were forged or rolled 
to 14-inch diameter bars and spheroidize annealed before machining. 
Except for the high nickel heats 3017, 3020, and 3021, one common 
annealing treatment was employed on all materials. The annealing 
treatment used is the following : 

Heat to 1310°F, Hold for temperature equalization 
Heat 10 degrees per hour to 1440 °F, Hold 2 hours 
Cool 20 degrees per hour to 1150 °F, Air cool 


For Heats 3017, 3020 and 3021 the 20 degrees per hour cool had to 
be reduced to 10 degrees per hour to attain satisfactory hardnesses. 

After machining, the end quench specimens designated for the nor- 
malized prior structure were heated to 1700 °F in salt for two hours and 
air cooled. Each heat was then end quenched from both the normalized 
and the spheroidize annealed prior structures. Duplicate and in some 
cases as many as seven specimens were subjected to a 45 minute austeni- 
tizing treatment (35 to 40 minutes at temperature) at 1700 °F in a salt 
bath. 

CRITERION For MEASURING HARDENABILITY 

The criterion of hardenability used was the distance as determined 
metallographically to 10% transformation to pearlite and/or bainite 
(90% martensite and austenite) from the quenched end. This criterion 
was employed because it is a good direct measure of the decomposition 
rate of austenite in the early stage of transformation. Furthermore, 
because of the problem of retained austenite, it is oft-times impossible, 
with a quenching temperature of 1700 °F, to achieve a 90% martensite 
level in these steels. The quantities of austenite retained in the various 
steels are shown in Table I. These levels were measured between the 
first and tenth sixteenth positions. Fig. 1 shows the frequency distribu- 
tion of the hardnesses which correspond to the aggregates of martens- 
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Fig. 1—Hardnesses Corresponding to 10% 


Transformation in 1.00% Carbon Steels End 
Quenched From 1700 °F 


ite, austenite, and 10% transformation product found in these steels on 
quenching from both the normalized and the spheroidize annealed prior 
structures. 

The hardenability data are contained in Table I for both prior struc- 
ture conditions. The Di values were obtained from Jominy distances 
by use of the conversion curve modified by Carney (10). For con- 
version of distances exceeding 32/16’s, use was made of the JD-Di 
relations computed for these distances from cooling rate comparisons 
by Asimow, Craig, and Grossmann (11). These relations are shown 
in Fig. 2. 

Fracture grain size values for all steels are also shown in Table I. 
These were obtained by comparing fractures of sections cut from the 
quenched end of the Jominy bars with Shepherd standards or by metal 
lographic examination of bar structures where thin sections could not 


be cut. 


REFERENCE BASE AND MULTIPLYING FACTORS 


In conformance with previous work by one of the authors (5), the 
tollowing low alloy analysis was selected as the reference or harden- 
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Fig. 2—Jominy Distance Versus Di Relationship (10,11) 


ability base from which the effects of the various alloying elements 
would be determined : 


1.00% C—.25% Mn—.25% Si—.25% Cr—.25% Ni—0% Mo 


No molybdenum was added in order to ensure that the first transforma 
tion product not be bainite. 

The use of this base in preference to the use of an alloy free iron- 
1.00% carbon base is rationalized by several practical considerations. 
The hardenability of the low-alloyed 1.00% carbon analysis can be 
accurately measured by means of the end quench test ; that of the pure 
iron-1 :00% carbon analysis cannot. To measure accurately the low base 
hardenability of the pure iron-1.00% carbon alloy one must resort 
to the use of various sized rounds less than % inch O.D. and accept 
the uncertainties in quench severity known to exist when these sizes 
are quenched as against the larger size rounds. Moreover, a pure iron- 
1.00% carbon alloy can be prepared only with difficulty and also pro- 
duces structures and grain sizes which differ from those found in 
commercial steels under similar circumstances. 

An effort was made to measure the base hardenability of such a pure 
iron-carbon alloy. The first item in Table I contains the chemistry and 
the end quench hardenability results on an iron-1.12% carbon analysis. 
The reported Di for this heat (Number 3033) is 1.0 inch. Additional 
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Table I! 
Determination Of Base Di Hardenability Of The 
Pure Iron-1.12% Carbon Alloy From 1700°F, By Study 
Of Structures In Series Of Quench-Hardened Rounds 





. As Hardened In Agitated Oil Bath Of Average H-Value Of 0.75 
Size Round Amount Of Transformation Product At Center 


0.125 None. 
0.250 2% Pearlite, Rest Martensite Plus Austenite. 


0.375 4% Pearlite, Rest Martensite Plus Austenite. 
0.400 20% Pearlite, Rest Martensite Plus Austenite. 
0.500 96% Pearlite, Rest Martensite Plus Austenite. 


As Hardened In Agitated Water Bath Of Average H-Value=2.2 

Amount Of Transformation Product At Center 
None. 

0.375 None. 

0.500 1% Pearlite, Rest Martensite Plus Austenite. 
0.625 10% Pearlite, Rest Martensite Plus Austenite. 


>. Corresponding Di For 0.385 inch Round Quenched In Oil Of H=0.75 
=1.0 Inches 
D. Corresponding Di For 0.625 Inch Round Quenched In Water Of H=2.2 
=1.0 Inches 
Thus Di Of Heat 3033 Is 1.0 Inches By This Method Of Hardenability Measurement. 


Size Round 
0.250 























Fig. 3—Hardenability of Pure Iron-Carbon Alloys at Various Grain Sizes (4). 


data shown in Table II obtained by quenching various sized rounds 
confirm this value. However, in a series of six individual determina- 
tions on the end quench bar, the converted Di values ranged between 
0.5 and 1.0 inch. The highest value 1.0 was deduced as the correct 
hardenability from consideration of both sets of results. While this Di 
value is reasonably accurate and can be corroborated fairly well by an 
extrapolation of Kramer’s (4) data on the hardenability effect of car- 
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Fig. 5—Multiplying Factors for Calculation of Hardenability of Prior Spheroidize 
Annealed High Carbon Analyses. 


bon shown in Fig. 3, it is in the authors’ opinion sufficiently uncertat 
to restrict its use as a reference base. On the other hand, seven repeti 


tions of end quench hardenability determinations on the low 0.25% 
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alloy base composition typified by Heat 2852 showed a Di variation 
of only 1.25 to 1.35. 

The series of singly alloyed steels shown in Table I provided the 
first approximation of the effects of the elements manganese, silicon, 
chromium, nickel, and molybdenum on this arbitrarily selected low alloy 
base. The measured Di values were plotted against the element content 
for each series, and the curves extrapolated to 0.25% element content 

0% for molybdenum). These curves were then used to adjust the Di 
value of the singly alloyed steels whose residual content did not conform 
to the base composition. A corrected value for the base reference com- 
position Heat 2852 was also determined in this manner. Once the Di 
value of each analysis was adjusted for residuals, the final step was to 
derive the multiplying factors for each element from the quotient of the 
steels’ Di and that of the base. 

The base values and multiplying factors are shown in Figs. 4 and 5 
and were used to compute the hardenability of the series of multi-alloy 
1.00% carbon steels. Over the range of steels studied, disagreement 
between measured and computed hardenability was rarely greater than 
10% provided that the per cent nickel did not exceed 1.00% or silicon 
.5% when the molybdenum content was in excess of 0.15%. This 10% 
accuracy was achieved at the 1.00% nickel level but not at the 1.50% 
nickel level. 

When the nickel or silicon in the presence of 0.15% or more molyb- 
denum exceeded the above values the steel hardenability proved some- 
what higher than expected from the hardenability factors determined 
from the single alloy analyses. Metallographic examination disclosed 
that this anomalous behavior in hardenability was observed whenever 
the first product of transformation was bainite instead of pearlite. The 
addition of 0.15% molybdenum alone appears to be sufficient to render 
any given 1.00% carbon steel analysis bainitic at 10% transformation 
and both nickel and silicon apparently have a greater effect on bainitic 
hardenability than on pearlitic hardenability. As a consequence, new 
factors, to be applied to the multi-alloyed bainitic steels, were developed 
for silicon contents up to 0.75%. Above 0.75% silicon, the harden- 
ability of the multi-alloyed series was greater than could be effectively 
measured by the end quench method. For the same reason no effort was 
made to develop nickel hardenability factors for bainitic steels at nickel 
levels of 1.50% and above. 

The factors shown in Fig. 4 representing the normalized prior struc- 
ture in 1.00% carbon steels were used in the calculation of case harden- 
ability of numerous single and multi-alloy carburizing steels quenched 
directly from the carburizer at 1700 °F. In all instances, except steels 
containing principally chromium, the agreement between calculated 
and measured case hardenability was about +15%. The agreement in 
the chromium steels was about 30%. 
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Table III 
Hardenability Of High Carbon-Chromium And Carburized 
Chromium Steels Treated From Various Austenitizing Conditions 





10% Transformation, 16's 
srain Size 


J-Distance To 
Inches 
Retained Austenite 


Heat No. Cc Mn Si Cr Ni Mo Cu 
A. 1.00% Carbon-Chromium Series—Austenitized At 1800°F— 
Quenched 
2861 1.04 0.24 0.28 0.49 0.25 — 0.07 4.5 2: 
2862 1.03 0.24 0.26 0.98 0.26 — 0.08 7.2 2. 
2863 1.00 0.24 0.27 1.54 0.24 —- 0.07 95 3 


B. nae 0.20% Carbon-Chromium Series—Carburized 16 Hours At 1700°F —End Quenched 
irectly 

3092 0.98 0.24 0.17 0.49 0.26 4 

3093 1.02 0.23 0.26 0.94 0.25 — : 6 

3094 1.01 0.26 0.27 1.58 0.25 -- t 9 
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C. Carburized 0.20% Carbon-Chromium Series—Air Cooled To 
To 1700°F, 45 Minutes Hold—End Quenched 
3092 1.00 0.24 0.17 0.49 0.26 J ’ 1.95 — 2 
3093 1.00 0.23 0.26 0.94 0.25 ! J , 2 
3094 1.00 0.26 0.27 1.58 0.25 Y a — 1 


4 10% Transformation, 
© Calculated Di, Inches 


a Corresponding Di To 


°F And End 


xu 


ie) 


ool 1 
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RSs 


2.0 30.0 
7.5 35.0 
6.5 50.0 


oom Temperature—Reheated 








Microscopic examination of the hardened chromium 1.00% carbon 
steels treated from the normalized condition and case structures of the 
carburized chromium steels rehardened from 1700 °F disclosed many 
excess carbide particles in the microstructure. However, very few were 
visible in the carburized chromium steels quenched directly from the 
carburizer. The greater effect of chromium in the direct quenched car- 
burizing steels is obviously the result of better solution of chromium 
and carbon. 

Table III lists the hardenability results obtained on three carburized 
chromium steels at the 1.00% carbon level, direct quenched from the 
carburizer and also upon reheating to 1700 °F following air cooling 
from the carburizer. Comparison of these results with data shown in 
Table I for similar chromium—1.00% carbon steels quenched from 
1700 °F, and with data (Table III) obtained using an 1800 °F austeni- 
tizing temperature, substantiates the conclusion that there is greater 
solution of carbon and chromium in the chromium steels quenched 
directly from the carburizer. New factors for chromium, therefore, were 
developed for use in direct quenching and are shown by the solid line 
on Fig. 4. 


Use Anp Limitations Or MULTIPLYING Factors 


The proper use of the multiplying factors in Figs. 4 and 5 in calcula- 
tion of hardenability from composition may be summarized as follows: 
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For calculation of case hardenability of carburizing steels 
hardened by direct quenching from the carburizer (1700 °F ) 
use the factors listed in Fig. 4. Use the chromium factor labeled 
carburizing steels, and the silicon factors as follows: 


If the steel contains 0.15% or more of molybdenum, use the 
silicon factor labeled multi-alloy steels. 

If the steel contains less than 0.15% molybdenum use the 
silicon factors labeled single-alloy steel. 

For case carbon levels other than 1.00% use the appropriate 
carbon correction factors listed in the upper right hand 
corner of Fig. 4. Treat copper as an addition to nickel and 
use the nickel factor for the combined effect of nickel and 
copper. 

2. For calculation of case hardenability of carburizing steels, 
which are to be normalized then re-heated to 1700°F for 
hardening, and of hardenability of hypereutectoid steels which 
are to be normalized prior to hardening from 1700 °F follow 
the above procedure 1, but use the chromium factors labeled 
single-alloy steels for the chromium content. 


For calculation of hardenability of hypereutectoid steels, 
hardened from the spheroidize-annealed prior structure, use 
the procedure outlined in 1 and 2 above but the appropriate 
factors listed in Fig. 5 instead of Fig. 4. 


A sample calculation of hardenability from composition would pro- 
ceed as follows: 


Multiply the base Di value (1.42) noted in Figs. 4 or 5 by the 
appropriate multiplying factors corresponding to the content of 
each alloying element and carbon present. The resulting value 
is the final Di of the steel measured to a structure of 10% trans- 
formed product. Fig. 2 can then be used to convert this Di value 
to the more familiar hardenability concept of distance on the end 
quench bar to the 10% transformation level—which corresponds 
to a hardness of roughly Rockwell “C” 60.0 to 62.0. 


Turning now to the limitations of the factors shown in Figs. 4 and 5, 
the following facts should be recognized. 


1. These multiplying factors apply only to an austenitizing tem- 


perature of 1700 °F. 


2. The time at the austenitizing temperature must be 35 to 40 
minutes in the instance of carburizing steels reheated to 
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1700 °F, after carburizing, and in the treatment of prior 1 
malized or spheroidize-annealed high carbon analyses. 

. Grain size variations need not be taken into consideratio: 

calculating hardenability with these factors. Hardenability 
variations due to variations in grain size unquestionably 
exist, and since the authors did not evaluate this variable it is 
an inherent error in this method of calculation. The error must 
be small, however, considering the agreement between cal- 
culated and measured hardenability. 
It is not wise to extrapolate beyond the limits of alloy content 
indicated in Figs. 4 and 5 and in the instance of steels contain- 
ing 1.50% or more nickel, even the use of factors, other than 
nickel, within the limits shown is discouraged. Nickel contents 
greater than 1.50% greatly enhance the hardenability effect 
of the other alloying elements. 

5. The factors listed for carbon are not absolute multiplying fac- 
tors for carbon, but instead are correction factors for devia- 
tions in carbon from the nominal 1.00% carbon level of the base 
analysis. 


DIscussION 


In comparing the individual effects of the alloying elements it is ap 


parent that the hardenability influence of molybdenum is much greater 
than that of any other element. Part of the apparent difference is due 
to the fact that the base composition used for hardenability reference 
contained 0.25% of nickel, manganese, chromium, and silicon and 0% 
molybdenum. In decreasing order of hardenability influence, the other 
elements are as follows: silicon (in multi-alloy steels), chromium 
(when dissolved in austenite ), manganese, silicon (in absence of molyh 
denum ) and nickel. This is true regardless of prior structure although 
the effects of the carbide forming elements molybdenum, chromium 
and to some extent manganese are lower when the steels are treated 
from a prior spheroidize-annealed condition. The effects of silicon and 
nickel, the solution forming elements, remain independent of prior 
structure. 

Comparing the specific effects of the various elements as shown in 
this paper for the austenitizing temperature of 1700 °F with the effects 
of these elements as reported at 1475, 1525 and 1575 °F (5,6) in simi 
lar steel types reveals the following facts. 

The effects of the molybdenum, chromium, and manganese at 
1700 °F are larger than reported at all of the mentioned lower tem 
perature levels. This, of course, is expected since better solution of alloy 
and carbon is achieved at 1700 °F. The effect of silicon in bainitic steels 
and in pearlitic steels and the effect of nickel remain about the same 
at 1700 °F as previously reported at the lower temperatures. 
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CONCLUSION 
The hardenability of 1.00% carbon steels containing manganese, sili- 
con, chromium, nickel and molybdenum, both singly and in combination 
can be calculated for a 1700°F quench with an accuracy of about 
+ 15% at Di values of 7.0 inches or less. 
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DISCUSSION 

Written Discussion: By R. R. Burt, research metallurgist, United States 
Steel Corporation, Chicago 

I wish to congratulate the authors for the fine presentation that they have 
1 ade 

it has been of considerable interest to those of us at South Works who have 

n engaged in this field of study over the past few years. The data they have 
resented constitutes a logical extension of the Grossmann Multiplying Factor 
method for calculating the hardenability of low alloy steels. 

It was of particular interest to note that the authors found silicon to have a 
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greater effect on the hardenability of those steels in which bainite rather than 
pearlite was the first nonmartensite transformation product. We had found 
this same effect in a previous study of hypereutectoid steels at lower austenitizing 
temperatures (6). Since there have been indications that this is also true in 
hypoeutectoid steels, perhaps two silicon curves should be utilized in calculating 
the hardenability of low alloy steels. These curves would be dependent on 
whether the pearlitic or bainitic steel is involved, with little reference to the 
carbon content of the composition. It would seem, because of the late attention 
in this regard, that silicon has been somewhat neglected as a hardenability agent 
This is probably due to a fear, whether justified or not, that high silicon steels 
are, or tend to be, “dirty” steels. 

The great effectiveness of molybdenum as a hardenability agent confirms the 
results that we had previously noticed. On the other hand, the comparatively 
low effectiveness of chromium was somewhat surprising in view of the high 
austenitizing temperature used in the authors’ work. I believe we would have 
expected a relatively greater increase in the effectiveness of this element due 
to materially greater carbide solution. Would the authors care to comment on 
the degree of carbide solution achieved in their steels? 

In the era in which we are living, the selection of a material for a given 
engineering application is no longer the simple task of thumbing through the 
pages of a standard handbook. It is often necessary to actually create a material 
that will satisfy all demands of the particular installation involved. Certainly 
the work of the authors, and others in the field of metals science, can simplify 
this task for us. 

Written Discussion: By W. F. Craig, Jr., Climax Molybdenum Company, 
Pittsburgh. 

The authors are certainly to be commended for developing the kind of 
practical basic information needed for so long by all who deal with carburizing 
steels. It may seem paradoxical that twenty years have elapsed since Jominy 
and Boegehold introduced the end-quenched test as “a hardenability test for 
carburizing steel,” and yet case hardenability of these steels as commonly 
quenched directly from the carburizer has remained, until now, the one area 
in which alloying effects could not be treated on a quantitative basis. Con 
tributing to the present authors’ success were, 1) use of homogenous 1% carbon 
steels with appropriate thermal treatment to simulate conditions at the same 
carbon level in the carburized case, 2) choice of a low alloy base for the singly 
alloyed steel series instead of a pure iron carbon base, and 3) choice of a 
microstructural instead of a hardness criterion. 

It is of interest to see how calculations using the authors’ factors will 
compare with data obtained in other laboratories on carburized tests. Because 
the experimental technique is admittedly troublesome with the carburized end 
quenched tests, one cannot always be certain whether he is checking the calcula- 
tions or the quality of experimental data. Moreover, data usually are available 
in the form of hardness curves which can be compared only by substituting a 
compromise hardness criterion for the authors’ microstructural criterion. Of 
course, in the carburized case we are actually interested in hardness, not simply 
in avoiding transformation to pearlite or bainite. In Table IV is shown a com 
parison of measured and calculated hardenabilities for a variety of steel composi- 
tions. The experimental data are representative of results being obtained in our 
research laboratory with carburized specimens. Both laboratory and commercial 
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Table IV 


Measured and Calculated Case Hardenabilities of 
Carburized Steels Directly End Quenched from 1700° F. 





Measured Corre- 

J-Distance sponding 

to RC-61 Di Calculated Di 
Mo 16thsofaninch Inches Inches 
0.40 J 3.9 3.35 
0.50 3.95 
0.51 
0.51 
0.52 
0.54 
0.47 0.54 
0.55 0.60 
0.53 0.70 
0.73 0.22 
0.90 . 0.35 
0.72 y 0.48 
0.80 0.76 
0.83 . 0.12 
0.86 , ‘ 0.23 
0.81 , 0.43 
0.82 . 0.57 
0.46 F ALX 0.21 
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steels are included, the former accounting for lack of residual elements. Standard 
Jominy type specimens were pack carburized, directly end-quenched from 
1700 °F, and ground to various carbon levels for Rockwell A hardness surveys. 
Rockwell A values were converted to Rockwell C. Distance to Rockwell C-61 
at the 1.00% case carbon level was taken as the hardenability criterion for 
comparison, after converting to Di, with the calculated Di value. In calculating 
the hardenability of the Mn-Si-Mo composition, the higher silicon factor was 
used with 0.11% Mo, though this did not comform strictly with the suggested 
0.15% Mo level at which to switch to the higher factor. 

In general, agreement between measured and calculated hardenabilities is 
good. The only significant deviation is in the direction of greater measured 
hardenability for the higher molybdenum steels. Since these steels have been 
observed to exhibit higher case hardnesses for equivalent microstructures, this 
deviation is in the direction to be anticipated from the use of a hardness criterion. 

As experience is gained in the use of Jatczak-Girardi factors and as we learn 
what hardness indices to associate with particular carburizing steel types, the 
calculation of case hardenability will undoubtedly attain the same useful status 
as the calculation of hardenability of medium-carbon steels. 

Written Discussion: By R. L. Rickett, Edgar C. Bain Laboratory for Funda- 
mental Research, United States Steel Corporation, Research Center, Monroeville, 
Pennsylvania. 

In this paper, the authors have again confirmed the fact that hardness for a 
selected amount of nonmartensitic transformation product may vary considerably. 
\mong the reasons for this variation are differences in amount of retained 
austenite, and the nature of the nonmartensitic transformation product, i.e., 
whether it is ferrite, pearlite, or bainite. Another factor that may be less com- 
monly recognized is that hardness of the martensite itself in some relatively 
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high carbon alloy steels may be considerably greater than would be expected 
from the usually accepted relationship between carbon content and hardnes 
martensite. For instance, at the laboratory with which the writer is connected 
it has been found that hardness of martensite in steels containing 0.4! 
more of Mo and over 0.5% carbon is sometimes as much as 100 to 150 DPH units 
greater than for the usual carbon and low alloy steels. The use of a selected 
hardness level as a hardenability criterion is thus subject to a number of un 
certainties, and a criterion based on microstructure, as was used by Jat 
and Girardi, is to be preferred when steels of different compositions are to by 
compared. 


Authors’ Reply 

We would like to thank Messrs. R. R. Burt, W. F. Craig, Jr. and R. L. Rickett 
for their complimentary discussions and corroborative data. 

With reference to Mr. Burt’s comments, two sets of hardenability factors for 
silicon (also, nickel) in hypoeutectoid steels, depending on whether the structures 
are pearlitic or bainitic, would increase the accuracy of the hardenability cal 
culation for these steels. In hypoeutectoid steels, Messrs. M. Grossmann and 
I. R. Kramer recognized that the accuracy of their hardenability factors, as 
based primarily on pearlitic steels, suffered when the steels Di exceeded about 
3.0 to 4.0 inches. At these Di levels, the hypoeutectoid steels become bainiti 
and this may account for their difficulties. 

The large hardenability effect of silicon in hypereutectoid steels is an attractive 
feature. 

Concerning Mr. Burt’s comment on the comparatively low effectiveness of 
chromium as a hardenability agent, it should be noted that, in order to obtair 
a direct comparison of the relative hardenability effects of chromium versus 
molybdenum, it is necessary to divide the values shown in the chromium curves 
in Figs. 4 and 5 by the factors at zero chromium content. If this procedur: 
is carried through, it becomes evident that the hardenability effect of chromium 
at 1700 °F is quite appreciable. The solution of chromium in steels containing 
1.00% chromium and above was not complete at 1700 °F. Similar chromium cor 
taining steels carburized at 1700 °F and quenched directly, also, showed some 
carbides. 

We certainly appreciate Mr. Craig’s excellent carburized hardenability dat 
based on the Rockwell “C” 61.0 hardness criterion. In general, Rockwell “ 
61.0 is fairly representative of our 10% transformation criterion as shown by 
Fig. 1. However, as observed by Mr. Craig, higher case hardnesses for 
equivalent microstructure normally obtain for the higher molybdenum stee! 
Why this should be so, we do not know, however, from our data a hardness 
Rockwell “C” 62.0 to 63.0 more correctly represents a 10% structure criterion 
If this is taken into account, the data obtained by Mr. Craig on the higher: 
molybdenum steels would undoubtedly check the calculated Di’s for these stee! 
We have found this to be true in several instances. 

Mr. Rickett’s observations with respect to the higher martensitic hardness 
higher molybdenum steels have certainly been borne ovt in this work. We als 
agree that the preferred criterion for comparing hardenability of different 
compositions should be based on microstructure, however, as noted by Mr. Crais 
a hardness criterion is sometimes more practical. 





PROGRESSION OF THE FREEZING FRONT AND THE 
TEMPERATURE DISTRIBUTION IN INGOTS 
DURING SOLIDIFICATION 


By J. W. HLInKa Aanp V. PaAscHKIS 


Abstract 

Generalized charts have been prepared, showing the pro- 
gression of freezing and the temperature distribution in the 
liquid and the solid region of a slab-shaped ingot, in terms 
of the mold-melt interface temperature. The problem treated 
is that of freezing of a finite slab of pure metal or eutectic 
alloy contained in a “sufficient” mold ; the range of variables 
was such as to include metals commonly used in industry, 
superheated and non-superheated, as well as preheated and 
sub-cooled molds, with the conclusion that the dimension- 
less interface temperature and dimensionless superheat de- 
fine the progress of solidification and temperature distribu- 


tion. (ASM-SLA Classification: N12; 5-59) 


INTRODUCTION 


| HE IMPORTANCE OF the problems of ingot solidification 


cannot be overstated: both quality of the ingot and economy of 
production involve questions of freezing. No wonder then that there 
is a wealth of literature on this problem. Broadly speaking, there are 
six approaches of investigation in the field: 
1. Studies of metallurgical results, where one observes for a given 
set of conditions the resulting segregation, mechanical im- 
perfections, crystal orientation, etc. 
Bleed out tests, in which a number of ingots is cast under 
ideally identical conditions, and each of the several ingots is 
drained of its liquid content at a different length of time after 
the ingot is poured. The thickness of the frozen wall is plotted 
against time lapsed since pouring. 
Temperature measurements in the freezing metal and mold. 
Analytical studies, expressing the progress of solidification 
as function of lapsed time in form of an equation. 
Methods of finite difference or graphical methods which are 
founded on numerical techniques 
6. Computer studies 
| methods except 4 vield results for specific cases only. 
Of the authors, J. W. Hlinka is Senior Research Engineer; V. Paschkis, 
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This is not the place for a detailed comparison of approaches. Suffice 
it to say that, to date, analytical solutions are available only for grossly 
oversimplified conditions, and since experimental methods are not 
only very expensive but also limited in their possible coverage (e.g 
extremes of superheat would be hard to achieve in actual experiments ), 
the use of large-scale computers appears as an attractive means for 
broad solidification studies. 

The work reported herein was carried out on the Heat and Mass 
Flow Analyzer, a so-called passive element analog computer (1,2).! 
Early work on solidification of ingots was reported by one of the au 
thors (3), and results of this work were compared with bleed out 
tests in a companion paper (4). Also, solidification of castings in sand 
has been studied repeatedly (5,6) and excellent correlation with tem 
perature measurements was obtained. 

The technique used in the computations is described in Appendix I; 
it should be remembered that all temperatures, freezing times, etc. were 
computed. 

The present paper, which deals with the solidification of pure metals 
or eutectic alloys, shares with mathematical treatments the simplifica- 
tion that it deals with a slab having sufficient surface area to disallow 
corner effects and represents an idealized ingot. But it takes into con- 
sideration the superheat of the metal, the initial mold temperature, 
and, of course, the finite thickness of the ingot. 

The results presented in this paper represent the end of one step of 
development of a generalized study. The following section contains the 
nomenclature and a review of previous work which led to this study 
and lists the conditions and limitations. In the third section, the new 
results are shown, and finally the main direction of further work is 
listed. 


REVIEW oF WorkK 


Nomenclature 


Many physical properties and specifications are necessary to define 
the solidification process for a particular casting, and if a large number 
of results is to be presented in a limited space, the use of “dimension 
less parameters” is helpful, if not essential. Throughout, the British 
thermal system is used in this paper, but of course any consistant units 
may be employed. 


Symbol Quantity Unit 

c specific heat Btu/Ib, °F 

k thermal conductivity Btu/hr, ft, °F 
4 half-thickness of ingot ft 

t temperature °F 

x position in slab measured from center of slab ft 


1 The figures appearing in parentheses pertain to the references appended to this paper 





TEMPERATURE DISTRIBUTION IN INGOTS 


position of freezing plane measured from ft 
center of slab 

thermal diffusivity sq ft/hr 
latent heat of fusion 3tu/Ib 
density Ib/cu ft 
time hrs 


nsionless Notations: 
Quantity 
constant used in Equation 1 
dimensionless position in ingot 
dimensionless position of freezing plane 
dimensionless time with reference to solid 
state properties and half-thickness of ingot 
total dimensionless freezing time; i.e. when 
center of ingot freezes 
(c/A) (te — th) dimensionless interface temperature 
= (c/A) (te — tr) dimensionless interface temperature at first 
instant of contact of melt with mold. 
» = (c/A) (te — te) dimensionless pouring temperature 
m = (c/A) (te — tm) dimensionless initial mold temperature 
Us = (te — tn) / (te — tr) temperature ratio in the solidified region 
Tu»/Un = (ta — te) / (te — tr) temperature ratio in the liquid region 
Unm/Us = (te — ta) /(te — tr) temperature ratio in the mold region 
= V (kpc) / (kpc) m ratio of solid state ingot properties to mold 
properties 
= V (kpc) »/ (kpc) m» ratio of liquid state ingot properties to mold 
properties 
= (to — te) (to — te) temperature ratio at the center (x/L = O) 
of the slab 


= k/k» ratio of solid state conductivity to the liquid 
state conductivity 


factor used in Equation 10 to determine the 
temperature distribution in the solid region 


Property Subscripts : 

ymbols without subscripts refer to the solid state properties of the ingot 
liquid state properties of the ingot 
mold properties 

‘mperature Subscripts : 

pouring or bath temperature: i.e., initial 
temperature of melt 
freezing or melting point of ingot 


interface temperature between ingot and 
mold 


mold temperature, initially 
temperature of a point located at x/L 


Previous Work 


Following a suggestion by G. Horvay (7) it was first assumed that 
he interface temperature (U,) remains constant during the entire 
freezing. This simplification is very tempting, because it is frequently 
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Fig. 1—Schematic of Geometry and System Equations 


believed that a small change in the interface temperature with time 
would appear to present only a minor inaccuracy ; furthermore, the gain 
due to such simplification is extraordinary, because an entire set of 
variables is eliminated. Accordingly, the authors in an earlier paper 
(8) showed the results of solidification based on this assumption, for 
both « = land« =2. 

Three related thermal questions arise in connection with solidifica 
tion : 


a) What is the total solidification time for an ingot ? 

b) What is the progress of solidification? In other words, how 
does the freezing plane progress during the solidification 
process ? 

c) What is the temperature distribution in the solid and the 
liquid regions at any time during freezing ? 


The curves in (8) answer all three questions for any pure metal 
with a prescribed constant interface temperature and for any degree o! 
superheat ; however, not all the results could be shown since complet: 
presentation required 132 graphs, an amount which makes reading 
very awkward. H. G. Landau (9) correlated and reduced the data t 
eight charts from which one may determine the progress of the freezing 
front though not the temperature distribution. 
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Total Solidification Time 
[he conditions assumed are diagrammatically represented in Figs. 1 
ind 2. Fig. 1 shows the geometry and conditions, whereas Fig. 2 indi- 
cates the temperature notations used. 
The study deals with the freezing of pure metals or eutectic alloys: 
in thermal terms this means that freezing takes place at a single tem 
perature rather than over a range. Also a “sufficient” mold is assumed, 
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Fig. 2—Typical Temperature Distribution at Some 
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Instant During Solidific 
i.e., a mold so thick that the outside surface temperature does not rise 
appreciably. Theoretically results apply also to a thinner mold, pro- 
vided the temperature gradient of the mold at the interface is at all 
times the same as it would be in the sufficient mold. 

While it is recognized that the first of the above stipulations excludes 
steel, inclusion of metals freezing over a range would introduce addi- 
tional dimensionless parameters and thus complicate presentation ; 
however, it was felt that first estimates of the behavior of steel could 


be obtained by analyzing data for iron. 


Course of Investigation and Limits 
The results of the previous work showed that the choice of the dimen- 
sionless interface temperature U, has a major bearing on freezing times 
[he question then arose what controls the interface temperature, and 
is it justified to consider the interface temperature as a constant ? These 
juestions led first to a study of the initial interface temperature. The 
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220 
l0o=p =10 

10=Us = 8.0 

0 Un = 0.6. 

[o avoid the necessity of a large number of charts the results of these 
many computations were then correlated and this correlation led to the 
empirical conclusion (12) that in normal practice (i.e. within the range 
covered) the total dimensionless freezing time (N»y,*) for any two 
ingots is identical if the dimensionless initial interface temperatures 
(U,;) and the dimensionless superheats (U,,) are the same, independ- 
ent of how this identity of U,; comes about. Thus a single chart is suffi- 
cient to show the total freezing time for any slab (ingot) of any pure 
metal (or eutectic alloy), whatever the superheat, the mold material, 
and the degree of preheating or precooling of the mold may have been. 
However, the chart gives no information regarding questions b and 
c outlined earlier. Such information would be very desirable, and to- 
wards this end further correlation of the computations was carried out 
and is the subject of the present paper. 


PROGRESSION OF THE FREEZING FRONT AND TEMPERATURE 
DISTRIBUTION IN INGOTS DURING SOLIDIFICATION 


Approximations 


Correlation of the data led to an extension of the conclusion reached 
regarding total freezing time in that the entire thermal history, includ- 
ing the time-temperature-space function as well as the progression of 
the freezing front, is uniquely defined, solely by U, and U,). A brief 
dimensional analysis would reveal that this conclusion is not correct 
for a finite ingot except for the case of U, = 0 and for U, #0 is valid 
for early times only; yet within the range covered any errors intro- 
duced by this approximation were small enough to be obscured by the 
computational errors. 


Progress of Solidification 

The course of the (dimensionless) interface temperature, U,, was 
plotted in Figs. 3-6 (each of which holds for one value of U,) against 
(dimensionless) time, for a ratio « = 2.0. Within the limits of the in- 
vestigation, for a given Up, the U, vs. Ny» curves are the same for any 
combination of 8 and U, which yields the same U,;. Thus the above 
approximation has far-reaching implications, for now one can draw 
for every value of U, and U, a single curve, of U, versus Ngo, which 
defines the progress of solidification and transient temperatures. 

It should be stressed that the case of U, —0 is special in that this 
case conforms to the infinite body equations throughout the time of 
solidification ; therefore the data can be determined analytically for any 
combination of the parameters. Moreover, according to Schwarz (10), 
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Fig. 5—Progress of the Freezing Plane, and Center and Interface Temperatures for 
Un = 0.40 and « = 2 


under the condition of zero superheat, x does not affect the progress 
of solidification or the temperature distribution. Thus the case oi 
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Progress of the Freezing Plane, and Center and Interface Temperatures for 
Up 60 and x 2 


0 represented by Fig. 3 is analytically correct under the condi- 
tions of a sufficient mold or constant interface temperature and holds 
for any combination of the parameters including any value of « and is 
not restricted to the limits previously outlined. Fig. 3 gives the progres- 
n of the solidification plane as a function of the interface temper- 
ture, which for the case of U, — 0 is constant throughout the change 
in phase. Figs. 4, 5, and 6 are for U, values 0.2, 0.4, and 0.6 respec- 
tively. On these charts the values of U, are plotted as ordinates and 
dimensionless time Ny, as abscissas. Two additional sets of curves are 


plotted on each graph: 
a set of ny curves 
a set of 6, curves. 


The U, and ny curves allow determination of the progress of solidi- 
fication while the use of the U, and @, curves yield the time-temperature 
urve of the center, which is not only of general interest but is, as will 
e shown later, related to the temperature distribution in the liquid 
region of the ingot. The use of the charts is best explained by examples. 


EXAMPLE | 


\n ingot of iron, 3.0 inches (L = 1.5 inches) thick is poured at a 


temperature of 3150°F (1732°C) into a sufficient mold initially at 


70°F (21°C). What is the progress of solidification ? 
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The properties for iron and mold are: 


iron 


k Btu/hr, ft, °F 

p ib/cuft 

c Btu/Ib, °F 

\ Btu/lb 

(kpc) Btu*/hr, ft*, °F? 

a ft/hr’ 0.172 

te °F 2800 °F (1538 °C) 


Also assume the conductivity of the liquid iron is 8.45 but the vol 
metric specific heat for liquid and solid are the same. 
For this ingot the dimensionless parameters are: 


8 =Vv (kpc)/ (kpc) m = V (1660) /(118) = 3.76 

Um = (c/A) (te—tm) = (0.20/116.8) (2800 — 70) = 4.68 
Ur (c/A) (te—te) = (0.20/116.8) (3150 — 2800) — 0.6 
xc x=k/ke = 16.9/845=—2.0 





The first step in using the charts is to determine U,,; from Fig. 7 as dem 
onstrated in Appendix III for this particular casting. Then, from 
Appendix IIT, 

Ua = 0.330. 


Referring to the U, = 0.6 chart (Fig. 6) and the curve on this chart 
which originates at U, = 0.330, read the Ny, values for the intersec 
tions of the U, curve with the ny curves. These points locate the position 
of the freezing plane as ny and at time Ngo. To obtain dimensional 
quantities, convert the dimensionless positions ny and dimensionless 
times Np, by the following inverse relations: 


X = (L) (ne) = 1.5 ne (inch) 
r = (L*/a) Neo = 0.0908 Ny. (hour ) 


The answer, the progress of the freezing front, is tabulated in Table | 
for both the dimensionless and dimensional units. 





Table I 
Progression of Freezing Plane 





Us =0.6 : Us =0.330 
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ExampP te II 


In order to investigate the effect (on the progress of solidification 
a highly preheated mold, say to 1300°F (704°C) the procedure is 
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Fig. 7—Graphical Representation of Equations 1 and 2 for Determination Uas. 


repeated. The different mold temperature results in a new value: 


Um = (c/A) (te — tm) = 2.57. 


All other parameters remain unchanged. 

Again, using the method described in Appendix III determine U,i, 
which for this example is 0.07. Referring to the U, curve originating 
at 0.07 on the U, = 0.6 chart, tabulate the Ny, values at the intersec- 
tions of the ng lines with the U, curve. Table II gives the answer in 
dimensionless and dimensional units. 

Comparison of Tables I and II shows that preheating the mold has 
a large effect on the progress of solidification and particularly at early 
times. Examples I and II were chosen to illustrate briefly the use of the 
charts to determine the effect of a preheated mold; in the same way 
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Table Il 
Up, =0.6 U,; =0.07 

NFo X (inch) r (hour) 
0.073 1.43 0.0066 
0.26 1.35 0.0236 
. 1.20 0.0727 

1.05 0.115 

0.90 0.159 

0.60 0.241 

3. 0.30 0.331 

4. 0.445 





The n¢ values indicate positions of the freezing plane in the solidifying ingot, the Nr 


the corresponding times 


the effect of the superheat as well as the mold properties may be dé 
termined and analyzed in terms of engineering and economic require 
ments. 
Temperature Distribution in the Solidified Region 
The temperature distribution in the solidified region is found 

determining U, for several positions of n in the frozen portion of the 
ingot. Two methods discussed in Appendix IV are available, name! 
a graphical procedure using Fig. 8 or by Equation 10 derived by cor 
relation of the data. Use of the chart and the equation is best explain: 
at the hand of an example. 


ExAmPte III 
For the casting of Example I, what is the temperature distributior 
in the solidified region at 3.27 minutes (Np, = 0.6) after pouring? Ir 
Appendix III, for Example I, a value of U,; = 0.330 was determined 
From Fig. 6 following along the U, curve originating at U, = 0.33 
obtain the value U, = 0.350 at Ng, — 0.6; also at this intersecti 
note that the position of the freezing plane is ng = 0.56. 


Method 1: Graphical Procedure 


Refer to Fig. 8. For a U, = 0.350 (one must visually or otherwis 
interpolate between U, = 0.1 and 0.5) and for selected ordinate valu 
of U,/U, obtain abscissa values (1 — n)/(1 — ng). 

Table III is a tabulation of the temperature distribution in the soli 
fied region in dimensionless and dimensional notation using the follow 
ing inverse relationships and the properties of iron as given in Exan 


ple I. 
U, — U, (U,/U.) = 0.350 (U,/U.2) 
ts = te — (A/c) [Us (Un/U.) ] = 2800 — 204 (U,/U,) °F 


x=L{l— (1—nre) (1—n)/(1—ne)] = 
15 [1 — (1 —0.56) (1—n)/(1— ne 
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remperature Distribution in the Soli 


Method 2: Use of Equation (10) from Appendix IV 


With the momentary U, of 0.350 as the ordinate value in Fig. 9,a @ 
lue of 0.405 is obtained. Substitution of the data into Eq. (10) yields 


U, {1 —erf [@ (1 —n)/(1 nr) ]/erf ¢} = 
0.350 {1 — erf [0.920 (1 — n) ] /erf 0.405} 


2800 — 204 {1 — erf [0.920 (1 — n) ]/0.433} °F 
Substitution of n values and subsequent solution yields the temperature 
listribution shown in Table ITI. 


Temperature Distribution in the Liquid Region 


a similar way the temperature distribution in the liquid region is 


ity 
Lil 
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Table Ill 





—*) 
1—nrt ta(°F) 
1.0 2800 
0.785 2759 
0.58 2718 
0.385 2678 
0.190 2637 
0 2596 








02 04 06 08 
) 


Fig. 9--Constant ¢ Versus Ua: Used in Equation 10 for the Temperature Distribution 
in the Solidified Region of the Ingot. 


found using Fig. 10 which relates the distribution to the center tem 
perature 6,. Use of the figure is best explained by an example. 


EXAMPLE IV 


At the same instant as in Example III (i.e. Ny, = 0.6), and for the 
same conditions, determine the temperature distribution in the liquid 
region. 

As before, in Fig. 6 follow along the curve which originates at U, = 
0.330 and obtain the value 6, = 0.4 at Nr, = 0.6; also note the position 
of the freezing front as ng = 0.56. 

Refer to Fig. 10 and the curve characterized by 6, = 0.4; read at 
selected n/n¢ abscissa values the ordinate temperatures U,»/Up. 
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Table 1V tabulates the results in dimensionless and dimensional 
notation using the following inverse relationships : 


Une = Us (Une/Us) = 0.6 (Une/ Un) 
ta =te+ (A/c) (Us) (Une/Us,) = 2800 + 350 (Un/U,) °F 
x = (L) (ne) (n/ne) = (1.5) (0.56) (n/ne) = 0.84 (n/n) inches 


Table IV 





ta (°F) x (in.) 
2940 0 
2933 1612 0.168 
2915 1602 0.336 
2884 1585 0.504 
2846 1564 0.672 
2800 1538 0.840 


essscss qc 


Future Work 
As stated earlier in the paper, the results presented here appear to 
complete the first step in a comprehensive study of the thermal aspects 
of ingot solidification. 
It is too early to outline all necessary steps but the following seem 
necessary at this time: 
a. Investigate in a manner similar to that of this paper the solidi 
fication of alloys freezing over a range; 
b. Extend this kind of investigation to cylindrical cross-sections ; 


c. Attempt a similar correlation as presented in this paper for 
two-dimensional problems, such as cylinders of finite lengths 


Obviously, steps b and c should be carried out separately for pure 
metals and for alloys. 


ACKNOWLEDGMENTS 
This study was made under a grant of the General Electric Research 
Laboratory which was deeply appreciated ; repeated conferences with 
Dr. G. Horvay and Dr. R. Fullman were helpful and stimulating. The 
following members of the laboratory staff assisted in the computation 
and correlation: A. Heller; A. Laats; Dr. P. Tea; O. Tino; G. Ziener 
Their loyal help and interest is gratefully acknowledged. 


Appendix I 
ELectric ANALOGY METHOD 


In the electric analogy method for the solution of heat conductior 
problems a circuit is set up in which voltages and currents are describe: 
by the same mathematical expressions as temperatures and rates o! 
heat flow in an equivalent thermal system. For this purpose the slab 
(or any body to be studied by this method) is divided into a number 
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sections ; at the center of each section the capacitance, representing 
le heat storage capacity of this section ( volume of section multiplied 

volumetric specific heat ) and the resistances, representing resistance 

heat flow, are connected, this point of connection being called a 
“node.” 


\nalogies are described by the following table: 


Electric System Thermal System 
Voltage Temperature 

Current Rate of heat flow 
Resistivity 1/Thermal conductivity 
Capacity Volumetric specific heat 
Charge Heat content. 


A slab with no heat sources or sinks is represented by a circuit, 
Fig. 11. Such slab may be the ingot (if there were no heat of fusion 
ind if the properties would not change with temperature) or the mold. 
[he resistances and capacitances are so computed as to introduce a 


time scale ; one second in the electric “computing experiment” may be 


made to represent more or less than one second in the thermal problem. 

But now the heat of fusion (or any heat of transformation) is intro- 
duced. This heat represents a heat source, operating at the (for this 
case constant) temperature of the melting point and liberating heat at 
that temperature ; heat liberation continues until the heat of fusion of 


the section is given off. In the electric system the liberation of heat of 
fusion is represented by feeding in a current (amperes) into a node 
while maintaining the voltage constant. The amount of current, i.e., 
charge (ampere seconds ), to be liberated at each node is equivalent to 
the amount of heat of fusion liberated by the section as it solidifies. Since 
heat of fusion is given off at a constant temperature (the melting tem- 
perature), the current may be supplied by a constant voltage source. 
To determine the charge the current is integrated and the flow of 
current is stopped when the proper number of ampere-seconds has 
been fed into the node. Fig. 12 shows one node of a slab circuit, consist- 
ing of the resistors for each half of the section and a capacitance in the 
center ; a battery is used as the source, and since the current drain is 
not constant nor necessarily linear, it is integrated by the “integrator.” 

For the case of x = 2 one must account for the higher conductivity 
of the solid ingot. Accordingly, the two resistors of the section are sub- 
divided ; part of each is shorted by switches SW1 and SW2 when the 
section is “solid.” Not enough is known about how the conductivity 
changes from its “liquid value” to its “solid value”; therefore in the 
omputing experiments it was assumed that the change occurs sud- 
denly as a step when one half of the total heat of fusion is liberated. 
(hus the switches are closed when the current integrator shows that 
ne half of the total required ampere-seconds have been supplied. No 
section can reach the solidification temperature before the preceding 
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section has liberated its entire heat of fusion ; therefore, only one “freez 
ing device” is required, comprising the power source for supplying the 
current equivalent to the heat of fusion, the current integrator, and 
associated switches. When one section has solidified, the freezing de- 
vice is switched to the next node by means of SW3. 


Appendix II 
EarLy-TIME EQUATIONS 


The time scale in charts (Figs. 3-6) does not extend to zero; more- 
over, the analog solutions for very early times are inherently less ac- 
curate than for later times. Conversely, as mentioned before, for early 
times the finite slab acts as a semi-infinite slab; therefore, the solution 
given by Schwarz is applicable. A comparison of the analog data with 
the equations was made to determine the limit of applicability of the 
equations. This limit depends on U, and U, and for the worst case the 
equations were applicable until Np, = 0.08. Thus by using the ana- 
lytical equations, which are repeated from Schwarz in present notation, 
the progress of the freezing front as well as the temperature distribution 
can be determined for early times. 

The equations defining the constant “a,” which determines the prog 
ress of the freezing front, are: 

[Um exp (—a*)]/(8 + erfa) — [Un exp (—xa’*) ]/erfc (ax) = avr 
Equation 1 
and 
U, = (Um erfa)/(8 + erfa) Equation 2 
The two simultaneous equations are best solved numerically for the 
constant a; the constant a is any positive number which will satisfy 
Equations 1 and 2; if a is negative Equation 8 determines U,;. For 
x = 2.0 Fig. 7 can be used with the method described in Appendix III 
to obtain erf a; and by the inverse error function the constant a is deter 
mined. Once a is determined the progress of the freezing plane is 


ne = 1 —2aV/Neo Equation 3 
The temperature distribution in the solidified region is: 
Un = [Um/(8 + erfa)] {erf a —erf [(1 — n)/2V Nro]} for 1 >n=>ne 
Equation 4 
Substitution of (2) and (3) into (4) yields: 
ao erf [a(1 —n)/(1 — nr) } fi 


rl1=n=>nr- Equation 5 
erfa 





The temperature distribution in the liquid region is: 
U ,/Us =1— St fav« (1 —n)/(1 — nr) ] 
erfc (aV/x) 


for0=n=—ne Equation 6 





and in the mold: 


Use/U. = 1 — Bett Lav'e/am) (1 —n)/C—nf)) hn = 10 
erfa 


Equation 7 
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Appendix III 
INITIAL INTERFACE TEMPERATURE 


The initial interface temperature between ingot and mold is the same 
as that existing at the interface between two semi-infinite media. If the 
conditions are such that the initial interface temperature is above the 
melting point, the interface temperature is found according to Riemann 
(11): 


Uai = (Um — B Un) /(1 + Bo) Equation 8 


However, this equation loses its validity if it leads to a value of ti<ty. 
The interface temperature between two semi-infinite slabs, one of 
which is liberating latent heat at a constant temperature can be com- 
puted according to Schwarz and expressed in dimensionless terms, 
U,; can be found by solving the two simultaneous Equations, 1 and 2 in 
Appendix IT. 


Solution of these equations is laborious. Instead, a method of suc- 
cessive approximations is recommended using Fig. 7 which holds for 
x = 2.0 only. Note that when U,; is small Equations 1 and 2 may be 
expanded into a series and simplified to: 


' (Ugh 
Tea (Um/8) — (Ur/V2) for«=2.0 Equation 9 


(B/Um) [(9/2) + Un] + (2/8) — (Us/V2Um) 


from which U,; may be determined directly. The lower left corner of 
Fig. 7 indicates the region of applicability of Equation 9 by a broken 
line. For larger values of U,, the method is as follows: select arbitrarily, 
or use Equation 9, as a first approximation of U,;. For this value on the 
ordinate scale read on the appropriate U, line, the abscissa scale 
B/{(Um/Uas)— 1]. With the given 8 and U,, for the process in ques- 
tion compute U,;; this value probably does not check with the originally 
assumed value ; therefore make a new trial with the newly determined 
U,; or one selected arbitrarily. A few trials will lead to a trial value of 
U,; equal to the value determined from the abscissa. 

As an example consider the casting condition to be as in Example I 
where: 


x =2.0 Ur = 0.6 £=3./6 Um = 4.68 


Equation 9 yields: 


as a first approximation. 
Referring to Fig. 7, for Us; = 0.375 on the ordinate read on the 
U, = 0.6 curve a value of 0.305 on the abscissa. 
Thus, 
B/[(Um/Uai) — 1] = 0.305 
from which 
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Uai = 0.305 Um/ (8 + 0.305) = 0.352 
For brevity the trials and results are tabulated as follows: 


B 
Assumed Ua: (Um/Uai) — 1 Derived U, 
0.305 0.352 
0.295 0.34 
0.290 0.335 
0.287 0.332 
0.285 0.330 
0.285 0.33 


Appendix IV 


CORRELATION OF TEMPERATURE DATA AND ERRORS 
Temperature Distribution in Solidified Region 


The form of Equation 5 and the fact that the boundary conditions in 
the solid region of a semi-infinite melt are the same as for a finite melt 
suggested a correlative procedure that ultimately led to Equation (10), 
which yields the temperature distribution in the solidified region during 
the entire solidification process. 


U,.= Us, Sy po erf [9 ( '— n)/Q —nr) ii \ for 1 >=n=>n,y Equation 10 


erf ¢ 
The U, to be used is the value taken from Figs. 3-6 at that instant of 
time for which the temperature distribution is desired to be known. 

The value of # is obtained from Fig. 9 using the instantaneous U 
as the ordinate, although because of the form of Equation 10 (i.e. the 
ratio of error functions), in most cases, only a small error is introduced 
if U,; is used instead of the momentary U, in determination of ¢. Fig. 8 
is a graphical representation of Equation 10 and for rapid computation 
can be used in lieu of the equation; but one advantage of the equation 
is the absence of interpolation. 

An error analysis of Equation 10 showed the maximum error to be 
for large values of U, and U, in the early time region ; thus the maxi 
mum error was computed, using Schawrz’s equations, as 3.5% of U 
for U, = 3.0 and U, = 0.6. 

A further simplification is afforded for values of U, < 0.1; for this 
case ¢ is small and the series expansion of Equation 10 yields the linear 
relation: 


U, = Uz (n — ne) /(1 — ne) for 1 >n>nrand U, < 0.1 
Equation 11 


This approximation results in a maximum error of less than on¢ 


percent. 
Temperature Distribution in the Liquid Region 


The temperature distribution in the liquid region cannot, except for 
very short times, follow the form of Schwarz’s equations as did th: 
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yperature distribution in the solid region since the boundary condi- 

n at n= 0 differs. For very early times the form of the temperature 
listribution is the error function relation given by Equation 6; for long 
times the distribution can be expressed in terms of a simple trigo- 

metric equation, but the transition region would require a cumber- 
some series expression. Therefore only a graphical method, similar to 
he solid region, is presented. 

The chart relates the dimensionless temperature (U,,/U,) distribu- 
tion in the liquid region to the dimensionless center temperature (6,) of 
the slab; i.e. correlation of the data showed that for a given center 
temperature, the temperature distributions for the many computations 
resulted in a narrow band. In Fig. 10 the average of the band was 
plotted. Deviation from this average line is less than 5% of 6. 


Errors 
There are two major sources of error in a study of this kind ; namely, 
errors in the computed data and errors introduced by the approxima- 
tions made to unify the results. It is estimated that the cumulative error 


s 


does not exceed +5% with regard to “full scale” time or temperature. 
\s “full scale” time the Np,* for the case at hand is to be used; for 
temperatures in the solid region the momentary U, is full scale, while 
for the liquid region the momentary value of 6, serves as a reference. It 
should be mentioned that in terms of temperatures a 5% error using 4, 


/ 


or U, as a base may in many cases be but a fraction of 1% error if Um 
(a measure of the ambient temperature ) is used as a reference. 
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DISCUSSION 


Written Discussion: By H. T. Clark, N. L. Samways and N. F. Simcic, Re- 
search and Development Department, Jones & Laughlin Steel Corporation, 
Pittsburgh. 

Until the mechanism of solidification of an ingot can be predicted with cer- 
tainty, optimum control of production and design of mold section cannot be 
achieved or exercised except by a very exhaustive and costly method of trial and 
error. In this excellent paper, the authors demonstrate clearly their familiarity 
with the complex variables associated with the problem and have shown how it 
is possible to consider one more variable. This is the variation in interfac: 
temperature between mold and ingot that previously, by force of circumstances 
has been assumed to be constant. The examples given clearly illustrate, in the 
case of pure metals and eutectic alloys, how the progression of the freezing front 
and the temperature conditions both in the solidified metal and liquid can be 
calculated by use of the charts. Equally interesting is the discussion of the in 
fluence of initial mold temperature. 

We would like to ask the authors why they did not choose as an example an 
ingot of iron, say thirty inches thick, which would then give an indication of the 
likely progression of solidification along the center plane of a commercial siz 
low carbon killed ingot which has only a small freezing range. Earlier in their 
paper, the authors state that the results apply only if a “sufficient” mold is as 
sured, or if the temperature gradient at the interface is at all times the same as 
in a sufficient mold. Would this be a possible reason why the method could not 
be applied to the case of a much thicker section? It can be commented that the 
work of Fowler and Savage? indicates that temperature gradients at the mold 
ingot interface in a 42% inch by 25% inch slab mold is not constant until about 
30 minutes from teeming. Would the authors consider that their model would be 
applicable to these conditions? 

In Example 4, the temperature distribution in the liquid region at time 3.27 
minutes was determined and shown to vary between 2940°F at the center to 
2800 °F at the metal solid interface, a difference of 140°F. However, Pellini* 
and Samways * have shown that in the case of ingots and castings the temperature 
of the liquid falls rapidly to the liquidus temperature of the metal after pouring 
This is probably due to movement within the liquid. Under these conditions would 
the authors consider that the progression of the solidification front might be 
noticeably affected and, if so, could their treatment be suitably modified ? 

The general purpose electronic analog computer has been used to solve heat flow 
problems of various processes. Was this type of computer ever considered for 
ingot solidification studies? What are the advantages of the Heat and Mass Flow 
Analyzer over the electronic analog for this type of study? 

We look forward to hearing of their further work on the investigations of the 
solidification of alloys freezing over a broad temperature range and the extension 
of their work to cylindrical cross sections and two-dimensional problems. 


2R. T. Fowler and L. H. W. Savage, Journal, Iron and Steel Institute, 1952, Vol. 171 
pp. 277-288. 

2W. S. Pellini, AIME Electric Furnace Steel Conference Proceedings, 1956, Vol. 14, px 
48-91. 


“4N. L. Samways, “Mechanism of a Solidification,” Thesis for Ph.D., London University 
1953 





TEMPERATURE DISTRIBUTION IN INGOTS 


Authors’ Reply 

[he authors wish to thank Messrs. Clark, Samways, and Simcic for their in- 
terest in the paper. 

The writers ask why the example in the paper was computed for a fairly small 
ingot. They are correct in relating this choice to the question of the sufficient 

iold. For a large ingot, it is not customary to cast in sufficient molds because 
the latter would be too thick. However, if one assumes a sufficient mold, the 
paper does apply to the solidification of a large piece within the limitations given. 

Of the three publications to which the writers refer, only that by Fowler and by 
Pellini were accessible to the authors. The paper by Fowler and coworkers refers 
to temperature measurements in the mold, Fig. 4 showing time temperature curves 
and Fig. 2 the arrangement of the thermocouples. From the latter figure it is 
obvious that the nearest couple was more than an eighth of an inch away from the 
interface. There a lag in temperature rise is to be expected. In addition, it is not 
at all clear from the description by Fowler if there is not an additional lag due 
to poor contact between the thermocouple and the plug. At the interface the 
temperature certainly has to rise faster than shown by Fowler. In addition, it 
must be remembered that in the authors’ paper perfect contact was assumed be- 
tween casting and mold, a condition which is approximated in sand castings, while 
in castings against a metal mold an air gap forms which would have to be intro- 
duced and is not represented in the general curves of the paper. 

The authors’ paper deals only with conduction problems, while the paper by 
Fowler specifically deals with rim steel in which circulation is very strong, so 
that, at least as first approximation, one could assume that the entire metal is at 
uniform temperature. Conceptually, this poses some difficulties, because if the 
metal is at uniform temperature, the entire mass would reach liquidus and solidus 
respectively at constant temperatures. While it is conceivable that the liquidus 
is reached that way, it is hard to imagine that in the viscous state sometimes 
referred to as “mushy state” between liquidus and solidus complete temperature 
uniformity prevails. Possibly the concept could be used that temperature uni 
formity exists in the casting down to the liquidus and thereafter no mixing occurs 
and pure conduction prevails. Either of the two preceding concepts could be 
represented on the Heat and Mass Flow Analyzer 

The writers refer to Figs. 3 and 5 of Pellini’s paper and to his reported lack 
f temperature gradient in the metals. The extent of such gradient is to a con 
iderable degree dependent on the thermal properties of the material involved 
Since Pellini does not indicate the properties of his steel, it is hard to say if the 
steels are directly comparable. Also, at the relatively early times, the temperature 

surements of Pellini must be doubted. The time for the thermocouples to heat 
up tends to wipe out actual differences of temperature. The writers ask about the 
advantages of the Heat and Mass Flow Analyzer over “general purpose electronic 
unalog computers.” Here it is necessary for us to clarify terminology. The so 

lled “general purpose electronic analog computer” is a differential analyzer 
best suited for the solution of ordinary differential equations having one or more 
lependent variables and but one independent variable (usually time). The heat 
onduction equation is a partial differential equation which can be adequately 
approximated by a set of ordinary differential equations; thus the differential 


analyzer requires an elaborate array of active element equipment (e.g., differ- 
entiators) because a set of simultaneous equations needs to be analysed. The Heat 
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and Mass Flow Analyzer is an analog computer and in order to distinguis 
from the differential analyzers, it has been suggested to speak of this type 
analog as a “passive element analog computer” since with purely passive elements 
(i.e., resistors and capacitors) in proper array, solutions to certain equatio. 
particularly to the Fourier equation for heat conduction, are obtainable 
general, accuracy of solution of problems increases with the number of nod 
Increase of nodes on the “general purpose” computer is very expensive, while ¢] 
Heat and Mass Flow Analyzer is provided with many nodes. The discontinuity 
represented by ingot solidification presents special problems on the “general pu: 
pose” computer but are routine on the Heat and Mass Flow Analyzer. It is f 
these reasons that, as far as heat flow problems are concerned and particula: 
complicated problems including solidification phenomena, the passive element 
computers have been used much more extensively than the general purpose con 
puters, and that in spite of the fact that there is a large number of the latter 
available, while only very few passive element analogs are in existence and stil! 
fewer of them are equipped to treat solidification problems. 





EFFECT OF COPPER ON THE HEAT TREATING 
CHARACTERISTICS OF MEDIUM-CARBON STEEL 


By R. A. Grance, V. E. LAMBERT, AND J. J. HARRINGTON 


Abstract 
The effect of up to 1.5% copper on hardenability, iso- 
thermal transformation, equilibrium transformation tem- 
peratures, temperature range of martensite formation, 
softening of martensite on tempering, and precipitation 
hardening was determined for a 0.45% carbon steel con 
taining graded amounts of copper. (ASM-SLA Classifica 

tion: J-qeneral, N8, 2-60; CN, Cu) 


‘+ )PPER IS ADDED to steel primarily to increase resistance to 
atmospheric corrosion and to increase strength in the normalized 
and-tempered condition by precipitation hardening. At present, the 
principal steels containing copper are wrought structural steels and cast 
steels. Although copper increases hardenability, its use primarily for 
this purpose in hardened-and-tempered steel is not widespread, and 
none of the current AISI-SAE steels contain intentional additions of 
copper. One reason for this may be the difficulty of rolling or forging 
copper steels, particularly those relatively high in sulphur, a difficulty 
which is usually attributed to a build-up of copper by preferential 
oxidation of iron, leaving a copper and sulphur-rich surface layer with 
a lower melting point. This copper-rich alloy melts and penetrates 
intergranularly, thus greatly increasing the tendency of the steel to 
crack during hot working. This difficulty, however, is not insurmount- 
able and the otherwise beneficial effect of copper may eventually be 
more fully utilized. Interest in the effect of copper upon the heat treat- 
ing characteristics of steel also stems from the circumstance that copper 
is not removed in the open-hearth, and some small percentage of copper 
is almost always present as a residual element. These residual amounts 
of copper have tended to increase in recent years, especially in steels 
made with a large proportion of steel scrap. 

Although the general effects of copper upon the heat treating char- 
acteristics of medium carbon steel are known, there is an insufficiency 
of quantitative data. This consideration led us to study its effect in a 


\ paper presented before the Fortieth Annual Convention of the Society, held 
in Cleveland, October 27-31, 1958. Of the authors, R. A. Grange is associated 
vith the Edgar C. Bain Laboratory for Fundamental Research, United States 
Steel Corporation, Monroeville, Pa.; V. E. Lambert, formerly with United States 
Steel Corp. Fundamental Research Laboratory in Kearny, N. J., is now with 
Mack Manufacturing Co., Plainfield, N. J.; J. J. Harrington, formerly with the 
Edgar C. Bain Laboratory, is now with Gary Steel Works, United States Steel 
Corp. Manuscript received May 24, 1957. 
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series of 0.45% carbon steels containing nominally 0, 0.5, 1 and 1.5% 
copper. 
MATERIAL 


The four steels investigated were cast from a single 500-pound 
induction-furnace heat of 1045 steel deoxidized with aluminum. After 
pouring the first ingot, copper was added in successively larger amounts 
to each of the three last ingots to produce four steels containing nomi 
nally 0, 0.5, 1, and 1.5% copper. Ingots were forged to 1.25-inch square 
bars of the compositions given in Table I. 

A sufficient quantity of bar stock to provide all specimens used in 
this investigation was normalized from 1700 °F. 











Table I 
ical Comp 





Composition—% 
Ss Si 


0.021 
0.021 
0.021 
0.021 








HARDENABILITY 


Although the base steel was of low hardenability, being AISI-SAE 
1045 with manganese on the low side of the specified range, standard 
end-quench tests were conducted. The austenitizing temperature was 
1550 °F for all four steels and the resulting austenite grain size was 
essentially the same throughout. Results are shown graphically in 
Fig. 1. The distance scale on this chart was greatly expanded as com 
pared to customary plots of end-quench test results in order to separate 
the curves. Although this may result in more apparent precision than 
is justified, the curves indicate a progressive, though small, increase 
in hardenability as copper increased. 

Because the end-quench hardness curves fell so rapidly very near the 
quenched end, it was desirable to confirm these results by a different 
method of measuring hardenability. Accordingly, cylinders 0.5 to 1.2 
inches in diameter in increments of 0.1 inch were quenched in brine 
from 1550 °F. Each cylinder, which was at least four times its diameter 
in length, was sectioned at mid-length and hardness measured from 
near surface to center along a diameter. Fig. 2 shows the center hard 
ness plotted against diameter. 

From results of either of these two methods of measuring hardness, 
an ideal diameter (D,) can be determined for each steel from published 
correlations (4,5). The effect of copper on D, for 50% martensite is 
shown in Fig. 3. Although the end-quench method resulted in higher 


1 The figures appearing in parentheses pertain to the references appended to this paper 
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values for D; than did the quenched-cylinder method, the effect of 
copper, shown by the slope of each line, is about the same. 

From these D, values, the hardenability multiplying factor for copper 
was determined and, as shown in Fig. 4, a straight line can be drawn 
through the experimentally determined points. The hardenability effect 
of copper, according to these measurements, can be expressed as 
Fou = 1+ 0.2 & weight % of copper. Fig. 4 also shows the multiplying 
effect of copper according to two earlier investigations (1,2) reported 
in the literature. The lower of these two curves is not greatly different 
from our results, but the upper one is very much higher and indicates 
that copper has a hardenability effect somewhat greater than nickel 
tor percentages less than about 1%. These latter data represent the 
more recent measurements and are those usually reported in the litera- 
ture for the hardenability effect of copper. According to our data, the 
older results are more reliable, and copper is less effective than nickel 
in increasing hardenability. 
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EQUILIBRIUM TRANSFORMATION TEMPERATURES 

The equilibrium transformation temperatures, Ae, and Aes, were 
determined by holding small, martensitic specimens for 2 hours at each 
of a series of temperatures in the range 1300 to 1450°F and then 
quenching in brine. The amount of austenite formed in each specimen 
was then observed under the microscope. Hardness was also measured 
and aided in locating Ae;. Fig. 5 graphically summarizes the results 
and indicates that Aes was lowered in direct proportion to the per 
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centage of copper to the extent of 20°F for each 1% of copper. The 
effect of copper on Ae; was more complex, as shown by the dashed line 
in Fig. 5. According to these data, Ae, was lowered a diminishing 
amount as copper increased to 1% with no additional lowering there 
after, at least up to 1.5%. With the method used, Ae; was evaluated 
only to the nearest 5°F, and possibly more precise measurements 
would show that copper continues to lower Ae; up to the limit of its 
solubility in austenite. In any event, the effect of copper upon the 
equilibrium transformation temperatures is small, and its effect in pet 

centages of 0.5% or less can ordinarily be neglected in planning heat 
treatments. 
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TEMPERATURE RANGE OF MARTENSITE FORMATION 
The temperature range of martensite formation in all four steels was 
letermined, using a metallographic technique (6). A small but sig- 
nificant lowering in direct proportion to the percentage of copper was 
found. Fig. 6 illustrates the lowering of _ by copper. Quantitatively, 
each | per cent of copper lowered M, by 20 °F. Thus, copper, like most 
other alloying elements, lowers M, but its fs is comparatively small. 
ISOTHERMAL TRANSFORMATION 
or each steel, a complete isothermal transformation diagram was 
letermined by heat treatment and microscopic examination of about 
e hundred small specimens. Results are summarized in Figs. 7, 8, 9 
10. The diagrams for the 0.5 and 1.5% copper steels were repro- 
luced in an Atlas (7). 
Comparison of the four diagrams shows that all are similar in shape 
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but differ in location on the time scale. That is, copper retarded trans- 
formation to about the same extent at all temperature levels. In this 
respect, it resembles nickel and differs from most other major alloying 
elements, which have a much greater relative effect in a certain limited 
temperature range. 

The effect of copper in retarding transformation is illustrated in 
Fig. 11. For purposes of this comparison, the lines of the isothermal 
transformation diagrams representing 50% transformation were 
chosen because they were located with greater reliability than the 
beginning lines in these comparatively fast transforming steels. A 
progressive and more or less uniform retardation of transformation 
with increasing copper is apparent. This correlates with the harden 
ability effect of copper discussed earlier. 

Although copper had no very marked influence upon the appearance 
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of any of the isothermally formed transformation products, careful 
comparison did reveal some small effect. This is illustrated in Fig. 12, 
wherein microstructures formed at each of four temperatures are com 
pared for the base steel (left) and the 1.5% copper steel (right). Com- 
pletely transformed structures at 1200 °F show how copper increased 
the proportion of proeutectoid ferrite. The remaining three pairs illus- 
trate partial transformation at 1000, 900, and 800°F. For substan- 
tially the same amount of transformed austenite, the 1000 °F pair in- 
dicates that copper tended to increase the proportion of upper bainite 
and decreases the proportion of nodular pearlite. The comparisons at 
YOO and 800°F show that bainite appears to be more “open,” or 
coarser, in the copper steel. In accordance with these trends in micro- 
structure, hardness after complete isothermal transformation was 
usually somewhat lower at any corresponding temperature level in 
the copper steels than in the plain carbon steel (Figs. 7,8,9 and 10). 
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Thus, it appears that when retained in solid solution copper has, if 
anything, a softening and weakening effect upon pearlitic and bainitic 
structures, due to its tendency to promote ferrite at high temperatures 
and to coarsen bainite at lower temperatures. No effect of copper was 
observed upon the hardness of quenched martensite. 


PRECIPITATION HARDENING 


The solubility of copper in austenite is not known prectsely but 
amounts to several per cent, whereas its solubility in ferrite at tem 
peratures below Ae, is less than 0.5%. Consequently, in steel contain 
ing more than the latter percentage, copper will dissolve upon austen 
itizing and precipitate from ferrite below Ae; as a copper-rich solid 
solution containing at most only a few tenths of a per cent of iron 
These circumstances obviously make copper steels amenable to precip! 
tation hardening. 
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In specimens isothermally transformed near Ae,, a precipitate of the 
copper-rich phase was observed in all three copper steels. As illustrated 
in Fig. 13, the precipitate was only barely visible in the 0.5% copper 
steel, but became increasingly prominent as copper increased. Un- 
doubtedly, this precipitate had a hardening effect, but this was largely 
offset by the tendency for copper to increase the coarseness of pearlite. 
\t temperatures below about 1200 °F, the time required for precipita 
tion was much longer than the time for complete transformation, and 
no precipitate was observed. Even if present as a result of holding for 
a long overtime, its presence would add very little to the hardness of 
these finer ferrite-carbide aggregates. 

In practice, copper steels are sometimes hardened and strengthened 
by normalizing and then tempering to induce precipitation, which re- 
sults in a substantial increase in strength, especially in the relatively 
low carbon, structural steels (3). It is of interest, therefore, to investi- 


gate the behavior of our steels after normalizing and tempering. Fig. 14 
summarizes the results in terms of change in hardness with tempering 
time at each of four temperatures. The curves are typical of those 
found in other precipitation hardening alloys. 


\t high tempering tem- 
peratures, peak hardness is reached in relatively short time and over- 
wing sets in. At lower temperatures, peak hardness occurs after a 
longer time and the degree of hardening is greater. These curves indi- 
ate no precipitation hardening until more than 0.5% copper was 
present. 
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z. 13—Precipitation of Copper-Rich Particles in Copper Steels Austenitized at 1550 °F 
nd Isothermally Transformed at 1275 °F. Picral etch. (a) 0% Copper; (b) 0.5% Copper; 
) 1% Copper; (d) 1.5% Copper. Original magnification X 1000, reduced % in reproduction. 


RESISTANCE TO SOFTENING ON TEMPERING MARTENSITE 

\ll major alloying elements convey a resistance to softening on tem- 
pering martensite and, although its effect has not hitherto been re 
ported, it is to be expected that copper will do so. Methods have been 
described (8,9) for estimating the hardness of tempered martensite 
on the basis of the chemical composition of a steel, and our steels were 
investigated so that the effect of copper could be incorporated into one 
of these methods (8). 

Small specimens were quenched in brine to all martensite and then 
tempered at 100 °F temperature intervals in the range 600 to 1300 °F 
tor 1/6, 1, 4 and 24 hours. Their hardness was subsequently measured 
ind plotted against a tempering parameter (8), as in Fig. 15. The 
curves show that, as anticipated, copper conveyed a resistance to soften- 
ing on tempering martensite. The effect was much greater at higher 
tempering temperatures,—an effect which is emphasized by the small 
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Fig. 14—Precipitation Hardening of Normalized and Tempered 1045 Steel 
Containing Copper. 


chart inserted in the upper right corner of Fig. 15. Furthermore, t! 
effect was not directly proportional to the percentage of copper present 
but was small with only 0.5% copper, and increased markedly between 
0.5 and 1%. Obviously, the effect of copper on resistance to softening 
on tempering is more complex than that of most other common alloy 
ing elements. This is probably explained by its dual action; copper 
hardens ferrite by solid-solution hardening and also hardens by pri 
cipitation. The former effect is present throughout but relative! 
greater at low hardness; on the other hand, precipitation hardening 
occurs only at higher temperatures but then conveys the major harden 
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ng effect. Despite this complex effect, it is interesting to note that the 
lata for each steel, which represent four different tempering times, fall 
reasonably well upon a single curve when plotted against the tempering 
parameter. 

In order to include a correction for copper in the method (8) for 
estimating tempered hardness, the rather complicated chart shown in 
ig. 16 is required. The application of this chart will be obvious if ref 
erence is made to an earlier report (8). When the percentage of copper 
present in a steel is less than 0.5%, it appears that its effect upon 
resistance to softening on tempering martensite amounts at most to 
nly 1 Re and therefore can usually be neglected, at least in medium 
irbon steels. 

DiscUSsION 
Che effect of up to 1.5% copper upon a base steel corresponding to 
45 steel was investigated. Although its effect on heat treating char- 
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Fig. 16—Factors for Estimating Resistance to Softening of 
Tempered Martensite Conveyed by Copper. 


acteristics was generally beneficial, being more like that of nickel thar 
any other common alloying element, the magnitude of its effect was 
usually so small that relatively large percentages of copper would be 
required to obtain an appreciable effect. Thus, if copper were used to 
replace another element for increasing hardenability, a very much 
higher percentage of copper would be required than that of the element 
replaced. Copper in amounts greater than 0.5% considerably increased 
resistance to softening on tempering, principally by precipitation 
hardening. However, over-aging occurred too soon to make copper a 
very useful element for improving the strength of steel for use at ele 
vated temperatures. Unlike silicon, copper did not appreciably increase 
hardness at low tempering temperature and would therefore be of little 
interest in ultra high strength steels. Thus, the advantages to be gained 
from the addition of copper to steels for use in a fully heat treated con 
dition probably do not offset its disadvantages—namely, increased diffi 
culty on hot rolling or forging and inability to remove copper from 
scrap used in the open-hearth furnace. Up to now, copper has not been 
used as a substitute alloying element in AISI-SAE type steels, nor does 
it seem likely that it ever will be used for this purpose unless desirable 
interaction effects between copper and some other alloying ¢lements 
are subsequently discovered. 

On the other hand, small, residual percentages of copper appear to be 
comparatively innocuous insofar as heat treating characteristics are 
concerned and can usually be ignored in planning heat treatments be 
cause the effect of copper is so small. This would seem to be essential!) 
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also for steels to which up to 0.5% copper is added intentionally to 
rove resistance to atmospheric corrosion 


SUMMARY 


[he principal results are summarized as follows. 


l. 


As measured by end-quench tests (Fig. 1) or by quenched 
cylinders (Fig. 2), copper increases hardenability in direct 
proportion to the percentage present (Fig. 3). The multiply- 
ing factor for copper is, however, less than others (1,2) have 
reported (Fig. 4). Thus, the statement in the literature (3) 
that copper is as effective as nickel in increasing hardenability 
is not confirmed. 

The equilibrium transformation temperatures, Ae; and Aes, 
are lowered slightly by copper (Fig. 5). 

The temperature range of martensite formation is lowered by 
copper. The lowering of M, is directly proportional to the per- 
centage of copper and amounts to 20 °F for each 1% of copper 
(Fig. 6). 

In accordance with its effect on hardenability, transformation 
of austenite is retarded by copper. Its effect, like that of nickel, 
is to retard transformation more or less equally at all tem- 
perature levels so that the isothermal transformation diagram 
for a copper steel resembles that of plain carbon steel except 
for displacement to somewhat longer time (Figs. 7,8,9 and 
10). Comparison of relative rates of isothermal transforma 


tion by means of curves representing the time for 50% reaction 


indicates a progressive retardation as more and more copper is 
present up to at least 1.5% (Fig. 11 

The effect of copper upon the microstructure of isothermally 
transformed specimens is small but nonetheless detectable. 
Copper increases somewhat the amount of proeutectoid ferrite 
in the pearlite region, and bainites are more “open” in the 
copper steels (Fig. 12). In specimens of copper steels trans- 
formed near Ae;, a copper-rich solid solution precipitates 
throughout the ferrite in small particles; such particles are 
barely detectable with 0.5% copper, but increase and become 
prominent in the 1% and, especially, in the 1.5% copper steels 
(Fig. 13). 


In an unhardened condition, the 1 and 1.5% copper steels are 
hardened and strengthened appreciably by precipitation of a 
copper-rich solid solution (Fig. 14). 

Copper increases resistance to softening on tempering (Fig. 
15). Its effect, which is due both to solid-solution strengthen- 





TRANSACTIONS OF THE ASM 


ing and to the effect of precipitated particles, is more comp 
than that of other common alloying elements ( Fig. 16) 

In general, the effects of copper are found to be so small thay 
the residual percentages contained in commercial steels can | 
ignored insofar as heat treating characteristics are concerned 
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DISCUSSION 


Written Discussion: By C. F. Jatczak, research metallurgist, The Timk« 
Roller Bearing Company, Canton, Ohio. 

Congratulations are again in order to Messrs. Grange and his cohorts for 
thoroughness of their work. It always seems difficult to prepare an argumentative 
discussion to their papers, because all of the important questions appear answer 


+ 


beforehand 

I would, however, like to confirm some of their findings with respect to th 
effects of copper in steel. We have found the effects of copper on the M, to ! 
of the order of 18°F/%. We have also found that the hardenability effect 
copper in medium carbon steels based on both, hardness criteria and also on tl 
50% martensite criterion to follow more generally the factors of Kramer, Tol 
man, and Hafner, rather than those of Kramer, Siegel, and Brooks. 





IRBON 


uld the authors venture an opinion as to why the ideal critical diameters 
ed from brine quenched cylinders differed from 
method 


n those obtained by the end 


Authors’ Reply 

is gratifying to learn that an independent investigation by Mr. Jatczak con 
s our conclusions as to the effect of copper on hardenability and on the M, 
erature. 

Vith reference to the difference we observed ideal diameters measured by 

end-quench method as compared to quenched cylinders, we believe this in 

ge part may be attributed to the relatively unsatisfactory nature of the end 
1ench test for steels of very low hardenability. When a 50% 


martensite structure 


s within about % inch of the quenched end, unsatisfactory reproducibility 


esults is likely. Furthermore, in this range published correlations of ideal 
meter to distance on the end-quenched bar are possibly in error. If so, this 
ild explain why in our investigation the end-que 


h method yielded essentially 
same hardenability factor for copper as did the quenched-cylinder method 
though ideal diameter values were different by the two methods 





THE RELATIONSHIP BETWEEN WELD CRACKING 
AND ALLOY CONSTITUTION IN SOME BINARY 
AND TERNARY MAGNESIUM ALLOYS 


By C. L. Kosrin ann R. A. Dopp 


Abstract 

The susceptibility to weld cracking of alloys correspond- 
ing to various magnesium-rich binary systems has been 
investigated using a restrained weld test. The variation in 
results with the different alloy systems can be reasonably 
well interpreted in terms of the respective solidification 
ranges, and it is shown that only the magnesium-rich Mg-Zn 
alloys are sensibly prone to cracking. Cracking versus com- 
position contours are given for the industrially important 
Mg-Zn-Al and Mg-Zn-Rare Earth systems. (ASM-SLA 
Classification: K9n, M24b, M24c; Mg, 9-72) 


INTRODUCTION 

HE WELDING OF magnesium alloys involves various problems, 

the majority of which are associated with the basic characteristics 
of the pure metal. Susceptibility to oxidation and a rather high co 
efficient of thermal expansion are well-known examples of the diffi 
culties encountered, and in normal welding practice these inherent 
problems may often be supplemented by others associated with the 
properties of the individual alloys. 

Weld cracking occurs to some extent in practically all industria! 
alloys which are joined by welding, but a distinction has to be draw 
between subsolidus (solid-state) cracking and suprasolidus cracking 
The former is often associated with grain boundary precipitation or 
solid state transformations, and there is no reliable evidence that it 
occurs in the welding of light alloys. On the other hand, suprasolidus 
cracking is known to be quantitatively related to the solidification range, 
and is a common feature in both ferrous and nonferrous welding prac 
tice. It seems then that weld cracking in light alloy systems should 
be related to hot tear susceptibilities, and this was in fact shown to be 
the case by Singer, Pumphrey, and their co-workers (1,2,3)! for nu 
merous binary and ternary aluminum alloys. Fig. 1 represents a typical 
relationship between weld cracking (or hot shortness) and alloy con- 
stitution for a simple binary eutectiferous system. 


1 The figures appearing in parentheses pertain to the references appended to this paper 


A paper presented before the Fortieth Annual Convention of the Society, hel: 
in Cleveland, October 27 to 31, 1958. The authors, C. L. Kobrin and R. A. Dodd, 
are associated with the University of Pennsylvania School of Metallurgical 
Engineering, Philadelphia, Pa. Manuscript received May 12, 1958. 
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[he diagram has been drawn such that the composition of maximum 
solid solubility corresponds with that giving maximum cracking, and 
this would in fact be the case if the alloys were in equilibrium. In the 
usual case, the welded structure is remote from equilibrium, and the 
cracking peak occurs at a lower solute percentage. Therefore, there is 


usually no obvious relationship between cracking and alloy constitu- 





Alpha + Liquid 


Alpha 





| 
Alpha + Eutectic 
| 





Hot Shortness 
or 
Weld Cracking 


(Crack Length ) 








Fig. 1—Typical Relationship Between Alloy 
Constitution and Weld Cracking for Eutecti- 
ferrous System 


tion, but the results can nevertheless be simply explained in terms of 
the phase diagram and current theories of hot tearing (4,5). Thus, it is 
to be anticipated that alloying additions up to that percentage consistent 
with maximum cracking cause an increase in the hot short temperature 
range (4) or, alternatively, an increase in life of the liquid film stage 
(5). The term hot short temperature range refers to a range extending 
from the solidus up to a temperature at which the semisolid mass ceases 
to have any coherence. Within this range, the alloy possesses a finite 
strength but has little ductility, and it is clear that the greater this range 
the greater will be the bulk thermal contraction concentrated in this 
region of least strength, and, consequently, the greater the likelihood 
of cracking. It is apparent that the upper limit of the hot short range 
corresponds with the existence of more or less continuous liquid films, 
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since the presence of films must account for the lack of coherence, and 
the two theories are therefore seen to be identical. The extent of the hot 
short range is usually of the order of one-half of the solidification in 
terval, and it becomes convenient to assume that the crack susceptibility 
up to this point of maximum cracking is proportional to the solidifica 
tion range. Further alloying additions causing a decrease in cracking 
are explained on the basis of a reduction in the hot short range or, again 
alternatively, an increase in liquid film thickness so that the developed 
strain concentration is insufficient to cause cracking. The increase in 
film thickness is of course accounted for by the appearance of eutectic. 

Various papers have briefly considered special aspects of weld crack- 
ing in magnesium alloys (6,7,8), e.g., Bulian’s work on the effect of 
calcium in magnesium-manganese alloys, but a suitable weld test for 
magnesium has proved difficult to devise. The test used by Singer and 
Jennings (1) for aluminum sheet consisted simply of butt welding two 
strips in a jig under conditions which prevented any free contraction 
in the direction normal to the weld. The weldability was then simply 
assessed in terms of the total crack length in the weld and weld vicinity 
But, as pointed out by Ball (9), this test is not satisfactory for mag 
nesium, apparently because it cannot build up a complex stress system 
in the weld. This seems surprising, because if it is accepted that the 
cracking is suprasolidus in nature, then strain concentration in the 
solidifying metal must be the controlling factor, and reference to stress 
is unrealistic. However, early tests in connection with the present work 
confirmed that a restricted-contraction butt weld test does not cause 
cracking even in magnesium alloy compositions subsequently shown to 
be quite crack sensitive. 

A biaxial stress test developed by Winter (10) involved cutting a 
circular hole in a sheet specimen and then welding this disk back into 
place ; the sheet was held rigidly during welding by clamping between 
the two halves of a ring jig. This principle was subsequently adopted 
by Ball and Tate (11) in a butt weld test in which rectangular sheets 
were firmly clamped between two alloy steel plates so as to prevent 
lateral as well as longitudinal contraction, with parallel butting edges 
lying centrally in a gap between the plates. The present work has con 
firmed that both these tests produce weld cracking, and, as it proved 
difficult to visualize any practical advantage in the Ball and Tate test, 
it was discarded in favor of a modified circular “patch”’ test. 


PROCEDURE 


It is almost impossible to roll even many simple binary magnesium 
alloys into sheet form, e.g., Mg-Zn, and the alloys used in this researc! 
were prepared by sand casting plates, 8 by 4 by 4 inches, in pairs with 
a central runner. Melting was conducted in a gas-fired furnace unde: 
conditions of standard magnesium alloy melting practice, and the meta! 
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before pouring was degassed and grain refined with a proprietary hexa- 
chlorethane compound. Each melt averaged eleven pounds in weight, 
sufficient for three moulds—a total of six plates. A small amount of 
microporosity occurred with some compositions, but did not seem to 
affect the results. There is some evidence (12) that microporosity in 
magnesium alloys does not in fact contribute to the incidence of hot 
tearing. 

Instead of cutting a circular section completely out of the plate and 
then welding it back into place, the usual test was somewhat simplified 
by trepanning a circular groove, 1 inch deep, 1% inch wide and 3 inches 
diameter, in the %4-inch thick plate. A helium-shielded arc weld was 
then laid in the groove using filler material of the same composition 
as the parent plate. As is evident from the plate dimensions, two welds 
could be made side-by-side on each plate, so that the result relating to 
each alloy composition refers to an average of twelve tests. 

[he method of measuring the total length of cracks on all surfaces 
(1,2,3) was used as a measure of weld cracking susceptibility. This has 
been criticized as a somewhat arbitrary procedure, but it has been 
shown (13) that it gives excellent agreement with a method involving 
visual estimation of the severity of cracking 

RESULTS 

The following binary systems were examined: Mg-Zn, Mg-Al, 
Mg-Sn, Mg-Pb, and Mg-Rare Earths. These are all of the eutectiferous 
type with quite extensive regions of solid solubility, and each system 
was examined for crack susceptibility up to, and somewhat beyond, a 
composition at which eutectic appears under conditions of equilibrium 
cooling. For example, the maximum solid solubility of lead in mag- 
nesium occurs at 39% lead, and this system was therefore examined up 
to 40% lead. Under the actual nonequilibrium conditions eutectic was 
observed at less than 20% lead, and similar observations apply to the 
other systems. It is clear from the earlier discussion that maximum 
cracking should coincide with the composition at which eutectic first 
makes an appearance, and so the chosen compositions undoubtedly 
covered the theoretically crack sensitive ranges. 

It seemed reasonable to expect that the alloys would crack to an 
extent dependent on the respective solidification ranges, but in practice 
only the Mg-Zn alloys cracked, the results being shown in Fig. 2. The 
cracking /composition curve is of the form expected, and most interest 


ittaches to a comparison of the phase diagrams of these systems in an 
ittempt to explain the lack of cracking in Mg-Al, etc. Table I contains 
the pertinent data relative to a discussion of the weldability of the sys 
tems, and the extensive solidification range of the zinc-containing alloys 

reflected in their observed susceptibility to weld-cracking. Evi- 
lently, the restrained weld test employed was insufficiently severe to 
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Table I 





rf Maximur 
Solute Eutectic Temperature Solidification Range 

Zinc 340°C (644°F) 285°C (545°F 

Aluminum 437°C (819°F) 143°C (289°F 

Lead 466°C (870°F) 119°C (246°F 

Tin 561°C (1042°F) 64°C (147°F 

Cerium (Rare Earth Mixture) 590°C (1094°F) 55°C (131°F 
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2—Relation Between Weld Cracking and Alloy Consti 
tution for Mg-Zn Alloys. 


cause cracking in all but the most sensitive compositions, but Mg-A! 
alloys are known to be quite hot short (14), although not to the same 
extent as Mg-Zn alloys, and their apparent immunity from weld crack 
ing requires consideration. 

Firstly, it is probable that all cracks associated with the casting and 
welding of light alloys originate at suprasolidus temperatures, and that 
these true hot tears can then act as stress raisers for subsolidus crack 
ing. As the Mg-Zn cracking/composition curve conforms to hot tearing 
theory, it seems that any subsolidus cracking is not reflected in th 
curve, but such behavior is, of course, quite likely. Furthermore, it has 
been shown that a fairly exact correlation exists between hot shortness 
and weld cracking for many binary aluminum alloys (2), and this adds 
emphasis to the suggestion that weld cracking is necessarily preceded 
by hot tearing. Lack of cracking in the Mg-Al alloys must then be dur 
to insufficiently severe temperature gradients, having regard to th 
solidification ranges, but the lack of agreement between this conclusio1 
and hot tear data cannot be satisfactorily explained. Neither is it pos 
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ble to explain the conclusions of earlier workers on the necessity for 


ixial stresses. 

Various important industrial alloys are based on the Mg-Zn-Al and 
\ig-Zn-Rare Earth systems, and in view of the crack susceptibility of 
the Mg-Zn binary alloys, it seemed worth while to examine these two 
ernary systems containing zinc. The results are expressed in Fig. 3 in 
he form of cracking /composition contours, and indicate that only those 





10% 
Rare 
Earths 
Fig. 3—Weld Cracking/Composition Contours for Mg-Zn-Al 
and Mg-Zn-Rare Earth Systems 
ternary alloys relatively rich in zinc are likely to crack in practice. It is 
believed that the results would prove to be related to the solidification 
ranges, but the point has not been practically investigated. 


SUMMARY AND CONCLUSIONS 
[he weld cracking characteristics of binary magnesium alloys are 
related to alloy constitution, specifically, to the solidification range, in 
the same way as is known to be the case with binary aluminum alloys. 
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This suggests that weld cracking is akin to hot tearing, and no satisfac 
tory explanation can be given for observations that a biaxial stress 
system is necessary for cracking. 

The cracking tendencies of ternary alloys vary in a manner sugges- 
tive of the fact that solidification range is here also of predominant 
importance. 
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DISCUSSION 


Written Discussion: By W. 1. Pumphrey, research manager, Research Depart 
ment, Murex Welding Processes Limited, Herts, England. 
I have read the paper by Kobrin and Dodd with considerable interest. This 





MAGNESIUM ALLO} 401 


er is a further one in the series by Professor Dodd and his co-workers on the 
aring of magnesium alloys and work of this nature will be of direct value 


a 
all those engaged in the selection and development of magnesium alloys with 
| welding and casting properties. It is most encouraging that the early work of 
leagues and myself on aluminum alloys is being extended to other alloy 
tems and I hope that Professor Dodd will be able to continue and to enlarge 
scope of his investigations. A similar systematic study of weld cracking in 


opper-aluminum and copper-aluminum-iron alloys, for example, would be well 


justified. 

The authors state in their introduction that “there is usually no obvious re 
lationship between cracking and alloy constitution.” They might, perhaps, have 

licated that at least for the binary aluminum-silicon alloys there is a reasonable 
egree of correlation between cracking and constitution when the latter is de- 
termined under the nonequilibrium conditions associated with rapid cooling from 
he liquid state. I suspect that the zinc contents for maximum solid solubility 

the constitution diagram and for maximum weld cracking would coincide more 
exactly if the constitution diagram in Fig. 2 related to nonequilibrium conditions. 
It would be of great interest if the investigators could examine this possibility in 
their future work. It seems probable, in fact, that only by establishing the consti 
tution diagrams for selected magnesium alloys under nonequilibrium conditions 
vill it be possible to explain the apparent immunity of some magnesium alloys to 
veld cracking despite an extended solidification range as indicated by the consti- 
tution diagram relating to equilibrium conditions. It may be that, under con- 
litions of rapid cooling, certain magnesium alloy constitution diagrams are not 

ly transposed leftwards but are distorted in such a way that the solidification 
range is drastically altered. 

I would be interested to know the degree of purity of the alloys examined by 
the authors since their anomalous results might also be explained on the basis of 
traces of impurities. Small quantities of iron and silicon, for example, have been 
shown to have a pronounced effect on the cracking of aluminum during welding 
| casting. The grain refining treatment given to the cast plates and, pre- 
sumably, to the filler material, may also have had an effect on the tendency to 
hot tearing and it might be of value to examine the degree of hot tearing in the 


absence of such treatment 


Authors’ Reply 

We agree with Dr. Pumphrey that it would be of considerable interest to at- 
tempt a correlation of weld-cracking and/or hot tearing with alloy constitution 
determined under the nonequilibrium conditions associated with rapid solidifi- 
ation and cooling. Such tests should provide final confirmation of the suspected 
oincidence of maximum cracking and maximum solid solubility, but unfortu- 
nately thus, we are not able to undertake this work at the present time. For similar 

sons we do not plan to investigate weld cracking in copper-base alloys. With 
egard to alloy purity, Dow high purity magnesium was used throughout with 
ilicon being the only noteworthy impurity. All alloying additions were made 
from 99.99% purity metals, excepting that standard grade Mischmetal was used 


for cerium additions. 





STRESS EFFECTS OF ABRASIVE TUMBLING 


By H. R. LetTNeErR 


Abstract 


Tool steel specimens at four hardness levels were tumbled 
with aluminous abrasives under a variety of conditions, and 
the resulting surface stresses were measured. Behavior was 
observed for three initial stress conditions: stress-free sur- 
faces, ground surfaces, and heat treated surfaces. Residual 
stresses induced in initially stress-free steel by tumbling 
were always compressive at the surface and decreased uni- 
formly to sero at a depth of a few thousandths of an inch. 
The magnitude and depth of penetration of the stress in- 
creased with particle size, but depended very little upon the 
type of abrasive used. Steel hardness affected both the mag- 
nitude and depth of penetration; the maximum compressive 
stress at the surface increased, and the thickness of the 
stressed layer decreased, with increasing hardness. Tum- 
bling removed initial surface stresses in layers up to a few 
thousandths of an inch thick, and replaced them with its own 
characteristic compressive stress. The degree to which this 
substitution took place also depended upon the size of the 
abrasive and the hardness of the steel. (ASM-SLA Classifi- 
cation: O25h, L10d; TS) 


INTRODUCTION 


ANY SHOPS are deriving unsuspected dividends from their 

abrasive tumbling operations. The usual reasons for tumbling 
are to deburr, round edges, or improve finish. Now it is apparent that 
this process also introduces compressive stresses into initially stress- 
free surfaces, and may drastically modify residual stresses in ground 
or heat treated surfaces. This is an important function because there 
is good evidence that compressive stresses improve the fatigue prop- 
erties of surfaces. 

In 1950, Tarasov and Grover (1)! observed that both abrasive tum 
bling and shot peening raised the endurance limit of severely ground 
ball bearing steel fatigue bars. In 1954, Mattson and Coleman (2) 
demonstrated the correlation between the magnitude of the residual 
compressive stress near the surface and fatigue life of shot peened stee! 
leaf spring specimens. More recently, research closely integrated wit! 


1 The figures appearing in parentheses pertain to the references appended to this paper. 


A paper presented before the Fortieth Annual Convention of the Society, held 
in Cleveland, October 27 to 31, 1958. The author, H. R. Letner, is Manager, 
Incandescent Lamp Advance Engineering #436, Large Lamp Department, Gen- 
eral Electric Company, Nela Park, Cleveland. Manuscript received April 21, 1958 
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that described in this paper has shown that carefully ground and tum- 
bled surfaces of Rc59 ball bearing steel exhibit about a 15% increase 
in fatigue limit over similarly ground surfaces which were not tumbled 
a} 

sefore the project described in this paper was initiated, very little 
was known about the actual distribution of residual stress as a function 
of depth below the tumbled surface. The information available was 
limited to observations of changes in curvature caused by tumbling one 
side of flat steel or aluminum specimens. While this information is 
useful, it only indicates whether there is a net compression or tension ; 
it does not tell the magnitude or depth of penetration, or whether there 
are reversals of stress, 1.e., alternate layers of tension and compression. 

The goal of the present work was to find out how the residual stresses 
caused by tumbling are distributed in depth below the surface, how they 
are affected by tumbling conditions, and how they are influenced by 
the workpiece and any initial stresses which it may contain. Practical 
considerations suggested tumbling stress-free, ground, and heat treated 
surfaces of steel at four hardness levels, Rc64 (as-quenched), Rc53, 
Rce32, and Rcl0 (fully annealed). Eleven different sets of tumbling 
conditions were selected for study. 


EXPERIMENTAL PROCEDURE 


Specimens 


Two-inch squares were cut from 2.0 by 0.25-inch annealed bars of 
manganese oil-hardening tool steel having a nominal alloy composition 
of 0.90% carbon, 1.25% manganese, 0.50% tungsten and 0.50% chro- 
mium. About 0.010 inch was surface ground from each side to remove 
any nonuniformity resulting from manufacture. An additional 0.030 
inch was ground from the test surface, i.e, the surface to be tumbled, of 
+8 specimens to be used in studying the effect of tumbling upon residual 
heat treating stresses, bringing them to their test thickness of 0.200 inch. 
All 144 test pieces were then austenitized 15 minutes in a sodium 
chloride-potassium chloride salt bath at 1450 °F, and quenched in agi- 
tated quenching oil at room temperature. This treatment removed all 
stresses resulting from processing up to this point, and set up its own 
characteristic residual stress system. 

Hardness measured at the four corners and centers of all specimens, 
except the 48 mentioned in the preceding paragraph, was found to be 
near Rc64. Measurements were not made on the 48 because stresses 
induced by the hardness indentations would have affected subsequent 
stress measurements. Approximately 0.030 inch was removed from the 
indented surfaces of the other 96 specimens during subsequent process- 
ing, thereby eliminating the indentation stresses from these specimens. 

Twenty-four 0.230-inch and twelve 0.200-inch specimens were left 
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in the as-quenched (Rc64) condition. The same numbers of each were 
given additional heat treatment as follows: 


Re53: Tempered 1 hour in a sodium nitrite-potassium nitrate 
salt bath at 650 °F and air-cooled. 


Re32: Tempered 1 hour in a sodium nitrite-potassium nitrate 
bath at 1150 °F and air-cooled. 


: Held 3 hours in a sodium chloride-potassium chloride 
bath at 1450 °F and allowed to cool slowly in the furnace 
Cooling rate was 20°F per hour to 1000 °F, 50°F per 
hour to 200 °F, and about 10°F per hour to room tem 
perature. 


At this stage, the back sides of the specimens were lightly ground to 
flatness, lapped, and polished to provide good surfaces for subsequent 
curvature measurements. This step completed the preparation of the 
48 test pieces, 12 of each hardness, having residual heat treating stresses 
in the test surface. 

The test surfaces of the other 96 specimens were carefully ground 
to bring them to a thickness of 0.210 inch. This procedure removed all 
the heat treating stresses, which experiment showed to be confined to a 
surface layer about 0.010 inch thick. Half of the blocks, 12 of each hard 
ness, were surface ground to a final thickness of 0.200 inch, thereby 
providing test surfaces with built-in grinding stresses. Grinding was 
done dry on the periphery of a 71% by % by 1% inch medium struc 
ture wheel containing 46-grit white fused aluminum oxide abrasive 
in a vitrified bond (38A461—J8V BE). The wheel speed was 6000 sfpm, 
traverse speed 60 fpm, unit crossfeed 0.050 inch per table stroke, and 
unit downfeed 0.001 inch. The wheel was dressed 0.005 inch, using 
0.001-inch unit downfeeds and a moderately rapid crossfeed of the 
diamond, before removing the final 0.010 inch from the specimens. 

A 0.010-inch layer was etched from the test surface of the 48 remain 
ing 0.210-inch thick specimens by immersing in a 10% solution of con 
centrated nitric acid in water and swabbing with cotton. Previous 
experience has shown that removal of a layer of this thickness is suffi 
cient to get below the grinding stresses, thereby leaving the test surfaces 
of these specimens stress free (4,5). The opposite surfaces were masked 
with pressure-sensitive electric tape during etching to preserve them 
for curvature measurements. 


Tumbling 


The test pieces were divided into 12 groups. Each group consisted 
of three specimens of each hardness, one having no residual stresses in 
the test surface, another having grinding stresses, and the third con 
taining heat treating stresses. One group was set aside as a control 
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Table I 
Conditions Employed in Tumbling Tests 


Barrel* Compound Medium Average Particle 
Size (in.) 
A TSP» 0 American Emery 1 —1% 
A TSP No. 0 Fused Als0; i —1% 
A TSP No. 2 Fused Als: “4— &% 
A TSP No. 4 Fused AlsOs ‘ 
TA TSP No. 6 Fused AlsO: 
A TSP No. 2 American Emery 
A TSP No. 2 Turkish Emery 
A TSP Steel Burnishing Balls, Rc65 
A (relined) Soap No. 2 Fused AloOs lo % 
A (relined) TSP Bonded Al,O; Triangles 


Thickness: 5% 
FS TSP No. 2 Fused AlsOs l46— % 


lTA—triple-action; FS—flat-sided 
b. TSP—trisodium phosphate 


[he 12 specimens in each of the remaining groups were tumbled simul 
taneously for a period of 4 hours. They were stuck together in pairs, 
polished surfaces adjacent, using double-coated pressure sensitive tape. 
[his procedure kept the polished surfaces intact for subsequent 
measurements. 

Table I summarizes the conditions employed in the tumbling tests. 
Both the naturally-occurring emeries and the manufactured fused alu- 
minum oxide abrasive were in the form of pebbles having maximum 
dimensions in the ranges indicated. The triangular chips consisted of 
fused aluminum oxide abrasive bonded into flat, approximately equi- 
lateral shapes. All the abrasive media were pre-tumbled. 

Although only two tumbling barrels were used, three different barrel 
conditions, in effect, were tested. All the groups except K were tumbled 
in a triple-action barrel, so called because, in addition to its up-and-over 
iction, its sides are designed to throw the load from the ends toward 
the middle as it rotates. During the time interval between Groups H and 
[, this barrel was relined with thick synthetic rubber, which reduced its 
volume by 13%. Group K was tumbled in a conventional flat-sided 
barrel. The triple-action barrel rotated at 23 rpm and the flat-sided bar- 
rel at 8 rpm. 

The barrels were filled half full of the abrasive, and water was added 
until it came up to the same level. Prior to relining the triple-action 
barrel, its half-volume was 1.87 cubic feet; after relining, it was 1.63 
cubic feet. The flat-sided barrel required 3.18 cubic feet of abrasive to 
hill it half full. Only 1.60 cubic feet of the *4g-inch diameter steel balls, 
introduced for comparison purposes, were available for the test on 
Group H. 

The concentration of trisodium phosphate, used as a tumbling com 
pound in ten of the tests, was 0.4 ounce per gallon of water. The con 
centration of alkaline soap (pH 10.9), used for Group I, was 2 ounces 
per gallon. Trisodium phosphate was used with the steel balls even 
though soap solutions are customarily employed for burnishing. This 
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procedure permitted comparisons based solely upon the tumbling 
media. 
Measurements 


Complete biaxial stress distributions were determined for 47 of the 
test specimens by means of a combined layer removal and deflection 
method (5-9). Thin layers were etched from the test surface, and 
changes in curvature resulting from the release of forces exerted by 
the removed layer were measured. . 

The principal stresses, o;(w) and o2(w), were calculated from the 
equation 


o,(w) - {w? [d¢:(w) /dw + v doa(w) /dw] 


as 
6(1 — v*) 


+4w [¢i(w) + » o2(w)] —2 t Io:(z) +yv¢:(z)] dz} Equation 1 
Ww 
and a similar equation, with subscripts 1 and 2 interchanged, for c2(w) 
In these equations, w, is the initial thickness of the specimen and w is 
the thickness after removing one or more layers; ¢;(w) and ¢o(w) 
are the changes in curvature in the directions of o;(w) and o(w) as 
successive layers are removed; E is Young’s modulus, v is Poisson's 
ratio, and z is a coordinate parallel to the thickness of the specimen 
Values of E = 30 X 10® psi and y = 0.3 were used in the calculations 

Equation 1 gives the principal stress for the unrestrained, i.e., curved, 
condition of the specimen. This value is slightly lower than that for the 
restrained condition, which would correspond to specimens tumbled 
on both sides, or so thick that essentially no bending can take place (5) 
Actually, the 0.2-inch specimens curved so little that the maximum 
difference between the two conditions for the specimen exhibiting the 
greatest curvature amounted to only 3300 psi. 

Changes in curvature ¢(w) were measured with a Metron Model 20 
Comparator using the arrangement shown in Fig. 1. The specimen 
fixture is so designed that the spindle of the comparator contacts the 
center of the polished surface midway between the two boron carbide 
tipped supports, which are 1.8 inches apart. By rotating the specimen 
90 degrees in its own plane between measurements, heights of the two 
mutually perpendicular arcs passing through the midpoint of the sur 
face parallel to the edges are obtained (Fig. 2). Changes in curvature 
were derived from the arc height measurements by means of the ap 
proximate relationship, ¢ = 8Ah/L, in which Ah is the change in arc 
height resulting from layer removal, and L corresponds to the chord 
length AB or DE in Fig. 2. 

Layers were removed by etching in a 10% solution of concentrated 
nitric acid in ethyl alcohol up to a thickness of about 0.001 inch, and in 
a 10% solution of the concentrated acid in water throughout the re 
mainder of the process. Edges of the specimens were permanently 
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Specimen 
Spindle 


Supports 


1—Comparator with 2-inch Square Specimen in Position for Measurement. 


protected from the etchant by an epoxy resin; the polished surface 
was protected by pressure-sensitive electric tape which was removed 
after each etch. The average thickness of the layer removed by each 
etch was calculated from the weight loss of the specimen, determined 
with an analytical balance, the density of the steel (128 grams per 
cubic inch), and the area of the tumbled surface (4.0 square inches). 

Although changes in curvature were followed in the two orthogonal 
directions indicated in Fig. 2, the difference between them was sig- 
nificant only in the case of the specimens which contained initial grind- 
ing stresses. In these surfaces, the principal stresses are parallel and 
perpendicular to the grinding direction. In all other surfaces, the 
tresses were essentially equal in all directions, permitting calculation 
by means of the simpler equation, 
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Test Surface 











Polished Surface 


Before Tumbling 








L . 
A 


C 
Spindle_ 


Supports 


After Tumbling Tumbled Surface 


B 


Polished Surface 


Fig. 2—Diagram Showing Sepmeater of Arc 
Height Measurements. Arc height change Ah 
is the displacement of the mid-point C of the 
arc ACB. Corresponding change in height of 
the arc DCE is obtained by rotating the 
specimen 90 degrees on its supports 


o:1(w) = o2(w) =o(w) = . See [w*d¢@(w) /dw 
6(1—») ~ 
+4wo(w) —2f ¢(z) dz] Equation 2 
o 

found by setting ¢:(w) = ¢2(w) = ¢(w) in Equation 1 and its 
counterpart. 

Arc height measurements on all 144 specimens before and afte: 
tumbling supplemented the stress analyses. The change induced by 
tumbling is shown schematically in Fig. 2. 


RESULTS 
Tumbling caused every specimen to bend in such a way as to indicate 
introduction of a predominantly compressive residual stress, or reduc 
tion of a predominantly tensile initial stress. This result was entirely 
consistent with the stress distributions found in the 47 surfaces sé 
lected for complete analysis, discussed in the following paragraphs 


Stress-Free Surfaces 


Stresses induced in initially stress-free Rc64 surfaces by No. 2 Amer 
ican emery, Turkish emery, and fused aluminum oxide are compared 
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Tig. 3—Effect of Kind 
all 


Induced in Fully-Har d 1 St | mbling 


in Fig. 3. The distributions exhibit high compressive stresses close to 
the surface which decrease to zero within two or three thousandths of 
an inch. Although the maximum compressive stress and the thickness 
of the stressed layer increase very slightly for the three media in the 


order named, the differences are too small to be of practical importance. 

Fig. 4 demonstrates the effect of abrasive size upon residual tumbling 
stresses induced in initially stress-free Rc64 steel. The magnitude of 
the stress and the thickness of the stressed layer increase with abrasive 
size. Although the stress value for the No. 4 grit appears to be smaller 
than that for the No. 6 at a depth of 0.00005 inch, the difference is 
within the limit of experimental error in the original data at this shallow 
depth. 

The effect of steel hardness upon residual stresses induced in initially 
stress-free surfaces by tumbling with No. 2 and No. 6 fused aluminum 
oxide is shown in Figs. 5 and 6. The magnitude of the compressive 
surface stress tends to decrease and the depth of penetration to increase 
is the steel becomes softer. The effect of abrasive size, noted in Fig. 4, 
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Fig. 4—Effect of Abrasive Size Upon Residual Stresses In 
duced in Fully-Hardened Tool Steel by Tumbling 
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Fig. 5—Effect of Steel Hardness Oe Residual Stresses Induced in Initially Stress 
ree Surfaces by Tumbling With No. 0 Abrasive. 





STRESS EFFECTS O! {SIVE TUMBLING 





-200f 


240° 
Fig. 6—Effect of Steel Hardness Upon Residual Stresses Induced 
in Initially Stress-free Surfaces by Tumbling With No. 6 Abrasive 





Fig. 7—Residual Stresses Induced in Initially Stress-free Surfaces 
by Tumbling With Steel Burnishing Balls 


is again obvious if corresponding curves in Figs. 5 and 6 are compared. 

Stress distributions found in initially stress-free surfaces after tum- 
bling with *%g-inch steel burnishing balls having a hardness of Rc65 
are shown in Fig. 7. Although the depth of stress penetration is com- 
parable to that obtained with No. 6 abrasive (Fig. 6), or with No. 4 
abrasive (Fig. 4), there are marked differences in the stress distribu- 
tions. The compressive stresses in the Rc64 and Rc53 surfaces are 


ippreciably smaller than in corresponding surfaces tumbled with abra- 
sive. The maximum compressive stresses in the Rc32 and Rcl0 speci- 
nens are not found at the surface but at a depth of a few ten thousandths 
f an inch. This behavior contrasts with that of the corresponding 
abrasive-tumbled specimens, which always exhibit their maximum 
ompressive stress at the surface. It is suspected that these differences 
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Fig. 8—-Effect of Tumbling Compound, Shape and Structure of Abrasive, and Barrel 
Type Upon Residual Tumbling Stresses in Initially Stress-free Steel 


in behavior are connected with the cutting action of the sharp points 
of the abrasive. 

Fig. 8 shows the effect of substituting an alkaline soap for trisodium 
phosphate, bonded triangular shapes for pebbles, and a flat-sided barre! 
for a triple-action barrel. Groups C, I and K were tumbled in the order 
named with the same batch of No. 2 fused aluminum oxide abrasive 
The same abrasive was used in another 4-hour test between Groups C 
and I so that, by the time the test on Groups I and K began, the abra 
sive had been used for 8 and 12 hours, respectively. A carefui examina 
tion of corresponding curves in Fig. 8 reveals small differences ; how 
ever, they are too small to be of practical importance and it may be 
concluded that substitution of soap for trisodium phosphate, triangular 
shapes for pebbles, or a flat-sided for a triple-action barrel had little 
effect upon the residual tumbling stresses. The same conclusion may 
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g. 9—Effect of Tumbling Upon Initial Grinding § ; Rc64 Steel. Solid and 
lashed lines represent principal stresses parallel and ) icular, respectively, to the 
grinding marks 
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Fig. 10—Effect of Tumbling Upon Initial Grinding Stresses in Re53 
Stee 
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Fig. 11—Effect of Tumbling Upon Initial Grinding Stresses in 
steel. 
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Fig. 12—Effect of Tumbling Upon Initial Grinding Stresses in Rcl0 
teel. 


be reached concerning repeated use of the No. 2 pebbles and the re 
lining of the triple-action barrel. 


Initially Stressed Surfaces 


The effect of tumbling with No. 0 and No. 6 fused aluminum oxic 
pebbles upon residual grinding stresses in steel is illustrated in Figs 
9-12. In each figure, principal stresses parallel and perpendicular t: 
grinding traverse are designated by o; and oz, respectively. 

In Rc64 steel, the No. 6 abrasive changed the surface stress fron 
slight tension to substantial compression, but did not change the peak 
tensile stress appreciably. The difference between o; and oe persisted 
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Initial He it Treating Stresses in Rc53 Steel 


even after tumbling. The No. 0 abrasive also changed the surface 
stress to substantial compression and, in addition, changed the tensile 
peak from about 120,000 psi at a depth of 0.0005 inch to about 20,000 
psi at a depth of 0.003 inch. The difference between o; and o2 was com- 
pletely wiped out by the larger abrasive. Recalling Fig. 4, which shows 
the effect of these two abrasives upon initially stress-free Rc64 steel, 
it is apparent that the grinding stresses in Fig. 9 were modified to the 

me depths below the surface that the abrasives were able to establish 
residual stresses in the stress-free steel. This observation suggests that 

th the modification of the initial residual stresses and the introduction 

f residual stress into stress-free steel are the result of the same process, 
namely, the plastic deformation of the steel by the abrasive. 


lhe comments of the preceding paragraph also apply to Rc53 steel 
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(Fig. 10) but the effect of the No. 0 abrasive is much more pronounced 
in the softer steel, as is indicated by the complete disappearance of the 
tensile peak. The compressive surface stresses are not quite so larg. 
for either abrasive as in Rc64 steel. This behavior is consistent with th 
effects produced by these abrasives on initially stress-free surfaces, as 
previously presented in Figs. 5 and 6. 
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Fig. 15—-Effect of Tumbling with No. 0 and No. 6 Abrasive 
Upon Initial Heat Treating Stresses in Rc32 Steel 
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Fig. 16—Effect of Tumbling With No. 0 and No. 6 Abrasive Upon 
Initial Heat Treating Stresses in Rcl0 Steel 


In the softer Re32 and RclO specimens (Figs. 11-12), even th 
No. 6 abrasive was able to appreciably modify the tensile peak. This 
increased effectiveness is undoubtedly due to the greater ease with 
which the softer steel can be cold-worked by the abrasive. 

The data in Figs. 9-12 may be summarized by stating that the No. 0 
abrasive completely eliminated all trace of the initial grinding stress 
in the Rce53, Re32 and Rcel0 specimens, and substantially modified it i: 
the Rc64 specimen. This fact is made apparent by comparing the curves 
in Fig. 5 with the corresponding curves in Figs. 9-12. The No. 6 
abrasive, on the other hand, effected significant changes in the initial 
stress very close to the surface but did not completely remove the 
effects of grinding as is evidenced by the difference in o; and a2 dt 
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tected at all hardness levels. From a practical standpoint, however, the 

residual stresses remaining in the surfaces of the Rc53, Rc32, 

{ Rc10 specimens did not differ greatly from those induced in stress 
steel by the same abrasive, as is seen by comparing with Fig. 6. 

The effect of tumbling upon residual stresses in heat treated surfaces 

llows the same pattern as in ground surfaces. The greater effective- 

ness of the larger abrasive and the increased ease of modifying the 


should be pointed out that the Rc10 specimen (Fig. 16) was com- 
pletely free of initial stress. This undoubtedly resulted from the full 
neal given all the Rcl0 specimens. In Fig. 15, it will be noted that 
stress in the specimen tumbled with No. 6 abrasive appears to be 
less compressive at depths greater than 0.0003 inch than the untumbled 
specimen. It is not known whether the compressive stress was actually 
reduced to the value characteristic of the tumbling conditions or 
vhether the initial stresses in the two specimens were sufficiently dif- 
erent to account for the apparent reduction 


CONCLUSIONS 

[he residual stresses induced in stress-free steel surfaces by abrasive 
mbling are uniformly compressive in all directions and decrease 
a maximum at the surface to zero at depth of a few thousandths 
fan inch. Both the magnitude of stress and the thickness of the stressed 
layer increase with particle size of the abrasive. The maximum com- 
pressive stress at the surface decreases and the thickness of the stressed 
ver increases as the hardness of the steel is reduced. The kind of 
brasive, i.e., natural or manufactured, the shape of the particles, the 
pe of barrel, and the tumbling compound exert only a minor influence 
mparison with particle size and steel hardness. The stress patterns 
luced by steel burnishing balls are typically different from those 

btained with abrasive particles having similar dimensions. 
brasive tumbling removes residual stresses resulting from grinding 
r heat treating and replaces them with the compressive stress typical 
tumbling. The degree to which the initial stresses are replaced follows 
e same pattern with respect to particle size and steel hardness as the 
duction of tumbling stresses into stress-free surfaces. Thus, tum 
ing consistently introduces changes in the stress state of surfaces 
ch are favorable to improved fatigue strength 
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DISCUSSION 


Written Discussion: By S. J. Rosenberg, U. S. Department of Commerce 
tional Bureau of Standards, Washington, D. C. 

Inasmuch as hardened steel is known to contain internal stresses, quite oft 
of such magnitude as to cause cracking, the use of the term “stress-free surfaces 
to describe steel of hardness Rockwell C-64 appears to demand some amplificati 

Written Discussion: By James E. Price, research manager, Simonds Abrasive 
Company, Philadelphia, Pennsylvania. 

Dr. Letner has presented a most interesting set of data on the effect of tumbli: 
on residual stresses. 

The Grinding Wheel Institute has sponsored research work to determir 


methods to change stresses generated under certain grinding conditions. Tumbling 
apparently presents another possible answer to this problem. Within the limits 


of dimensional and surface characteristics of the finished part, tumbling ca 
produce a part with built-in residual stresses of proper type for good fatig 
properties. 

I note in the conclusions the statement to the effect that both magnitude 
stress and thickness of the stress layer produced by tumbling change significant! 
only with particle size of the abrasive. As evidence of this, it was shown that the 
triangle bonded abrasive particles and size No. 2 lumps had almost identical stres 
patterns. I am wondering whether the weight of the individual particle was 
the controlling factor. Were the triangles and No. 2 pellets of somewhat similar 
weight ? 


Therefore, would the differences noted between various size materials re 
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No. 2 pebbles were quite similar. The suggested comparison of zirconium oxide 
and aluminum oxide pellets could prove interesting ; however, one must bear in 
mind that there may be inherent differences in the abrasive properties of these 
two materials similar to those observed for aluminum oxide, boron carbide and 
silicon carbide.* 

A broader coverage of tumbling compounds is desirable. Although there 
probably would not be any dramatic changes in the sign of the stress, there 
might be important differences in magnitude or depth of penetration. Similarly, 
in tumbling nonferrous materials, I would expect the differences to be more 
quantitative than qualitative. 

Each specimen was weighed before and after tumbling to determine th 
amount of stock removed. For a particular kind of abrasive, the cutting rate in 
creased with particle size. For a given grit size, the rate was highest for fused 
aluminum oxide, followed by Turkish emery and American emery in that order 
These results parallel the stress behavior. Although the same No. 2 fused 
alumina pebbles were used in three tests, variations in tumbling compound, barrel 
lining, and barrel shape make it impractical to draw conclusions about the 
intrinsic cutting rate of the abrasive in successive tests. 

Removal of highly stressed surface layers causes an elastic readjustment of 
the initial stress in the remaining metal, but this is negligible in comparison with 
the effect of plastic deformation by the abrasive, unless tumbling proceeds for a 
long time. The thickness of metal removed in our 4-hour tests ranged from a 
few ten-thousandths of an inch for No. 0 abrasive working on annealed steel, 
down to a few hundred-thousandths for No. 6 abrasive working on as-quenched 
steel. When one etches layers of this thickness from specimens containing initial 
stresses of the kind shown in Figs. 9-16, he finds that the stress at a given 


point in the metal is very little different than it was before removing the layers 
In this case, there is no cold working of the remaining metal. When the metal 
is removed by tumbling, the abrasive plows along the surface and plastically 
deforms a shallow layer of the metal left behind. The cold working relieves the 
initial stress in the layer and tends to establish its own characteristic stress. It 
is this effect which is responsible for most of the modification of the initial 
stresses revealed in Figs. 9-16. 


* H. W. Wagner, “New Concepts of Abrasive Properties as Affecting Grinding Perform 
ance,"’ Mechanical Engineering, Vol. 72, 1950, p. 225-226. 





THERMAL AND MECHANICAL FATIGUE OF 
NICKEL AND TITANIUM 


By Harry Majors, JR. 


Abstract 


Thermal and load cycling tests were conducted on 0.500- 
inch diameter (I.D.) thin-walled tubes of titanium and 
nickel in direct loading under a constant mean temperature. 
The stresses and plastic strains were obtained. Controlled 
loading conditions were maintained by means of automatic 
electric timing circuits and resistance heating of the speci- 
mens. Analysts of the microstructure shows the influence of 
thermal cycles. (ASM-SLA Classification: Q7j; Ni, Ti) 


INTRODUCTION 

ERY EARLY in the study of the effect of thermal cycling upon 

engineering materials, it was learned that there was a marked 
difference between the behavior of a brittle material and a ductile one 
In general, brittle materials can endure only a small strain prior to 
rupture, while those that are ductile may be thermal cycled many times 
and absorb the plastic strains, but fracture occurs eventually if the 
strains are severe and repeated many times. There are no basic experi- 
ments on thermal cycling brittle materials but some work has been done 
on thermal fatigue of ductile materials. 

The first report on cyclic thermal strain failures was by Boas and 
Honeycombe (1,2,3).! Robinson and Ramsdell (4) measured the re 
sistance to deformation of 18-8 type 304 stainless steel when it was 
thermal cycled under constant load between 1375 and 1720 °F. Coffin 
(5,6,7) has performed thermal cycling tests on type 347 stainless steel 


SCoPE OF EXPERIMENTAL WORK 

lhermal and load cycling tests were conducted on type A nickel and 
type Ti-75A titanium by employing the machines sketched in Figs. 1 
ind 2, and using the test specimens in Fig. 3. These machines were 
made similar to those designed by other investigators (5,8) in order 
to compare results under equivalent conditions. The titanium and nickel 
specimens were tested at mean temperatures of 575 and 525 °F re- 
spectively to avoid any phase changes during the cycling either of load 


The figures appearing in parentheses refer to the references appended to this paper 


\ paper presented before the Fortieth Annual Convention of the Society, held in 
Cleveland, October 27 to 31, 1958. The author, Harry Majors, Jr., is Professor 
and Head, Mechanical Engineering Department, Seattle University, School of 

ngineering, Seattle, Washington. Manuscript received May 2, 1958. 
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Front View 
Fig. la—Front View of Thermal Cycling Equipment 
for Producing Constant Range of Strain. The opaty 
of restraint is determined by the left and right col- 


umns, upon which are mounted strain gage bridges 
for observing the load reaction. 


or of temperature. During thermal fatigue the frequency of cycling was 
100 and 120 cycles per hour for titanium and nickel respectively, while 
under load fatigue cycling the frequency was 60 cycles per hour for both 
materials. The average grain size for the titanium was ASTM No. 7 
and that for the nickel was ASTM No. 5. 

Except for a few specimens the degree of constraint * for each type 
of material during thermal fatigue was constant, being 84 and 74% for 
titanium and nickel respectively. Thermal strains were of opposite sign 
to that of the mechanical strains. All temperatures and “hold times” 
were of such magnitude that the stress-strain hysteresis loops were 
constant in shape throughout the cycling period, excluding the stress 
stabilization in the first 200 transient cycles and the period just prior 
to failure where there were macroscopic fissures. 


Test Specimen 


The thin-walled tubular specimen in Fig. 3 was chosen because it 
included several advantages: 1. The radial temperature distribution is 
nil due to the small thickness and the use of a large A.C. current fo: 


* See comment in appendix. 
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Fig. 1b—Side View of Thermal Cycling Equipment 


resistance heating through the specimen ; 2. Bending stresses near the 
ends of the tubes due to longitudinal temperature gradient are small ; 3. 
Uniform, measurable stresses are produced at the center section ; 4. All 
fractures occur at the middle portion of the straight section ; 5. Buckling 


curs only after considerable plastic flow. 

\fter the nickel and titanium tubular specimens were machined, the 
bore was finished by a rotary motion of a honing rod so that all trans- 
verse machining marks were removed. The outside diameter was pol- 
ished in a longitudinal direction with successively finer grades of 
abrasive cloth until no transverse tool marks were visible under a 20X 
Brinell microscope. All specimens were annealed, prior to conducting 
a test, either by thermal cycling 500 cycles in the thermal fatigue ma- 
chine under no constraint or holding the temperature for 5 minutes in 
the load fatigue machine. Annealing temperature for type A nickel 
was 1300 °F and for the type Ti-75A titanium it was 1200 °F. 

The chemical analysis in Table I was supplied by the International 
Nickel Company and the Titanium Metals Corporation of America. 


METALLOGRAPHIC EXAMINATION 


Each specimen that was prepared for an examination of the metallic 
structure represented a longitudinal section including a ruptured edge. 
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Chemical Analysis of Type “ae Nickel and Type Ti- -75A Titanium 


Constituent Type Type 
= “Ti-75A" 

Nickel Titanium 

% % 


‘C 
Carbon 0.01 0.04 (Less than) 
Manganese 0.10 
Iron 0.12 0.10 
Sulphur 0.005 
Silicon 0.02 
Copper 0.06 
Nickel 99.58 
Nitrogen 0.02 
Oxygen Trace 
Tungsten 0.08 
Hydrogen 0.015 (Max.) 
Titanium 99.70 
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Fig. 2—Load cling Apparatus for Producing Con- 

stant Range of f em my ‘onstant Temperature. The 

hollow columns are heated and cooled riodically ; 

the expansion and contraction motion ing trans- 

mitted to the specimen by means of the upper and 

lower plates. Strain gage bridge mounted on “weigh” 
bar is in series with the specimen. 





In general there were more than 25 grains across the wall thickness of 
the titanium and more than 15 grains across the nickel specimens 
Tables IV and V in the appendix list the characteristics of the various 
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Table Il 

Possible Temperature Conditions for Conducting Thermal Cycling Tests 
Temperature Cycle Variable in Thermal Cycling 
Maximum Minimum Mean Temperature 

Temperature Temperature remperature Range 

Constant Varying Varying Varying 
Varying Constant Varying Varying 
Varying Varying Constant Varying 

I Varying Varying Varying Constant 

Example: Case A: For all tests the maximum temperature would be constant while the minimum, 

and range of temperature would vary from test to test 


“Chamfer 


“F 














Fig Shape of Test Sp« 


heats of material. No structural changes were observed when either 
titanium or nickel was thermal cycled except for some coarse twinning 
in titanium. There was no heavy oxidation of the inner wall surface. 

Some variation in the grain size occurred in the nickel specimens 

\STM 2 to 6), but this influence upon the thermal properties was 
small and it could not be separated either from the usual fatigue scatter 
or the effect of constraint. Baldwin (9) came to the same conclusions 
for thermal tests on AISI type 347 stainless steel which had a grain 
size variation from ASTM | to 7. 


EXPERIMENTAL RESULTS 

It was necessary at the outset of the program to decide upon the 
temperature conditions when one compares load fatigue with thermal 
fatigue cycling. Table II lists four possible combinations of tempera 
tures for the case that the thermal strains were opposed to the mechani- 
cal strains during the cycling period. Case C was chosen for a constant 

ean temperature although it is conceivable that the maximum tem- 
perature of the cycle may have a large influence. A comparison of load 
ycling with thermal cycling fatigue can be made in terms either of 
stress or strain. For the case of titanium in the region of 3000 to 10,000 
ycles of stress reversal, Fig. 4, there was no large effect, but beyond 
12,000 cycles of stress reversal titanium must be stressed less in thermal 
than in load cycling to achieve the same life to failure. 
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Fig. 4—Comparison of Load Cycling with Thermal Cycling of Titanium at a Mean Te 
perature of 575 °F. Stress range versus logarithm of cycles-to-rupture 


Plots of stress range versus logarithm of cycles to rupture for nickel 
are shown in Fig. 5. In order to obtain a life to rupture of 100,000 stress 
cycles, the thermal stress range was 0.8 of that for load cycling. It is not 
known how the ratio of the load cycling to the thermal stress range 
would vary with mean temperature and the maximum temperature of 
the cycle. 

Load cycling can be compared with thermal cycling in terms of per 
manent deformation as well as stress. The range of plastic strain, AEp, 
is defined as that strain determined from the width of the stress-strain 
hysteresis diagram at the change of sign in stress. This strain is ap 
proximated as: 

Aep = Crotar — Aa/Eaverage Equation | 
where: 
Aep = range of plastic strain 
€rotai = range of strain 
Ac = range of stress 
Eaverage = average modulus of elasticity in the range of temperature 


The plastic strain per cycle is 2AEp. It is evident from Figs. 6 and 7 
that the plastic strain sustained under thermal cycling is very much less 
than in load cycling. For the same mean temperature and life to rupture, 
type A nickel under load cycling can absorb two times the plastic strain 
of that in a thermal cycle test ; while type Ti-75A titanium under load 
cycling can absorb five and one-half times the plastic strain of a thermal! 
cycle test. At temperatures higher than 525 °F Equation 1 would tend 
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-Comparison of Load Cycling with Thermal Cycling of Nickel for a Mean Tem 
perature of 525 °F on Basis of Stress. 
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Fig. 6—Comparison of Load Cycling Versus Thermal Cycling of 
Titanium on the Basis of Plastic Strain Range. Mean temperature 
575 °F 
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Table III 


Comparison of Constants in Expression ‘‘N*AE,=C"’ Obtained from Several Sources 


Material 


Inconel 


Inconel 


347 
Stainless 


Type Ti-75A 
Titanium 


Type “A” 
Nickel 


Inconel 


347 
Stainless 





Heat Treatment 


Annealed, 2050°F 
2 hours 


As received, 
small grain 


Extruded bar, 
annealed 30 mins. 
at 1922°F ASTM 
grain size 7 


Annealed 1200°F 
ASTM grain size 6 


Annealed 1300°F 
ASTM grain size 5 


As received, 
small grain 


Annealed rod 
2010°F in dry hy- 


Kind 
of 
Test 
Load 
Cycling 
Load 
Cycling 
Load 
Cycling 


Load 
Cycling 


Load 
Cycling 
Thermal 
Cycling 


Thermal 
Cycling 


Value of 
Constants 


K C 
0.82 1.91 


0.72 


0.52 


Mean 
Temperature 
yo °C 


1300 704 


1300 704 


350 


1300 


662 


urces 
AE, is the Range of Plastic Strain. N is the Cycles of Stress Reversal 


Reference 


10 


drogen atmosphere 


Thermal 0.052 


Cycling 


Annealed rod, 
1200°F, ASTM 
grain size 6 


Type Ti-75A 
Titanium 


Annealed 1300°F 
ASTM grain size 5 


Thermal 0.50 


Cycling 


Type “A” 
Nickel 


to become more inaccurate than at lower temperatures due to the in 
fluence of temperature and strain rate effects. At higher temperatures 
the plastic strain should be determined from autographic records of the 
stress-strain hysteresis loop. 
The fit for the data in Fig. 6 is expressed as: 
N*“Aep = 0.2: Equation 2 
(load cycling, constant temperature 575 °F) 
(type Ti-75A titanium) 


N° "Aep = 0.052 
(thermal cycling, mean temperature 575 °F ) 
(type Ti-75A titanium) 


Equation 3 


In a similar manner the curve for the data on nickel in Fig. 7 1s 
expressed as: 


N° *Aep = 0.42 
(load cycling, constant temperature 525 °F ) 
(type A nickel) 
N°Aep = 0.21 
(thermal cycling, mean temperature 525 °F ) 
(type A nickel) 


Equation 


Equation 5 


The constants of the expression in equation 6 appear in Table 




















N*AEp = Equation 6 


mmparison with the results from other sources. Values of the con 


C” vary widely with temperature whereas the constant “K” 
ies from 0.35 to O.82 for the materials listed. There are not many 
; on one material at other temperatures to indicate clearly the tem 

ture variation of “K.” 


Con LUSIONS 


lhe conclusions are for thin-walled tubes under direct stress at a 
stant mean temperature where the maximum strain is restricted to 
enter section and the thermal strain is of opposite sign to that of the 
hanical. There was no cycling through a phase change. 

n order to obtain the same life to rupture in the region 12,000 to 

1),000 cycles of stress reversal, the thermal stress range must be less 

that of the load fatigue. At 100,000 cycles the stress range in 
ermal cycling for titanium is about 0.7 of that in load cycling, while 
nickel the thermal stress range is about 0.8 of that in load cycling. 
Iso, the plastic strain absorbed in thermal cycling is very much less 

1 in load cycling. For a mean temperature of 525 °F type A nickel 


id cycling can absorb about 2 times the plastic strain in thermal 
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Table IV 
Characteristics of the Three Heats of Type Ti-75A Titanium 
in As-Received Condition 

Average 

Brinell ASTM 
Specimen Hardness Grain Heat 
Number Number Size Number 

Nos. 50 to 62 252 8 M2042D 


Nos. 63 to 86 2 7 M 2686 


Nos. 87 to 112 8 M5087 


Table V 
Characteristics of the Five Heats of Type A Nickel Base Material 
As-Received 


Average 
Brinell ASTM 
Specimens Hardness Grain Heat 
Machined Number Size Number Remark 
Nos. lito ll 107 4 N3134A Well anneale 
structure 
Nos. 12 to 16 105 : N6336A4 Grains are 
el mngated 
Nos. 17 to 30 94 N6O70A4 Well anne 
Nos. 31 to 42 x Ses 
Nos. 43 to 73 NS5455A Not 


anneaied 


cycling ; and type Ti-75A titanium in load cycling at a mean tempera 
ture of 575 °F can absorb approximately 5 times the plastic strain iv 


thermal cycling. 

Values of the constant “C” in Equation 6 varied widely with ma 
terials and temperature from 1.91 to 1.90, whereas the constant “K 
varied from 0.48 to 0.82 for the materials listed in Table IT] 

The effect of the ASTM grain size from 2 to 6 in nickel was smal 
Except for some coarse twinning in titanium no other structura 
changes were observed. There was no oxidation of the grain boundaries 
at the inner surface of the tubes. 


Appendix I 
DEFINITIONS OF SYMBOLS AND TERMS 
____Number of cycles of either stress or strain or tet 
perature reversals to fracture. 
_—_Plastic flow per half cycle. The width of the stress 
strain hysteresis loop where the stress changes sig! 
Range of plastic strain. 
K,C ________Constants in the equation, NSAE, = C. 
“maximum Range of strain. Maximum strain minus minimun 
having due regard to sign. Also, maximum strat 
range. 
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__Range stress. Maximum stress minus minimum 
stress, having due regard to sign. 
\verage modulus of elasticity. At higher and higher 
temperatures, the modulus is influenced by strain 
rate and temperature, making it difficult to specify. 
Temperature range. 
\verage coefficient of linear expansion in the range 
of temperature. 
_Effective length for determining the maximum range 
of strain on the tubular test specimens. 
__ Total plastic strain. 
egree of constraint is defined as the ratio of the mechanical strain 
the maximum unrestrained thermal strain times 100% when the 
hermal strain is opposed to the mechanical strain. This varies from 0 

100% and is influenced by the rigidity of the supporting columns and 
nsulating washers. When the mechanical strain is in phase with the 
hermal strain, arbitrarily, the degree of constraint is negative and may 

ceed —100%. 

Load cycling refers to a periodic stress change at constant maximum 

rain range under a constant temperature. The majority of fatigue 
tests are constant load tests where the strain may vary during the life 
such as in the usual rotating bending fatigue test. 

Thermal cycling refers to a periodic stress change induced by re- 
strained expansion, of varying degree, under periodic temperature 
change. One may specify constant strain conditions or constant load. 

Hold time refers to the length of time that the temperature was held 


ither at maximum or minimum temperature. 
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DISCUSSION 


Written Discussion: By L. F. Coffin, Jr. and J. F. Tavernelli, Research Labora 
tory, General Electric Company, Schenectady, New York. 

Professor Majors has presented some interesting results on the strain cyclir 
resistance of nickel and titanium with constant and cyclic elevated temperatur¢ 
Of particular interest was the representation of the data in terms of the plasti 
strain range and cycles to failure on a log-log coordinate system, and the evalu 
ation of the constants K and C from the equation N*Ae, = C. This representation 
of cyclic strain fatigue data has been used frequently by one of the writers and 
is the basis of a paper being presented at this same session.* It has been show: 
from that work that the exponent K most closely fits the experimental infor 
mation when it takes on the value of 0.5, and that the constant C is related t 
the fracture ductility of the material when defined as the true strain at fracturé 
While the latter specification appears fortuitous, the former, namely K = 0.5, ma 
have some fundamental justification. Since the present paper gives values of K 
much less than 0.5 for type A nickel under conditions of both constant and cyc! 
temperature strain cycling, it is important <o investigate the reason for the di 
ference 

In some recent work ** the writers have studied the room temperature strair 
cycling resistance of both nickel A and commercially pure titanium in the ran; 
of cycles to failure of from '%4 to 20,000. It is of interest to compare these root 
temperature results with those obtained by Professor Majors at elevated ten 


peratures. This is done in Figs. 8 and 9. Insofar as the room temperature behavir 


is concerned, it can be seen that a straight line having a slope of (whi 
* J. F. Tavernelli and L. F. Coffin, Jr., ‘A Compilation and Interpretatior 
Fatigue Tests on Metals,” Transactions, American Society for Metals, \ 
438-453 


** L. F. Coffin, Jr. and J. F. Tavernelli, “The Cyclic Straining and Fatigue of Metals 
mitted to the American Institute of Mining and Metallurgical Engineers for publicatior 
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Fig. 9—Plastic Strain Range vs. Cycles to Failure. Material: Titanium. 
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is equivalent to K=0.5) can be drawn through these results. A line with 
similar slope is drawn through the test points obtained by Professor Majors 
would appear that for all tests the straight line having the value of K = 0.5 oi 
the appearance of a satisfactory fit to the test data over the ranges investigate 
Also included in these figures are the room temperature and elevated temperatur: 
ductilities as measured from a tension test and as determined by extrapolating 
the straight line drawn through the experimental points to the value N 
The extrapolated value at N = '4 from Majors’ investigation is given for 
load cycling data only. A comparison of these values gives a measure of th: 
reliability in defining the constant C in terms of the true strain at fractur: 

With respect to the value k selected by Professor Majors as representativ: 
the resistance of this material at 575 °F, it is observed from Fig. 8 that in actu 
a large variation in the value of K may be chosen because of considerable scatte: 
and the narrow band in the number of cycles to failure. Only when seve: 
decades in cycles to failure are obtained can the exponent K be determined wit 
reliability. The writers question, therefore, whether the tests of Professor Maj 
justify the exponents chosen to represent them, and whether on the basis of ro 
temperature results presented, the value K = 0.5 is not equally valid fo 
elevated temperature cyclic behavior of Nickel A. 

Written Discussion: By A. P. Levitt, chief, High Temperature Branch, Wate: 
town Arsenal Laboratories, Watertown, Massachusetts. 


I wish to congratulate the author for his valuable contribution to the field 
thermal and mechanical fatigue. By designing test equipment which reproduc: 
the test conditions of other investigators in this field, he has greatly increased t! 
value of his data since they can readily be compared with earlier tests 

This paper answers the questions which were asked at the outset. Namel 
how do nickel and titanium compare in thermal and mechanical fatigue whet 
cycled through the same mean temperatures? It was found that each of tl 
materials can absorb much greater stresses in load cycling than in thern 
cycling for the same life to failure. 

I would like to suggest a possible explanation for the poorer performance 
these materials when cycled thermally. Although great care has been taken 
this study to obtain the purest metals commercially available, the chemical 
analyses shown in Table I indicate that the nickel and titanium did possess 
minor impurities. 

Consider such a metal specimen which is cycled thermally without restraint 
This specimen will undergo periodic changes in strain without apparent stres 
However, it is conceivable that even minor impurities, consisting of foretsg 
atoms having radii which are considerably larger than those of the parent meta 
as well as dislocations, could act as sources of local stress which upon heating 
and cooling cause irreversible plastic deformation. This plastic deformation cou 
in turn produce localized regions of damage, which would progress to the poi 
where the material would fail if thermally cycled without external loadin for 
sufficiently long time. 

Thus, when these materials were thermally cycled with restraint, they must 
stressed through a lower range than when mechanically cycled becaute of t! 
additional internal “damage” caused by impurities and dislocations. In this 
nection, it would be interesting to compare thermal and load cycling effects whi 


ultra pure materials are used, such as those that can be obtained by zone refining 











While we now have 


FATIGUI 








OF NICKEI 


the answers to the original 


tions yet remain to be answered. They art 


1. How does the ratio of the load cyé ling st1 


stress range vary with mean temperaturé 





ITANIUM 435 


uestions, further interesting 


ss range to thermal cycling 


2. How does this ratio vary with the maximum temperature range of the 


( ycle : 


Professor Majors is now directing a project 


ed at answering this last question. W« 


Written Discussion: 
us, Ohio. 


[his paper presents some very interesting data 


tionships between t 


By 


| 


D 


rm 


N. Williams, 


il and mechar 


3. What is the effect of combined stress 


t Seattle University which is 


look forward to his results. 


Battelle 


on 


Memorial Institute, Colum 


an important problem; the 


ical fatigue. I would appreciate any 


litional information which the author may be able 


nt 


a) Data reported in Table III for fine 


in thermally cycled 


tlerence 


Data on mechat 


the behavior to be quite similar to that in 


and C for mechanical fatigue were 0.4. 


KK 


Mle 


e less at equivalent values of plastic s 


iterial. What 


graines 
trai 


explanat 


fatioue of 347 stainles 


in Table III, were 0.50 and 0.36. Sinc 


anical fatigue is greater for titanium than for 


tigue life being less in 


bot 


h cases, it sec 


tor. Comparison of the data reported he 


vacuum or with mechanical fatigue dat 


imum rather than 1 


lso, metallographic study 


rit 


an 


le in the fatigue cracks. \ 


thermal fatigue temper 


Vas any oxide 


If it is assumed that corrosion-fatig 


observed difference ? 


Written Discussion: | 


Che author conductec 
] 


, 
ry 


| 


] 1; 


hetween thermal and mechanical fatigue lif 


Nicholas Grossn 


n, United States Atomic 


tests to determine 


Energy Comm 


of nickel and titanium metals. The 


Stress at a constant 


m 


ean temperatu 


our search for a better understanding of 


nical cycling behavior of metals. Th 


clear and concise description of the testing te 


> 


>and 


+] 
ri ‘ 


Ms 


re 


a opDtaine 


of the fracture ar 


noted 
ue 1s not 


n \ i 


lan, Divi 


1SSs101 \\ 


to add on the following two 


t 
I 


conel show the fatigue life 


nechanically cycled material 


Ti 


4 


1 


conclusiot1 


re. This 
the relat 


e author 


santly and pedantly conceived and carried out 


not explained in the 


paper why the 


nt heats and the nickel samples from 5 different 


I F. Coffin The Problem 


n can be offered for this 


steel reported by Coffin * 


thermal fatigue. Reported values 


Thermal fatigue values, as 
rence between thermal and 


nickel, with the thermal 


that corrosion may be a 


mal fatigue data obtained 


| at temperatures near the 


iture would be of interest 


ight show the presence oi 


mtributing to a difference 


her factors may be causing 


ion of Licensing and Regu 


shington, D. (¢ 


thermal and load cycling be 


s are for thin-walled tubes 


vork fills an important gap 


} 





mship between thermal and 
hould be complimented on 


ique employed. They were 


titanium samples came from 3 dit 


ats. It may be desirable to 


Austenitic Steels at Elevated 


blication No. 165, p l 





I 








436 TRANSACTIONS OF THE ASM Vol 


restrict, at least in the initial stages, the tests made from samples coming fror 
the same heat. 


The data showing the effects of load cycling of titanium metals plotted 


Fig. 4 of the article may indicate that the data obtained were either inconclusiv. 
or insufficient in number. It would greatly enhance the reliability of the data and 
the empirical equations derived from them if the curves on Fig. 4 could be sup 
plemented by additional data points for the load cycling tests. 

The author mentions that the metallographic examinations of the thin-walle 
tube samples indicated an average of 25 grains across the titanium samples an 
15 grains across the nickel samples. Because of the importance of grain sizes at 
elevated temperature behavior of metals it would be helpful if the significance of 
the grain sizes would be touched upon in the explanation of the test data 

It is hoped that the author will carry out further tests on the thermal an 
mechanical cycling loading of metals using the same basic testing approach at 
enhance our knowledge in this field. 


Author’s Reply 

The author expresses his appreciation to the discussors who have contributé 
many fine constructive comments, and each has emphasized the several aspects 
strain cycling. 

It was difficult to determine the best slope of the data in Fig. 7 because of t! 
limited range of cycles of strain reversal. In view of the greater spread of stra 
range attained by Tavernelli and Coffin on nickel at room temperature, the aut! 
agrees that the value of K = 0.5 is valid for the elevated temperature behavi 
(525 °F) of type A nickel as well as room temperature. This is reflected in Fig 
for load and thermal cycling. It is not known at what temperature that the slop: 
of — '% might change. Either phase changes or oxidation effects may play 
larger role at higher temperatures. 

Mr. Levitt has suggested some of the many facets of the problem of isother: 
strain and thermal strain cycling. Tests on ultra pure materials would shed a | 
of evidence on the part played by minor impurities in nucleating thermal stra 
cracks. Further studies in inert atmospheres would determine the effect of oxida 
tion under atmospheric conditions. Studies are in progress to find the influet 
of the mean temperature of cycling and the role of combined stresses. The max 
mum temperature of the cycle may be related to the buckling effect in thi 
walled tubes; especially if the tubes are under constant internal pressure whil 
the temperature oscillates. Also, how stable are the shapes of the stress-strai 
hysteresis loops at higher temperatures ? 

Mr. Williams has touched upon several topics which indicate the complexit 
of thermal strain cycling. Question (1) refers to data in Table III. The value 
for fine-grained Inconel under load cycling at 1300 °F are misprinted. The correct 
values of K and C are 0.72 and 1.25 respectively. 

Question (2) relates to the possible influence of the maximum temperature 
the cycle and the part played by oxidation. Some temperature other than the 
mean temperature in thermal cycling may be a better choice for comparing wit! 
load cycling. No data has come to the author's attention in regard to this matter 
The author agrees that data obtained in a vacuum would be of great interest 
well as experiments showing the influence of impurities. The titanium and ni 
specimens exhibited a thin oxide film but no changes in microstructure wer: 





FATIGUE OF NICKEL AND TITANIUM 437 


d, under either load cycling or thermal cycling (constant total strain con 
ns ) 
a series of tests where the stress was constant, alternating thermal strains 
superimposed upon the mechanical strains, in- and out-of-phase with the 
nical strain. Under these conditions there were intergranular oxidation 
ires, being similar to creep-rupture fissures 
Grossman has presented some well-timed questions. Specimens of titanium 
nickel were allocated in thermal cycling tests, load cycling tests and thermal 
ng tests under constant load (not reported here). During the trial run 
xls small quantities of heats were used and a number of specimens were lost 
» failure of the control systems. Table VI shows that the essential data for 
nickel specimens came from heat No. N5455A while that for the titanium 
e from heats Nos. M2686 and M5087 


Table VI 
Distribution of Test Specimens 


Specimen Numbers Heat 
il Fatigue Load Fatigue Number Material 
N3134A Nickel 
N6336A Nickel 
24 N6070A Nickel 
N6000A Nickel 
44 to 72 im N5455A Nickel 
55. 57, 60 M 2042D Titanium 
No failures at 
30,000 psi ir 
178.000 cycles 
68, 70, 71, 74, 7 63, 80, 81, 82 Titanium 
77, 78, 79 
88, 90, 91, 96 7,3 2 Titanium 


\ comparison of test results emanating from the same heat shows considerable 
| 


utter. There are numerous difficulties in conducting thermal cycling tests. In 
neral tests should be compared from the same heats, but when the comparison is 
erms of plastic strain, the variation in heat to heat seems to have only a small 
nfluence for the conditions tested. The author agrees that more load cycling 
ts are needed 
Grain size appeared to have little influence on the test results. It is known that 
grain size of metals affects the tensile properties and creep strength, but 
ildwin (9) observed no effect on his load cycling results for a grain size 
riation of 1 to 7,.under 100,000 cycles of strain reversal. At higher tempera 
es the grain size may have a larger role such as the results of Kennedy (10) 
tabulated in Table VII under load cycling conditions. Here the influence of grain 
is upon the constant “C.” 


Table VII 
Load Cycling Inconel (Reference 10) 
Influence of Grain Size on the Contants K and C 


Constant ’ nt 7Yait Range of Cycles 
: of Strain Reversal 

1300 0.83 7 re 5 to 4000 
1300 0.72 2 Fine 5 to 4600 
1500 0.64 92 irs 0.5 to 10,000 
1500 0.66 ne 0.5 to 10,000 
1600 O81 2.28 rse 10 to 1000 
1600 0.80 47 t 10 to 1000 





A COMPILATION AND INTERPRETATION OF 
CYCLIC STRAIN FATIGUE TESTS ON METALS 


By J. F. TAVeRNELLI AND L. F. Corrin, JR. 


Abstract 

Cyelic-strain fatigue data from several investigators and 
the authors’ studies are compiled and interpreted from a 
plastic strain range point of view. The relationship 
N*/*Ac, = C best fits all the available data regardless of the 
metals tested, the temperature of testing, and the manner 
of testing. Here N is the number of cycles to failure, Ae», 
the plastic strain range, and C, a constant. 

The significance of the fracture ductility to low-cycle 
fatigue is also discussed. It is found that when the fracture 
strain value is placed on the fatigue curve at N = \4, good 
agreement results, thus giving avery simple method for pre 
dicting the fatigue behavior of the metal. (ASM-SLA Clas 
sification: 07, 1-54) 

INTRODUCTION 
HE PHENOMENON of low cycle fatigue in metals is an impo 

. tant factor in limiting the useful life of structures and machines and 
should be considered by the designing engineer. There are a host oi 
practical examples where cyclic thermal stress or cyclic-strain con 
siderations are important in aircraft, automobiles, power equipment 
such as gas and steam turbines, and structural equipment. 

Some work has been done in the past in both the thermal and mx 
chanical fatigue areas. Coffin has reported the results of a study ot 
cyclic-strain and fatigue failure arising from thermal stresses (1 
Johansson has made a study of the fatigue of different steels at a con 
stant strain amplitude and elevated temperature (2). Low has reported 
his results of short endurance fatigue on steel and aluminum alloys (3 

Saldwin, Sokol, and Coffin have studied the effect of cyclic-strain fa 
tigue on AISI type-347 stainless steel (4). Gross and Stout studied 
the plastic fatigue resistance of carbon and high strength steels as in 
fluenced by composition, heat treatment, surface preparation, stress 
raisers, welding, and cold work (6). A study of the biaxial fatigue prop 
erties of pressure vessel steels has been reported by Bowman and Dolan 
(7), but the results of this investigation are not included in this report, 


' The figures appearing in parentheses pertain to the references appended to this paper 


\ paper presented before the Fortieth Annual Convention of the Society, hel 
in Cleveland, October 27 to 31, 1958. The authors, J. F. Tavernelli and L. |! 
Coffin, are associated with the Metallurgy and Ceramics Research Department 
General Electric Company Research Laboratory, Schenectady, New York. Manu 
script received May 12, 1958. 
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nee it pertains to biaxial and not uniaxial conditions. Bailey has in 
estigated repeated strain testing as an aid to engineering design and 
ractice (8). However, the values of the strain range employed were 
o limited to apply to the present interpretation. In the present inves 
tigation, the effect of cyclic strain at room temperature is currently 
being studied on annealed aluminum, copper, low carbon steel, nickel, 


tis 


nd 347 stainless steel; cold-worked aluminum and copper; and alu 


LTith 


minum alloy 24ST. 

It is the purpose of this report to summarize the pertinent available 
information and to show the simplicity and regularity of the data when 
represented by relating the plastic-strain range and the number of 

veles to failure. The significance of the fracture ductility in predicting 


vclic-strain fatigue resistance is also investigated. 


TESTING METHODS 


Festing Method of Coffin (1) (Cyclic Temperature and Stress) 

\ flanged-end, thin-walled (0.020-inch) tubular test specimen was 
subjected to a cyclic temperature. The specimen was rigidly clamped 
t each end and the thermal expansion and contraction was prevented 

top and bottom plates. The temperature cycle was divided into four 
parts: (a) heating, (b) high temperature hold, (c) cooling, and (d) 
low temperature hold. The thermal deformation of the test specimen 
between the high and low temperature hold was found by cycling, first 
without, then with, end constraint, and subtracting the two quantities 
The elastic strain was found from a knowledge of stress, measured by 
strain gages on the supporting columns. 

For a more detailed description of the apparatus and testing methods, 
the reader is referred to References ] and 8. 

rhe temperature range of testing was between 100 and 600 °C (210 
ind 1110 °F), 


) 


Testing Method of Johansson (2) 

\ round tapered test piece was bent between two limit positions 
The lower end of the specimen was fixed to the frame of the machine 
ind its upper end was connected to the end of a rod which was coupled 
to an air servo motor. Adjustable stops limited the movement of this 
‘od, so the position of these stops determined the amplitude of the upper 
end of the test specimen. The force required to bend the test pieces be 
tween the two limit positions was measured with a strain gage dy 
namometer. Three specimens were tested simultaneously, each with 
the same strain amplitude, but the load on each specimen was measured 
separately. 

lor temperature testing, a furnace was placed around the end of the 
apparatus containing the test specimens. Temperature testing was per- 
formed at 20, 300, and 500 °C (68, 570 and 930 °F). 
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Testing Method of Low (3) 

A plane-bending fatigue testing machine which could apply a preset 
angular movement to the ends of a flat rectangular test piece was used 
for applying strains up to +1%. For strains higher than +1%, a rig 
was designed for use in a tensile machine which would give the samy 
end conditions as the machine used for strains up to +1%. In thes: 
tests the maximum fiber strain was determined from the curvature at 
the test section. Tests in the tensile machine were hand operated at a: 
average rate of 31% cycles per minute while the rate of the other was 
controlled between 200 and 600 cycles per minute. 

Tensile tests were made using an extensometer for the elastic portion 
of the curves, and an autographic recorder was used to obtain load 
extension curves. A mean stress-strain curve for each material up to a 
strain of 5 or 6% was utilized for converting strain readings in th 
fatigue tests to equivalent stresses. 


Testing Method of Baldwin, Sokol, and Coffin (4) 


The cyclic-strain fatigue equipment used in this investigation trans 
mitted a cyclic longitudinal strain to a test specimen. This was done by 
oscillating the lower specimen fixture (weight bar) through a constant 
vertical amplitude and transmitting this motion through the specimen 
to the upper specimen fixture (called the sliding head). This sliding 


head was a long piston, the amplitude of which could be adjusted by 
means of threaded stops. 

Circular motion of an electric motor was converted into linear oscil 
latory motion of fixed amplitude by driving a scotch yoke assembl) 
through a vee belt and stepped pulleys, reduction gear and drive gear 
The scotch yoke consisted of an eccentric cam shaft, follower and main 
block. 

The specimen train which was connected to the main block of the 
scotch yoke consisted of a weigh bar, specimen, and sliding head. Th 
weigh bar was an accurately-machined steel bar upon which wer 
mounted wire resistance-type strain gages. These gages, when cali 
brated, were used with a strain indicator to determine the load and 
stress on the specimen during the cycle. The specimen was a cylindrica! 
tensile-type specimen with a uniform polished gage section and threaded 
ends for attachment to the main block and sliding head. 

Since the gage section of the specimen was made the weakest part 
of the specimen train, most of the mechanical strain was imposed in 
the gage length of the specimen. The strain in the specimen during a 
test was measured by two dial gages, an average strain resulting from 
the two readings. 

For elevated temperature tests, a 300-watt resistance heater was 
used. 
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Testing Method of Gross and Stout (6) 

lhe fatigue specimens were loaded as cantilever beams subject to 
ed deflections in a cam-type machine. Beam type specimens with 
radiused test section were used. The strain range on the outer fibers 
the test section was measured with an optical strain gage. Failure 
f the specimen was indicated when it showed an inability to transmit 
id to the fixed end. 

[he specimens were tested in plastic fatigue in the following condi 
ns: (a) as-received, (b) as-received and notched, and (c) as- 
elded. To delineate the factors which control the resistance to plastic 
tigue failure, tests were conducted at various strain ranges. 


Testing Method of Current Investigation 
rhe cyclic-strain fatigue equipment for small strains developed for 
his investigation was essentially the same as that described by Bald 
vin, Sokol, and Coffin (4). However, for measuring the strain ampli 
ude of the specimen, diametral strains were obtained on the minimum 
liameter of hourglass-shaped round specimens. A dial indicator was 
ounterbalanced and pivoted on a point fulcrum, enabling it to move 
eely to follow the changing diameter. Load measurements were 
ide by wire resistance-type strain gages mounted on an accurately 


nachined tool steel weigh bar. These gages were used in conjunction 
ith an Instron portable recorder. From the load, a corresponding 


tress was calculated. 
For large strains, a constant velocity, reversible direction tensile 
iachine was adapted. A Baldwin-Lima-Hamilton SR-4 load cell and 
Instron recorder were used for measuring the load on the specimen 
luring testing. The dial indicator setup was used for determining the 
liametral strain amplitude. This machine was manually operated, a 
versal taking place when the dial indicator showed the limit of the 
liametral strain amplitude. Fig. 1 shows the test specimen used in the 
large strain (> + 1%)—low cycle fatigue tests. Fig. 2 shows that 
pecimen used in the small strain (< + 1% high cycle fatigue tests 
th types of specimens are hourglass shaped, machined and polished 
refully. This type of specimen concentrates the stress, and therefore, 
‘ain, at the minimum section. Details of these tests will be forthcoming 

i later report. 


MATERIALS AND HEAT TREATMENT 
Cyclic Temperature and Stress Investigation (1) 


(he material investigated here was solution-treated type-347 stain 
ss steel. This treatment was performed on the finished specimens 
heating to 1100°C (2010°F) in a dry hydrogen atmosphere and 


ooling rapidly to avoid sigma-phase formation 
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3-16 Thread 
Fig. 1—Test Specimen Used 
in the Large Strain ( + 
%) Low-Cycle-Fatigue 
Tests. 


Johansson’s Investigation (2) 


An austenitic 18/8 chromium-nickel steel, a 13% chromium ste« 
and a low alloy chromium-molybdenum steel with 3% chromium, 0.4‘ 
molybdenum were tested. No heat treatment prior to testing was ré 


ported. 
Low’s Investigation (3) 


An aluminum-5% magnesium, a clad aluminum-copper alloy, an 


+0.0005 
1.3750 -0.0000" —o}po-o 


. = | 
+0.0000" ¥ 4 } —— f———f 
1 
9 


7499 -0.0003" 
‘ 
0.250 +0.002 Dia 
+0.000" 
0.495 ~0.002 Dig 
the Small 


2—-Test Specimen Used in 
Tests. 


Fig 
) High-Cycle-Fatigue 


Strain (<< +1% 
three steels designated as S92, En2, and En25 were tested. No heat 
treatment prior to testing was reported. 

Baldwin, Sokol, and Coffin Investigation (4) 
The material tested in this investigation was AISI type-347 stainless 


steel. Several material forms were used, depending upon the variabl 


being investigated. 
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\ll the material was solution treated by heating to 1100°C (2010°F) 
nd cooled rapidly. 


Gross and Stout Investigation (6) 


Six high strength steels that appeared to be suitable for pressure 
pplications were investigated. Sufficient data for this report were 


iven for two steels, A-201 and 9O B. 


lhe condition of these two steels for testing is as follows: 


\-201 Normalized 
90-B Quenched and tempered. 


Current Investigation 


lable I shows the materials tested with their heat treatment, initial 


inimum diameters, and radii of curvature. The initial condition of the 


Table I 


Heat Treatment 


660°F) for 1% he 


0.2504 350° 
It bath, air-cooled 

None 

350°C 660°F) for 1% hours in 

salt bath and air-cooled prior to 


prestraining and no further heat 


0.2504 
0.2504 


treatment 

400°C (750°F) for 1 hour in vac 
and slow furnace-cooled 

None 

N 


ne 


1000—1350° F for 1 hour in vacuur 
ind slow furnace cooled 
700-750°¢ 1290-1380°F) for 1 
ir in vacuum and slow furnace 
n dry He for 1 hour ar 
yoled in He chamber 
s relieved at 350°C (660°F 
inutes in salt bath and air 


nch long with 1/2-20 threa e with adapters. 
iterial prior to testing was given particular attention. All specimens 
f the same material were heat treated similarly to insure material of 


similar quality 


DETERMINATION OF PLASTIC-STRAIN RANGE 
Che usual approach to the fatigue problem is from the aspect of 
stress. The stress is usually calculated on an elastic basis. In the case 
low cycle fatigue, however, there is a high degree of nonlinearity 
between cyclic stress and strain. Therefore, a design based on stress 
has little meaning, but one based on the total strain range or the plastic 
strain range is more rational for analyzing the cyclic life of a structure. 


Chis is the approach which is taken in this report. 
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The plastic-strain range is here represented against the cycles 1 
quired for failure. Failure can be defined as that number of cycles 
quired to induce the first sign of an observed fatigue crack, or the fi 
drop in load, or complete separation, provided in any series of tests 
consistent definition is followed. The total strain range is a more dir 


measurement, but basically it is less meaningful than the plastic-strain 
range. Methods for calculating the plastic-strain range are given beloy 


Plastic-Strain Range—Cyclic Temperature and 
Stress Investigation (1) 

In this work the thermal strain was found from the thermal d 
formation of the test specimen between the high and low temperatures 
of the cycle. The elastic strain was calculated from a knowledge of th 
stress involved. Because of the end constraint the thermal strain was 
equal and opposite to the total strain. The plastic-strain range was ther 
found by subtracting the elastic portion from the total strain. 


Plastic-Strain Range for Investigation by Johansson (2) 


The maximum strain amplitude for these tests was given in the dis 
cussion of his test results. These percentages were multiplied by tw 
to give a corresponding strain range. Since there was no report of the 
stresses involved, a calculation of the elastic strain was not possibl 
Therefore, the points shown on the plastic-strain range ordinate ary 
actually a total strain range. Removal of the elastic strain involves 
very small correction for the strains involved in these tests and has 
little effect on the results. 

To find the fracture ductility of the materials in a simple tension 
test, recorded as the '4-cycle value in a fatigue test, the reported valu 
for reduction in area was applied. 

Plastic-Strain Range for Investigation by Low (3) 

The results of the plane bending fatigue tests were given by a set 
of tables in the Appendix of the paper (3). The total strain was giver 
as maximum fiber strain and the elastic strain was calculated from th 
given stress and modulus of elasticity. A subtraction of these tw 
quantities gives the desired plastic-strain range. The reduction in ar 
value again was used for determining the fracture ductility value at 
14 cycle. 


Plastic-Strain Range for Investigation by Baldwin, Sokol, 
and Coffin (4) 

In this investigation the plastic-strain range was found by subtract 
ing the elastic-strain range from the total strain range. The total strain 
range per cycle was a quantity obtained during the test. The elasti 
strain range was found by dividing the stress range per cycle by the 
modulus of elasticity. 
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lensile stress-strain data were obtained for determining the '4-cycle 
cture ductility values. 


Plastic-Strain Range for Gross and Stout Investigation (6) 


[he plastic-strain range versus cycles to failure curve was included 
the report of Gross and Stout (Fig. 8). To determine the '4-cycle 
cture ductility value, the given reduction in area value was con 
rted to the true strain at fracture. 


Current Invest 


During the conduct of strain-fatigue tests certain data were ob 


ned, including : 


es — Diametral-strain amplitude 
\o Stress range per cy¢ le 
N Number of cycles to failure 
Knowing the diametral-strain amplitude, the longitudinal plastic 


In range can be calculated as follow 


7; é vAo/2E 
Ae —4e*, 
Ae, 4ey 2vAc/E 
t Poisson’s ratio (0.3) 
Elastic modulus 
e*, = Plastic-diametral-strain amplitude 
Ae, Plastic-strain range, longitudinal 


T 


lensile stress-strain data were obtained for determining the '4-cvcle 


ture ductility values. 

COMPARISON OF TEST RESULTS 

Che plastic-strain range, rather than the stress range, is considered 

be significant, and the fatigue data on all materials reported here 
re plotted on log-log coordinates. The plastic-strain range (Ae,) is 
plotted versus the cycles to failure (\ These data are shown in 
Figs. 3 through 7. 

In addition to the above data, the tensile stress-strain data are im 
portant for comparison and interpretation of the cyclic data. This in 
formation has been obtained for each test material and utilized in the 
same plot. 

It has been shown that the relationship 

N*Ae, = Equation | 


here k 14 and ¢ is a constant related the fracture ductility, e,, 


irately predicted the known strain cycling data available (1). It 


e consider Equation 1 as predicting the fracture ductility and that 


failure occurs in '4 cycle, the following holds true * 


ulty, of course, arises her¢ 
t 1 relat nship bet weer varial 

t er for the plastic-strain range at N 
ity gives the best fit to the data 
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Table Il 


2c —€; 
Material f 2c = 
Coffin Data“ 
347 Stainless Steel (annealed) 72 me 0 
\. Johansson Data‘? 
18-8 Cr-Ni steel B 1.65 1.36 90°C 21 
13% Cr steel A 1.23 1.28 <@0 4 
Cr-Mo steel B 1.34 1.22) (F) 10 
18-8 Cr-Ni steel B 1,22 1.50 300°C +19 
Cr-Mo steel B 1.23 1.14 (S70°F) x , 
18-8 Cr-Ni steel B 1.07 1.26 500°C +15 
Cr-Mo steel B 1.70 86 930°F) 98 
\. C. Low Data 
\l alloy DTD546B Al .70 +4] 
5% Mg alloy .28 .62 +55 
Steel S92 1.20 96 25 
Steel En 25 1.05 .82 28 
Mild steel En2 .89 .96 7 
Baldwin, Sokol, & Coffin Data 
347 Stainless Steel (Rod) 1.32 1.90 6 ? +31 
1.30 1.56 200°C +17 
(390° F) 
1.03 1.40 350°C 
(660° F) 
1.09 1.18 500° ¢ tT 8 
(930° F) 
1.13 0.86 600° ( 31 
1110°F) 
Gross & Stout Data® 
Steel A-201 1.14 1.64 + 30 
Steel 90B 0.73 0.80 +9 Le 
Tavernelli and Coffin Data P 
2S Al (annealed) 1.71 1.80 a) 
2S Al (as received) 1.22 1.76 +31 
2S Al (pre-strained) 
10% 1.50 1.80 +17 
20°; 1.40 1.76 20 
30%, 1.30 1.52 14 
40% 1.20 1.30 . 
OFHC Cu (annealed) 1.40 1.80 22 
OFHC Cu (as received) 85 1.84 54 
OFHC Cu (swaged 3343 % in dia.) 78 1.36 43 
Low carbon steel (1018) 1.05 1.26 17 
Ni-A (annealed) 1.10 1.48 6 
347 S. S. (annealed) 98 1.26 22 
24ST (stress relieved) 40 .96 +58 
c= (1/4) ee = e/2 Equation 2 


In Table II] a comparison is made between the calculated 2c¢ from 

particular N and Ae, (using k = %) and the quantity e. In the data 

by Coffin (1); Baldwin, Sokol, and Coffin (4); and the current in 
vestigations, this fracture ductility value, e, was determined from 

plot of true-stress versus true-strain as found from a separately con 

ducted tension test. To determine e- for the data by Johansson (2 

Low (3), and Gross and Stout (6) the reported value for reduction i 
area was applied as follows: E 

%R.A. = Ao —A/Ao X 100 
1 — %R.A./100 = A/Aw 


100/100 — %R.A. = Av/A 
In 100/100 — %R.A. =In A./A =e 


where: R.A. = Reduction in area A = Final area 


A. = Initial area er = Fracture ductility. 





temperature of testing, and the manner in which the fatigue test is made. 
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] Plastic-Strain Range Versus Cycles to Failure. From L. F. Coffin (1). 
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Fig. 4—Plastic-Strain Range Versus Cycles to Failure at 68°F. Data from A. 


DiscussSION OF RESULTS 
\ plot of the plastic-strain range versus cycles to failure on logarithm 
oordinates seems best fitted by a straight line with a slope equal to 
seems to matter little what the material is that is being tested, the 


It is interesting to note from the data of Johansson (2) (Fig. 4) that 
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Fig. ¢ Plastic-Strain Range Versus Cycles to Failure. Data from Gross ar st 


(6) 


the three different steels have practically the same fatigue curve 
20 °C (O08 °F). If the same type of plot is made for the data at el 
vated temperatures, the curves separate as the temperature increases 
The family of curves (Fig. 5) from Low’s investigation (3) show 
the same slope as best fitting the data, with the more ductile alloys 
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lisplaying a greater resistance to failure at the same plastic-strain 
inge. The aluminum 5% magnesium alloy, however, shows the great 

scatter to the curve drawn, and the fracture value at '4 cycle does 
ot fit our interpretation of this quantity [Equations 1 and 2] very 
vell 

The data of Baldwin, Sokol and Coffin (4) as shown in Fig. 4 of 
their report can be corrected to plot plastic strain range by subtracting 
he elastic strain from their values of total strain range. If this correction 
is made, a straight line with a slope of —’% again fits the data with little 

itter. It should be noted that as the temperature of testing is in 
creased, the curve is displaced downward. 

lhe data reported by Gross and Stout (6) are shown in Fig. 6. The 

slope straight line again best fits the data. However, at the smalle: 

strains (less than 0.0060) the points deviate from the curve. The uncer 

tainty of calculations at these small strains could account for this 
tter. 

Che current investigations again show the reliability of the —% slope 
line (Fig. 7). Fig. 7 is of interest in that the annealed OFHC copper 
ind 2S aluminum curves coincide, and that as the material becomes less 
ductile, the curve is displaced downward. Data from fatigue tests on 

terials subjected to prior cold working were made, but the results 
re not shown graphically in this report. However, these data show 

t as the amount of cold working is increased prior to actual testing, 


he material displays a smaller resistance to fatigue at the same plastic 


rain range. This trend is similar to that shown by temperature in 
uses in the reported work of Baldwin, Sokol, and Coffin (4). 
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In the consideration of Equation 1 for predicting the fracture duc 
tility, Table II should be analyzed. It is apparent that the only large 
discrepancies between e¢ and 2c are for those materials which wer 
cold-worked prior to testing and the aluminum alloys. However, in al 
cases the fit is good enough to be considered as reasonably reliable for 
engineering design. 


CONCLUSIONS 

Consideration of the accumulated data and their respective figur 
and tables seems to indicate that a plot of the logarithm of the plast 
strain range versus the logarithm of the number of cycles to failur: 
with a straight line of slope equal to —'% is a valid one. Within a reason 
able degree of error, it is also possible to plot this type of fatigue cur 
after one has obtained the fracture ductility of a metal or alloy ir 
simple tension test. 
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DISCUSSION 
Written Discussion: By W. E. Cooper, consulting engineer, Knolls Ato 
Power Laboratory, Schenectady, New York. 
The authors are to be congratulated for their efforts to bring available 
together and for providing an interpretation of these data based upon a sin 
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erion of fatigue damage. Such compilations 
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rker and the engineer who is attempting 


j 


hout meaning to minimize the 


uld like to discuss the application of these re 


\ 
\\ ¢ 


are currently faced with the problem oi 


materials for which data are either not 


research signif 


451 
are of value to both the research 


1 I 


y such information to design. 
of this work, the writer 





ance 
designing for low cycle fatigue 


ivailable or are inadequate. As a 
laht 
i 


we must apply those data that are available and include a significantly 

ve “factor of ignorance” in our “factor of safety From this viewpoint, the 
t significant result of this paper is that the v cycle fatigue life can be satis 
related in a simple form to the percentage reduction of area in a tensile 


ym Equations 1 and 2 


hat does the writer mean bv satisfactori)\ 


ne high temperature point (Johansson’s (¢ 
are conservative for 26 out of the 33 values 
unconservative points are off by 31‘ 


mus test procedures and the sometimes lit 


rs, the consistency of these results 1s impre 


He means that with the exception 
M B at 930°F) the re 

Table II and that 6 
When one considers the 


Steel 
ntained in 


nformation available to the 


If, 


further, one considers 


Ve 


the 19 points originated by one or both of the authors, he finds that only one 
nt falls on the unconservative side, and that vas obtained at 1110 °F 
Considering the relatively short period over tests of this type have been 
nterest and comparing these results with the current situation after many 
irs With respect to knowledge on high cycle fatigue, one can not help but bs 
uraged. It is the writer's opinion that w ave sufficient basic informa 
to design for low cycle fatigue loadings and it future work should con 
the following two aspects of the problen 
Basic research—Further development riteria for the evaluation of 
low cycle fatigue properties and theit relation with other material 
properties, in order that we may furtl rease our “factor of igno 
rance 
2, Applied research—lInvestigation of the effects of such “practical” con 
d dition s biaxial strain, mean strain erimposed mechanical loads, 
re-strain, environment, rate of cycli d combined creep and cyclic 
| effects 
\ 
Written Discussion: By 1). N. Williams, Battelle Memorial Institute, Columbus, 
Oo 
e authors have included in their summary paper both mechanical and 
al fatigue data, and have indicated that they t find any consistent effect 
the method of testing on fatigue life. Does ly that the authors have 
luded that in the absence of such factors a ring, recrystallization, or 
tion thermal cycling at a given value of tic strain will result in the 
e fatigue life as mechanical cycling at the sar lue of plastic strain? 
Written Discussion: By John C. MacDonald, st scientist, Missile Systems 
m, Lockheed Aircraft Corporation, Palo .\ California 
e authors have presented a large amount ’ justification of an in 
ting mathematical relationship between tl to failure in fatigue tests 
the fully reversed type, and the plastic strai inge impressed on the metal 
imens during the first cycle. The amount strain impressed in su 


‘ 


ling cycles will depend on the tendency of 





+ 


harden and thus close 
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the hysteresis loop. It is possible that variations in this tendency may be ré 
to the departures from zero in the last column of Table IL. In the case of cert 
magnesium alloys, the loop rapidly closes to a straight line, so that much of 
cycling in such a test would be effectively elastic.* 

The mathematical relationship presented may be converted to the staten 
that the square of the plastic strain multiplied by the number of cycles to failu 
is a constant. It is tempting to speculate that this is a verification of the 
hypothesis among workers in fatigue, that fracture occurred after the absorpt 
of a certain fixed amount of work. This could be accomplished either by a larg: 
amount of work per cycle, with failure occurring in a few cycles; or, by a larg: 
number of cycles in each of which only a small amount of work was done on t! 
specimen. The endurance limit could, thus, be described as the stress below wi 
no unrecoverable work in the form of plastic deformation occurred. Strict 
speaking, work will be proportional to the square of the strain only in the elast 
range. Beyond this point, stress increases with strain at a slower rate; nevert 
less, work done on the specimen, which will appear either as heat or as how 
energy, should be related to this parameter. 

\ number of commercial type fatigue testing machines, are, essentially, ce 
vices to impose strain variations between fixed limits. For engineering purposes 
it might be well to follow the authors’ example and plot cycles to failure 
measured on such machines, directly against the strain range. There would be 
no question then of what hysteresis was doing to the actual stresses in the meta 


It might be as easy to apply the results in design as to work from calculat 


stresses. 


Authors’ Reply 
The authors wish to thank Dr. Cooper and Messrs. Williams and MacDona 
for their interesting and enriching discussion to this paper. Dr. Cooper's con 
ments on the paper are from the point of view of a design engineer and his 
assurance that the information contained in the paper is of value for desig: 
purposes is most welcome. Despite the fact that the form of representation of tl 
data leads to an extremely simple and straightforward determination of materia 
behavior under cyclic conditions, one should proceed with some caution. 1 j 
often simple experiments are overextended in their application to practi 
problems, with unfortunate results which tend to cast doubt not only on tl 
design procedure, but on the tests themselves. Therefore the authors are in fu 
agreement with Dr. Cooper regarding further work in this field. The problem 
far from solved. In particular the authors feel that rate of cycling in the tempera 
ture range where creep and relaxation phenomena can occur is a rather basi 
problem and should be given most serious attention. It is here, particularly, tl 
one may well come to grief, if too much emphasis is placed upon short time test ; 
results and their interpretation such as covered in the paper. In an experimenta : 
program involving cycling in the creep range, time is the most valuable con ; 
modity. Thus, investigations of this problem should be undertaken without del 
Mr. Williams’ question relates to whether the plastic strain range can 
used as a basis for comparison between mechanical and thermal stress fatigue 
FE. H. Schuette. “Effects of Plastic Flow and Work-Hardening in the Experimental St 


Analysis of Magnesium Alloy Parts,” Proceedings, Society for Experimental Stress Anal 
ol. X a5 


I, No. 1, 195 
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authors feel that the plastic strain range is the basic quantity for 


the 
ination of fatigue life. In the absence of metallurgical structural instabil 
uch as mentioned by Mr. Williams, and in the absence of micro-thermal 
ses such as produced where anisotropic thermal expansion coefficients exist 
arious crystallographic orientations or when second phases are found, thermal 
nechanical fatigue data can be predicted in terms of the plastic strain range 
rroblem is to conduct tests carefully designed and executed to avoid the m nly 
lties preventing reliable comparison. Results from recent tests,* where ade 


"1 
] 


te controls were employed, indicate good agreement between mechanical an 


| stress fatigue in terms of the plastic strain range. 
Mr. MacDonald brings up several points. First, relative to the closing of the 
resis loop during cycling, although strain hardening is a factor which occurs 
st strain cycling, for the strain ranges encountered in the paper it is not 
ticularly significant. For most engineering materials which strain harden 
strain cycling, at the levels of strain range reported, the increase in elastic 
range and the corresponding decrease in plastic strain range is small 
to the total strain. For example, for tai 


e to 


lure in 100 cycles, a strain range 
copper under these conditions, a maximum stress 
[his corresponds to an elastic 


from 20,000 to 75,000 psi 


is usually required. For 
f 75,000 psi is reached just prior to failure 


range of 0.5%. Should the stress range ris¢ 
the course of the test, this produces an increase in the elastic strain rang 
and a decrease in the plastic strain range from 6.8 to 6.5%, a small change 
wccount for strain hardening, an average stress range is used. There may be 
ial cases where strain hardening due to cycling is more severe and can intro 
e errors. In such cases the total strain range should be adjusted throughout 


test so as to keep the plastic strain range consta 
form of the equation N**Ae C to NAeé’, = Ce, one might 


changing the 
speculate that an energy relationship exists. Such would be the case only if 
special assumptions regarding the hysteresi were employed, since, as 


MacDonald points out, the square relationshiy 
to be representative of the kinds of hysteresis 


ls only in the elastic rangé 


se assumptions do not seem 

actually obtained. Even so, it is difficult t e how, physically, the total 
ergy absorbed can be a meaningful measure of fatigue failure, particularly whet 
tigue is such a localized phenomenon. It is, perhaps, more plausible to attempt 
late the expression to processes leading to failure, such as void formations as 
nsequence of vacancies created by intersection dislocations. 
strain rather than stress in design, the 


Mr. MacDonald’s suggestion to us¢ 
rmal stress fatigue design 


rs concur. This is now done when dealing 











THE MECHANISM OF THE ALLOTROPIC 
TRANSFORMATION IN HIGH 
PURITY IRON 


By Erwin ErcHen anv J. W. SpretNak 


Abstract 


The mechanism of the allotropic transformation in high 
purity tron was studied using a thermionic emission micro 
scope. A criterion for discerning the difference between a 
nucleation and growth mechanism and a shear mechanism is 
presented. It was found that the mechanism of the allotropic 
transformation in high purity iron at temperatures just 
below the A.g temperature is a shear mechanism. It was 
also found that as the degree of undercooling increased, the 
average length of the individual shears increased, and the 
average rest periods between shears decreased. (ASM-SLA 
Classification: NOp ; Fe-a) 


INTRODUCTION 

O)** OF THE basic reasons for the widespread use of ferrous 

alloys is their capacity to undergo heat treatments which car 
produce a wide range of combinations of mechanical properties. Thes« 
alloys owe this peculiar capacity to two factors: (a) the allotropi 
transformation, and (b) the very much greater solubility of carbon 
in gamma iron than in alpha iron. However, in order to take advantag: 
of the optimum combination of strength and ductility in a given ste 
it must have sufficient hardenability. That is to say, it must be possib 
to cool the steel at a sufficiently fast rate to form a wholly martensiti 
structure. It is well known that different alloying elements contribut: 
differeatly to the hardenability of steel. For example, boron and carly 
greatly increase the hardenability of steel, while cobalt decreases it 
The understanding of how these elements affect the hardenability of 


steel is very limited. 

Spretnak and Speiser (1)! hypothesized a mechanism for the boro: 
hardenability effect based on the idea that the gamma to alpha trans 
formation occurs by a shear (or martensitic) mechanism. Therefor: 
it became apparent that in order to understand this effect (as well as 


' The figures appearing in parentheses pertain to the references appended to this paper 


This work was submitted as partial fulfillment of the requirements for the degree of Doctor 
of Philosophy at The Ohio State University by E. Eichen. 


A paper presented before the Fortieth Annual Convention of the Society, he! 
in Cleveland, October 27 to 31, 1958. Of the authors, Erwin Ejichen is Assistant 
Professor; J. W. Spretnak, Professor, Department of Metallurgical Engineering 
College of Engineering, Ohio State University, Columbus, Ohio. Manuscript 
received April 21, 1958. 
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he effect of any other alloying element on hardenability ), it was neces 
to establish definitely the basic mechanism of the gamma to alpha 
otropic transformation in iron. Accordingly, an investigation to 
determine this mechanism was undertaken 
\ comprehensive literature survey on information relating to the 
metals was made (2). It 


nechanism of allotropic transformations it 
vas evident from this review that there are two accepted mechanisms 

which an allotropic transformation in a metal can occur: (a) a 
ucleation and growth mechanism, and (b) a nucleation and shear 
nechanism. A consensus of the literature reviewed was that the de 
omposition of austenite to proeutectoid and eutectoid ferrite occurs 
vy a nucleation and growth mechanism while the transformation of 
\ustenite to martensite occurs by a shear transformation. In the case 


1 


of the transformation to bainite, the early work indicates a nucleation 
ind growth phenomenon while more recent investigators consider it 
be a shear transformation. 

\ basic difficulty apparent from this survey was that there was no 
suitable criterion for discerning whether the mechanism of transforma- 
tion was by nucleation and growth or by shear. Many exceptions have 
heen found to the criteria established by Troiano and Greninger (3,4) 
and by Cohen (5). Therefore, the first problem was to establish an 
unequivocal criterion for discerning the difference between a nuclea 
tion and growth mechanism and a shear mechanism. 


CRITERION FOR DISCERNING THE MECHANISM 


First it is important to distinguish clearly between the two possible 
mechanisms of transformation. In the shear type of transformation, a 
new crystal phase is formed from the parent phase by a cooperative 
movement or movements of groups of atoms over distances less than 
the interatomic distance. This is a “diffusionless” process with activa- 
tion energy not greatly different from zero. The cooperative atomic 
movement takes place at all temperatures at the speed of sound, since 
it occurs as the result of elastic waves in the crystal lattice. On the 
other hand, according to the nucleation and growth concept, a chance 
embryo of the new phase eventually grows to a thermodynamically 
table nucleus by thermally activated diffusion across the interface 
lelineating the new and parent phases. This process involves non 
ooperative movements of atoms. 

Che processes differ fundamentally in the manner in which the critical 

e is attained. In nucleation and growth, the activation energy barrier 
is surmounted by atom-by-atom deposition. In the shear mechanism, 
the lattice vibrations lead to a group of atoms being sheared. Each 
ittempt to surmount the activation energy barrier is an instantaneous 
iffair of a “go, no-go” nature. If the attempt is successful, the co- 
operative shearing action continues until halted by thermal scattering, 
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interfacial boundaries, strain energy barriers resulting from solyt 
atoms, or loss of coherency between the two phases by plastic flow 
In the final analysis, it may very well be that the only acceptabl 
criterion is whether the new phase forms by atom-by-atom depositior 
from the parent phase (which would indicate a transformation by ny 
cleation and growth) or whether the new phase forms by a cooperatiy: 
movement of atoms from the parent phase (which would be indicatiy: 
of a shear type transformation). Bilby and Christian (6) have come 
to the same conclusion. Therefore, this would mean that one of th 
best possible methods, and perhaps the only experimental method, fo: 
determining whether a transformation occurs by nucleation and growt! 
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Fig. 1—-Schematic Representation of a Continuous (Nu 
cleation and Growth) and Discontinuous (Shear) Phase 
Transformation. 


or by shear would be by determining whether the growth of the new 
phase is continuous or discontinuous. Continuous “growth” of course 
would indicate a nucleation and growth phenomenon since an atom-by 
atom deposition would be expected to go on continually. On the other 
hand, discontinuous growth would indicate a shear process because o! 
the “go, no-go” nature of each shearing attempt, and once a shear | 
stopped, “growth” ceases until a new shear is initiated. Fig. 1 1s 

schematic representation of the results one would expect if the mov 

ment of the transformation interface was plotted against time during 
the course of transformation for a nucleation and growth process and 


a shear process. 


EXPERIMENTAL TECHNIQUE 
Once a criterion for discerning the mechanism of the allotropic trans 
formation was established, it was necessary to find an experimental! 
procedure which would be able to ascertain the manner in which the 
transformation interface moved. A careful consideration was given t 
all of the techniques used to study allotropy in metals. It was felt that 
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best chance of success would be obtained if it were possible to ob 
e the transformation as it was occurring in the vicinity of 1670 °F 
erefore, the experimental technique chosen was thermionic emission 
icroscopy and such a microscope was constructed. 
[hermionic emission microscopy 1s a form of electron microscope 
this case, the specimen itself is the source of electrons rather than 
outside electron gun as is the case in conventional electron micro 
opy. In the emission microscope, the specimen is a flat sheet. Electron 
ission from the specimen is achieved by use of three techniques: (a) 
gh voltage is applied to the specimen, (b) the specimen is heated, 
(c) an activating agent is used on the specimen. The high voltage 
educes potential barrier at the surface of the metal. The high temper 
ture increases the energy of the electrons, and the activating agent 
reduces the work function at the surface of the specimen. In this work 
barium carbonate was used as the activator. A suspension of barium 
bonate was made by placing 2.5 grams in 250 ml. of absolute alcohol 
For activation, one drop of this suspension 1s placed on the surface of 
e specimen and the alcohol allowed to evaporate 
re focused by an electro 


[he electrons emitted from the specimen 
} 


tic immersion lens and accelerated to a flourescent screen. The pic- 
ture obtained on the screen is a metallographic type picture. That is 
) say, it is the same picture that would be seen if the specimen were 
bserved with an optical microscope. However, the emission micro 
ope has advantages over the optical microscope in regard to this 
nvestigation. In the first place, transformation can be observed at 
temperature as it is occurring. Also, the resolution of the emission 
microscope is very good (in the order of 500 A) and practically inde 
pendent of magnification. The magnification of the microscope can be 
aried from 180 to 250 diameters and from 720 to 1000 diameters. 
Constructional and operational details of the thermionic emission micro 
ope will be published elsewhere and will therefore not be considered 


J urther 
MATERIAL AND SPECIMEN PREPARATION 
[wo different high purity irons were used for this investigation. 
; both irons used electrolytic iron as the starting stock, since this mate 
| is low in metallic impurities and the two purification methods used 
reduce only the carbon, oxygen, nitrogen, and hydrogen contents. The 
; first high purity iron was prepared by melting electrolytic iron in a 


cuum induction furnace. The metal was then remelted in this furnace, 
sing a high purity dry hydrogen atmosphere. Finally, the ingot was 
gain remelted in a purified argon atmosphere. This material is desig 
ited as Iron I 

Che other high purity iron material was prepared by treating electro 
tic iron flakes first in wet hydrogen at 1400 °F, followed by a heating 
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Table I 
Analyses of High Purity Irons 
Iron I Iron II 
Element Weight, % Weight, % 
Aluminum <0.001 0.002 
Antimony N. D.* <0.001 
Arsenic N. D. <0.001 
Beryllium N. D. <0.0005 
Boron <0.0005 <0.0005 
Calcium <0.0005 <0,0001 
Cadmium N. D <0.005 
Chromium <0.01 0.001 
Cobalt <0.01 0.004 
Copper 0.005 0.0008 
Gallium N. D. <0.005 
Lead N. D. 0.0001 
Magnesium N. D. 0.0002 
Manganese 0.005 0.0004 
Molybdenum <0.05 0.001 
Nickel <0.005 0.002 
Silicon 0.01 0.001 
Tin <0.0014 0.0005 
Vanadium <0.01 0.0002 
Tungsten N.D <0.001 
Sulfur N.D <0.001 
Phosphorus N. D. <0.0007 
Oxygen 0.0023 ** 0.0011** 
Hydrogen N. D. 0.00027** 
Nitrogen 0.008** <0.0008** 
Carbon 0.0072** 0.003 *** 


*Not determined 
**Vacuum fusion analysis 
*** Combustion method 


All other analyses are by spectrographic means. 


in dry hydrogen at 2000 to 2200 °F. This treatment required about 
100 hours. The electrolytic iron was then are-melted, using the con 
sumable electrode method in a water-cooled crucible. This material is 
designated as Iron II. Both of these materials were cold-worked at 
room temperature to produce a 20-mil strip. Suitable vacuum anneals 
were used where necessary during the forming process. The analyses 
of both of these materials are given in Table I. 

Pieces of high purity iron approximately 5¢-inch square were cut 
from the 20-mil strip. These pieces were then spot-welded to an “A” 
nickel tube 0.400-inch in diameter with a 10-mil wall thickness. On« 
end of the tube was flanged to approximately 50 mils. The specimer 


was spot-welded to this flange with 8 welds equally spaced around the 


circumference. The specimen was then turned on a lathe down to the 
edge of the nickel flange. This yielded a specimen about '%-inch 

diameter. The specimen was polished, using standard metallographi 
techniques through 4/o emery paper. It was then electropo!ished in a1 
acetic acid-perchloric acid solution which contained 37 cubic centi 
meters of acetic acid, 13 cubic centimeters of perchloric acid, and 2 cubic 
centimeters of distilled water. A voltage of 20 volts and a current o! 
5 amperes were used for the electropolishing. Polishing time was 3 se: 
onds. The specimen was then activated and put into the microscope 
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EXPERIMENTAL RESULTS 


Once a satisfactory picture was obtained on the microscope, the 


llotropic transformation in iron was studied in two ways, visual ob 


servations and the taking of motion pictures at 64 frames per second. 
isual observations were satisfactory to obtain an overall idea of the 


characteristics of the transformation, while the motion pictures were 
used to study the transformation quantitatively. 


Visual observations were made and high speed motion pictures taken 
12 different specimens of high purity iron. Six specimens of each 


iron were used. The transformation characteristics of the two irons 


vere identical. The following visual observations were made: 


1. 


“ 





Because of the purity of the irons used, grain growth takes 
place very rapidly and only one grain or, at the most, two 
grains are visible on the fluorescent screen at one time at a 
magnification of 200 diameters. 

The transformation usually starts at one side of the screen, 
and a transformation “front” sweeps across the grain (or 
grains ). On rare occasions the transformation starts at several 
different points, and it is possible to watch an area being con 

sumed. 

If the transformation takes place in one direction, the reverse 
transformation usually takes place in the opposite direction 
That is to say, for example, if the alpha to gamma transforma 
tion takes place by a “‘frontal’”” movement from left to right, 
when the temperature is lowered the gamma to alpha trans 
formation takes place by a “frontal” movement from right to 
left. No explanation can be offered for this behavior, though 
it might be connected with the “memory” phenomenon men 

tioned by Heidenreich (7). 

The transformation “front” tries to maintain itself in a straight 
line. If one or more portions of the “front’’ begin to lag behind 
the rest of the “front,” transformation at these points seems 
to be speeded up until the “front” is again straight. No ex 

planation can be offered for this phenomenon at present. How 


1 
} 


ever, it is probably connected with the energetics of the system 
The closer to the transformation temperature that transforma- 
tion takes place, the longer it takes for transformation to start 
and the slower the transformation “front” progresses across 
the screen. The further from the transformation temperature 
the transformation takes place, the sooner it starts and the 
faster it moves across the specime n. This is true for both the 
alpha to gamma transformation and the gamma to alpha trans 
formation. This indicates that an incubation period, which de 
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creases as the degree of undercooling or superheating f; 
the transformation temperature increases, is necessary before 
transformation starts. It seems that this incubation period is 
an inherent characteristic of the transformation and not on! 
a function of the alloying elements present. Solute elements 
probably do change the duration of this incubation period at 
any temperature. This incubation period exists until a temper 
ature is reached where a thermal nucleation occurs. 
6. After a specimen has been cycled through the transformatio 
several times, ghosts of prior grain boundaries are noticeah\ 
This is due to the fact that etching of the boundaries takes 
place in a vacuum since they are higher energy sites, and, there 
fore, their vapor pressure is higher. These depressions ar 
convenient place for activator to agglomerate. 
\fter a specimen has been cycled through the transformati 


~ 


several times its surface becomes rumpled. This was confiri 

when the specimen was removed from the microscope. At 
times, there were depressions as deep as '¢-inch on the surface 
This is caused by the fact that, upon transformation, ther 
a volume change in the specimen which leads to plastic de 
formation. On the reverse transformation, the volume returns 
to the original volume, but because of the plastic deformati 
not to the original dimensions. 

8. It is possible, when transformation has progressed part 
across the specimen, to reverse the temperature and cause the 
transformation in the original direction to stop and to progres 
in the opposite direction. By a careful control of the temper 
ature, it is possible at times to stop the transformation in th 
middle of the specimen. When this happens, the transform 
tion tends to start in one direction, stop, go back to the origin 
point, and then tends to go in the other direction. This chang¢ 
of direction continues for several minutes until the trans 
formation “front” finally moves off in one direction unti 
transformation is completed. 


\pproximately 600 feet of film was obtained at 64 frames per secor 
which was satisfactory from both the metallurgical and photograph 
points of view. Because it was impossible to ascertain exactly whe! 
transformation would start, the general procedure used was that, 
soon as the first sign of transformation was noticed on the screen, th 
camera was started. Therefore, all pictures start with a small amount 
of transformation consummated. Two sequences of transformatior 
which had good contrast between the alpha and gamma phase wet 
picked for analysis of frontal movements. All frontal movement ana 
yses were made on the gamma to alpha transformation employin 
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I Sequence of Picture > Course of Transformation i: 
Fil Il. 1 w indicates f ovement of the interface 
Fra b) Frame 1 c Frame 45; (e) Frame 60; 





(f) Frame 8 


ron I. Analyses were made on transformations occurring at two dif 
erent degrees of undercooling. The A,g3 transformation temperature 
rresponds to a value of 32.5 on the specimen heater variac trans 
rmer. Transformation in the first sequence took place at a variac 
ting of 32, which is estimated to be approximately 47 °F below the 
insformation temperature, while in the second sequence the specimen 
s transformed at a variac setting of 30, which is estimated to be 99 °F 
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Fig. 3—Measurement of Interface Movement on Film IT. 
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low the transformation temperature. These estimated temperatures 


ire, of course, equilibrium temperatures; the actual thermal history 


luring transformation is not known. This was done to ascertain if any 
relationship exists between the temperature at which transformation 
takes place and the manner in which the interface moves. 
The high speed motion picture photographs were analyzed in the 
lowing manner. Enlargements were made of a number of consecutive 
frames of each film (160 frames for the first film, designated as Film I, 


ind 80 frames for the second film designated as Film II. Each frame 
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Fig. 6—Plot of the Distribution of Shear 
‘ilm 


was enlarged to the original screen size. This gave a magnification of 
the specimen of 200 times. The course of transformation for one of th 
films (Film II) is shown in Fig. 2. In this case, the time elapsed b 

tween the first and last frame is 1!4 seconds. The alpha phase is moving 
up from the bottom. 

In order to measure the movement of the interface between the alp! 
and gamma phases, it was necessary to establish fiduciary lines on t! 
enlargements. In the case of Film I, two fiduciary lines were estal 
lished. The top one was established by joining two spots of activat 
(which appeared white on the enlargement) by a straight line. The bo 
tom one was an artificial line put on by using a mask. The ends and mid 
points of these lines were joined. Measurements were made from t! 
top fiduciary line to the interface along three fronts designated as 
b, and c. On Film II, the fiduciary line was established between a spot 
of activator and a sharp point in the gamma grain boundary. Perper: 
diculars to this line were dropped at specified distances along the lin 
Measurements were made from the fiduciary line to the interface along 
four fronts designated as a, b, c, and d. This procedure for Film II is 
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vn in Fig. 3. All measurements were made with a pair of sharp 
lividers and a steel scale divided into 1/100 inch intervals. Using a 
magnifier, it was possible to measure to 1% of an interval or 1/200 inch. 
\ plot of the data obtained for the interface movement of front a of 
Film Lis given in Fig. 4. Fronts b and c show the same type of interface 

ovement. It can be seen from this graph that the interface moves in a 
lefinitely discontinuous manner. The data for interface a of Film II 
ire plotted in Fig. 5. Fronts b, c, and d also show the same type of 
movement. Again it can be seen that the interface moves in a definitely 
liscontinuous manner. 

It was of interest to determine the distribution of the length of move- 
ents (which will be called the shear lengths) and the distribution of 
he duration of rest periods for all measured fronts for both transforma- 

tion temperatures. A rest period is defined as the time between two 
nsecutive shears on a given front. This was done and the data for 
shear lengths are plotted in Figs. 6 and 7, while the data for the dura 
tion of rest periods are plotted in Figs. 8 and 9. 
lhe mean value of shear length for Film I (the higher temperature 
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Fig. 8-——Plot of the Distribution of Duration of Rest Periods for 
Film 


of transformation) is 0.0253 inch with a standard deviation, o, equal 
to 0.0116 inch, while that for Film II (the lower temperature of trans 
formation) is 0.0423 inch with a standard deviation of 0.0116 inch. It 
must be remembered that these measurements are based on a magnifica 
tion of 200 times. Therefore, the actual shear length for Film [| is 
1.265 & 10+ inches with a standard deviation of 0.58 & 10° inches, 
while that for Film II is 2.115 & 10 inches with a standard deviatio1 
of 0.58 & 10+ inches. The mean value for the duration of rest period 
for Film I is 0.0936 second (5.99/64 second) with a standard devia 
tion 0.0547 second (3.50/64 second), while that for Film 11 is 0.0655 
second (4.19/64 second) with a standard deviation of 0.0298 second 
(1.91/64 second). The statistical significance of both these differences 
were checked, using the method of the standard error of differenc: 
between two means (8). In both the case of shear length and the cas« 
of duration of rest periods, the differences are statistically significant. 
An important point about discerning the way in which the interface 
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9—Plot of the Distribution of Duration of Rest Periods for 
Film II 


oves can be seen in Figs. 8 and 9. From the data presented there, it 
can be seen that if measurements are made at times greater than 1/5 
second in the case of Film I and % second in the case of Film il, the 
movement of the interface would appear to be continuous instead of 
discontinuous. This points out the necessity for making measurements 
in a short enough time interval in order to have any significance. It is 
onceivable and even probable that, at greater degrees of undercooling, 
photographs will have to be taken at a speed greater than 64 frames 
per second in order to discern the discontinuous movement of the inter- 
fave 

CONCLUSIONS 

The objective of this research was to discern the basic mechanism 

the gamma to alpha allotropic transformation in high purity iron. 

e criteria previously used for deducing the mechanism of such trans 

rmations were analyzed in detail and found to be inadequate and to 
lack generality. It was concluded that the only really fundamental and 
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unequivocal criterion for establishing the mechanism is the mode 
propagation of the individual transformation fronts: (a) a propagati 
continuous with time defines a nucleation and growth process, and (| 
a mode of propagation which is discontinuous with time (occurring 
discreet steps) defines a cooperative shear type mechanism. The requi 
site data on the manner of movement of transformation fronts wer 


obtained through the use of the electron emission microscope and hig! 


speed photography. Data so obtained lead to the formulation of th 
following general conclusions: 


t 


1. In the transformation of the gamma to alpha phases in hig! 
purity iron specimens, the individual transformation fronts 
move in a definitely discontinuous manner. Therefore, thi 
transformation takes place by a cooperative shear mechanis! 
It is observed that causing the transformation to occur at 
greater degree of undercooling increases the average lengt! 
of the individual shear paths and decreases the average rest 
period between individual shearing actions. 


The results of these experiments substantiate the principle « 
pounded by Spretnak and Speiser (1), namely, that disorder-order 
reactions are expected to occur by nucleation and growth, whereas 
the change of one highly ordered phase to another highly ordered phase 
is expected to occur by a shear mechanism. These findings on pure 
iron lend confidence to the expectation that allotropic transformations 
occurring in other pure metals also occur by a shear mechanism. 

The current findings have very important ramifications in the under 
standing of hardenability effects in steels. At present, the consensus is 
that the fundamental transformation in the formation of martensite and 
bainite occurs by shear. On the other hand, the consensus seems to be 
that ferrite forms from austenite by nucleation and growth, althoug! 
studies of the effect of applied stresses on the kinetics of formation o! 
ferrite and pearlite show an increased rate of decomposition of austenite 
into these products. The current work establishes the fact that ferrit: 
forms from austenite by a shear mechanism. Thus, the basic trans 
formation of face-centered iron to body-centered iron occurs by shear 
at all degrees of undercooling. 

The delineation of the importance of the allotropic transformatioi 
in the kinetics of decomposition of austenite yields new bases upo' 
which a more complete understanding of the hardenabilit contribu 
tions of individual alloying elements can be developed. The relative 
effect of a given solute element must be evaluated on the basis of its 
propensity to scattering of certain unstable modes of vibrations in the 
iron crystal which gives rise to the shearing action leading to the trans 
forynation. The consideration of factors affecting both the lattice trans 
formation and precipitation of cementite from solid solution undoubt 
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will lead to a unified theory for the hardenability contributions of 


lloying elements. 
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Written Discussion: By J. W. Christian, Department of Metallurgy, 


n, Oxford, England 
authors have used an interesting new t nique in studying 
been 


nd more experimental welcome 


for example, that the method has appreciable advantages over con 
hot stage, optical microscopy, but thi re not stated in the paper 
lly agree that kinetic features at distinguishing between 
sitic and nucleation and growth transformations, but the criterion used by 
thors seems to me to be una review pape! 
by and myself in support of thei a 
nsideration is given to the experi ] we based our 


hang f shape 


of a martensitic reacti 


transformed regions. 71] e motion aj 


be based in part on a of martensite 
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which they describe as “go, no-go.” They envisage the growth of a martensite 
plate as a series of separately triggered events, whereas in most transformations, 
a single product plate grows in a very short time, and once halted, the interfac: 
does not move again. This might almost be described as “non-stop, stop!” It is 
true that in some transformations (gold-cadmium, indium-thallium), there js 
slow interface motion which is jerky, but I know of no condition which would 
require the motion to be of this type. Equally, whilst atom by atom addition 
should give smooth interface motion under constant conditions, jerky motion 
might ensue if the interface occasionally encounters obstacles such as dispersed 
impurities. It is not obvious that even fast grain growth at high temperatures 
might not appear jerky when analyzed by taking movie frames. 

The micrographs shown in Figs. 2 and 3 do not suggest a martensitic reac 
tion. The significance of the light and dark areas is not clear, but they apparently 
do not represent divisions into a and y, since the transformation front crosses 
both types of contrast. Perhaps the authors could say whether these regions are 
individual a and y grains, and whether the “front” is the boundary between a 
single a and a single y region, or whether it is limiting surface of a transformed 
region consisting of many grains. Is it possible to observe whether or not the su 
face is titled about this front ? 

The nature of the front is also involved in the kinetic observations summarized 
on page 459, interpretation of which requires a detailed knowledge of the experi 
mental technique. Is it possible that there was a small temperature gradient across 
the specimen? This would explain observations 2, 3, 4, 5 and 8 in a relatively 
trivial manner, and in high temperature microscopy at Oxford, we frequently 
impose such a gradient deliberately in order to ensure that the interface crosses 
from one side of the field of view to the other. 


The authors suggest that allotropic transformations in pure metals probably 
always occur by a shear mechanism. I believe this is true if the equilibrium trai 
formation temperature is low, so that thermal energy is unable to move atoms 
by diffusive processes. At higher temperatures, where both processes are pos 


sible in principle, the reaction should occur by nucleation and growth at small 
degrees of supercooling or superheating, and martensitically when the driving 
force has increased sufficiently to permit this mode of reaction. In recent wor! 
at Oxford, Dr. Gaunt found this to be true for the zirconium transformation 
and the two modes of reaction were readily distinguished by the presence or 
absence of surface tilting during transformation. Since rapid grain growth oc 
curs in pure iron at the transformation temperature, both modes of transforma 
tion should be possible here also. 

Written Discussion: By Morris Cohen, Department of Metallurgy, Massa 
chusetts Institute of Technology, Cambridge, Mass. 

This paper, as well as the subsequent discussion, points up the same haziness in 
the basic criteria that identify a martensitic transformation. 

It is only natural to find that, as our understanding of any process is improved, 
the essential nature becomes clearer and the incidental details can be relegated 
accordingly. The authors are certainly correct in inferring that many of th 
characteristics formerly thought to be essential to a martensitic transformatiot 
have turned out to be merely specific to the alloy systems being investigated. For 
example, we now know that martensitic products are not necessarily hard as ir 
steel, nor do they have any one particular structure. 
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[he authors have sorted out the fundamental properties of a martensitic trans- 
rmation, namely that it is diffusionless and displacive (shearlike). These prop- 
rties result from the circumstance that the martensitic product does not grow via 

an atom-by-atom transfer across a phase boundary, but by the motion of a co- 
rdinated interface which couples the martensite to its surroundings. At least in 
ertain cases, such motion can be accomplished by arrays of dislocations which 
lisplace the atoms into their “transformed positions” in a cooperative manner as 
he dislocation interface moves along. 
nfortunately, the authors have not used these manifestations in the experi- 
ments described. Whether an interface moves fast or not, or whether it proceeds 
smoothly or jerkily, is really beside the point. A fast jerky motion of a boundary 
may very well occur in atom-by-atom processes, as in grain growth. Moreover, 
it least one martensitic reaction is known in which the isothermal growth 
process is not fast: martensitic plates propagate slowly at room temperature in 
uranium-chromium alloys. Thus,* some martensitic interfaces are less mobile 
in others, and split-second growth is not a general characteristic, even though 
it is very impressive in many instances and is indeed worthy of much study. 

It would appear, therefore, that the authors have invoked a risky criterion for 
martensitic transformations. Inasmuch as their experimental technique (how- 
ver ingenious) was geared to this criterion, the results have not critically demon- 
trated that the allotropic transformation in high purity iron takes place by a 
shear mechanism, even though this mechanism is certainly possible in principle 
[he fact of the matter is that atom-by-atom processes can occur with startling 
rapidity at elevated temperatures when the diffusion distances simply involve 
transfer across a phase boundary. Various pinning and surface tension effects 
ould then account for the discontinuous behavior observed. 

The displacive mode of a transformation can be revealed by fiducial or refer- 
ence lines on the surface. The upheavals or relief effects cause macroscopic move 
ment of segments of the fiducial lines. If surface lines (polishing scratches) can 
he observed with the emission microscope, their relative displacement (if any) 
luring the allotropic transformation could provide a critical test of the nature 
of the transformation. 

Written Discussion: By H. I. Aaronson, Ford Motor Company, Dearborn, 
Michigan. 

Professors Eichen and Spretnak have demonstrated that the transformation 
of austenite to ferrite does not proceed continuously in high purity iron, and on 
this basis have concluded that the mechanism of the transformation is one of 
hear, rather than of nucleation and growth. 

\lthough the authors’ evidence is apparently the first to be obtained for the 
xistence of growth discontinuities in transformations which are not obviously 

artensitic, this type of growth pattern should not be construed as being a unique 
haracteristic of shear transformations. Burke and Turnbull (9) ** have called 
ittention to at-temperature observations of discontinuous grain boundary migra 
tion in the recrystallization of rock salt and of zinc. Temporary pinning of the 
ends of individual grain boundaries by junctions with other boundaries (or by 
impurities) appears to be a more probable explanation for these observations 


le metallurgie, V« 


* A. N. Holden, Acta Metallurgica, Vol. 1, 1953, p. 617. B. W. Mott and H. R. Haines, 


"Tue No. 9, 1954 


** The figures appearing in parentheses pertain to t references appended to this discussion 
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than the postulation of a shear mechanism of recrystallization. One could si: 
ilarly argue that some facets of interphase boundaries may have low mobilities 
as a result, for example, of a sessile-type of dislocation interfacial structure, ar 
could similarly impede the migration of other facets of these boundaries wl 
have a more mobile (e.g., a disordered-type) interfacial structure. According! 
the observation of irregularities in the migration of austenite: ferrite bou 
aries, though of much importance, cannot yet be accepted as unequivocal proof that 
these boundaries are being displaced by the operation of a shear mechanisn 

\s the authors themselves have pointed out, the cooperative atomic process 
involved in shear transformations should cause growth of the products of these 
transformations to take place at (or near) sonic velocities. Demonstration that 
austenite: ferrite boundaries migrate at such speeds would appear to be a better 
method of proving that a shear mechanism is operative in the ferrite reactior 
Bunshah and Mehl (10) have measured the rate of growth of martensite plates 
in an Fe-30% Ni alloy by using the fast amplifier electronic technique to measure 
the time interval in which the change in electrical resistance accompanying th 
formation of an individual martensite plate takes place. He found this rate to | 
of the order of 10° cm./sec., which is about one-third the speed of sound in this 
alloy. Attempts to make accurate measurements of the growth rate of martensit: 
in other alloy systems were partially frustrated by small plate sizes, small changes 
in specific resistivity and burst phenomena (11). Indications were obtained, how 
ever, that 10° cm./sec. is the characteristic rate of growth of crystals which are 
formed by shear (12). The vertical lines in Figs. 4 and 5 indicate that the present 
authors’ photographic technique was kinetically less successful, being able to 
supply only lower limits, rather than actual values of the rate of growth of fer 
rite in high purity iron. For the longest “shears” recorded (0.07 in. at 200, i: 
Film II), the minimum rate of growth was only 5.7 « 107~* cm./sec. Althoug! 
the actual growth rate may have been very much higher, there is no way 
estimating even the order of magnitude of this rate on the basis of the eviden 
presented. Since the authors’ highest minimum growth rate is about 6% orders of 
magnitude lower than the rate which Bunshah and his colleagues found to 
characteristic of transformations which are generally accepted to be of the shea: 
type, it is clear that better evidence will have to be obtained before one can safe! 
conclude that the austenite-to-ferrite transformation in high purity iron pré 
ceeds by shear. 

Even if the formation of ferrite in pure iron takes place by nucleation and dif 
fusional growth, the rate of migration of austenite: ferrite boundaries is m 
doubtedly quite high, especially at temperatures well above or below the equi 
librium temperature. The reason for this high rate is obvious. Displacement 
these boundaries requires only that atoms of the unstable phase which are in cor 
tact with the boundary diffuse the very short distance across the boundary t 
the “surface” of the stable phase. Long range volume diffusion, which normally 
limits severely the growth rates attainable in alloy transformations, is not neces 


sary in this special case. Accurate measurement of the rate of migration of 


austenite: ferrite boundaries over a wide range of temperature in pure irot 
should therefore be quite difficult no matter which transformation mechanisn 
is operative. And should this rate reach an appreciable fraction of the rate whic! 
appears to be characteristic of transformations generally conceded to be of the 
shear type, these data would not provide a means for decisively distinguishing 


between the shear and the nucleation and growth mechanisms. 





HIGH PURITY IRON 473 


\ more critical experiment would be to measure the rate of growth of 


eutectoid ferrite in a pure iron-carbon alloy by means of thermionic emission 
roscopy. In this case, the prediction of nucleation and growth theory is clear: 
rate of migration of austenite: ferrite boundaries is limited by the rate of 
fusion of carbon in austenite. Dubé (13,14) has made calculations of this rate 
a function of carbon content and reaction temperature for the case of planar 
Corrections could be devised to account for the changes in growth 


undaries 
ffects caused by curvature of the 


resulting from the diffusion geometry « 
Under any circumstances, however, the rates pre 


istenite: ferrite boundaries 
icted by nucleation and growth theory will be many orders of magnitude less than 
nucleation and growth theory of the 


1 


se predicted by shear theory If the 
t, the authors’ present experimental 


rmation of proeutectoid ferrite is correé 
nents to be made of the rate of 


rrangements should permit accurate measur 
t too far below the Ae3 tempera 


wth of ferrite, especially at temperatures 1 
If the shear theory is correct, considerably more elaborate equipment will 
required in order to avoid infinite slopes in plots of “distance from the original 

nterface” versus reaction time. Demonstration that carbon-poor ferrite grows 
carbon-rich austenite at 10° cm./sec., however, would provide indisputable 

of that the proeutectoid ferrite reaction in steel is a shear transformation for 


ich Professor Spretnak has been so diligently seeking 
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Written Discussion: By T. B. Massalski, Department of Physical Metallurgy 


niversity of Birmingham, England 
The nature and the mechanism of the ya transformation in pure iron is 


reat interest and the authors are to be congratulated for undertaking this 


nteresting study by means of emission microscopy and a high speed cine-camera 
Heidenreich * who did not employ motion pictures, divided the ya reaction 
to two stages: primary, diffusionless transformation of y into supersaturated 


rrite (a:), and following it, secondary transformations depending upon carbon 


of 


liffusion. In the present work on pure iron or 


inlike Heidenreich who described this reaction as 


nilar to recrystallization ...” the present authors consider it to be “a marten 


ily the primary stage applies but 
a diffusionless mechanism 


shear” even on slow cooling 


Although the definition proposed for differenciating between nucleation-and 


wth transformations and martensitic transformations is interesting, it seen 


ptable criterion.” The present 


ubtful whether it can be called “the only 
riter has recently studied massive transformations in nonferrous alloys ** and 


considered as diffusionless in a sense, although they proceed by a 
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very rapid movement of high-energy, incoherent, grain boundaries. It seems wu 
likely that such transformations should be continuous with time, especially if th: 
original parent grains possess imperfections. Similarly there are many other 
possibilities connected with the experimental technique (surface condition, oxi 

film, temperature variation etc.) which would lead to the observed jerky mov 
ment. Therefore judging by the available evidence there is no reason why the 
transformation in pure iron should not also be of the “massive” type. The shap: 
and outline of the observed grain boundaries certainly resemble more this ty; 

of growth than a martensitic one. 

Perhaps more conclusive information could be obtained from the study 
crystallographic relationship and habit planes between the y and a phases. How 
ever, if recrystallization is also taking place this may prove very difficult 

Frank and Puttick’ in their criticism of Heidenreich’s conclusions hay 
pointed out that the growth velocity associated with the transformation in plai: 
carbon steels does not necessarily suggest that it must be diffusionless. Their re 
marks may also apply to the present work. 


Authors’ Reply 

The authors wish to thank Messrs. Christian, Massalski, Cohen, and Aaronsor 
for their interest and effort in preparing written discussions of the research pre 
sented. 

The principal objection to the design of the experiment seems to be the sele 
tion of the criterion to discern the difference between a cooperative shearing 
mechanism (displacive) and an atom by atom deposition across the interface 
(reconstructive) for the gamma to alpha transformation in iron. The criterion 
selected by the authors, to repeat, was the determination of the mode of move 
ment of the interface, continuous with time or in discontinuous steps. It has 
nothing to do with the speed of the movement of the front as suggested by 
Professor Cohen; neither was the experiment designed to measure the speed 
of formation of the individual step, the point raised by Dr. Aaronson. Compar 
ing the transformation (a change in lattice structure) to grain growth and re 
crystallization seems particularly hazy to the authors. It is true that when grair 
growth in austenite was observed with the emission microscope, occasionally a 
part of a boundary is held up by an obstruction and eventually catches up wit! 
a burst-like motion. However, it should be pointed out that the transformatiot 
fronts inherently proceed by discontinuous jumps, not continuously with an oc 
casional large jump. The length of the individual shear depends on the ease of 
the loss of coherency by a relaxation process such as plastic flow. The rest period 
depends on the probability of nucleating the next shearing action. These two 
parameters determine the overall kinetics and the length of the shear pat! 
largely dictates the morphology of the product. According to theory, increasing 
the undercooling should decrease the propensity for loss of coherency and in 
crease the probability of nucleation. This is borne out experimentally by ar 
observed increase in average shear length and decrease in average rest period 
It seems difficult, to the authors at least, to rationalize this behavior in terms of 
change of frequency of occurrence of defects by increasing the undercooling a 
few degrees. As to transformation being accomplished by movement of an array 
of dislocations, the martensitic process inherently implies a coherent interfac« 


+ F. C. Frank and K. E. Puttick; Journal of Applied Physics, Vol. 26, 1955, p. 1522 
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oupling with the matrix. lf the transformation occurs by movement of dis- 
ition arrays, then obviously the mechanism is not the cooperative shearing 
e. Presumably, the dislocation array should move steadily with time, unless 
| up by some sort of obstruction. 
Dr. Massalski proposes that this transformation can occur by a “massive 
insformation,” defined as a diffusionless mechanism involving a very rapid 
ovement of high-energy, incoherent grain boundaries. This seems to imply the 
fulfillment of the lattice transformation by the movement of an array of disloca- 
tions. From the above argument, this would rule it out as a diffusionless process. 
ce the authors are not sufficiently familiar with this mechanism, no further 
nments can be forthcoming at this time. To test its plausibility, it would have 
een helpful if Dr. Massalski would have predicted from first principles the 
pected nature of movement of such a front with time. 
Dr. Aaronson would be convinced of a martensitic transformation if it could 
demonstrated that ferrite forms from austenite at a rate typical of martensitic 
ransformation, namely about 10° cm./sec. according to the results of Bunshah 
1 Mehl. This amounts to a value of about one-third the sonic velocity. The 
uthors wish to point out that this value may not be representative of the typical 
locity, which according to theory should be sonic since the transformation 
rises from acoustical modes of lattice vibrations. A re-evaluation * of the 
Bunshah-Mehl experiment proposes that the mid-rib forms first with the speed 
sound, followed by sidewise growth of the plate in discrete shearing steps, 
separated by rest periods. The rest periods account for the fact that the average 
ed of formation of the plate turns out to be considerably less than acoustic. 
Dr. Christian raises several points about experimental procedure which could 
be best answered by another technical paper. It may be of interest to point out 
surface rumpling so affects the specimen that picture quality is impaired after 
1 or 5 cyclings through the transformation. As to surface tilting, it would seen 
that the degree of upheaval noted optically should depend on the length of shear 
ith 
It seems that the commonly accepted description of a martensitic reaction is 
he absence of an incubation period and long shear lengths, often entirely across 
lividual grains. There is enough evidence in the metallurgical literature t 
how that the Ms temperature in iron alloys is dependent on the sensitivity of the 
detection of the body-centered phase, and the long shear paths coincide with 
onditions conducive to maintaining coherency over long distances. The very 
nuch larger volume of transformation induced per individual nucleation event 
the martensite range can account for the apparent absence of an incubation 


period 
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MECHANICAL PROPERTIES OF DEFORMED 
METASTABLE AUSTENITIC ULTRA HIGH 
STRENGTH STEEL 


By D. J. Scumatz ann V. F. Zackay 


Abstract 


A new hardening technique applicable to most steels o} 
high hardenability has been investigated. The process con 
sists of plastically deforming metastable austenite in alloy 
steels at a subcritical temperature, where the austenite is rel 
atively sluggish, and subsequently transforming the de 
formed austenite to a martensitic product. The effect of 
deformation on hardness, tensile properties, and microstruc 
ture was determined for steels containing 0.28 to 0.57% 
carbon. A hardness increase of from 2 to 4 points Rockwell 
“C” was obtained with deformations ranging from 25 to 
75% with attendant increases in tensile strength and yield 
strength. Yield strengths in excess of 300,000 psi were ob 
tained by tempering the deformed steels. At this strength 
level, ductilities of from 6 to 8% were consistently repro 
duced. Electron micrographs of the deformed steels indi- 
cated a refinement of the martensite. Several suggestions 
were advanced for the mechanisms responsible for the strik 


ing improvements of the tensile properties of these steels 
(ASM-SLA Classification: N8&, Q-general, 3-68; AY 
SGB-a) 


INTRODUCTION 

HE STRENGTH LEVEL of high alloy steel demanded by in 

dustry has steadily increased to a point where present methods of 
producing high strength in steels appears inadequate. The yield 
strength achieved by heat treatment has increased, for a given composi 
tion, from 180,000 to 260,000 psi over the last decade. The increas 
in strength is accomplished generally by lowering the tempering tem- 
perature. Ductility and impact values formerly unacceptable are now 
specified. The limiting factor to future improvements using conven 
tional techniques seems to be the persistent problem of obtaining th 
desired increased hardness and strength without the attendant brittle 
ness and notch sensitivity. The standards of acceptance presently based 
on ductility and impact values cannot be sacrificed much further with 
out encountering the brittleness usually associated with ceramic bodies 


A paper presented before the Fortieth Annual Convention of the Society, held 
in Cleveland, October 27 to 31, 1958. Of the authors, D. J. Schmatz is Researcl 
Metallurgist; V. F. Zackay is Supervisor, Physical Metallurgy Section, Metal 
lurgy Department, Ford Motor Company, Dearborn, Michigan. Manuscript 
received April 21, 1958. 
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In the past few years an urgent need for high strength materials has 
veloped. Increased strength of aluminum and titanium base materials 


; promoted new interest in improving steels to a point where they 


still competitive on a strength-weight basis. Many excellent reviews 
the current work concerning ultra high strength steels have been 
blished and cover the subject quite thoroughly (1,2). Most recent 
f new developments is the work of the Dutch investigators Lips and 
an Zuilen (3). Their data indicate that a 33% increase in yield 
trength over that reached by conventional heat treatments can be 
tained by the deformation of metastable austenitic alloy steels and 
bsequent transformation to martensite or bainite. Unfortunately, 
these investigators did not specify the dimensions of the wire and strip 
mployed. The improvement in mechanical properties of these de 
rmed steels can be attributed, in part at least, to a size effect as in the 
vell-known “patenting” process of drawing high carbon steel wire 
The effect of deformation on the austenite to martensite transforma 
m has been extensively studied. Classic studies in this field have been 
the investigations of Scheil (4), Cottrell (5), Starr (6), and Patel and 
Cohen (7). The transformation of austenite to bainite under stress has 
en considered by Jepson and Thompson (8), Bhattacharyya and 
Kehl (9), and Porter and Rosenthal (10), among others. Until re 
ently, however, little has been done to correlate the effect of stress 
before or during transformation to bainite or martensite with the 
sultant mechanical properties (11,12). 
In the present study, the mechanical properties of steels obtained by 
deformation and subsequent transformation of metastable austenite 
varying carbon contents were determined. These properties were 
mpared to those produced by conventional heat treatment of the same 
eels. 
EXPERIMENTAL PROCEDURE AND RESULTS 
The steels employed in this investigation, Table I, were induction 
elted in vacuum from electrolytic iron, nickel and chromium. Melting 
s done in a zirconium crucible using excess carbon as a deoxidizer. 
l'wenty pound, 2'%-inch diameter ingots, were chill cast, homogenized 
nd hot-rolled to 1-inch square bars. Final grain size in the hardened 
ndition was ASTM 7-8. 


Table I 

Composition of Steels 

li Sulphur Manganese 
0.002 0.004 nil 
0.004 0.004 nil 
0.001 0.005 nil 
0.004 0.005 nil 
0.002 0.005 nil 


es appended to this paper 
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Fig. 1—Effect of Deformation at 600 and 1000 °F of Metastable Austenite of Alloy 
802 (0.28% carbon) on the Hardness After Transformation. 


The isothermal transformations of all the high alloy, medium carbon 
steels, are characterized by a separation of the pearlite and bainite trans 


formation bands. Between these two bands is a region or “bay” wher 
austenite is relatively stable for long periods of time. The deformation 
accomplished at temperature was limited to the bainite range and the 
“bay” area, Jo initially explore the effects of deformation and tempera 
ture on thé final microstructure and hardness of the material, wedges 
5 inches long varying in thickness along their length from 0.125 to 0.250 
inches, and marked with a notch every one-half inch, were austenitized 
at 1600 °F and deformed by rolling at various temperatures. In this 
manner the amount of deformation, as measured by the reduction of 
cross sectional area, was varied uniformly along the length of the wedge 
The variation of hardness with deformation after rolling wedges o! 
alloy 802 (0.28% C) at 600 and 1000 °F is illustrated in Fig. 1. Hard 
ness increased with deformation at both temperatures and reached : 
maximum near 30% deformation. Beyond this amount of deformation 
the hardness of the wedge rolled at the lower temperature decreased 
since bainite was formed, while the hardness of the wedge rolled in the 
“bay” region remained high. To establish that the initial rapid increas¢ 
in hardness of the deformed material was not due to a decreased amount 
of retained austenite, i.e., more martensite, several wedges wer 
quenched in liquid nitrogen immediately after the first quench. Ther 
was no difference in hardness shown by the liquid nitrogen treatment 
indicating no appreciable change in the amounts of martensite formed 
in the deformed or undeformed materials. Deformation in the bainite 
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Fig. 2—The Effect of Tempering Temperature (1 Hour) on the T 
Properties of Alloy B12 (0.40% carbon) Deformed 0, 25 and 75 
1000 °F. 





ensile 
Jo at 


range, 600 °F, increased the nucleation rate by a very large factor, i.e., 
decreased the time for start of the bainite reaction, as was anticipated 
rom recent work relating to the effect of stress on the decomposition of 
ustenite to bainite (9). 

Flat tensile specimens, 4 inches long and 0.10 inches thick, were 
made from bar stock rolled at various temperatures after austenitizing 
nd quenching to the subcritical temperature. The use of this type 
specimen was discontinued later in preference for 0.125 inch round 
samples due to lack of reproducibility of strength and ductility results. 
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Fig. 3—Effect of Deformation and Tempering Temperature of Alloy B12 (0.40% 
carbon) on the Yield-to-Tensile Strength Ratio 


Early results did indicate, however, that completely martensitic stru 
tures had higher yield strengths than bainitic or partially bainiti 


structures. 

A preliminary study of the kinetics of the transformation in stressed 
metastable austenite made it apparent that a completely martensiti 
product could be obtained only by deforming in the “bay” area or by 
deforming small amounts in the bainite range. Further, more than on 
pass was needed to obtain greater than 50% deformation due to powe1 
limitations of the rolling mill. A technique was developed wherein de 
formations as large as 75% reduction of area were accomplished by 
multiple passes, with the “bay” temperature maintained by holding ir 
a suitable furnace between mill passes. 

Steels of varying carbon content were processed using this techniqu 
Silicon was added to the base composition to retard tempering, and to 
improve impact resistance in the so-called “500°F embrittlement 
range.” The improvement in properties by the addition of silicon t 
steels has been investigated by Allten and Payson (13), and by Shih 
\verbach and Cohen (14). From the '%4-inch thick stee! bar, tensil: 
specimens with 0.125 inch round reduced sections were made. Tensil: 
testing was done on an Instron machine and elongation determined 
by autographic record of head movement. An equivalent gage length o! 
0.8 inch was determined for the specimens by comparing the measured 
elongation of marked samples with head movement. An offset of 0.2' 
was used for the yield strength criterion. 
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Fig. 4—The Effect of Tempering cy aoe 1 Hour) on the Tensile 


Properties of Alloy A26 (0.49% carbon) Deformed 0, 25 and 75% at 1000 °F 
(he variation of mechanical properties with tempering temperature 
nd deformation, at 1000 °F, for a steel containing 0.40% carbon is 
hown in Fig. 2. The improvements in ultimate tensile strength and 
ongation with increasing amounts of deformation are striking at very 
tempering temperatures. However, yield strength and reduction 
| area data appear somewhat scattered at these same low tempers. An 
increase in tempering temperature lowers the ultimate tensile strength 
rapidly while increasing the yield strength and reduction of area param 





TRANSACTIONS OF THE ASM 





Deformed 75% O 
Undeformed a 


| Tensile Strength 














‘| Yield Strength 


™m 
@ 
2) 


Strength, psi X 10> 
































220 





0.35 0.40 0.49 
Carbon % 
Fig. 5—The Effect of Carbon Content on the Mechanical Pro; erties of De 


formed (75%) and Undeformed Steels Tempered to Produce Maximum Yield 
Strength in 1 ,— 


eters more slowly. The latter behavior has been noted in the conver 
tional heat treatment of ultra high strength steels. The optimum 
tempering temperature for this particular steel and processing tech 
nique appears to be about 500 °F, rendering a material with a yield 
strength in excess of 300,000 psi. Deformation seems to affect the 
tensile properties in much the same manner as it affects the hardness. A 
critical amount of deformation of about 25% seems necessary for 
marked improvement in either hardness or strength, with greate 
amounts of deformation diminishing in effectiveness. 

Interpretation of the data is somewhat complicated by the experi 
mental necessity of holding the highly deformed material in the “bay” 
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area for a longer period of time than the lesser deformed (25%) mate- 
The effects of increased holding time at the “bay” temperature on 
the mechanical properties are not clearly understood at present. 

[he beneficial effects conferred upon this steel by deformation can be 
seen by presentation of the data from the designer’s viewpoint. In this 
nstance, the yield-to-tensile strength ratio is plotted versus tempering 
temperature for deformed and undeformed material, as shown in Fig. 3. 
lhe yield-to-tensile strength ratio is clearly superior in the deformed 
material at the higher tempering temperatures. 

Mechanical properties were determined for steels containing carbon 
varying from 0.28 to.0.57%. The highest yield strength consistent with 
good ductility was encountered in the 0.40% carbon steel. Typical 
properties of a higher carbon material are shown in Fig. 4. The gen- 
eral features of Fig. 4 are similar to Fig. 2. The ultimate strength at 
low tempering temperatures of the higher carbon steel is in excess of 
100,000 psi with 8.5% elongation. Unfortunately, the yield strength is 
low, and, even at high tempering temperatures, it never reaches the 
value exhibited by the 0.40% carbon steel. At all carbon levels and 
tempering temperatures investigated, ductility of deformed material 
vas good with no evidence of brittle fracture. A graphical summary of 
mechanical properties of steels, both deformed and undeformed, at 
three carbon levels, is shown in Fig. 5. The values shown are for ma- 
terials tempered to give a maximum yield strength. In all instances, the 
deformed material is superior to the undeformed ; the optimum carbon 
level being 0.40%. 

Unfortunately, standard Charpy impact bars could not be obtained 
from the %4-inch deformed bar; however, tensile impact tests made 


from ¥-inch diameter specimens were evaluated. Bars of both de- 
formed and undeformed material, tempered 1 hour at 500 °F, broke 
with a typical ductile cup cone type fracture. Impact values were all 
about the same with no correlation with previous processing. 


DiIscUSSION 

The enhancement of mechanical properties of the tempered marten- 
sitic structures achieved by plastically deforming metastable austenite 
is undoubtedly due to a number of complex interrelated factors. One of 
the most striking observable changes wrought by plastic deformation 
is the resultant microstructure. Electron micrographs, Figs. 6 and 7, 
at a magnification of 23,000 diameters, reveal a drastic refinement of 
martensitic grain size. Several investigators, notably Scheil et al. (4), 
have discussed the effect of stress on the average martensite plate 
length. These investigators have demonstrated the effectiveness of 
plastically deformed areas as well as austenitic grain boundaries, in 
impeding the growth of advancing martensite plates. The increased 
stress required for slip through the extremely fine grained martensite 
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Electron Micrograph of Undeformed Alloy B12 (0.40% carbon) Tempered 
or 1 Hour. Mechanical polish, 2% nital etch, parlodin replica chromium st 
owed. Original magnification * 6000, enlarged to x 23,000. 


Electron Micrograph of Deformed (75%) Alloy B12 (0.40% carbon) Temper 
* for 1 Hour. Mechanical polish, 2% nital etch, parlodin replica chromit 
shadowed. Original magnification & 9500, enlarged to & 23,000. 
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e precipitation has 


place on slip bands of the deformed aust ure where bainite 


8—Alloy 179 (0.98% carbon) Deforme 
wie rmally forms ‘Nital et 
formed in the deformed austenite might then be expected to be one of 
the more important strengthening mechanisms in these steels. 

The presence of stress, itself, in the highly deformed matrix of both 
he metastable austenite and the resultant martensite, although perhaps 


n important factor, is difficult to measure or evaluate. It is unlikely 


that either extensive recovery or recrystallization occurs at the tem 
perature of deformation, particularly in view of the very short time at 
temperature. Thus, the dislocation density is probably quite high and 
considerable interaction of the dislocations, with themselves and with 
grain boundaries, may take place. 

\lthough a deformation texture is not obtained in the hot rolling of 
steel (15), deformation of the metastable austenite may cause a de 
formation texture, which could be retained after transformation and 
iffect the mechanical properties. A deformation texture could possibly 
affect the size and orientation of the martensite formed after the de- 
formation. No evaluation of the extent of this effect has been made, 
but the possibility of such preferred orientations influencing the me 
hanical properties exists. 

Although bainite appears to be undesirable in large amounts in these 
steels, its formation in stressed metastable austenite illustrates the pos 
sible existence of another strengthening mechanism, viz., the precipi 
tation of extremely fine carbides in areas of high free energy. The high 
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carbon steel alloy 179, of Table I, was deformed 42% at 500 °F and 
allowed to partially transform in the range where bainite normally 
forms. The resultant microstructure is shown in Fig. 8. A carbide has 
apparently nucleated in the slip bands of the prior austenite grains 
Tempering deformed martensitic alloys at relatively high temperatures, 
i.e., 500 to 600 °F, permits a somewhat analogous type of fine carbid 
precipitation in slipped areas and probably increases the strength. Th: 
carbide decoration of the slipped, cross-slipped, and twinned areas ir 
Fig. 8 confirms the suggestion made earlier that the dislocation densit; 
in these alloys is quite high. 

The relative importance of each of the possible strengthening mecha 
nisms discussed above and their interrelationships must remain unre 
solved until the accrual of further experimental and theoretical infor 
mation. 

The ductility of the deformed material, especially in the untempered 
condition, can perhaps be attributed to the fine grained martensite dc 
veloped by deformation. Specimen size effect, internal stress distribu 
tion, prior austenitic grain size and texture may also have a part ir 
determining the ductility of the material. Ductility dependence on grair 
size, and specimen size and shape have been discussed by Petch (16 
Low (17), and Cottrell (18), among others. 


SUMMARY 


A new hardening process first suggested by the Dutch investigators 
Lips and Van Zuilen, has been verified. This process consists of plas 
tically deforming metastable austenitic carbon steels above the martens 
ite temperature and subsequently transforming to martensite. Th 
results of the present investigation may be stated briefly as follows: 


1. The critical amount of deformation required for a significant 
increase in mechanical properties is of the order of 25% re 
duction of area. The first 25% deformation is highly effective 
while greater amounts of deformation are diminishingly bene 
ficial. Deformations as high as 75% did, however, continue t: 
improve the mechanical properties. 
The “bay” area, or region between the pearlite and bainite 
transformation bands, is convenient for accomplishing large 
amounts of deformation without the formation of isothermal 
decomposition products. Lesser degrees of deformation may 
be obtained at other temperatures, although time then becomes 
a more critical variable. 
Substantial increases in ultimate tensile strength and elonga 
tion were noted at low tempering temperatures. Ultimate 
tensile strengths in excess of 400,000 psi with excellent duc 
tility were obtained on highly deformed medium carbon alloy 
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steels. Consistent with the increases in ultimate. tensile 
strength, the hardness of the deformed material was substan 
tially increased over that of the undeformed material. An in- 
crease in hardness of 2 to 4 Rockwell “C” units was observed 
for material deformed in excess of 25%. The yield strength 
was also increased by deformation although more scatter in the 
results was evident at low tempering temperatures. 

Higher tempering temperatures decreased the ultimate tensile 
strength of the steels rapidly while increasing the yield strength 
at a lesser rate. Tempering temperatures in the range of 500 
to 600 °F appeared to be the optimum for the steels employed 
in this study. Steels tempered in this range possessed yield 
strengths in excess of 300,000 psi with at least 6% elongation 
At the optimum tempering temperature, yield-to-tensile 
strength ratios were over 0.9. Higher tempering temperatures 
were also effective in reducing scatter in elongation data, and 
in considerably improving the ductility as measured by reduc 
tion of area. 

Several suggestions were advanced for the mechanisms opera 
tive in this new hardening process. Decreased martensitic 
grain size, residual stress, increased dislocation density, pre 
ferred orientation, and very fine carbide precipitation were 
considered possible contributing factors. 
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DISCUSSION 


Written Discussion: By R. F. Harvey, research metallurgist, Braeburn All 
Steel Corporation, Braeburn, Pennsylvania. 

It is of interest to note the improvement in physical properties reported by the 
authors of this paper. 

The authors state that this treatment was originated by two Dutch investigat 
Lips and Van Zuilen. 

\s far as it is known this treatment was first described by me in an article 
the ron Age on December 27, 1951. My work on this method was also published 
in other publications including the Journal of the Franklin Institute, Metal Treat 
ing, and Metar Procress. The method described in this paper is covered by U. S 
Patent 2,717,846 issued to me on September 13, 1955. 

Written Discussion: By L. F. Porter, Research Laboratories, United State 
Steel Corporation, Monroeville, Pennsylvania. 

I wish to congratulate the authors of this paper for their pioneering work o1 
an advanced technique for improving the strength level of high alloy steel and 
for increasing our knowledge of the effect of plastic deformation of metastab! 
austenite on its subsequent transformation characteristics. 


The differences in the mechanical properties of the deformed steels, afte: 


quenching and after being quenched and tempered, as compared with the und 
formed steels are extremely interesting. I believe that these differences are th 
result of a complex interaction of at least three separate factors over and above 
the finer martensitic and tempered structures obtained. These are: 

(a) The residual stress in the transformed structures and the rate of stress 


relief on tempering. 
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Written Discussion: By G. W. Form, assistant professor, and C. W. Marsct 
research assistant, Case Institute of Technology, Cleveland. 

The authors have presented a very interesting paper with important practi 
implications. 

Since Lips and Van Zuilen published a short paper in METAL Procress in 1954 
(see Ref. 3) showing with one specific example that the tensile properties of hi 
strength steels can be improved significantly by a “hot-cold” working procedurs 
number of research groups in this country have attempted to obtain tensi 
properties of a similar order of magnitude by the same technique. So far, no e\ 
dence has been brought forth to verify the staggering results presented by 
Dutch investigators, namely a yield strength of 400,000 psi and a reduction 
area of 42% in the as-quenched condition. 

The improvement in tensile properties shown by the authors, particularly 
far as their yield strength values are concerned, are outstanding, and there 
be no question that the hardening technique they employed deserves further stw 
However, in order to allow a just comparison between tensile properties result 
ing from conventional techniques and those obtained after the “hot-cold” workir 
procedure, it seems important that such a comparison is made with the mater 


in the best possible metallurgical state. One may wonder if the authors’ techni: 
of hot rolling a cast ingot from 2'-inch diameter down to a 1-inch square | 
satisfied this prerequisite. As an example, the alloy A26 (0.49 %C) conventional! 


heat treated has a tensile strength of only 300,000 psi in the as-quenched conditi 
} 


whereas tests run in our laboratory on a commercial heat of SAE 4350 
rolled by a factor of about 400:1 in going from ingot to rod) give a tensile 
strength of 385,000 psi in the same condition. Moreover, the steel used by Lij 
and Van Zuilen—corresponding to the authors’ alloy B12, except for the sili 
content—has a yield strength of 285,000 psi in the as-quenched condition aft 
commercial heat treatment, whereas the B12 alloy in the same state has a yit 
strength of only 250,000 psi. 

It seems reasonable to assume that the better the properties following a « 
ventional heat treatment, the more difficult it would be to improve these pr 
erties through other techniques. 

In view of the relatively large scatter inherent in data pertaining to hi 
strength steels, it would also be interesting to know whether the results plotted 
in Figs. 2 and 4 represent single or average values. 

An increase in yield strength is certainly desirable from a design point of vie 
while an increase in yield-to-tensile strength ratio is beneficial only if the not 
sensitivity of the material does not suffer appreciably. It would therefore 
highly desirable to investigate this aspect for the steels used by the author 
through the use of Charpy impact tests. (Unnotched tensile impact tests a 
irrelevant in this respect.) Kula has shown in a recent paper * that rolling 


* E. Kula and J. M. Dhosi, “Effect of Deformation Prior to Transformation on the M 
chanical Properties of 4340 Steel,” Transactions, American Society for Metals, Preprint #1 





HIGH STRENGTH 


4340 steel at 1000 °F improved the tensile properties, while reducing the 
impact values. We had similar experience with SAE 4350. 
note it may be pointed out that the method used in deforming the 
le austenite has, to say the least, some bearing on the resulting micro 
and mechanical properties. We have found, as the authors did, that 
o improve the strength properties of a medium carbon steel 
other hand, seems to have a more accelerating effect on the 
austenite, and the resulting tensile properties cannot readily 
amount of “hot-cold” working. The magnitude of chang 


rties obtained through a “hot ld” working procedure will de 


ig 
al composition of the material, its metallurgical state, and on 
unt and temperature employed when working the metastable 


Written Discussion: By R. W. Lindsay and ] Monier, Central Resear 


ible Steel Comy Meteieneai 


pat 
to be commended for their efforts to confirm the techniqu 
and Van Zuilen for raising level of strength possible in 
\ program is presently underway explore this technique 
he steels manufactured by our 
we have applied the technique to tw teels of a different type thar 
d by the authors. Our steels wet work steels and had tl 


al compositions 


Peerless) 


Hal 


f these steels are candidates for 
issile industries 


recommended heat treatment for ib] ( nitize at 1900 °F, 


r quench depending upon section r or thickt and double temper 
0 °F; for Crucible 218, the heat t t consists of austenitizing at 180( 
F, oil or air quenching, and double tempering at 1000 °T 


teel was used in the form of sheet of inch thickness. Each sample was 


1 in a pack. The sample was « *d on both sides with magnesium oxide 
hen placed between cover sheets of low carbon 1. This assembly was 
1 on all four edges. The pack procedure was used to prevent decarburization 
sample during processing, and to avoid contact between the sample and th 


lls in the rolling operation 
steps in the processing of each pack were the same. The pack was soaked 


1ustenitizing temperature for the steel juestion. It was then transferred 


ce maintained at the temperature at which rolling was to be done. For 


teel, isot t 


ermal transformation of austenite wz juite sluggish at the 
ack could be given sufficient 


ratures selected for rolling austenite. Thus, a p 
5 to 10 minutes) to equalize without the sample undergoing isothermal 
ormation. After attaining the rolling temperature, the pack was removed 
the furnace, and in one pass was given a reduction in thickness of about 
or 50%. Next, the pack was air-cooled to room temperature and opened 


sample was then given the appropriate tempering treatment; a double 


ring treatment of 2+ 2 hours at 1000°F was used for both steels 


heet tensile specimen was prepared from each sample. The tensile specimens 
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Table Il 
Property Values for Two Hot Work Steels Deformed in Metastable 
Austenite Region Prior to Hardening and Tempering 
Steel Rolling Thickness Red. in 0.2% % El Ratio 
Temp.., Tested, Rolling, UTS YS 
F ins // psix 10-* psix 10-% 
Crucible 56 a) 0.03 307 252 
800 0.04 316 261 
0.04 ; 332 268 
0.03 $2 323 264 
950 0.04 321 268 
0.04 328 262 
0.03 : 332 263 
1100 0.04 319 261 
0.04 330 27 
0.02 334 300 


S825 


RAnnn 


nm 
LPRRORDE 


Pewkeuns 


" ww 
aw 

na 
nN 7 


1) 0.03 292 
800 0.04 294 
0.04 2! 305 

0.04 316 

950 0.04 300 
0.04 309 

0.05 q 289 

1100 0.05 . 268 
0.04 307 

0.03 q 318 


Crucible 218 


DAN de me 
DMA 
VwiwDmnucd 


yn 


“snne> 


>> 
mn 


x 


1) Usual quench and temper 

b) Sample required straightening 
c) Tested without surface grinding 
*) Converted from Rockwell A 


were '14¢ inch wide by 11 to 12 inches long with a reduced section inch wi 
by 2% inches long. The surfaces of each tensile specimen were surface-grow 
to remove prior surface condition; an attempt was made to remove an equ 
amount of material from the opposite faces of each specimen. 

The results obtained for testing these specimens are given in Table II. Certa 
of the samples had to be straightened following the processing operations in o1 
to permit grinding. These samples are so indicated in the tabulation. For cor 
parison purposes, values are given for samples heat treated by the customar 
quench-and-temper procedure. 

\lthough the changes are modest, the evidence seems clear-cut that deform 
tion of austenite prior to transformation to martensite has produced increases 
tensile and yield strengths for Crucible 56. Since the increase in each propert 
is about the same, the ratio of yield strength to tensile strength is practical! 
unchanged. Simultaneously, there was a slight decrease in elongation. The evi 
dence is not clear as to whether there is an effect of rolling temperature or 
amount of reduction in rolling. One unusual result is to be noted for the samp! 
reduced 52% at 1100 °F. 

The results for Crucible 218 are less conclusive. However, slight increases i 
tensile and yield strengths seem to have resulted from the intermediate a1 
heaviest reductions. One result is definitely in the opposite direction. Ther 
seems to be no distinct effect on elongation. 

Lips and Van Zuilen have claimed a rather startling value for what they ter 
yield point for steel of the grade investigated by the authors. Together with thi 


they claim significant improvement in ductility. The authors’ data show interest 
ing increases in yield strength, albeit the yield strength does not attain the yiel 
point value of 400,000 psi claimed by Lips and Van Zuilen. Also, the ductilit 


values published by the authors for the samples which were deformed tend to be 


lower than those for the undeformed samples, when the samples were temperé 


to maximum yield strength. 
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Authors’ Reply 

The authors are grateful for the stimulating discussions which have add 
this paper and have contributed to the understanding of the effect of this 
forming” process on the strength of steel. 

Messrs. Form and Marschall suggest that perhaps the small amount of 
reduction of the laboratory heats does not yield the best metallurgical conditi 
This may be a possibility and only by processing material from a larger ing 
will it be determined whether this is an important factor. The authors feel 
the comparisons they made between the experimental steel and commercial SA 
4350 steel based only on carbon content, especially in the as-quenched conditi 
was not justified. The discrepancy between the properties obtained by Lips 
Van Zuilen and the authors on the same material cannot be explained since 
know very little about the real “state” of their material, either in the defor: 
or “conventional” condition. 

The data reported are single values; at the time these results were obtai 
material was at a premium. 

A limited number of Charpy impact testing has been done. Although a definit 
conclusion cannot be reached at this time it seems as though there is little dif 
ference between the deformed and undeformed material. 

Messrs. Lindsay and Monier mentioned an investigation they made on 
work die steels. The authors have also done a limited amount of experimentati 
using steels of this type. Without judicious austenitizing temperature selecti 
excessive insoluble carbides or excessive grain growth occurred, both producing 
discouraging results. This complexity of the alloys increased the problems 
obtaining substantial improvements with deformation. 

The effect of prior deformation in the “bay” area on the subsequent decomp 
tion in the bainitic region has not been studied quantitatively. However, a mi 
structure similar to Fig. 8 would result if the material were cooled, either du: 
ing rolling or just before quenching, into the temperature range where bainit 
normally forms. The time needed for this decomposition seems quite short 

The authors agree that there would probably be many limitations to this te 


nique in commercial applications. However, special processing and design seet 

necessary whenever high strength levels are demanded. If the benefits out 

weighed the costs, a process such as this could be used to great advantage 
Messrs. Watmough and Berry have asked how the deformation temperatur 


was decided upon. Selection of the deformation temperature was aided by dete: 
mining the isothermal diagrams for the alloys used. Realizing that deformati 
increased the transformation kinetics a temperature was selected where t 
austenite was most stable according to the isothermal diagram of the undeform: 
material. 

No specific classification of the products formed during quenching has be 
attempted. The product formed during quenching has been considered marte! 
sitic. The product formed by isothermal transformation after deformation d 
not seem to be the normal bainite, although it forms in the bainitic temperatur 
range. 

The original report by Lips and Van Zuilen claiming high yield strength a: 
ductility by deforming metastable austenite has been mentioned in some of the 
discussions. These workers did not indicate the exact heat treatment of either 
their deformed or undeformed steel, the specimen size, the amount of deformatior 
or the temperature of deformation. It seems unwise to make limiting assumptio! 
in place of this unreported information. 
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MATERIAL AND EXPERIMENTAL PROCEDURI 


An alloy steel of eutectoid carbon content was selected for investiga 
tion to avoid complications arising from a proeutectoid reaction. Th. 
Ni-Cr-Mo steel chosen transforms relatively slowly at all temperatur: 
above Ms. This facilitates reliable observation of transformation ki 
netics and morphology, particularly during continuous cooling. Thi 
steel is representative of grades used for through hardening in larg 
pieces. Measurement of hardenability in such steels by laboratory tests 
is awkward owing to the large specimen and special equipment required 
(8). It is therefore of supplementary interest to explore the feasibilit 
of predicting hardenability from isothermal data. 

Pertinent data regarding the nature and composition of the stee! 
investigated are given in Table I. 

Austenite transformation was measured by heat treating and examin 
ing microscopically several hundred small specimens. For cooling trans 


Table I 
Nature and Composition of Steel 


Manufacture: Commercial Open-Hearth Heat 
Stock: 14-inch diameter bar-rolled and forged from the ingot 
Composition, %: 
= Mn P Ss Si Ni 
0.57 0.82 0.016 0.019 0.30 1.16 
Preliminary heat treatment: Normalized from 1700°F 
Austenitizing treatment: 1700 °F for 10 mins. 
Austenite grain size: ASTM No. 4to 5 
Specimens: 0.5 inches square x 0.1 to 0.05 inches thick taken from a location 
midway between center and surface of a 14-inch diameter bar 


formation, specimens were cooled one at a time by withdrawing 
mechanically at a predetermined rate from the hot zone of a horizontal 
gradient-heated furnace. At its hottest zone the furnace was 1700 °F 
with temperature gradually decreasing, over a distance of three feet 
to near room temperature. A thermocouple imbedded in the 0.5-inc! 
square by 0.05-inch thick specimen was used to measure its tempera 
ture. For isothermal transformation, lead-bismuth baths maintained at 
essentially constant temperature were used. The percentage of austenit: 
transformed prior to quenching to room temperature was estimated 
visually under a microscope, with occasional check ratings made by 
lineal analysis (9). 


Austenite Transformation Diagrams 


In a limited study of transformation during continuous cooling t! 
pattern of cooling over the necessary wide range can never duplicat« 
all the variations encountered in practice. Thus, some arbitrary typ 
of cooling must be chosen. It is convenient to choose constant-rat 
cooling because each cooling cycle can then be precisely described 
numerically. In quenching steel the instantaneous rate at any particulat 





tion in the cross-section changes continually with temperature and 
g 


juently actual cooling is difficult to describe in numerical terms 
lthough results based upon constant-rate cooling are not precisely 
pplicable to actual heat treating conditions the same limitation applies 
I Pan) 

i degree to any arbitrary type of cooling cycle one might select. 
Construction of the experimentally determined C-T diagram* is 
reviation for « 
abbreviation 


liagram is the 
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Austenitized at 


grain Size: 4-§ 


Percentage Value | 

Curve Represents the Pr 
r 

! 


of Austenite Transform 





Fig. 2—Isothermal Transformation Diagram 


shown in Fig. 1. Each circle represents a specimen individually austen 
itized at 1700 °F and cooled at substantially constant rate to the time 

temperature value indicated by its position on the chart. The percent 
age of austenite that had transformed during cooling is indicated b 
a number within each circle. Three arbitrary constant-rate cooling 
curves are shown for reference. These, as well as the circles represent 
ing specimens, were plotted on the basis of cooling time below 1450 °| 
for reasons discussed later. Lines representing 1, 10, 50, 90 and 99° 
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ransformation were drawn in accordance with the microstructure of 


he various specimens. 
\n analogous diagram based on specimens transformed isothermally 


; shown in Fig. 2. 
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Correlation of Cooling and Isothermal Transformation 

Comparison of Figs. 1 and 2 reveals that the C-T diagram differs 
markedly from the I-T diagram both in shape and in location on th: 
time scale. Examination of microstructure indicates that such differ 
ences are due to variation in rate of transformation rather than to am 
fundamental difference in the nature of the transformation products 
Thus, austenite appears to transform to essentially the same ferrite 
carbide aggregate whether held at constant temperature or continuous!ly 
cooled through a corresponding very limited temperature range. This 
is illustrated for a representative cooling rate in Fig. 3. A step-by-step 
analysis of the structural changes during continuous cooling shows 
the final structure to be a mixture of isothermal transformation prod 
ucts. As would be expected, those ferrite-carbide aggregates which 
form slowly under isothermal conditions, as in the 1100 to 900°F 
range, are present in vanishingly small amount, whereas those aggre 
gates which form relatively rapidly at just below the ‘“‘noses” of the 
I-T diagram predominate. No aggregate of any kind not capable of 


being formed isothermally was observed in the continuously cooled 


specimens. 

In constructing a C-T diagram, a problem exists in deciding the 
basis for plotting cooling curves. If, as might seem best at first thought, 
cooling is plotted as beginning at the austenitizing temperature, the 


location of the C-T diagram on the time scale will vary with austenitiz 
ing temperature. However, it is well known that in many steels austen 
itizing temperature may be varied over an appreciable range without 
appreciably affecting the transformation behavior. A better basis would 
be one which ignores meaningless time spent in cooling from the 
austenitizing temperature to the appreciably lower temperature where 
austenite becomes at least to some small degree unstable. In a high 
purity, iron-carbon alloy of eutectoid carbon content, this temperature 
is obviously A, but when alloying elements are present it becomes a 
temperature range. 

In this particular eutectoid alloy steel, austenite was not completely 
stable below 1450 °F. For example, an austenitized specimen held at 
1400 °F for 3 days formed a small but definite amount of carbide, which 
indicates that the beginning line of the I-T diagram extends well above 
Ae, and is asymptotic to approximately 1450 °F. Therefore, exposur¢ 
of austenite at any temperature below 1450 °F will likely affect the 
rate of subsequent transformation at any lower temperature. On 
the other hand, exposure of austenite in the range 1700 to 1450 °F 
will probably have no significant effect. That such is indeed the 
case for this steel was proved by the following experiment. Three 
identical specimens were austenitized at 1700 °F and then cooled as 
follows: 





INSFORMATION 


Specimen A: 2.8 °F per second from 1700 to 1450 °F ; 0.23: 

per second from 1450 to 70 °F 

0.235 °F per second from 1700 to 70 °I 
from 1700 to 


0.058 °F per second 1450 
I¢ per second from 1450 to 70 °F. 


0.235 


Specimen B: 


Specimen 


Upon examination, all three specimens were found to have the same 
hardness and microstructure despite a marked variation in rate of cool 


range. Plotting each of the three 


ing through the 1700 to 1450 °F 
ooling cycles on a temperature-log time chart results in the curves 
in Fig. 4. As plotted, the three curves seem 


4 


labeled “A”, “B” and “C” 

to indicate, by the way they intersect the I-T diagram, three markedly 

lifferent final structures. This seeming ambiguity is overcome, how 
F is ignored; then, all three 


er, when meaningless cooling to 1450 
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Fig. 5—Comparison of the Measured with a Derived Cooling Transformation Diagrar 


curves plot as curve “D” and correctly indicate the same final structur: 
in all three specimens. For this reason the C-T diagram (Fig. 1) was 
plotted on the basis of cooling beginning at 1450 °F rather than at th 
1700 °F austenitizing temperature. 

Based upon a study of an AISI 4340 steel Grange and Kiefer (3 
proposed an empirical method for deriving a C-T diagram from the I-1 
diagram. A C-T diagram for the Ni-Cr-Mo eutectoid steel derived o 
this basis is shown in Fig. 5. For comparison, the measured C-T dia 
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Line with Beginning Lines 
Three Methods 


gram (Fig. 1) and the I-T diagram (Fig. 2) are superimposed on the 
same chart. The derived C-T diagram has more or less the correct shape 
mut lies toward the left and above the measured C-T diagram. The dis 
crepancy is greatest in the bainite region. Much too low hardenability 
is indicated by the derivation. 

Other methods (1,4) of deriving the beginning line of the C-T dia 


1 much the same result as 


gram from the isothermal beginning line yiel: 
the Grange and Kiefer method. This is shown in Fig. 6. Thus, in this 





504 TRANSACTIONS OF THE ASM 


particular steel all methods that have been proposed for predicting 
transformation behavior on continuous cooling from isothermal dat 
are unsatisfactory. Apparently, some important factor which is 1 
adequately treated in any of the derivation methods is involved. 


Incubation Effect 

When austenite is cooled below its equilibrium transformation tem 
perature there is a time lag in the onset of detectable transformatior 
which has variously been called an incubation, induction, nucleatio 
or initiation period. In the practical sense the incubation period is th: 
time period required for a measurable amount of transformation. This 
obviously varies with the measuring method. 

Holding an austenitic specimen for a time no greater than that re 
quired for a measureable amount of transformation to appear consti 
tutes a so-called incubation treatment. Incubation may be complet: 
meaning the specimen was held for the time necessary for a measureab|: 
beginning, or it may be partial which consists of holding for a fraction of 
this time period. Incubation, of course, occurs on continuous cooling 
as well as isothermally. In correlating the two, a cooling cycle is con 
sidered to be equivalent to a series of small, stepped isothermal treat 
ments.* Consequently, the effect of partial incubation at a higher tem 
perature upon subsequent transformation at a lower temperature must 
be known precisely if isothermal transformation is to be related quanti 
tatively to conditions of continuous cooling. The simplest assumption, 
first made by Scheil (1) and since adopted by others, is that partial in 
cubations at a series of successively lower temperatures when expressed 
as fractions of each full incubation period are numerically additive, and 
transformation will begin when these fractions add up to unity. The 
limited amount of experimental evidence available indicates that this 
at best is only approximately true in certain temperature ranges (4,10 
Thus, the assumption of additivity of incubation effects may be grossly 
in error in this particular steel and warrants investigation to see if 
therein may lie the explanation for the discrepancy between the meas 
ured and derived C-T diagrams. 

The I-T diagram (Fig. 2) shows that austenite transforms most 
rapidly in the vicinity of 800 °F. Consequently, this reaction temper 
ature is of relatively greatest significance in respect to hardenability. 
Measurement of the effect of incubation at other temperatures, particu 
larly higher ones, upon 800 °F transformation may therefore explain 
the discrepancy in the derived as compared to the measured C-T 
diagram. 

To evaluate an incubation effect, measurements of higher precision 


* Ideally, to an infinite series of isothermal treatments. This can be handled by integration as 
proposed by Steinberg (2) but the data are seldom if ever sufficiently precise to warrant such 
elaborate analysis. 
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usually made for routine determination of the I-T diagram are 
required. For this reason 0.25 x 0.5 x 3-inch specimens were cut from 
i location midway between surface and center of the 1.25-inch diameter 
har and hot-rolled to strip 0.1 inch in thickness. This additional hot 


vorking promoted uniformity by minimizing segregation. Specimens 


t from each of the four strips were austenitized at 1700°F and 
ransformed for various times at 800°F. The results, plotted on a 
probability scale (11) of percentage as in Fig. 7, define a straight line, 
it least up to about 75% transformation. The straight-line relationship 
n this basis greatly facilitates subsequent evaluation of nucleation 
effects because, after incubation, the 800 °F reaction merely plots as a 
lifferent straight line. 
['o express quantitatively the incubation period for the 800 °F reac 
m curve, some small finite percentage of transformation must be 


osen as the end of incubation and the be 
the 


bali 


ginning of transformation 
s chosen, the full incubation 
is 14 seconds according to Fig. 7. A prior incubation 
eatment at some other temperature which completely eliminated th 
need for any additional incubation at 800 °F would reduce the time 

each percentage of transformation larger than 0.01% by 14 seconds 
the basis of the number of seconds saved 


tlect 


smallest feasible amount, 0.01%, 
period at 800 °F 


(In 


1 equivalent nucleating 
each differet 


would vary numerically at nt transformation tem 


perature in accordance with the marked dependence of transformation 
rate on temperature. This variation makes c 


nparisons difficult. There 
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Reaction Curve Data—800° F Transformation 
(From Log-Probability Plots of Measurements) 





1350°F 
1 Hr. 
! 
800° F 
(Secs.) 
74 
190 
450 
720 


1000°F 
25 Min. 


950° F 
70 Min. 
| 
800° F 
(Secs.) 


80°F 
(Secs.) 


39 
76 
137 
190 
275 


69 
128 
220 
300 
425 


1250°F 
8 Min. 


1 
800° F 
(Secs.) 

17 

49 

128 
215 


900° F 


40 Secs. 
! 


800° F 
(Secs.) 


36 
90 
146 
265 


1200°F 
4 Min. 


1150°F 
8 Min. 
i 
800° F 
(Secs.) 


+0.29 
+0.19 


850°F 
25 Secs. 


1 
800° F 
(Secs.) 


30 
68 
105 
175 
260 
365 


1100°F 


12 Min. 


800° F 
(Secs.) 


28 
63 
97 
165 
240 
340 


+0.46 
+0.31 


700° F 
40 Secs. 
! 


800° F 
(Secs.) 


1050° F 
20 Mi: 


800°} 
(Secs 


35 

86 
121 
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250 
325 


+0.33 


+0.14 


600° F 
100 Secs 
| 
800° F 

Secs.) 


34 
RO 
140 
255 
390 


Fi—1% T 
Fr—10% T 


—1.46 +0.31 +0.42 


+0.25 


fore, in this paper, an incubation effect is expressed numerically as the 
factor F;, where 
F; = to — ti /to 


to = time for x % transformation without prior incubation at some other 
temperature. 

ti =time for x % transformation with prior incubation at some other 
temperature. 


Thus, F; is the ratio of the time saved by a prior incubation treatment 
to the normal reaction time for any specified percentage of transforma 
tion. For any particular prior incubation treatment, F; will decrease 
numerically as the percentage of transformation increases. This is in 
some respects undesirable but does convey the correct impression that 
incubation effects are usually practically significant and experimentally 
measurable only in the early stages of transformation. For example, at 
800 °F the saving of 14 seconds by prior complete incubation is de 
tectable at 10% transformation which normally requires 140 seconds 
but not at 50% transformation where a difference comparable ‘o hold 
ing for 456 as compared to 470 seconds must be detected. Henceforth 
in this paper F; is arbitrarily reported for both 1% and 10% trans 
formation. 

With the normal reaction at 800 °F thus evaluated, specimens were 
completely incubated at other temperatures in the range 1350-600 °I 
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y austenitizing, quenching first into a lead-alloy bath at the incubating 
temperature for a time just long enough for a measurable beginning 
f transformation (0.01 to 0.1%), and finally quenching into a second 
ath at 800 °F and holding for a series of times. The resulting data for 
isothermal transformation at 800 °F were plotted on logarithmic-time, 
probability-percentage coordinates, and a straight line fitted to the 
points. From such plots, similar to Fig. 7 except for displacement on 

1e time scale, the time for several arbitrary percentages of transforma- 
tion was obtained, usually by interpolation. Table II lists the various 
treatments, the time for various percentages of transformation, and the 
calculated incubation effect F; on the basis of both 1 and 10% trans- 
formation. For obvious reasons the experimental data were limited to 
50% transformation or less. 

Incubation effects evaluated in this way are summarized graphically 
in Fig. 8. Although it is the independent variable, temperature is plotted 
vertically to facilitate correlation with the I-T diagram. F; appears 
both as a positive and as a negative ratio. A positive ratio indicates 
that incubation accelerated transformation at 800 °F; a negative ratio 
indicates retardation. The smooth curves fitted to the points represent- 
ing measurements, with due allowance for probable precision of the 
data, indicate a very marked dependence of incubation effect upon 
temperature of incubation. If fractional incubations at different temper- 
atures were additive as assumed in the derivation of the C-T diagram, 
the chart would consist of two parallel vertical lines, one for 1% and 
another for 10% transformation, lying at F; values of about +-0.3 and 
+-0.1, respectively. Instead, fractional incubation times appear to be 
ipproximately additive only in the bainite region, Ms to 900 °F. Else- 
where, the incubation effect is much more complex. Incubation in the 
temperature range above 1225 °F and also in the 1000-900 °F range 
markedly retarded transformation at 800°F. The magnitude of the 


Table Ill 
Reaction Curve Data—1200° F Transformation 
After O, Partial, and Complete Incubation at 1000° F 
From Log-Probability Plots of Measurements) 


1000° F, 375 Secs. 1000° F, 750 Secs 1000°F, 1500 Secs 
1200°F | | i 
No Incubation 1200°F 1200°F 1200° F 
Secs.) Secs.) Secs.) (Secs.) 
250 120 
340 170 140 103 
475 260 230 175 
630 385 365 275 
725 475 450 350 
840 600 540 460 
920 680 590 520 
990 710 630 550 
1040 740 660 580 


0 25 50 100 
10.45 +0.54 +0.63 
+0.35 +0.38 +0.52 
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Fig. 8--Effect of Incubation Upon Subsequent Transformatior 


incubation effect is greater for 1% than for 10% transformation, 
would be expected, except at 1225°F and above where incubati 
retarded transformation. 


Effect of Time of Incubation 


To determine how the incubation effect varies with time up to cor 
plete incubation, specimens were austenitized, quenched to 1000 °F 
25, 50 or 100% of the full incubation period at 1000°F and ther 
transformed for a series of times at 1200 °F. Results are listed in Tabl 
III and summarized graphically in Fig. 9. According to the additivity 
assumption used in deriving the beginning of cooling transformatior 
from isothermal data, each equal fractional increment of incubatior 
should have the same effect ; that is, the curves would be straight lines 
Instead, they are more or less parabolic in shape which indicates that 
equal fractional incubations diminish in relative effect as they approac! 
the full incubation period. 

The experiment just described was conducted under circumstance: 
where incubation accelerated subsequent transformation. It is of inter 
est also to consider the corresponding effect when incubation retard 
subsequent transformation. This was done by a similar set of measur¢ 
ments, again using 1000 °F as the incubation temperature but trans 
forming subsequently at 800 °F instead of 1200 °F. As shown in Tabl 
[IV and Fig. 10 the effect of time of incubation is similar to that found 
in the first experiment of this kind. Hence, numerical additivity 0! 
fractional incubations was not found in either instance. 





TRANSFORMATION IN 


Table IV 
Reaction Curve Data—-800° F Transformation 
After O, Partial, and Complete Incubation at 1000° F 
(From Log-Probability Plots of Measurements) 


750 Secs. 1000°F, 1500 Secs 
800° F i 
No Incubation) ‘ 800° F 
Secs.) s (Secs.) 

14 

25 

52 

108 

140 

210 

290 

370 

470 


0 





Table \ 
Reaction Curve Data—-I-T at 800° F After Double Incubation 
From Log-Probability Plots of Measurements 
B ( D 


I I 
1100°F,12 M 1000° I I 1100°F, 9 Mir 1000°F, 18 Mir 


1000°F, 25 Min. 1100°F, 12M 1000°F,18 Min. 1100°F, 9M 


800° F 800° I 800° F 800° I 


Secs Se€ 


24 
54 
110 
165 
265 


375 
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eo Incubation at !OC 
Fig. 10—Effect of Incubation Time at 


1000 °F on Subsequent Transformation at 
800 °F. 


Effect of Double Incubation 


Under conditions of continuous cooling incubation occurs as ten 
perature is falling and the effect can be likened to a series of stepped 
partial incubation treatments, each at a successively lower temperatur: 
If as in cooling this steel, austenite passes through one temperaturé 
range where incubation accelerates and another where it retards trans 
formation, what is the net effect ? To answer this question the effect oi 
double incubation on subsequent transformation at 800 °F was studied 
In one series, full incubation at 1100 °F which accelerates was imme 
diately followed by full incubation at 1000°F where 800 °F trans 
formation is retarded. In a comparison series, this sequence of incuba 
tion treatments was reversed. Results are listed in columns A, B and ‘ 
of Table V from which it is apparent that the effect of the second incu 


Table VI 
Reaction Curve Data—I-T at 800° F-Effect of Cooling Rate 
(From Log-Probability Plots of Measurements) 





Regular* 
I-T at Cooled to 950°F 
% 800° F at 1.1°F /Sec. 
Transformed (Secs.) (Secs.) 
0.1 25 66 
1 52 140 
5 108 265 
lv 140 375 
20 210 570 
30 290 775 
40 370 1000 
50 470 1250 
60 600 1600 
70 770 2100 
80 1050 2900 
Fi—1% T — —1.69 
Fr—10% T —_ —0.97 


*From Fig. 7. Cooling Rate =400°F /Sec. (Approximately). 
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tion treatment predominates. Thus, when the second incubation is 
t 1000°F where 800 °F transformation is retarded, F; is negative ; 
vhen at 1100 °F where it is accelerated, F; is positive. The same trend 
; evident for partial (75%) incubation at each of these two tempera- 
tures, as shown in columns D and E of Table V. 

These results suggest that on continuous cooling the effect of incuba- 
tion in the lowest temperature zone prior to the beginning of actual 
transformation also predominates. Hence, the Ni-Cr-Mo steel should, 

n this basis, have greater hardenability than indicated directly by the 
rate of strictly isothermal transformation at 800 °F, because immedi- 

tely above is the 1000-900 °F range where incubation markedly re- 


tards transformation. 


Effect of Cooling Rate 
lo check this supposition experimentally several austenitized speci 
mens were cooled comparatively slowly from the austenitizing tem- 
perature to 950 °F at 1.1 °F per second. This rate was, however, fast 
enough to avoid any transformation during the continuous cooling. The 
specimens on reaching 950 °F were immediately quenched to and held 
it 800 °F for a series of times. The results, and also those for regular 
transformation at 800°F when the cooling rate is about 400 times 
faster, are given in Table VI. A marked effect of the slow cooling in 
retarding transformation at 800 °F is shown by comparison of these 
data. This is because the retarding effect of incubation during slow 
cooling through the range 1000-950 °F predominates in accord with 


i 
the results of the earlier incubation experiments. 


> 


DiscuSSION OF RESULTS 

\ decidedly complex pattern of incubation effects has been revealed 

by this investigation. The data pertain specifically to a Ni-Cr-Mo eutec- 
toid steel. Because difference in chemical composition among grades 
steel, particularly differences which favor proeutectoid transforma 
tions, may greatly alter incubation effects, it would be unwise to assume 

that the present data may be rigorously applied to other steels. 

The effects observed herein suggest the need for a theory of solid 
state transformation in steel which involves some sort of temperature- 
which is preliminary to 
rmation of stable nuclei of any new phase. Possibly this may involve 
rystal imperfections, but 


ing of certain solute atoms around ct 
requires much more data. 


t that properly planned and 


t At 


lependent change in metastable austenit 


luster 

the quantitative aspect of any such theory 
In the practical sense the results sugges 
ecuted “stepped” cooling cycles might increase the hardenability of 


s and possibly other more or less similar steels. However, the com 


paratively slow cooling rates inherent in large masses may automatically 
tilize the sort of incubation which retards transformation to upper 
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bainite and thus render “stepped” treatments less rewarding than 
apparently indicated by laboratory data for small rapidly-cooled speci 
mens. 

Methods which have been proposed for correlating isothermal and 
continuous cooling transformation appear to be unsatisfactory, par 
ticularly insofar as the bainite region is concerned. This is largely be 
cause comparatively slow cooling tends to stabilize the austenite-t; 
hainite reaction owing to the retarding effect of incubation in certain 
temperature ranges. Development of a satisfactory method of esti 
mating cooling transformation behavior (hardenability) from iso 
thermal data for this and similar grades of deep hardening steels re 
quires a much better understanding of incubation effects. 

The complex nature of incubation effects found in this investigation 
has a certain amount of independent confirmation in certain other 
grades of steel. For example, Klier et al (12) found that the harden 
ability ef an AISI 4340 steel is increased by austenitizing and then hold 
ing in the 1350-1400 °F range prior to quenching. Very possibly this 
involves a retarding effect of high-temperature incubation similar to 
what we observed above 1225 °F in our steel. It has also been observed 
(13) that bainite transformation is retarded by incubating 4340 stee! 
in the 1000-900 °F range. Mayer (6) points out that cooling trans 
formation may not be the same in two different grades of steel ever 
though the two have similar isothermal transformation characteristics 
and that prediction of hardenability from isothermal data is likely to 
result in lower hardenability than actually exists. Hehemann and Tro 
iano (7) found that partial transformation to upper bainite retarded 
subsequent transformation at lower temperature. While this does not 
appear to involve quite the same sort of incubation effect we have found 
the two phenomena may be fundamentally related and indicate the need 
for a new theory of austenite decomposition based upon heterogeneous 
rather than homogeneous nucleation. 


SUMMARY 


A continuous cooling transformation diagram was experimentall) 
determined for a deep hardening eutectoid alloy steel. Comparison of 
this diagram with the corresponding isothermal transformation dia 
gram revealed differences in transformation kinetics which were not 
predicted by any of the methods that have been proposed for correlat 
ing the two. This was because of the complex nature of so-called incuba 
tion effects in this steel. 

It was found that holding austenite for a time just short of that 
required for transformation to begin at each of a series of constant tem 
peratures in the range 1350 to 600 °F sometimes accelerated and some 
times retarded subsequent transformation to upper bainite. In parti 
ular, exposure of metastable austenite in the 1000 to 900 °F range 
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y retarded subsequent transformation at a lower temperature. 


mtinuous cooling at comparatively slow rates, this retardation 
predominates. Thus, hardenability of this steel, which is deter- 
ed primarily by the rate of transformation to upper bainite, is ap 
iably greater than indicated by isothermal transformation. The 


screpancy between the measured and derived cooling transformation 


eram is explained in large part by the austenite-stabilizing effect 
F range, of specimens used 


ver cooling, through the 1000—900 
suring cooling transformation as compared to rapid cooling of 


imens used in measuring isothermal transformation. 
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DISCUSSION 
Written Discussion: By William Wilson, Tr., director, Research and Develop 
\. Fink] & Sons Co., Chicago 
paper has been of especial interest becaus > similarity between 





514 TRANSACTIONS OF THE ASM Vol. 51 


the steel composition and a die block analysis introduced by A. Finkl & Sons Co 
in 1920. Hardenability tests of steel compositions approximating that of th 
authors were reported in Fig. 16 of my previous paper.* Although the harde; 
ability of these deep hardening steels can be tested, the ability to accurately pre 
dict continuous cooling transformation from isothermal transformation diagrams 
would be very valuable. 

I wish to compliment the authors on their thorough and painstaking investiga 
tion which resulted in a cooling transformation diagram, a precise isothermal 
transformation diagram, and a study of incubation effects. My discussion is cor 
fined to the incubation effects. 

The authors used a log-probability plot to correlate their incubation results 
and state “ .. . after incubation, the 800 °F reaction merely plots as a different 
straight line.” Fig. 7 demonstrates the linearity of the transformation dat 
when the incubation time is included. I suspected that the linearity would fail 
when the incubation time was excluded. 

Fig. 11 was prepared to test the exclusion of incubation time. The straight 
line represents the complete transformation time and corresponds to Fig. 7. Wit! 
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Fig. 11—Transformation at 800 °F. 


the exclusion of the 0.01% incubation time, the points are approximately repr¢ 
sented by a bent line. Similarly with the exclusion of 0.1% incubation, the line is 
bent. The values of Table II for 1050 °F incubation are included in Fig. 11 and 
exhibit the expected nonlinearity. Generally, this observation was masked by 
reason of segregation and the resultant scatter of results. 

Fig. 12 shows another correlation of some results from Table II. In this figure, 
the percentage transformed is the parameter of each plotted point. For exampl: 
0.1% transformed requires 25 seconds with 800 °F incubation and 17 seconds 
with 1250 °F incubation. Hence the point representing 0.1% transformed is plotte 
with an ordinate of 25 secs. and an abscissa of 17 secs. Similarly, points for 1‘ 
5%, 10%, and 20% transformed yield the bent line for 1250 °F in Fig. 12. 

The advantages of the correlation in Fig. 12 are: 


* William Wilson, Jr., ““A Hardenability Test fae Deep Hardening Steels,’””’ Transaction 
American Society for Metals, Vol. 43, 1951, p. 45 
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Fig. 1 Transformation at 800 °F. (Nucleation temperatures shown.) 


1. Addition or subtraction of incubation time changes only the origin 

2. If after incubation the transformation proceeds normally at 800 °F, the 
line will be at 45 degrees ( Authors’ analysis ) 
If after incubation the transformation suffers retardation (stabilization ) 
or acceleration by a constant factor, this can be evaluated from the slope 
of the line. 
If the plot is linear, all of the results can be used to extrapolate to an 
apparent incubation time (The scatter of results at small percentages 
is counterbalanced by inclusion of the higher percentages). 
If the plot is linear and intersects appropriate incubation times, the 
slope gives relative values for the general nucleation and growth 
parameter *\/ NG *.* 


xamination of the 13 non-800 °F incubation treatments in Table II—by the 
ethod of Fig. 12—shows that all but three exhibit a sharp bend at about 5% 
ransformed or 108 seconds for 800 °F incubation. These bends probably result 


mm the use of the log-probability correlation. 

Since all the incubation treatments were interpolated with the assumed straight 

ne relationship, a return to the original data is required before the proposed cot 
ation can be tested. 


* Johnson and Mehl, “‘Reaction Kinetics in Processes of icleation and Growth,” Trans 
ns, American Institute of Mining and Metallurgical En » VE 135, 1939, p. 416 
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This discussion and alternate correlation are offered in the hope that the j 
bation effects can be rationalized and in no way to detract from the resea 
contribution of the authors. 


Authors’ Reply 

We thank Mr. Wilson for his excellent discussion and believe his suggesti 
for analyzing data for incubation effects merit consideration in future investiga 
tions. However, it should be realized that a straight-line relationship of per 
centage transformed to time on log-probability coordinates is fortuitous a1 
without real fundamental significance. Hence, in the general sense, analysis of 
the effect of incubation on transformation kinetics should not rely on su 
straight-line relationship. 

Re-examination of our original data fails to indicate definitely whether the 
curvature described by Mr. Wilson is present. This is because measurements 
times for very small percentages of transformation exhibit too much scatter: 
Such scatter is presumably due to segregation, which was minimized by t! 
method of sampling but not entirely eliminated in our steel. 





MAGNETIC ANALYSIS OF PHASE CHANGES 
PRODUCED IN TEMPERING A HIGH-CARBON 
STEEL 


By Morris MENTSER 


Abstract 


A magnetic analysis was made of the carbide phases pro 
duced during tempering of a quench-hardened, high carbon 
steel. Hexagonal close-packed iron carbide was identified 
magnetically by a direct determination of its characteristi 
point of inflection at approximately 380 °C (715 °F). Hex 
agonal carbide is known to be formed upon decomposition of} 
martensite in the first stage of tempering. The present study 
showed that hexagonal carbide forms initially upon decom- 
position of retained austenite in the second stage of temper- 
ing, at 230°C (445°F) or lower. Thus, at these tem- 
peratures, bainite, the transformation product of retained 
austenite, is initially an aggregate of ferrite and hexagonal 
carbide. The same sequence of carbide transformation oc- 
curs in tempering martensite and retained austenite, even 
though the temperature ranges of the respective stages of 
tempering overlap only partially. The composition of hea 
agonal carbide, derived from magnetic measurements, was 
approximately Fe, 5C. 

Transformation of hexagonal carbide into cementite oc 
curs largely in the third stage of tempering. The hexagonal 
carbide formed upon tempering of steel appears to be more 
stable than that formed in iron catalysts by carburizing 
gases. No evidence was found for the intermediate forma 
tion of Hdgg iron carbide during third-stage tempering of 
the steel that was studied. (ASM-SLA Classification: N8a, 
M23a; CN-r) 


INTRODUCTION 
ony PERING is an important type of heat treatment in the process 
ing of steel to achieve stress relief and to bring about specified 
legrees of ductility and softening. The tempering of quench-hardened 
teels, consisting of martensite and retained austenite, has been the 


Ig 


hject of numerous investigations, and considerable progress has been 
de in understanding the structural changes that occur. The present 
tudy deals with carbide transformations involved in tempering 


paper presented before the Fortieth Annual Convention of the Society, held 
Cleveland, October 27-31, 1958. The author, Morris Mentser, is Physical 

nist, Bureau of Mines, United States Department of the Interior, Region V, 
ttsburgh, Pa. Manuscript received August 2, 1957 
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Hardened steels, containing martensite and retained austenite, pass 
through three stages as they are tempered (1).' These stages are ide: 
tified by changes in physical properties associated with changes 
structure. Phase changes, however, do not occur discretely. Because 
the reactions of the three stages partly overlap, the temperature limits 
assigned to each stage of tempering are approximate. 

The first stage involves decomposition of martensite and proceeds at 
measurable rates below 200°C (390°F); decomposition has been 
observed even at room temperature (2). A transition phase, different 
from cementite, on tempering martensite at 130-300 °C (265-570 °F 
was first observed by x-ray diffraction by Arbusov and Kurdjum 
(3). Evidence for a transition precipitate likewise was found by Antia 
et al. (1) by magnetic and specific volume measurements. Patterns 
corresponding to hexagonal iron nitride or an isomorphous compound 
were obtained by Heidenreich, Sturkey, and Woods (4) in a stud 
of tempered martensite by electron diffraction. The formation of an 
intermediate precipitate in the tempering of martensite at 200-350 °C 
( 390-660 °F) was confirmed in electron-microscope studies by Trotte: 
and McLean (5). The transition precipitate was identified by Jack (6 
as the hexagonal close-packed carbide of iron by x-ray diffraction 
Hexagonal carbide is also referred to as e-iron carbide. Precipitation of 
e-iron carbide is accompanied by formation of a low carbon martensit: 
(2,7). Its carbon content was found to vary from 0.17 to 0.28%, de 
pending upon the temperature of tempering, but was found to be ind: 
pendent of the carbon content of the primary martensite (2). 

Retained austenite undergoes transformation at 150-300 °C (300 
570 °F). This second stage of tempering is characterized by an increasé 
in volume and a large increase in magnetization. The product, bainit« 
is an aggregate of ferrite and a carbide. In the present study the carbic 
component has been identified as the hexagonal carbide of iron. 

The third stage of tempering results in the formation of ferrite and 
cementite. The identities of the products of this stage are well estab 
lished, but the transformations taking place have not been fully under- 
stood. Emphasis had been placed on the transformation of e-carbide, 
identified as a product of the first stage only. Now that the carbid 
phase in bainite is known to be e-carbide, a very important phasé 
change in the third stage concerns the transformation of e-carbide int: 
cementite. 

In studying the third stage of tempering by x-ray diffraction, Roberts 
(8) obtained what he termed somewhat vague patterns, which he at 
tributed to the presence of Hagg iron carbide. From magnetic analysis 
of iron-carbon alloys, Crangle and Sucksmith (9) hypothesized th 


1 The figures appearing in parentheses pertain to the references appended to this paper 
This work was supported in part by the Wright Air Development Center, U. S. Air For 
under contract number 33(616)—52-12. 
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presence of Hagg iron carbide as an intermediate. In carbiding of iron, 
ischer-Tropsch catalysts both hexagonal and Hagg carbides were 
htained as intermediates in the formation of cementite (10) ; this fact 
led Hofer and Cohn (11) to suggest that Hagg carbide may occur in 
iempered martensite. Differential magnetic analyses at low field in- 
tensities led Pomey and Coudray (12,13) and Okada and Arata (14) 
to report the presence of Hagg iron carbide as an intermediate during 
tempering of steels. However, their evidence must be considered sug 
gestive rather than conclusive, because the Curie points observed may 
easily be interpreted as belonging to cementite. Diffraction and micro- 
scopy studies, in general, do not confirm the presence of Hagg carbide. 
Electron and x-ray diffraction patterns, obtained during the third stage 
f tempering, show that an intermediate product is obtained in the 
transformation of e-iron carbide into crystalline cementite and that the 
intermediate is cementite in platelet form (6,15,16,17). 

\ncther phase to be considered in the third and, possibly, in the 
second stage of tempering is low carbon martensite. The sequence of 
its conversion into cementite and ferrite, i.e., whether the course is 
through ¢-iron carbide or directly to platelet cementite, has not been 
established. Existing evidence suggests that transformation is direct 

18). 

[his paper reports a magnetic investigation of the tempering process 
by which the carbide phases formed in the different stages were iden 
tified and their transformations were observed. 


EXPERIMENTAL PROCEDURI 
lhe experimental methods of magnetic analysis have been described 
in detail by Hoselitz (19). In the present study, measurements of mag- 


netic moment were made with a pendulum balance similar in design 
to that of Mathreu (20), with modifications in many of its mechanical 
features.* The movement of the pendulum was followed by observing 
the magnified image of the fine pointer of the pendulum; the displace 
ment of the pointer was measured with a micrometer stage. In general, 
samples were large enough to displace the pointer at least 3 millimeters 


(he position of the pointer could be read to within +3. The largest 
source of error, estimated to be +0.5%, was the uncertainty in the re 
production of the applied field and of the demagnetized state. However, 
vhen successive measurements at constant field were taken as a func 
tion of temperature or time, the uncertainty in the absolute values of 
he displacement was close to the uncertainty in the measurement of the 
position of the pointer, that is, 0.1%. Therefore, the absolute specific 
magnetization measurements have an uncertainty of +0.5%, whereas 
relative measurements have an uncertainty of +0.1%. 

* The modified balance was designed by S. Nazaruk and P. Golden and built and adjusted 


by W. Fauth and F. Fauth, Branch of Coal-to-Oil Research, Bureau of Mines, Region V, 
Bruceton, Pa 
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The gradient of the magnetic field was calibrated with a stand 
sample of iron in wire form * to which a saturation specific magneti 
zation, «, of 217.8 erg per gram gauss at 15°C (59°F) was assigned 
(21). The calibration was repeated with nickel * for which report 
values of sigma ranged from 54.2 to 55.3 erg per gram gauss (21); a 
value of 54.7 reproduced the results of the iron sample. The c.g.s. units 
of specific magnetization were derived previously (22). 

Unless indicated otherwise, measurements of magnetic moment wer 
carried out in an applied field of 5000 oersteds at a field gradient of + 
oersteds per centimeter. The temperature of the sample was determin: 
with a chromel-constantan thermocouple. The chemical composition of 
the high carbon steel ** used in the investigation is shown in Table | 
Before austenitization, cylindrical specimens, 5 millimeters in diameter 
and 1.5 millimeters thick, were machined from flat steel bars. After 
the specimens were machined, they were austenitized in an atmosphere 
of argon at 1100 °C (2010°F) for 2 hours and quenched into a 10 
sodium hydroxide solution at room temperature. The disks then wer 
sealed off in individual Pyrex tubes evacuated to prevent oxidatior 
of the samples in later treatments. Some of the specimens were in 
mersed in liquid nitrogen to reduce the amount of retained austenit 
Prepared specimens were tempered either on the magnetic balance o1 
in an aluminum block furnace at various temperatures. 

Magnetic analysis of iron-carbon alloys has been described by 
Crangle and Sucksmith (9). Identification of a pure ferromagneti: 
substance by determination of its Curie point is simple. In the case of 
alloys, phase changes may occur at temperatures below the Curie points 
of one or more of the constituents, and the problem of identificatior 
becomes difficult. A complete qualitative analysis of phases formed 
during tempering generally requires a trial-and-error procedure. For 
a quantitative analysis, a knowledge of specific magnetization of initial, 
intermediate, and final phases is needed. 


Table I 
Composition of High Carbon Steel 

Weight ‘ 
Carbon 1.62 
Manganese 0.71 
Silicon 0.28 
Nickel 0.12 
Chromium 0.11 
Molybdenum 0.04 
Copper 0.04 
Sulphur 0.033 
Phosphorus 0.009 


* Iron wire, specified as 99.9883% iron, was furnished by the National Bureau of Stand 
ards, Washington, D. C. Nickel wire of 99.95+ purity was supplied by the Sigmund ( 
Corporation, Mount Vernon, New York. 


** A quantity of this steel was furnished and also austenitized through the courtesy of R. 
Bunshah of the Metals Research Laboratory, Carnegie Institute of Technology, Pittsburgh 





Table Il 
Calculated Specific Magnetization of €-lron Carbide at 25°C. and 5000 Oersteds for 
Different probable Compositions (Magnetic Moment of Sample per Gram of Iron 
Content Was 117.4 Erg per Gauss 


Fe of Fes «( Fes .a76 Fe ( 
134.9 146.0 150.0 151.6 
8.90 8.22 8.01 7.92 
107.0 107.7 108.0 108.1 


RESULTS 
Preliminary Investigations 


Preliminary to quantitative analysis of steel in various stages of 
pering, the specific magnetizations of all the ferromagnetic phases 
ere determined. The specific magnetizations of cementite and e-iron 
rbide were obtained as functions of field strength and temperature 
carbides prepared by carburization of finely divided iron with carbon 
moxide (23). The specific magnetizations of e-iron carbide were 
sed on the atomic ratio of iron to carbon estimated to be 2.4 by 
ement (24). Variation of specific magnetization with iron-carbon 
tio is not large as seen in Table IT. 


7 = 





Fig. 1—Field Depend 
of Martensite at 
Sample, 74.7% 


Che specific magnetization of martensite was obtained from the mag 
tic moments of an untempered steel sample that had been cooled in 
uid nitrogen. The moments are plotted in Fig. 1 as a function of 
ld strength. The weight of the sample was 0.3437 gram and the 
irtensite content, as determined by x-ray diffraction, (25) 74.7%. 


ecific magnetization of martensite at 5000 oersteds was 182.7 erg 
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Fig. 2—Thermomagnetic Curve of Tempered Steel, 0.3487-gm Sample 


per gram gauss and at infinite field, 211.9 erg per gram gauss. When 
the specific magnetization at infinite field was calculated per gram o 
iron in martensite, 218.4 erg per gram gauss was obtained compared 
with 217.8, the value for a-iron. Thus, the martensite content of the 
quench-hardened steel can be calculated by determining the magnetic 
moment at infinite field and assigning the specific magnetization of pure 
a-iron to the iron content of the martensite. 

Specific magnetization of ferrite was obtained both as a function of 
temperature and field, subsequent to analysis of a completely tempered 
sample for its cementite content, which was calculated to be 23.6% 
The magnetic moment of the tempered-steel sample as a function of 
temperature is shown in Fig. 2. The moment above 330 °C (625 °F) 
is due to ferrite. Moreover, the curve for pure a-iron, drawn from a 
reference point arbitrarily chosen at 410°C (770 °F), represents the 
data above 330 °C (625 °F) within experimental precision, indicating 
identical temperature coefficients of specific magnetization of ferrit 
and pure a-iron. Extension of the ferrite curve to temperatures below 
the Curie point of cementite made it possible to calculate the amount 
of cementite and to obtain the mass of ferrite by difference. The speci! 
magnetization of ferrite was then calculated by dividing the moment 
due to ferrite by the calculated mass of ferrite. The specific magneti 
zation of ferrite could also be calculated at any field from a measuré 
ment of the magnetic moment of the steel sample at the given field and 
from a knowledge of the ferrite content. As seen in Fig. 3, the specifi 
magnetization of ferrite at infinite field was 217.2 erg per gram gauss, a 
value very close to that of pure a-iron, 217.8. Conversely, determinatio: 
of the magnetic moment of tempered-steel at infinite field leads to 
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Fig. 3 Field Dependen . 


zation of Ferrite 
ision determination of its cementite content, when the specific mag 
netization of a-iron is assigned to ferrite (see Calculations). 
Because the saturation magnetizations of primary martensite and 
ferrite differ only slightly and because low carbon martensite re 
sembles ferrite more closely than primary martensite in carbon content, 


the specific magnetization of low carbon martensite was assumed to 
qual that of pure a-iron. The interpretation of the data obtained with 
includes the assumptions 


steel samples at various stages of tempering 
it e-iron carbide powder has an assigned composition of Fes 4C and 
hat its degree of saturation is the same in both the powder and in the 
steel at a field strength of 5000 oersteds. Considerations of possible 
effects of such variables as extent of crystallization, size of crystallites, 
strain, and impurities introduced from the steel matrix have not been 
luded. The total carbon and iron contents of the steel from thermo- 
gnetic analysis yielded results in close agreement with those of 
hemical analysis. 
In the above determinations of the 
uenched steel and the cementite content of the tempered steel, extrapo 


martensite content of the 


tion of magnetic moment values to infinite field was made by plotting 

he moments against the inverse square of the field. Such plots yielded 

he best linear fit of the data when compared with plots against 1/H or 
H*, as determined by correlation coefficients for the region 4400 

700 oersteds in which the measurements were made. This method of 
trapolation yielded a saturation magnetization of cementite that was 
ver than some experimentally measured values 
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g. 4— Decomposition of Martensite and Retained Aus 
tenite at 170 °C (340 °F) 


Analysis of Phase Changes 

Decomposition of retained austenite produces the greatest change oi 
magnetization of a steel sample during tempering. For example, de 
composition of one gram of retained austenite to yield bainite results 
in an increase of magnetic moment, at room temperature, of about 170 
erg per gauss as compared with a decrease of about 15 erg per 
gauss that accompanies the decomposition of one gram of mat 
tensite. Accordingly, martensite decomposition could be observed on! 
at temperatures at which exceedingly little decomposition of retained 
austenite occurred. The products of decomposition of martensite and 
retained austenite are carbides of iron with Curie points between 200 
and 400 °C (390 and 750 °F) (26). In this temperature region retained 
austenite undergoes decomposition. Therefore, thermomagnetic anal) 
sis of the reaction products was possible only after retained austenit 
was completely decomposed 

Martensite decomposition was observed magnetically on tempering 
a quench-hardened steel specimen at 170°C (340°F). Tempering 
was carried out in an aluminum-block furnace, and the sample was r« 
moved from the furnace periodically for measurement of its magneti 
moment at room temperature. Changes in magnetic moment with tim 
of tempering are shown in Fig. 4. The decrease in magnetic moment 
occurring during the first 30 minutes of tempering, represents precip! 
tation of «iron carbide from primary martensite. Following this de 
crease, the gradual increase in moment indicates incipient austenit 
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insformation. The onset of austentite transformation precluded a 
uantitative determination of the complete course of martensite de 
mposition. When the sample was heated to higher temperatures, 
irtensite decomposed very rapidly. 
Retained austenite was decomposed rapidly at 230°C (445 °F 
ithout causing excessive conversion of the decomposition products 
martensite and austenite into cementite and ferrite. A typical curve 
presenting isothermal decomposition of retained austenite is shown 
Fig. 5. After approximately nine hours of tempering, the magnetic 


nent attained a constant value, indicating that transformation had 


\fter retained austenite had been eliminated, a magnetic analysis of 

sample was made as it was heated from room temperature to 500 °¢ 
130 °F ), as illustrated by the upper curve of Fig. 6. The rate of heat 

ng was approximately 10°C per minute. Suc 

losed the presence of two points of inflection, 
out 210 °C (410 °F) and the second at about 380 °C (715 °F). The 

cementite, was not pro 


h analyses always dis 
the first occurring at 


°C (410°F) Curie point, indicative of 
unced because the quantity of cementite was small. The 380 °¢ 
715°F) inflection point was very pronounced and denotes the ap 
irent Curie point of e-iron carbide. Because e-iron carbide character- 
tically (27) undergoes thermal reaction at temperatures at which its 


rromagnetism disappears, the carbide was destroyed as the sample 
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was being heated to 500°C (930°F) in the first analysis. Hence, a 
second analysis of the same sample, shown by the lower curve of Fig. 6 
revealed the presence of cementite only. The lower curve was reversible 
and thus represented the relatively stable structure of steel at the 
completion of the third stage of tempering. The composition of the 
sample at the end of the second stage of tempering can be calculated 
from two magnetic moments on the upper curve of Fig. 6 at tempera 
tures below 350 °C (660 °F). Above 350 °C the composition changed 
with the increase in temperature because of decomposition of e-carbid 
Calculations (part 3) made from the moments at 25 and 288 °C (77 
and 550°F) yielded a composition of 18.4% e-iron carbide, 3.6% 
cementite, and 78.0% (ferrite +- low carbon martensite). The cement 
ite had been formed by reaction of «-carbide with ferrite and/or low 
carbon martensite. 

The method of least squares can be used advantageously in calculat 
ing the composition of the steel at the end of the second stage of tem 
pering. The method permits the use of all of the measured values of 
magnetization as a function of temperature and is self-checking, in that 
the sum of the calculated weights of the components should be equal to 
the weight of sample. Calculation by this method (part 4) yielded a 
composition of 17.7% e-carbide, 3.8% cementite and 78.5% ferrite, 
in agreement with the composition obtained by using the moments at 
25 and 288 °C (77 and 550 °F). Moreover, the sum of the calculate: 
weights of the components, 0.3424 gram, agrees well with the measure: 
weight of the sample, 0.3440 gram. 

The amount of e-carbide formed from decomposition of primary 
martensite depends upon the carbon contents of primary martensite 
and resulting low carbon martensite, as shown in Table III. 


} 
] 
i 

] 





Table Ill 

Calculated Amounts of ¢-lron Carbide and Low-Carbon Martensite Formed by 

Decomposition of Primary Martensite Containing 1.62% Carbon. 
(Martensite content of the Steel =74.7%) 

Percent carbon in e-carbide, Fea.sC, Low-carbon martensite, 
low-carbon gram per gram of gram per gram of 
martensite steel steel 

0.1 0.147 0.600 

0.2 ‘ 0.607 

0.3 : 0.616 

04 0.624 











The results of the phase analyses of tempered steel samples having 
two different initial contents of martensite and retained austenite ar 
shown in Table IV, together with the calculated amounts of e-carbid« 
that could have been produced from martensite alone. In all cases it is 
seen that not all of the e-carbide, found at the end of the second stage 
of tempering, could have been produced from primary martensite. For 
example, the tempering of steel samples, containing 75% of primar) 
martensite, led to e-carbide contents of 18.4 and 19.4% compared with 
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500 
Temperature “ 
magnetic Curves Showing the Iron Carbides Present 
f the Second and Third Stages of Tempering. 
14.7% that could have been obtained solely from martensite decompo 
ition. For the case of an unrefrigerated sample containing only 37% 
rimary martensite, the analysis showed the presence of 12.3% 
arhbide compared with 7.3% that could have been obtained from the 
rimary martensite. The initial decomposition products of retained 
stentite were therefore e-carbide and ferrite. 


Table IV 

Phase Analyses Determined at the End of the Second Stage of Tempering 
rtensite Tempering Theoretical Experimental 
tent temperature e-carbide e-carbide, Cementite 

oC F ( % q 

230 445 7 18.4 3.6 

170 340 7 19.4 0.8 

230 445 7.3 12.3 Pr 
170 340 7.3 Very slow reaction 


\s seen in Fig. 6, the third stage of tempering resulted in a decrease 
| magnetic moment at room temperature. A quantitative account of the 
rease can be made when the reaction between e-carbide and ferrite to 
m cementite is considered. The composition of e-carbide was known 
be approximately Fes 4C (24). Calculated values of the change in 
ignetic moment, —AM, are shown as a function of some possible com- 


positions of e-carbide (see Table V and Calculations, part 5). It was 


hus possible to obtain estimates of the fraction of e-carbide present at 
he end of the second stage of tempering from the decrease in moment 
it resulted in the third stage of tempering; the ratio of the observed 
rease in moment per gram of sample to —AM is the fraction of 
«-carbide. The calculated amount of e-carbide in the sample varied from 
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Fig. 7—Transition of e-Iron Carbide to Cementite with Progressive Third 
Stage Tempering. Heat treatments were successive. 

11.9 to 18.7%, dependmg upon the composition assigned. When the 
atomic ratio of iron to carbon was taken as 2.5, the calculated value was 
18.7%, which compared favorably with 18.4% calculated from the 
upper curve of Fig. 6 (see Calculations, part 3). 

It is also possible to estimate the composition of the e-carbide from 
a carbon balance at the end of the second stage of tempering. Calcula 
tions show that the atomic ratio of iron to carbon in e-carbide is 2.5 if 
the carbon content of low carbon martensite is negligible. If the low 
carbon martensite is assigned an appreciable carbon content, the cal 
culated iron-to-carbon ratio exceeds 2.5. These calculations lead only 


to an approximate composition of e-carbide. The present magnetic anal 
ysis suggests that the atomic ratio of iron to carbon in e-carbide is close 
to 2.5. 


Table V 
Reaction of ¢-Carbide with Ferrite as a Function of the 
Composition of €-Carbide 


e-carbide +X ferrite=(1+X) cementite 
X=weight ratio of ferrite to e-carbide 
AM =change in the moment, 
erg/gauss, per gram of e-carbide, 
Percent «= — 100, (See Calculations 
AM 

Composition Fee 2C Fez.C 

Carbon, weight % 8.90 8.22 

xX 0.331 0.229 

-AM, erg/gauss 324 243 

e-carbide, 11.9 15.9 


To examine the nature of the third stage transition in greater deta! 
a specimen of steel, whose retained austenite had been eliminated, was 
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Phase Changes Taking Place in the Tempering of a 
High Carbon Steel 


ubjected to a series of progressive heat treatments, beginning with 1.5 
hours at 259°C (500°F) and extending to 4.5 hours at 320°C 
610 °F). The magnetic analyses following each period of heat treat 
ment are shown in Fig. 7. The uppermost curve of Fig. 7 represents 
two reversible thermomagnetic curves coinciding with one another 


Che second curve, obtained after 2.5 hours of additional heat treatment 


287 °C (550 °F), was also reversible, as was the initial part of the 
hird curve extending to 320°C (610°F). Although each analysis 
ould be carried only as high as the temperature of the preceding heat 
eatment, the temperatures were high enough for detection of the 
urie points of cementite and Hagg iron carbide. Moreover, these tem 
ratures were below those at which Hagg carbide is known to dis 
ear at appreciable rates either by reaction with excess ferrite (26) 
by direct decomposition into cementite and free carbon (28). The 
mily of curves of Fig. 7 illustrates the gradual development of a 
rmal Curie point for cementite at 210-220 °C (410-430 °F) without 
the intermediate appearance of a distinct Curie point for Hagg iron 
carbide at 247 °C (477 °F). The rate of disappearance of the e-phase, 
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however, was slow compared with the rate of decomposition of e-carbid 
in carburized iron catalysts. 

Phase changes that take place in the tempering of a high carbon stee! 

gs | gs g 
are summarized in Fig. 8. 
CALCULATIONS 
1—Estimate of martensite content of untempered steel. 

At room temperature and infinite field, the magnetic moment of a 
0.3437 gram steel sample containing 97.04% iron was 54.4 erg per 
gauss, see Fig. 1. When the specific magnetization of a-iron, 217.8, 


is assigned to the iron content of the martensite, the calculated fraction 
of martensite in the steel is: 


- 344 7 
X= = 7178 %09704x 03437 9”? 


compared with 0.747 from x-ray diffraction analysis. 





2— Estimate of cementite and ferrite contents of tempered steel. 


(a) From moment versus temperature measurements 
At room temperature and 5000 oersteds, the difference between the 
moments of ferrite plus cementite and ferrite alone, AM, of a 0.3487- 
gram sample was 8.40 erg per gauss, see Fig. 2. The amount of 
iron plus carbon in the sample was 0.3440 gram. The cementite fra: 


tion is 
oe EE ae 


~~ oexm  103.5x 0.3440 


and the ferrite fraction, 


Xr = 1 — 0.236 = 0.764. 


(b) From moment versus field measurements 


The saturation specific magnetization of the tempered steel, a, at 
room temperature was 196.3 erg per gram gauss, ( Fig. 3). The cement 
ite fraction can be calculated from 

Kes Sk. 
or — 2, 
where or is the specific magnetization of ferrite. At saturation, of i 
217.8, identical with og, and o, is 128.0 erg per gram gauss: 
~ = 217.8 — 196.3 — 9 249, 
217.8 — 128.0 


and, 
X+ = 1 — 0.240 = 0.760. 
Composition of the steel at the end of the second stage of temperi 
as calculated from a pair of moment values. 


The composition can be calculated from any two moments on th 
upper thermomagnetic curve of Fig. 6 at temperatures below 350 °( 
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sample calculation, moments at 25 and 288 °C (77 and 730 °F) 


the 
re utilized : 


at 25°C, M=om.+ o-me + orme, 
+ . , P ’ 
at 288°C, M’ = om, + ofm. + orme 


By weight balance, 
m,. + Mm. + me = Mm, 


where m is weight of sample and M magnetic moment; the subscript « 
refers to e-carbide, c to cementite, and f to the sum of ferrite and low 


irbon martensite. 

At the end of the second stage of tempering the values of M, read 
from the upper curve of Fig. 6, and appropriate values of o at 5000 
oersteds required for solution are: 


oe 


lemperature, M, C, C. 
C erg per erg per gram erg per gram erg per gram 


gauss gauss gauss 
25 59.41 10 
288 53.87 7 





4 

9 

The value of m was 0.3440 gram. The calculated composition was 
18.4% e-carbide, 3.6% cementite, and 78.0% ferrite plus low carbon 
nartensite. 


Composition of the steel at the end of the second stage of tempering 
by the method of least squares. 


\t any temperature the magnetic moment can be calculated from 


M* = oar, + ocme +orme. 


f the observed moment is designated as M, the residual A can be ex- 


pressed as 


A= M—M*=M — (eam. + o-me + ome) 


t each temperature. In calculating the most probable values of m,, m, 
and my, the method of least squares requires that the sum of the squares 
| the residuals be kept at a minimum. The resulting expressions in 


leterminant form for the values of m,, m,. and mg, are: 


p =Me- Lo.cr 
LVoce =Mo. Zor 
Lecce =Mer do;* 


D 
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where the denominator 
=e." Louc. Lovee 
D Louc, > Pa Louw 
Lover Lowe Zo;? 
Numerical solution for the composition of the sample of Fig. 
the following result: 
m,. = 0.0606 gram (17.7%), m. = 0.0130 gram (3.8%) and 
mr = 0.2688 gram (78.5%), 
which may be compared with the composition obtained in the preceding 
calculation (part 3). The sum of m., m, and my, 0.3424 g., is in good 
agreement with the measured weight of the sample, 0.3440 g. 


5—e-lron carbide-ferrite reaction. An alternate estimate of the «iron 

carbide content at the end of the second stage of tempering 
The calculated weight of ferrite, X, required stoichiometrically t 
react with one gram of e-carbide to yield cementite, 
carbide + X ferrite = (1+ X) cementite, 

requires a knowledge of the carbon content of e-carbide, which is knowt 

only approximately. From a carbon balance the calculated values of ° 
fraction carbon in e-carbide rs 

(X= >—— ———1), are shown in Table \ 
fraction carbon in cementite 

room temperature, the change in moment per gram of e-carbide react 

ing with ferrite is 





—AM =¢, +Xe- — (1 + X) ae. 
The values of o, used in the calculation of numerical values of —A 
are given in Table II. As seen from Fig. 6, the change in the moment 
of a 0.3440-gram sample as a result of this reaction was 1.33 erg px 
gauss, or 3.87 erg per gram gauss. Therefore, the ratio of 3.87 t 
—AM should yield the e-carbide fraction. Calculated values of —A 
and percent e-iron carbide are included in Table V. 


Af 
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DISCUSSION 

Written Discussion: By Carl J. Alstetter, University of Illinois, Champaign 
Urbana, Illinois, and Morris Cohen, Massachusetts Institute of Technology, 
Cambridge, Massachusetts. 

Despite numerous studies of the carbide precipitation sequences during the 
tempering of plain carbon steels, only the epsilon carbide (hexagonal clos¢ 
packed) and cementite (orthorhombic) are well established. The intermediate 
carbide, known as the Hagg carbide or percarbide, has remained in doubt, wit! 
the principal evidence in its favor being magnetic observations. That this carbid 
has been definitely identified during the carburizing of iron in the Fischer-Tropsch 
catalysis is really beside the point. The issue is further obscured by the formatior 
of thin-plate cementite in the tempering process, giving rise to possible tw 
dimensional effects before the normal lattice properties of the cementite ar 
achieved. 

The present paper is worthy of particular note because it shows that, even wit! 
careful magnetic measurements, no evidence for the Hagg carbide is found o1 
tempering a 1.6% carbon steel. Accordingly, it would be well for the author 
clarify a few details which may bear on the interpretation: (a) No description i 
offered concerning the method of obtaining the Curie points from the curves oi 
magnetic moment versus temperature. Evidently, the inflection point has beet 
adopted as an index of the Curie temperature. (b) The procedure for determin 
ing the specific magnetization of the epsilon carbide should be elucidated, in view 
of that fact that the numerical result seems to depend on the formula assumed 
for the epsilon carbide. (c) The calculations in Table V are based on a reaction 
between epsilon and ferrite (or zero carbon martensite) to form cementite. It 
would be more realistic to consider that the low-carbon martensite produced by 
the first stage of tempering contains about 0.25% carbon. (d) There would 
appear to be some question concerning the phase analysis after the 170 °C temper 
in Table IV. Was not retained austenite still present, and how was this taker 
into account? (e) In the upper curve of Fig. 6, the Curie point of the epsilor 
carbide is taken as 380°C. However, the epsilon starts to decompose to not 
ferromagnetic cementite below this temperature and combines with some iron 1 
the process. The corresponding decrease in magnetization would surely con 
tribute to the shape of the upper curve in Fig. 6, and this interferes with th 
identification of a Curie point. 

These questions are not intended to cast doubt on the author’s main conclu 
sions, but to find a way of reconciling some of the conflicting views concerning 
the Hagg carbide in the tempering reactions. For example, recent Russia 





CHANGES IN TEMPERING A STEEL 


ipers * cite the formation of a hexagonal carbide (probably the epsilon carbide) 
ith a Curie point of 380°C, a rhombic carbide (probably the Hagg carbide) 
ith a Curie point of 270 °C, and finally cementite during the tempering of plain 
urbon and silicon steels containing 0.58-1.15% carbon. While the carbon con- 


nt of the steel studied in the present work (1.62% carbon) falls well outside 


this range, the difference probably does not account for the discrepancies. It is 


kely that whether the Hagg carbide forms or not during the tempering opera 
n depends on very subtle factors in the nucleation processes. 
Author’s Reply 

[he author is very glad to have the discussion of Carl J. Alstetter and Morris 

hen particularly because Professor Cohen and his associates have contributed 

uch fundamental work on the nature of the reaction processes involved in the 
tempering of steels. In their first item, the discussors have correctly surmised 
that the Curie points given in the text are identified with the inflection points of 
the thermomagnetic curves. This fact should perhaps have been expressly stated 
even though the terms “inflection point” and “Curie point” were used inter- 
changeably. The location of an inflection point can best be determined by plotting 
he data in differential fashion, that is, by plotting the incremental change in 


magnetic moment with temperature, versus temperature. Inflection points 


are then readily located by the positions of the sharp maxima which occur in the 


by the inflection point method 
ffers an advantage over the various intersection methods that have sometimes 


urves. The determination of Curie temperature 


been employed because the inflection points of thermomagnetic curves have been 
und to be invariant with change in the applied magnetic field. 
\nother topic that is deserving of more detailed discussion concerns the deter 
ination of the specific magnetization (¢) of epsilon carbide when its composition 
is not precisely known. Epsilon carbide was prepared by the carburization of 
Ipha iron with carbon monoxide, and carbide formation was judged completé 
hen the alpha iron lines could no longer be detected in the x-ray diffraction 
pattern of the carbide. There is always some uncombined or free carbon produced 
luring carburization which unfortunately cannot be distinguished quantitatively 
from the combined or carbidic carbon. Hence the mass of sample used in obtain- 
ing magnetization data is not solely that of carbide; however, the free carbon 
resent contributes nothing to the measured magnetic moment of the sample 
Subsequent to the magnetic measurements, the carbide sample was analyzed 
chemically for its total iron content, and the magnetic moment could then be 
xpressed per gram of iron in epsilon carbide. This value was 117.4 erg/gauss 
at 25°C, 5000 oersteds) as given in Table II of the paper. The magnetic mo 
nent, so expressed, is readily translated into specific magnetization of epsilon 
irbide by simple stoichiometric calculation. In Table II it is seen that the result 
ing o’s range from 107.0 to 108.1 for ~.rious probable compositions of epsilon 
irbide. Thus the uncertainty in the numerical value of specific magnetization of 
ilon carbide amounts to only about one percent over the composition range 


*V. G. Permyakov and M. V. Belous, ‘‘Carbide Transformations in Tempering of Steel,” 
Fizika Metallov i Metallovedenie, Vol. 4, No. 3, 1957, pp. 490-499 (Pergamon Press Trans 
ation, p. 83). N. V. Gudkova, E. I. Lavina and V. A. Tolomasov, ‘“‘Investigation of the 

irbide Phases of Tempered Carbon Steel, “Fizika Metallov i Metallovedenie, Vol. 4, No. 3 
957, pp. 500-504 (Pergamon Press. Translation, p. 91); also Vol. 5, No. 1, 1957, pp. 178 
79 (Pergamon Press Translation, p. 149) 
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considered. For purposes of computing the phase analyses of steels at the end 
second-stage tempering (Table IV of the paper), a o-value of 107.7, correspond 
ing to Fes.C, was used because B. S. Lement? had presented the only availa! 
evidence for the composition of epsilon carbide as it occurs in tempered steel 

In item 3 above, it was suggested that consideration be given to the effect of 
the carbon content of low carbon martensite on the calculations in Table \ 
which relates to the epsilon carbide-ferrite reaction. The effect of this factor w 
indicated qualitatively by stating that the iron carbon atom ratio in e-carbic 
is 2.5 if the carbon content of low carbon martensite is negligible, whereas, if 
low carbon martensite is assigned an appreciable carbon content, the iro: 
carbon ratio exceeds 2.5. Numerical results, supporting this statement, are giver 
below to demonstrate the magnitude of the effect. 


Amount of €-carbide in tempered steel, computed from the decrease in 
magnetic moment due to reaction of €-carbide with ferrite 
Carbon content of matrix Epsilon carbide, percent 
percent Pes.a7e Fes so! 2.59 
0.0 18.7 19.6 
0.1 : 18.4 19.4 
0.2 a 18.2 19.2 


In order to match the amount of e-carhide, 18.4%, obtained from direct phas« 
analysis at the end of the second stage (Table IV) with that due to the epsilon 
carbide-ferrite reaction, the composition of e-carbide would be between Feo «( 
and FeeseC when zero carbon content is assigned to the matrix. If the matrix 
contained 0.2% carbon, the carbide composition lies in the region FessC to 
Fes.sC. These effects are minor, but they needed to be evaluated none the less as 
the discussors contended. It should be emphasized that the calculations in Table \ 
show primarily that a good estimate of the composition of e-carbide can be made 
from the experimental magnetic measurements. 

The 170°C temper extended for more than 700 hours after which time no 
further change in magnetic moment could be detected. According to the magnetic 
analysis of this tempered steel given in Table IV, not more than 1.8% retained 
austenite could have remained, or alternately, the average carbon content of th 
matrix was 0.04%. Such amounts of retained austenite, if present, were not 
observed experimentally because discontinuities, ascribable to the presence of 
undecomposed austenite, were not observed in the thermomagnetic curves of 
tempered steels. 

There is no doubt that kinetic factors affect the shape of the magnetization 
temperature curve of e-carbide because its thermomagnetic curve is clearly ir 
reversible both in synthetic carbide preparations and in steel. It was for this ver) 
reason that the 380°C inflection point was termed an “apparent” Curie point 
and it was also for the same reason that only data below 300°C were used in 
computing phase analyses of tempered steel. Although it may not be possible t 
ascribe a true Curie point to epsilon carbide, this carbide is readily distinguished 


magnetically from the other iron carbides. Moreover, inspection of the upper curv 
of Fig. 6 reveals that there was little (cementite) or none (Hagg carbide) of 
the lower Curie-point carbides present; evidently the precipitation of carbon dur 
ing the decomposition of martensite and retained austenite in the first two stages 


of tempering was in the form of epsilon carbide. 


1 Reference 24 of the paper. 





A SIMPLIFIED PROCEDURE FOR CALCULATING 
PEAK POSITION IN X-RAY RESIDUAL STRESS 
MEASUREMENTS ON HARDENED STEEL 


> 


By D. P. KotstTiInEN AND R. E. MARBURGER 


Abstract 

In the measurement of residual stresses in hardened car- 

n steels by x-ray diffraction, the principal difficulty en- 

untered is the accurate location of the broad asymmetrical 
diffraction peaks. A simplified correction procedure based 
on the theoretical factors which affect diffraction peak sym- 
metry is described. 

The experimental diffractometer conditions used are 
those described by Christenson and Rowland (3)* with the 
modification that the Geiger counter and receiving slit are 
moved to the new focusing positions for y angles other than 
cero. Under these experimental conditions, it is shown that 
the asymmetry of the broad diffraction peaks ts largely due 
to 6—dependent intensity factors. Thus for the y = 0 degree 
data, the Lorentz-polarization factor is used as a multi- 
plicative correction factor. For the ~—= 60 degrees data, 
the multiplicative correction factor is made up of both the 
Lorentz-polarization factor and a geometrical absorption 
factor (1—tan y cot 6). 

Having corrected for 6—dependent factors, the peak posi- 
tion is determined by fitting a parabola to the peak using a 
simplified procedure. Correlations of the st s measured 
tenson and Rowland technique and by a mechanical dissec- 
tion technique are shown. (ASM-SLA Classification 
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INTRODUCTION 


HE ROLE that residual stresses may play in the fatigue endur 


ance and static strength of fully hardened steel components is not, 
; yet, fully defined. That this is so is largely due to the difficulty in 
easuring these residual stresses accurately—particularly in extremely 


in surface layers. An accurate x-ray diffraction technique for the 
easurement of residual stresses in fully hardened steel components 
s been the goal of many investigators (1,2). The obvious advantage 

ing in parentheses pertair es appended to this paper 


1 


paper pr sented before the Fortieth Annual Convention of the Society, held 

leveland, October 27 to 31, 1958. The authors, D. P. Koistinen and R. | 
larburger, are associated with the Physics-Instrumentation Department, Ger 
ral Motors Corporation Research Staff, Detroit, Michigan. Manuscript received 
March 18, 1958 
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of x-ray diffraction methods is that they measure nondestructively 
only the elastic strain in extremely thin surface layers and hence mak« 
possible the determination of the role these residual stresses play in th 
strength and fatigue endurance of hardened steel parts. Yet it is only 
in the last few years that a technique, proposed by Christenson and 
Rowland (3), has been available that would accurately determine 
residual stresses in hardened steel. The principal difficulty in these 
measurements is the accurate determination of the angular positions 
of the broad asymmetrical x-ray diffraction peaks characteristic of 
hardened steels. Part of this difficulty has been overcome by the ex 
perimental conditions proposed by Christenson and Rowland. How 
ever, their techniques for correcting for peak asymmetry and calculating 
peak position are cumbersome and time-consuming and hence, appli- 
cation has been restricted. This paper describes simplified correction 
and calculation procedures which offer considerable savings in time 
and effort. Furthermore, the correction procedures to be described 
are based on a theoretical evaluation of the factors which cause dif- 
fraction peak asymmetry and hence they are not arbitrary as are the 
corrections necessary in the Christenson and Rowland technique. 


EXPERIMENTAL TECHNIQUE 


Fig. 1 illustrates schematically the basic two exposure x-ray diffrac 
tion method of measuring residual stresses. Since the x-rays penetrate 
the surface to only a limited extent, it can be assumed that for the vol- 
ume of material being tested, the stresses are parallel to the surface 
(any perpendicular component of the stress would be relieved by the 
lack of constraint at the surface). Thus in the normal goniometer ar- 
rangement (Fig. la) the spacing (d ) of planes which are parallel 
to the surface, and hence parallel to the stress, is determined. The 
sample surface is then rotated through an angle y (Fig. 1b) and the 
spacing (dy) of a set of planes at the angle y to the surface, and hence 
at the angle y to the stress, is determined. Since two components of 
the strain in the surface are now known, it is possible to calculate the 
residual stress (o) using the equation 


o = [(dy¥ —d1)/d1J[E/(1 + v) ][1/sin*y] Equation 1 


where E is Young’s modulus. 
v is Poisson’s ratio. 





Furthermore, it can be shown that alloying elements and transverse 
stresses do not affect the measured stress where the two exposure 
methods are used. 

The technique to be described here utilizes a geiger counter diffracto- 
meter with chromium K alpha radiation and a vanadium metal foil filter 
as does the technique proposed by Christenson and Rowland. With this 
radiation the martensite (211) diffraction peak occurs at approximately 
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Fig. 1—Basic Two Exposure X-ray Diffrac- 
tion Method of Measuring Residual Stresses 


Illustrated Schematically. 


156 degrees 2 @ and has a better peak-to-background ratio than that ob 
tained with other radiations. A precision sample mount is required 
. which rotates the sample surface about an axis in the surface of the 
sample coincident with the axis of the goniometer. In order to minimize 
instrument broadening of the diffraction lines, the Soller baffles were 
retained in the collimating slit (it was found that Soller baffles were not 
necessary in the receiving slit system) and a radial slide mechanism 
constructed to move the geiger counter forward to the new focus when 
the sample surface is rotated through the angle y from the normal 
position [see Fig. 4 (3)]. By satisfying all these necessary geometri- 
cal conditions, it was felt that the causes of diffraction peak asymmetry 


could be determined from diffraction theory. 


THEORETICAL CORRECTION FOR PEAK ASYMMETRY 


Fig. 2 shows a typical broad (211) diffraction peak of hardened steel 
for the normal diffractometer arrangement (y =O degrees). These 
data were obtained on a General Electric XRD-3 diffractometer from 
a specimen of modified SAE 52100 steel. The specimen was heat treated 
at the Timken Roller Bearing Company in the following manner: 





quenched from the austenitizing temperature to just above the M, tem- 
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Fig. 2—-Typical Broad (211) Diffraction Peak of Hardened Steel for 
the Normal Diffractometer Arrangement (wy = 0 degrees) 


perature and slowly cooled in an insulating material (Sil-O-Cel 
through the martensite transformation range. The resulting hardness 
was Rockwell C61-62 and subsequent x-ray measurements by th: 
Timken Roller Bearing Company indicated that the specimen is essen 
tially free of residual stresses. 

To obtain some idea of the background over this angular range, a 


specimen of 13.8% manganese, 0.8% carbon austenitic steel was used 
This steel has essentially the same density and scattering power as 
hardened steel but with no diffraction lines in this angular range. As 
suming that the true diffraction peak intensity is the intensity above this 
experimentally determined background, it can be seen that the diffrac 

tion peak is more than 20 degrees 2 6 wide from background to back 

ground and is greater than 8 degrees wide at half-height. Furthermore 
as noted previously, the diffraction peak is not symmetrical. R. I 
Ogilvie (1) in his Master’s thesis suggested a method of locating a 
broad diffraction peak by fitting a parabola to the most intense portion 
If this method is used to locate the position of the peak shown in Fig. 2 
an angular position of 155.76 degrees is obtained. 

Fig. 3 shows the (211) diffraction peak of the stress-free specimen 
and the background from the austenitic steel for y = 60 degrees. As can 
be seen this peak is even less symmetrical than the y = 0 degrees ex 
posure. Fitting a parabola to this peak gives an angular position oi 
156.22 degrees. Thus, a compressive stress of 30,000 psi would be 
measured in this specimen using the Ogilvie technique, or any other 
technique which did not make a prior correction for peak asymmetry 
Using the Christenson and Rowland method on this data and their 
method of correcting for peak asymmetry this specimen is found to b 
stress free. The Christenson and Rowland correction for asymmetry, 
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= 0 exposure using Cr Ka radiation the only intensity factor which 
varies significantly across the angular range of interest is the Lorentz 
polarization factor (4). For y=60 degrees, however, both the 
Lorentz-polarization factor and an absorption factor influence the in 
tensity. The derivation of this absorption factor is given in Appendix | 
If the experimentally determined backgrounds are subtracted and the 
intensities across the line are corrected for these factors, the results 
shown in Fig. 4 are obtained. 

Here the corrected diffraction intensities are plotted versus angular 
position for both y = 0 degrees and y = 60 degrees. The 6-dependent 
multiplying factors, normalized to 145 degrees 2 6, used to correct the 
experimental data are given in Table I. It can be seen that both cor 
rected peaks are not only symmetrical but also very nearly symmetrical 
about the same axis. If parabolas are fitted to these two peaks, the an 
gular positions are found to be 155.40 degrees 2 6 for y = 0 degrees and 
155.46 degrees 2 6 for y = 60 degrees. The residual stress calculated 
from these positions is less than 4000 psi. Thus, it appears that the prin 
cipal factors which contribute to peak asymmetry have been evaluated. 


SIMPLIFIED CORRECTION AND PARABOLA FITTING 


Referring again to Figs. 2 and 3, it can be seen that the background 
varies more for the y = 60 degrees exposure than it does for y = 0 de 
grees but even in this case (y = 60 degrees) the variation is only about 


Table I 
Multiplicative Correction Factors 

¥ =0°* ¥ =60° ** 

Factor Factor 

1.000 1,000 

0.968 0.935 

0.937 0.876 

0.905 0.818 

0.874 0.765 

0.842 0.714 

0.812 0.668 

0.782 0.626 

0.751 0.584 

0.721 0.546 

0.510 

0.476 

0.444 

0.414 

0.385 

0.358 

0.332 

0.307 

0.283 

164 435 0.260 


* Obtained by taking the inverse of the Lorentz-polarization factor and normalizing to 145 
grees 20. 


L.P. (145°) 
L.P. (20) 
** Obtained by taking the inverse of the Lorentz-polarization factor and the absorption fact 
(1—/3 cot @) and normalizing to 145 degrees 20. 
‘ L.P. (145°)(1 — /3 cot 72.5°) 
(¥ =60 degrees) correction factor =——-— he = 1S ont 3 4 
L.P. (2 @)(1 V3 cat 6) 


(¥ =O degree) correction factor = 
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10% over the short angular range used to fit the parabola. Further- 
more, the background is only about 12% of the total intensity at the 
peak. Thus, very little loss in accuracy will result if the multiplicative 
intensity correction factors are applied directly to the raw intensity data 
vithout subtracting background. 

The General Electric X RD-3 Diffractometer used in these studies is 
supplied with a fixed count scaler so the data are taken from the ma- 
chine as the time required to count to a predetermined number of x-ray 
photons. In Fig. 5 the data are presented for y =0 degrees in this 
manner where time (in seconds) required to count to 98,304 photons 
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Fig. 5—Peak Position as Determined from a Parabola Fitted to 
Corrected X-ray Intensity Data for y =0 degrees. 


is plotted against angular position in degrees 2 6 over the most intense 
region of the peak. Three intensity points at equal 1—degree intervals 
have been chosen and the intensity data have been corrected for the 
Lorentz-polarization factor. For this illustration, correction factors 
normalized to 153 degrees 2 6 were used. In Ogilvie’s parabola-fitting 
method, five data points are used and the curve is fitted by the method 
of least squares. If, however, only three points at equal angular inter- 
vals are used, the fitting of the parabola is very greatly simplified. As 
shown in Appendix II, if the three data points are separated by equal 
angular intervals, the vertex of the vertical axis parabola is given 
simply by 


2Overtex = 20; +[ (3a + b)/(2a + 2b) ] Equation 2 
where a=t t 
b =ts — te 
The peak position calculated without subtracting background (Fig. 5) 
is very nearly the same as if the background had been subtracted (Fig. 
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Fig. 6—Peak Position as Determined from a Parabola Fitted to 
Corrected X-ray Intensity Data for y 60 degrees 


4+). Furthermore, it has been found that the peak position is not affecte 
seriously by the choice of angular position for the three data points, s 
long as the differences a and b are of the same sign. 

Fig. 6 shows the data for y = 60 degrees. As in Fig. 5 the data a: 
presented as time to make a fixed count of 98,304 x-ray photons versus 
angular position. For y = 60 degrees, the correction factor to be appli 
contains both the Lorentz-polarization factor and the absorption factor 
As shown in Appendix I the absorption factor for the particular g 
ometry used is 1 — tan y cot 6. Thus for y = 60 degrees, the absorptior 
correction factor is 1 — \/3 cot 6. The two multiplicative intensity cor 
rection factors for y = 60 degrees were combined into a single corre: 
tion factor, normalized to 153 degrees 2 6 for this illustration. Aft 
correcting the raw data using the factors given in Table II, the parabo! 
is fitted as before. As in Fig. 4 where background was subtracted, ver 
nearly the same angular positions are obtained for y = 0 degrees an 
y = 60 degrees and the difference between the two angular positions 
is the same. Thus, in the actual application of this new method, it is n 
necessary to subtract background. 

From repeated measurements of the specimen just discussed, at 
other samples which are assumed to be stress free, it has been found 
that the instrument used reads stresses about 6000 psi to 10,000 ps 
too low. Hence, a constant correction of 10,000 psi is added ‘o all meas 
urements so as to place them more nearly on an absolute basis. T! 
is not a large correction but is necessary to bring the x-ray data int 
exact coincidence with stresses determined by mechanical dissect 
methods. The magnitude of this correction, which is probably a cal 
bration or instrument constant, will probably vary from one instrument 
to another. 
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Fig. 7—Residual Stress Distribution Measured 

Beneath a Ground Surface on Hardened Steel as 

Determined by Two X-ray Diffraction Tech 
niques. 


CORRELATION WITH OTHER TECHNIQUES 


Prior to the development of the method described here, the 
Christenson-Rowland technique had been in use in our laboratory for 
over two years, and had been shown to correlate well with strain gage 
measurements and mechanical dissection results. Thus, the first step 
in evaluating the new method was to demonstrate that it gives the same 
answers as the Christenson-Rowland method. For a period of several 
weeks all stress measurements on all types of samples were made using 
both methods for locating peak positions. Typical results are presented 
in Fig. 7 which shows the residual stress distribution measured beneath 
a ground surface on hardened steel. For these studies metal was re- 
moved by electropolishing in order to measure subsurface stresses 
The solid curve is the stress distribution in a direction perpendicular to 
the direction of grinding and the dashed curve is the distribution in the 
direction parallel to the direction of grinding. As can be seen no great 
differences exist between the results obtained by the two methods. To 
obtain a data point by the Christenson-Rowland technique requires 
bout 1 hour machine time and about 1 hour calculation time. To ob 

in a data point by the new method about 15 minutes of machine time 

is required and, at most, 2 minutes for the calculation. 

Dr. Harold Letner while at Mellon Institute developed a precision 
echanical deflection method for measuring residual stresses using a 
omparator based on the differential transformer principle. In coopera 
ion with Dr. L. Tarasov of the Norton Company and others he has 
ublished several papers (5,6,7) on the stresses introduced by grinding 
d how these stresses affect fatigue properties. To aid us in our studies 

Dr. Tarasov kindly supplied us with specimens cut from areas adjacent 
to the specimens Dr. Letner used in his studies. Results obtained on 
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one of these specimens are presented in Fig. 8 which shows the distri- 
bution of residual stresses beneath a ground surface. The dashed curve 
is that reported by Letner and the solid data points were obtained by 
the x-ray diffraction method just described. The x-ray data have been 
corrected for the known penetration of the x-ray beam, using a tech 

nique described in another paper by the authors (to be published else 

where). It can be seen that an excellent correlation exists over the 
entire range from —100,000 psi to +100,000 psi. The remarkable 
agreement between the numbers obtained by these two dissimilar tech 

niques illustrates the precision which is being brought to bear upon the 
problem of the measurement of residual stresses in hardened steel. 


SUMMARY 


New correction and calculation procedures for the x-ray diffraction 
measurement of residual stresses in hardened high carbon steels have 
been devised. Correction for x-ray diffraction peak asymmetry is 
achieved by using a standardized table of 6-dependent multiplicative 
factors based upon the theoretical factors which influence diffracted 
intensity. Having symmetrized the diffraction peak, its position can 
most easily be established by fitting a parabola to the most intense 
points. A simplified parabola fitting technique is described which re 
quires only three experimental data points. 
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A great savings in time and effort result from these procedures for 
he following reasons: 1) By applying standard corrections to all dif 
fraction peaks the symmetrizing calculation is very short as contrasted 
to previous techniques ; 2) By using a parabola-fitting technique, time 
s saved in accumulating accurate data since the data points are at the 
most intense part of the diffraction peak ; 3) By using only three equally 
paced points to fit the parabola, the peak position can be determined by 
n exceedingly simple calculation. 


Appendix I 
CALCULATION OF THE ABSORPTION FACTOR 
The relative integrated intensities of x-ray beams diffracted by a 
specimen in a diffractometer can be calculated from general principles. 
lhe use of a flat plate specimen making equal angles with the incident 
nd diffracted beams (y = 0°) makes the absorption factor independ 
ent of the angle @. For y angles other than 0°, however, there will be a 


Fig. 9—X-ray Beam 


#-dependent variation in the diffracted intensity due to absorption. 
Using the notation of Cullity (4), Fig. 9 shows a beam of intensity I, 
f one square centimeter in cross-section incident on a metal surface at 
an angle a. Consider the energy diffracted from this beam by a layer of 
length / and thickness dr, located at a depth + below the surface. Since 
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the incident beam undergoes absorption by the metal over the pat! 
length AB, the energy incident on the layer is Ihexp[—y»(AB) | where 
» is the linear absorption coefficient. Letting a be the diffraction effi 
ciency per unit volume, the energy diffracted by the layer of volume 
ldx is then al,exp[—p( AB) |/dx. This diffracted beam is decreased by 
absorption through the path length BC. Thus, the diffracted energy) 
outside the specimen due to the layer is given by 

dlp = all.exp[—u( AB + BC) ]dx. 

But: /=1/sin a; AB = #/sin a and BC = 2/sin 8 

Therefore: dIp = (I.a/sin a)exp [—uxr((1/sin a)+(1/sin 8) ) ]da 
Since the angle y is most conveniently measured the following substi 
tutions are made: 


a-—0+y; B-—0—y 
and thus: dlp = (I.a/sin (6 + ¥)) exp [—ur(1/sin (6+ ¥)) 
(1/sin (@— ¥)) ]dx 


The total diffracted energy is obtained by integrating over an in 
finitely thick* specimen : 


c£=2 
p= | dIp 


#=0 


oo) ( i t si 2S 
=f iat exp [oe = +) Jax 


sin (0+ y) sin (6+ y¥) sin (@—y) 
1 _—ssin(@+y) sin(@—y) 


7a sin (6+ y)sin(@— y) + sin(@ + v) 
= sin 6 cos Y — cos @ sin y¥ 
ofl ———a a —— 


uw 2 sin cos ¥ 


of 


Therefore, Ip = (I,a/2n) (1 — tan y cot 6) 

and thus the absorption factor is (1 — tan y cot @). 

In the case where y is set equal to 60 degrees, the absorption factor is 
1 — \/3 cot 6. 


Appendix II 
FITTING A PARABOLA TO THREE POINTS 


Having corrected the diffraction data for é-dependent intensity fac 
tors, the peak position may be defined as the vertex of a vertical axis 
parabola fitted to the most intense portion of the diffraction peak. The 
calculation of the vertex of the parabola is greatly simplified if the parab 
ola is fitted to three data points spaced at equal intervals on the x-axis 

The general equation of a parabola is: (x-h)* = a(y-k), where a 
constant and h, k are the coordinates of the vertex. 


* For the wavelengths used in diffraction studies, metals are effectively of infinite thicknes 
when their thickness is greater than a few thousandths of an inch. 
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Fig. 10—A Parabola Fitted 


The three experimental points (x, y; x; +c, ye), and (x; + 2c, 
which lie on the parabola (see Fig. 10) determine three simul 
neous equations: 
—-h)?=a(y:—k 


x1 +c—h)*?=>a(ys—k) 
x, + 2c —h)?= a(ys — k) 


c* + 2xic - 
where a = ye — jy: 


ing (1) and (2): (x 
J > 


“— | I a(yz—k) —aly k) 
ch = a(ys — y:) : 
| 


ng (2) and (3): (x1 +c —h)*?— (x:1+2 h)*? = a(ye—k) —a(y 


5) —3c? — 2xic + 2ch = a(y2— y 
where b = yz — ys 
ng equations (4) and (5) for a and equating 
(c? + 2xic — 2ch) /a = (—3c? —2xx 
2x,c(a+b) +2ch(a+b) = 3a 


é 


refore: 


h=x:+ (c/2) (3a+b)/(a+b) 


Where h is the position on the abscissa of the vertex of the parabola, 
is the position of the first data point, c is the interval in x between 
lata points, and a and b are the differences in the vertical coordinate 
between the middle data points and the data points on either side 
This parabola-fitting technique works equally well if the y coordinate 

s either intensity or time. 
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DISCUSSION 


Written Discussion: By F. E. Werner, Metallurgy Department, Westinghouse 
Research Laboratories, Pittsburgh. 

The authors are to be commended for developing a procedure which appears to 
be both simple and accurate in the difficult field of residual stress measurement in 
hardened steel. 

Concerning the factors which lead to an asymmetric diffraction line shape, the 
writer would like to discuss an additional factor which seems normally to be 
neglected in the field of residual stress measurement in hardened steel. In un- 
tempered hardened steel the lattice is tetragonal, and, thus, for example, the 
(211) (121) and the (112) peaks will occur at slightly different angles. As an 
example of the asymmetry resulting from this tetragonality, a hypothetical dif- 
fraction line is presented in Fig. 11. This figure shows a case where the martensite 
contains 0.80% C and the breadths of the resolved peaks at half-maximum in 
tensity are about 8 degrees, as found by the authors. The shapes were assumed 
to be the same as the normal error function curve, and the peak positions were 
calculated from the known variations of lattice parameters as a function of carbon 
content.* Due to the higher multiplicity the (211) (121) peak is twice as intense 
as the (112). As is readily evident, a large asymmetry exists in the observed 
diffraction line. 

In the tempering of hardened steel, it is known that the matrix phase present 
at the end of the first stage of tempering has a tetragonal lattice, corresponding 
to a carbon content of about 0.3%.** A hypothetical diffraction line for this state 
of the steel is given in Fig. 12, in which the same assumptions used in Fig. 11 
are employed. Also given is the calculated center of the parabola, using th 

"Cs. Roberts, “Effect of Carbon on the Volume Fractions and Lattice Parameters of Re 


tained Austenite and Martensite,” Transactions, American Institute of Mining and Metal 
lurgical Engineers, Vol. 197, 1953, p. 203. 


— F. E. Werner, B. L. Averbach, and Morris Cohen, “The Tempering of Iron-C aspen Mar 
tensite Crystals,’ Transactions, American Society for Metals, Vol. 49, 1957, p. 823. 
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Fig. 12—Reflection from 0.30% Carbon Mar- 
8 _—— 
tensite. CrKa radiation 


authors’ method. It may be noted that the observed diffraction line shows only 
i slight asymmetry compared to Fig. 11. 

For steels partially tempered through the first stage, the diffraction lines 
vould show an amount of asymmetry intermediate between Figs. 11 and 12. For 
teels tempered beyond the first stage, the lattice would approach and finally 
reach the cubic state, at which point the asymmetry discussed here would dis 
ppear completely. 

It appears to the writer that, for steels tempered at least as far as the end of 

e first stage, little difficulty would be encountered due to peak asymmetry 
iused by the tetragonal lattice, since the asymmetry is small, Fig. 12. However, 
for untempered or only slightly tempered steels, some difficulty may be ex- 
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perienced. The writer would appreciate hearing about the authors’ experience 
this point. 

Incidentally, it may be noted from the symmetry of the peak in the aut 
paper that the steel has undergone considerable self-tempering while c 
through the martensite range. 

Written Discussion: By Robert E. Ogilvie, assistant professor of metallu 
Massachusetts Institute of Technology, Cambridge, Massachusetts 

In order to make a systematic study on the effects of residual stresses 
hardened steels or even shot peened materials it is necessary that someone deve 
a technique so that the residual stresses in a particular test specimen car 
measured in a manner of minutes. It appears that Koistinen and Marburger hay 
done just this. The basis of the corrections for the peak asymmetry are sou 
and of a fundamental nature and not of the empirical type that have been usé 
previously. This then should be considered as a stride forward in the x 


method of measuring residual stresses. 
There is, however, one fact that is quite concerning. In Fig. 6 there a 
several points that fall from a smooth curve through the set of data points 


one of these points were used a significant error would have been encounter: 
There will always be this shadow of doubt when only three points are measur: 
If on the other hand the parabola is fitted by the method of least squares tl 
shadow of doubt is somewhat reduced depending of course on the number 
points used. 

\ compromise must be reached. A method must be selected that will gi 
adequate information in a reasonable time. Then, the x-ray method can be us 
as a scientific tool and not an x-ray curiosity. 

Written Discussion: By L. P. Tarasov, Research and Development Dey 
ment, Norton Company, Worcester, Massachusetts. 

A number of residual stress studies have shown that grinding stresses car 
either tensile or compressive at the surface, depending on the grinding 
ditions. It would be interesting to have on record the grinding conditions tl 
resulted in the compressive stress curves shown in Fig. 7, since a curve of t! 
type has generally been associated with an improvement in fatigue strength 

Written Discussion: By J. C. Wagner, experimental metallurgist, Metallurgi 
Research Laboratory, Allison Division, General Motors Corporation, Indiar 
apolis. 

The development of this method is an important contribution to the field 
stress measurement by x-ray diffraction in view of the speed with which tests 
be made. The experimental work per test requires about twenty minutes, as 
posed to one to two hours by other diffraction techniques. Approximately 
minutes additional time is needed to make and check the calculations. If large 
numbers of samples are to be tested, considerable time can be saved by the u 
of a computing machine. This procedure has been adopted in the Allison Meta 
lurgical Department. Entering and checking the data on the computing machi 


data sheet requires about one minute. 

Several tests have been run at Allison to check the accuracy of the Koistine: 
Marburger method, and satisfactory results were obtained. In the first series 
tests, stresses in the outer fibers between the loading points of a simple bean 
hardened AMS 6415 steel were calculated by the use of the deflection formu! 
and also by x-ray diffraction. Results are shown in Table II 


esi kis ld a Ba RE 
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Table Il 
Change in Surface Stress Caused by Beam Deflection, Pounds Per Square Inch 
X-Ray Diffractior Beam Deflection Formula 
58,100 compression 54.500 « ompression 
51,000 compressior 44,000 compression 
nd series of tests consisted of a study of samples rdened steel also tested by 
Motors Research Staff Results are showr Ill 


Table Ill 
Residual Stress, Pounds Per Square Inch 
Tests Run by Allison Metallurgical Tests Run by General Mot 
Research Laboratory Research Staff 
117,800 con ion 114,000 compression 
27,000 compressior 32,000 compression 


Written Discussion: By A. L. Christenson, Metallurgical Department, The 
Roller Bearing Company, Canton, Ohi 
ve had the opportunity for the past several months of examining and 
the procedure proposed by Messrs. Koistinen and Marburger. I am glad to 
that our expericnce has been as favorable as reported by them. They are 
congratulated for developing a simple rigorous approach to this rathe: 
it measurement 
accuracy of this method depends primarily on one factor: how well the 
peak is represented by a simple parabola. Our experience has beer 
the representation is, in general, adequate. In the few instances wherein we 
encountered difficulty, the line resolutiot is known to be poor because 
uin geometrical problems arising from the shape of the samples 
an additional advantage to this method that I do not believe th 
] 
i 


mentioned. This advantage is that tl ure appears applicable 


ange of steel hardness; and, perhaps, over the entire range 


Authors’ Reply 


We were pleased at the reception accorded our paper in these several dis 
ns. The questions raised serve to point o he portions of our paper 
the corroborating experiences reported by 


} 


need greater clarification and 

ese independent investigators strengthens our belief in the practical utility of 
approach 
\s Dr. Werner points out, the diffraction peaks of martensite are asymmetrical 
to tetragonality until well beyond the first stage of tempering. This would 

e difficulty of course in using a method which assumes symmetry to locate 
solute position of the peaks (for lattice parameter determinations, for 
ple). However, we have not had any difficulty in applying the three point 
ibola fitting technique to the measurement of residual stresses in tetragonal 
tensite since in this measurement we are concerned only with the relative 
ms of the tetragonal doublet for two exposure angles. The asymmetry due 
tragonality will be the same for both exposure angles (yy = 0° and yy = 60°) 
ile the other sources of asymmetry will be dependent upon both @ and y as 


Dr. Werner in Fig. 11 with the experimental doublet due to tetragonality as 


ribed in the paper. Compare, for example, the hypothetical curve presented 


wn in Fig. 13 for two exposure angles. The specimen was SAE 52100 steel 
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Fig. 13—-Experimental Intensity Distributions through the Tetragonal Mar 
tensite Peak of As-Quenched SAE 52100 Steel for Two Exposure Angles 
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Fig. 14——Corrected and Normalized Intensity Distributions through the Tetra 
gonal Martensite Peak of As-Quenched SAE 52100 Steel for Two Exposure 
Angles. 


quenched from 1550 °F in water with 10% NaOH. The y = 60° curve appears 
to have a much greater ratio of intensity between the (211) + (121) peak and 
the (112) peak. Subtracting background, correcting for @—dependent intensity 
factors, and normalizing to the same peak intensity we achieve the two curve 
drawn in Fig. 14. Both of these curves (¥ = 0° and ¥ = 60°) now have tl! 
shape of Werner’s hypothetical curve but there is a relative displacement of 
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26 due to a residual stress. Careful analysis of the tips of the (211) + (121) 


s for various degrees of tetragonality has revealed that a parabola is always 


exceedingly good approximation. Thus if the three points chosen for fitting 
irabola are restricted to points having intensities at least 85% of the maximum 
nsity, the determination of the position of the (211) + (121) peak will be 
ducible and accurate as to the relative displacement between the exposure 

fessor Ogilvie suggests that a significantly different peak position would 
been calculated from the data in Fig. 6 if a different set of three points 
been chosen. We have found that angular position calculated for a peak 
not depend on the set of angles chosen so long as the rule is followed that 
lifferences a and b have the same sign. This rule ensures that the three 
ts straddle the peak. For example, Table IV gives the peak position 
alculated from various sets of three points from the data presented in both 
5 (¥ = 0°) and Fig. 6 (y= 60 


Table IV 


ngles Angle Interval Calc. Peak 
(° 29) 2 Position (° 29 
154, 155, 156 155 
15414, 155%, 15614 155 
154%, 155}, 156% 155 
153%, 155, 156% l 155.2 
153, 155, 157 7 155.2 


156 155 
155\%4 


an be seen from Table IV, the peak positions calculated from various sets 
ngles and various angular intervals do not vary significantly from the mean 
set of points marked by the asterisk includes a data point which falls off a 
th curve through the points in Fig. 6 and yet the calculated peak position 
ates only 0.03° from the mean. This would not cause a significant error in 
alculated stress. Considering the lengthy calculations inherent in the method 

squares recommended by Professor Ogilvie, we feel that the small gain in 

lucibility which might be achieved does not outweigh the great speed of 
three point parabola fitting technique 

r. Tarasov requests that we describe the conditions under which the speci 

Fig. 7 was ground. The specimen was SAE 52100 steel, oil quenched and 

at 300° for one-half hour. The grinding was done dry with an H-grade 

diameter and operated at 3400 rpm. Cross feed was 0.015” to 0.020” 

the downfeed was 0.002”. The specimen had been electropolished prior to 
ling so as to be free of residual stresses on the surface to be ground. 

e experiences reported by Mr. Wagner and Dr. Christenson in applying 
e procedures in their own laboratories are extremely gratifying. The data 
Mr. Wagner’s Table III, for example show that the stresses measured in the 

samples in different laboratories are reproducible. The authors would 
ially like to thank Dr. Christenson for his comments and encouragement 
valuating this technique we have relied on his advice and on standard speci 


of known stress which he has succeeded in preparing 





CLEAVAGE STEP FORMATION IN BRITTLE 
FRACTURE PROPAGATION 


sy J. M. Berry 


Abstract 

Single crystals of silicon-iron were cleaved in the {110| 
direction at —196 °C (—320°F) by driving a wedge into 
the base of a very fine sawed notch. In several instances 
such a fracture was stopped and the extremely fine crack 
utilized to restart the fracture at +25 °C; there seemed to 
be no qualitative difference between fractures propagated 
at the different temperatures. Shapes of individual fracture 
markings (cleavage steps) were determined by an examina- 
tion of the fracture surface (001) and the profile of the 
fracture surface (110). The cleavage steps were relatively 
large near the base of the sawed notch and became progres- 
sively relatively smaller as the distance from the notch in- 
creased. Most of the identifiable cleavage steps had traces 
on the fracture surface and certain geometric cross sections 
which indicated that these cleavage steps, themsel had 
been generated by local cleavage at large but specific crys 
tallographic angles to the main cleavage plane (001). The 
local cleavages, forming “brittle” cleavage steps, occurred 
on either secondary (100)-type cleavage planes normal to 
the main cleavage plane or on planes parallel to (211)-type 
planes, if, and only if, these planes were interfaces between 
a twin and the parent crystal. These steps appear to bi 
formed by the propagation of cleavage occurring on ad 
jacent (100)-type planes. Since no clear evidence of fracture 
initiation was observed on the brittle cleavage steps, the role 
of plastic deformation in their formation is believed to be 
restricted to the creation of a different type of cleavage 
plane, the (211)-type when it ts a twin-parent crystal inter 
face. However, there is presumptive evidence of the pres 
ence of many relatively small “noncrystallographic” or 
“ductile” cleavage steps, and plastic deformation must have 
had a dominant role in their formation. (ASM-SLA Clas 
sification: Q26s, O26n, M27; Fe, Si, 14-61) 


INTRODUCTION 

RACTURE SURFACES are quite varied in appearance. Mark 

ings having crystallographic directions have been observed on 
these surfaces in iron (1,2,3),' and a model has been proposed (4) for 
_s The figures appearing in parentheses pertain to the references appended to this paper 

\ paper presented at the Fortieth Annual Convention of the Society, held in 
Cleveland, October 27 to 31, 1958. The author, J. M. Berry, is associated wit! 
the Metallurgy and Ceramics Research Department, General Electric Researc! 
Laboratory, Schenectady, New York. Manuscript received August 13, 1957. 
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rmation of cleavage steps which result in the “river pattern ob- 
1 on fracture surtaces 


his report contains a description of some of the metallographic 


ires of brittle fracture pri ypagated at high velocities in single crys 


f silicon-iron and a discussion of the three-dimensional geometry 
he varied markings observed on the fracture surfaces. The object 
s to further the understanding of the process of brittle fracture 
pagation by developing models similar to that proposed (4) for the 
er pattern.” To a considerable extent it is possible to do this by 
ference from a study of the fracture surfaces. In this work, fracture 
files were also examined and found to be of use in confirming such 
rences and in suggesting others. 
Vhat were essentially single crystal f 3.5% silicon-iron were 
ed at liquid-nitrogen temperature —196°C (—320°F) and at 
om temperature (+25 °C). The experimental work was done using 
rystals so oriented that the direction of crack propagation was ap 
imately [110]. As a result of the fracturing, the specimens were 
into two halves having matching fracture surfaces. The fracture 
f one half were examined and compared with the other half, 


ces ot 

ich had been plated and sectioned so that the profile of the fracture 
ce—normal to the direction of crack propagation—could be ex- 

ned at numerous regions along the fracture path. 

The results of this work indicate that the complex appearance of 


ture surfaces arises, in part, because of a multiplicity of modes of 
vage step formation and, in part, because of the occurrence of these 


les of step formation in a multiplicity of sequences. 


EXPERIMENTAL PROCEDURI 
The sketch in Fig. 1 shows the specimen and the set-up used to 
re the single crystal specimens. In all cases, the fracture was 
rted by a single sharp blow on the wedge in the notch ( Fig. 1) while 
specimen was immersed in liquid nitrogen. In several instances 
training blocks were used, as illustrated in Fig. 1, to stop a propa 
ng crack. Such specimens were allowed to come to room temper 
ire after which the restraining blocks were removed and the fracture 
started by again striking the wedge.** It was not possible to start a 
m temperature fracture without first introducing a very sharp notch 
he form of a cleavage crack propagated at 196 °C (—320 °F) 
| then stopped. Several specimens were also fractured at —196 °C 
320 °F ) without the use of restraining blocks so that complete part 
ng was obtained with a single blow. 


A few low-angle boundaries w 


the propagation t tracture 


ere present in these crystals, but they appeared to offer little 


* The elapsed time between the two operat 
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Fig. 1—Sketch Showing the Set-up for Fracturing Single 
Crystal, Silicon-Iron, Specimens. 


Filed Notch 


Sawed Notch —s 


Section A, 
—— (110) Plane 
(Fracture oat 
-196°C) 


Main Cleavage 
Plane (OO!) 
(Fracture Surface) 


_ [110] 





— Section B; (110) Plane 
(Fracture at +25°C) 


Fig. 2—Sketch Showing One Side of Specimen After 
racture. 


Fig. 2 is a sketch of one of the halves of a fractured specimen show 
ing the orientation of the fracture surface and the fracture profiles 
Sections A and B are representative of the fracture profiles examined 
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Crack Direction 
[110] 


(a) Cleavage on Twin Interface 

(b) Cleavage on Twin Interface Crystallographic Features 

c) Cleavage on Secondary Cleavage Plane 

d) River Pattern-Sometimes Resolvable into Crystallographic and 
Non-Crystallographic Elements 


{ 
\ 


Fig. 3—Sketch Showing Features of Fracture Surfaces in Si iticos 
Single Crystals Cleaved at 196 °C (—320 °F) or +25 °¢ +75 


pattern,” “crystallographic markings,” etc.) are boundaries betweer 


different levels of the main cleavage plane. In profile, these markings 
(cleavage steps) seem to have the same geometry in the relatively 
smooth regions as they do in the coarser regions near the notch. Fur 
thermore, fracture surfaces created by cleavage at +25°C (+75°F 
and at —196°C (—320°F) appear to be qualitatively similar. All of 
the features that were observed on the fracture surfaces can be repre 
sented by some combination of the features illustrated separately and 
schematically in Fig. 3 
Cleavage steps are formed by: cleavage on planes parallel to (211 

type planes if, and only if, these planes form a twin-parent crystal 
interface, (a) and (b) in Fig. 3; cleavage on a “secondary” (100 
type cleavage plane, namely the (100), (010), (100), or (010), norma! 
to the main cleavage plane, (c) in Fig. 3; and the “river pattern,” (d 
in Fig. 3, cleavage steps presumably formed by shear and sometimes 
in part, by local cleavages, (a), (b) and (c) in Fig. 3. An examinatior 
of profiles of the fracture surfaces (Section E-E, Fig. 3) gave clea 
evidence of features (a) and (c). Feature (b) is not oriented favorab! 
for study in such a section, but is clearly evident on the fracture surface 
Cleavage step formation by the shearing-off models proposed by Loy 
(4) and Gilman (5), (d) in Fig. 3, was not observed on these profiles 
However, since much of the detail of the “river pattern” was not re 
solvable, and since much of it did not appear to be crystallographic, it 
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S| 
1 level differences are very small. 
hs indicated that both crystallographic and noncrystallographic 


ossible that this mode of step formation could be quite common 
Electron microscope photo 


eT 


tures were present in the fine detail of the fracture surface. 
f the fracture profile (section E-E, Fig. 3) is examined, the line of 
ht is normal to the (110) plane and parallel to the [110] direction, 
lirection of crack propagation. In such a section approaching cracks 
lifferent levels subject the intervening material to shear stresses as 


Shear 
Be 
Cracks 


ey propagate sidewise (in the [110] or [110] directions) as illus- 
ted schematically in Fig. 4. This kind of shearing action is believed 
e responsible for the many twins seen on the fracture surfaces and 


i€s. 
\ schematic representation of developing fracture surfaces is shown 
the upper part of Fig. 5, the line of sight being normal to the (001) 
ine. Indicated sections, (a), (b) and (c) with the line of sight normal 
the (110) plane are illustrated by the lower sketches in Fig. 5. Sec- 
tion (a), Fig. 5, shows the cracks before overlapping has occurred and 
he twin formed presumably by the action of the shear stresses, as 
reviously indicated in Fig. 4.* Section (b) in Fig. 5 shows the cracks 
st after overlapping ; and section (c) shows the flap formed by the 
erlapping cracks. [These sections in this order, (a), (b) and (c) 
also be considered to represent the time-sequence of events at any 
e section of the specimen. That is, cracks advance sidewise, a twin 
rms which just fits the level difference (a) and then the cracks over 
p (b), and pull up a flap (c).] Fig. 6 is similar to, but represents a 
ter time than, Fig. 5. In Fig. 6, section (c), the flap has parted by 
eavage on the twin-parent crystal interface (parallel to a (211)-type 
lane); this cleavage has propagated along the interface separating 
e two halves of the specimen down through section (b) and continued 
the end of the twin, which has moved forward to section (a’). The 
ketch in Fig. 7 is intended to represent the essential features of this 


te ot affairs in three dimensions. 
* Whether or not a twin can be formed after overlapping has occurred is not clear. It seems 
easonable to suppose that the bending of the flap could cause twinning and some heavily 


formed flaps were observed to have numerous large twins 
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Figs. 5 and 6—Sketch Showing Developing Fracture 
urfaces and Their Associated Fracture Profiles. 


Fig. 8 is similar to and can be considered to be a continuation of the 
cleavage step shown in Fig. 7. Since the step is parallel to the direction 
of crack propagation it cannot interact with similar steps of a different 
sign (right side high, left side low) to reduce the distance betwee: 
different levels ; * it merely connects levels in such a way that over 
lapping—and the creation of new fracture surfaces—is not necessary. 

Near the base of the sawed notch and sometimes near the edges of 
the specimen, some twins were observed (on the fracture profiles) that 
extended beyond the cracks approaching on different levels, as indi 
cated in the sketch in Fig. 9. Because of this considerabie extension 
it was inferred that this kind of twin was formed prior to—and not as : 
direct consequence of—the approach (toward each other) of particular 
local cracks. In this situation (Fig. 9b) it is “necessary” that at least 
one of the cracks cross the body of the twin. “Cross-Twin” fractur: 


ae ARNT Ma ec, 


* This would not necessarily be the case for orientations in which the twin traces in the 
cleavage plane were not parallel to the direction of crack propagation. 
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Fig Sketch Showing Cleavage Step Formed 
by Fracture Propagating in Flap on Twin-Parent 
Crystal Interface 


110) 











Fig. 8—Sketch Showing Cleavage Step 
Formed by Fracture ye ropegating on a 
Twin-Parent Crystal Interface. 


was also observed at other points along the twins and this type of part 
ing is shown schematically in Fig. 9c. The trace in the fracture profile 
|(110) plane] of this cross-twin fracture was at about 70 degrees to 
the main cleavage plane. The value of this angle in the (110) plane 
and the fact that, on the fracture surface, longitudinal ([110] direc 
tion) markings were sometimes observed on the twin-parent crystal 
nterface indicate that this “cross-twin”’ fracture occurs on a (100)-type 
leavage plane in the twinned orientation as illustrated schematically 
in Fig. 10. After cleavage as shown in Fig. 9c, the actual separation of 
the two halves of the specimen will cause some plastic deformation at 
junctions forming re-entrant angles as shown in Fig. 9d. 

ig. 11 is a three-dimensional sketch of a cleavage step in which the 
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Fig. 9—Sketches Showing the Development of a “‘Cross-Twin” Fracture 
on a Fracture Profile 








Fig. 10—Sketch Showing a Cleavage Step Formed 
by ae on Twin-Parent Crystal Interfaces and 
howing “‘Cross-Twin” Fracture. 
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Fig. 11 Sketch Showing a Cle 
Formed by Fracture Propagating 
Seconad \ (1 ) vpe Cleavage 
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rface connecting the two levels is a secondary (100)-type cleavage 


plane normal to the main cleavage plane (001). The flap is formed 
in a manner analogous to that illustrated in Figs. 5 and 6. The con 


tinuation of this step is shown in Fig. 12. This kind of step (at 45 
degrees to the direction of the crack propagation) can decrease the 


listance between different levels by running into a step of opposite sign 
in Fig. 12 the step is shown running to the edge of the specimen thereby 


mnpletely eliminating one level of the fracture surface. 
lig. 13 shows a flap (similar to that shown in Figs. 5 and 6) being 


separated by plastic necking off. This model is that proposed by Low 


+) but not unambiguously identified in this work. Presumably this 
pe of parting could occur in almost any direction (at almost any angle 
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Fig. 13—-Sketches Showing Ductile Cleavage 
Steps. (a) Plastic necking-off—after Low (4) 
(b) Shearing-off—after Gilman (5). 











to the direction of crack propagation, [110]) and could interact with 
steps of opposite sign to reduce the distance between crack levels. In 
Gilman’s (5) model of a ductile step, no overlapping of cracks or flap 
formation is required; the step is formed by shearing off and is sche 
matically illustrated in Fig. 13b. This model was not unambiguously 
identified in this work. 

[EXPERIMENTAL EVIDENCE 

This section of this report is concerned with the presentation and 
discussion of some metallographic evidence supplementing the observa 
tions described in the previous section. 

It was observed that the cleavage step height became less as the dis 
tance from the base of the sawed notch increased. The photomicro 
graphs of fracture profiles in Fig. 14 are of regions only a few mm 
from the base of the notch and numerous cleavage steps in the order 
50-100 microns can be seen, At greater distances (say 5-8 mm) from 
the base of the sawed notch, cleavage steps of over 5-10 microns are 
rare and most of them are in the order of about a micron or less as 
indicated in Fig. 15 typical of the fracture profile in such regions. 

The appearance of the fracture surface (the region shown in profile 
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g. 14) is shown in the photomicrographs in Fig. 16. Under vertical 
illumination (Fig. 16b) dark markings parallel and at 45 degrees to 
the direction of crack propagation, [110], and the “river pattern” can 
he seen, all of which were identified in the schematic sketch of the 
fracture surface in Fig. 3. Fig. 16a and 16c show how the fracture sur- 
face looks using a combination of vertical and oblique illumination, 
the oblique illumination being provided by spot lights at 90 degrees 
to [110] (indicated in Fig. 16) and at about 20 degrees to the fracture 
surface (indicated by the sketch of a profile view in Fig. 17.) The paths 
of both vertical and oblique illumination incident on some of the various 
kinds of cleavage steps are indicated schematically in Fig. 17. 

Cleavage steps 3 and 4 (Fig. 17) represent a profile view of steps 
formed by cleavage on twin-parent crystal interfaces, previously de- 
scribed and illustrated in Figs. 7 and 8. When there is no flap (step 4, 
Fig. 17), vertical light (path g, Fig. 17) is not reflected into the micro 
scope objective and this feature appears to be a dark longitudinal band 
on the fracture surface, examples of which are numerous in Fig. 16. 
With the spot light at about 20 degrees to the main cleavage plane, 
oblique light (path j, Fig. 17) is reflected into the microscope objective 
and this kind of step appears on the fracture surface as an intensely 
bright longitudinal facet, as shown in Figs. 16a and 16c.* When a flap 
has been formed, as in step 3, Fig. 17, the twin interface may become 
rotated so that it reflects neither vertical or oblique light into the micro 
scope objective (paths f and h, Fig. 17); such a step will remain a 
dark longitudinal band on the fracture surface as can be seen by ex 
amining Figs. l6a and 16c. 

Cleavage steps 1 and 2, Fig. 17, represent a profile view of steps 
formed by cleavage on a 100-type plane normal to the main cleavage 
plane previously described and illustrated in Figs. 11 and 12. Oblique 
light at 20 degrees to the main cleavage plane (paths d and e, Fig. 17) 
does not reflect from these surfaces into the microscope objective. If a 
flap has been formed (step 1, Fig. 17) vertical light path, a, is not 
reflected into the microscope and this feature will appear as a dark 
line at 45 degrees to [110] on the fracture surface as seen in Fig. 16 
If no flap is formed (step 2, Fig. 17) no vertical light will reach the 
vertical surface of the step. The only way of detecting such a step on 
the fracture surface is to note differences in focus that follow a direction 
+15 degrees to [110]. 

In Fig. 14, the shape of the cleavage steps and the angles they make 
with the main cleavage plane are consistent with the models proposed 
ind illustrated schematically in Figs. 3-12. That cleavage on the twin 


* Using this same technique on silicon-iron and pure iron single crystals so oriented that 
lirection of crack propagation was [100], bright facets at an angle to the main cleavag 
plane were also observed. The traces of these facets in the main cleavage plane were at 
egrees to [100] and at 90 degrees to each other; which is consistent with the supposition that 
hese facets, also, are twin parent crystal interfaces 
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Microscope Objective Lens and 
Source of Vertical Illumination 
4) 





Fracture Profile 
(110) Plane 








Path of Verticcl Illumination 
Path of Oblique I!!umination 
Fig. 17—Sketch Showing a Fracture Profile and Indicating the 


Effect of Vertical and Oblique Illumination on the Appearance, on 
the Fracture Surface, of Several Kinds of Cleavage Steps 


parent crystal interface does in fact occur is clearly shown in the profile 
photomicrograph in Fig. 14a and, at higher magnification, in Fig. 18. 
Several examples of ‘“‘cross-twin” fracture, illustrated in the sketches 
in Figs. 9 and 10, can be seen in Fig. 18. Cleavage on a twin-parent 
crystal interface and “‘cross-twin” fracture are also identified in the 
photomicrograph in Fig. 19. 

In regions where the cleavage steps are relatively large (as in Figs. 
14 and 16) it was possible, by rotating the specimen sufficiently far, 
to examine the surfaces generated by cleavage along the twin-parent 
rystal interfaces. As can be seen in the photomicrograph in Fig. 20, 
these surfaces looked very much like an ordinary (001) cleavage sur 
face ; that is they were relatively smooth but exhibited crystallographic 
markings and the “river pattern.’ The longitudinal, [110], markings, 
in Fig. 20, are probably traces in this twin interface surface, of the 
‘cross-twin” fracture previously described and illustrated schemati- 
ally in Figs. 9 and 10 and, also, by photomicrographs of the profile in 
Figs. 18 and 19. 

Fig. 21 is a photomicrograph of a fracture profile illustrating many 
of the cleavage steps discussed and showing some of the complexity 
of step formation. Parting by cleavage on a twin-parent crystal inter 
face has occurred at (a) and (b) and is starting at (d). At (a) and (b) 
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Fig. 18—Photomicrograph of a Fracture Profile Showing a Cleavage Step Formed 
Cleavage on a Twin-Parent Crystal Interface. Etched 2% nital. & 500 
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Fig. 19—-Photomicrograph of a Fracture Profile Showing Cleavage on a Twin-Parent 
Crystal Interface and “Cross Twin’ Fracture. Etched 2% nital. « 2000 
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20—Photomicrograph of Fracture Surface Generated by Cleavage Along a Twin-Parent 
Crystal Interface. x 500. 


Fig. 21—Photomicrograph of Fracture Profile Near Base of Sawed Notch. Etched 2% 

nit " (a), (b) Parting completed on twin-parent crystal interface. (c) Twin traces (formed 

by bending of flap) not penetrating main cleavage plane at (e). (d) Parting starting on 

twi “? arent crystal interface. (e) Trace of main cleavage plane in fracture profile. (f) Part 

g complete on (100)-type secondary cleavage plane. (g) Parting nearly complete on secon 
dary cleavage plane. (h) Low-angle grain boundary. X 500. 


the bending of the flap has rotated the twin interfaces far from their 
original positions. The parting at (hb) is especially interesting in that, 
at first, the inference drawn from the appearance of this feature was 
that the flap had parted by necking-down. However, the angle of the 
line of parting with the main cleavage plane and the appearance of this 
feature on the matching fracture surface confirmed that the feature 
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Fig. 22 


Photomicrographs of a Fracture Surface Showing Crystallographic Facets in 
the “River Pattern.”” 1600. 


did, in fact, represent parting on a twin-parent crystal interface. The 
location shown in this photomicrograph is very near to the base of th 
sawed notch and is one of the few places on the specimen where the s« 
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f twins having traces in the (110) at about 65 degrees to the main 
leavage plane were observed. These traces are at (c) in the flap (Fig. 
21) and, since they do not penetrate the main cleavage plane, it can be 
inferred that these twins were formed by the bending action of the flap 
iter it was separated from the main cleavage plane at (e). Parting has 
‘curred on a (100)-type secondary cleavage plane at (f) and the for 

ition of a similar step 1s nearly complete at (g). 
From the study of the appearance of cleavage steps on the fracture 
surfaces and on the fracture profiles at increasing distances from the 
ise of the sawed notch, it was observed that the geometry of the 
leavage steps was the same regardless of their size. However, at 
rge distances from the notch the steps become so small that little 
vuld be learned from a study of the fracture profile (See Fig. 15). In 
these regions it was inferred from a study of the fracture surfaces alone 
that very small cleavage steps were similar in every respect but size to 
the large cleavage steps. An examination of the two photomicrographs 
in Fig. 22 will show how such an inference can be drawn. The photo- 
crographs were made of the same area of the fracture surface using 
blique illumination at +90 degrees to the direction of crack propaga 
tion [110], as indicated in Fig. 22. A careful comparison of matching 
gions of the two pictures reveals that numerous very small dark 
iarkings (parallel to [110] ) in one of the pictures become bright facets 
the other picture as a result of the 180 degrees change in oblique 


illumination. Thus, the appearance on the fracture surface of these 


small markings is in every way, except size, similar to the appearance 
f the large longitudinal markings in Fig. 16 which are positively iden- 
ified as cleavages on twin-parent crystal interfaces. It is also evident 
Fig. 22 that these small twin-parent crystal interfaces are integral 
with the “rivers” and their “tributaries” forming the “river pattern.” 
is estimated that the smallest resolvable twin-parent crystal inter 
faces in Fig. 22 represent cleavage steps of about 5000 A in height. An 
mination of fracture surface replicas on the electron microscope at 
20,000 indicate the cleavage on twin-parent crystal interfaces is 
ssociated with cleavage steps of as little as 500 A in height. 
Crussard and his co-workers have interpreted these very small facets 
tongues’) to be the consequence of separation on a glide plane pre 
tt exhibit the river pattern 
racteristic of cleavage fracture (6). However, it is also character- 
tic of the river pattern (considered in detail) that one of its two 
ntrasting elements is pure cleavage (smooth and bright) alternating 
with rivers (dark) which are the boundaries between adjacent cleav 
ges on different levels. Rivers (cleavage steps) do not occur unless 
level difference is being perpetuated or initiated (say by the cleavage 
issing across a screw dislocation) ; and the smaller the crack area 
- smaller the probability of the occurrence of a cleavage step. Thus 
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the smooth nature of very small “tongues” seems quite consistent with 
their formation by cleavage on what is essentially a single crystal! 
graphic plane. 
DiscussION 
It has been demonstrated by crystallographic arguments and phot: 
graphic evidence that true cleavage can occur on twin-parent crystal 
interfaces during fracture propagation. While such cleavage facets ary 
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Fig. 23—Sketch Showing a Specimen Profile Indicating 
the Balance of Forces Associated with the Strained Twin 
Parent Crystal Interface. 


parallel to (211)-type planes, it would probably be unwarranted t 
infer from this that (211)-type planes are cleavage planes in the sens¢ 
that (100)-type planes are.* The twin interface is a unique sort of 
(211)-type plane in that the interatomic spacing across such interfaces 
is 5.7% less (7) than it is across ordinary (211)-type planes that ar 
not the site of twin interfaces. As a result of this, the boundaries of a 
twin can be considered to be strained interfaces (8). This kind of 
strained interface is represented schematically as a very narrow band i1 
compression, surrounding the twinned material, in the sketch of 
specimen profile in Fig. 23. In this model the strained interface is repré 
sented by compression springs at the twin boundary, and the indicated 
opposing forces in the bulk of the specimen and in the twinned orien 
tation are also shown in the sketch. 

* Several unsuccessful attempts were made to start and propagate fracture in a speci! 
so oriented that the stresses applied by the struck wedge, at the base of a sawed notch, w 
normal to a (211)-type plane. From this it may be inferred that it is more difficult to clea 
a (21 1) type pone than it is to cleave 4 (100) type plane. However, it cannot be inferred th 
it is impossible to cleave on a (211)-type plane until some method is developed for doing 


experiment with a really sharp notch—such as a stopped cleavage crack. Experiments 
suitably oriented bi-crystals are being considered. 
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Fig. 24—Sketch Showing Fracturing Through 
a Void in Compression and a Stress-Free 
Void. 
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Under the static conditions illustrated in the sketch (Fig. 23), the 
mninal stress on the twin interface—at the junction of this interface 
ith the main cleavage plane—is about 82% of the nominal stress on 
the main cleavage plate at this junction. The nominal stress on the twin 
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Fig. 26—Sketches of the Intersections of Two Cracks 
on the Fracture Surface Under Different Propagation 
ates. 


interface may be relatively even higher if the advancing cracks are 
considered to have a high velocity (9), which is quite probable. Propa 
gation of fracture along the twin interface would be accompanied by 
a release of the highly localized strain energy stored at this interface 
A simplified model intended to clarify the proposition that this energ 
would assist and not resist the propagation of fracture is shown in the 
sketches in Fig. 24. In these models the void (analogous to the twit 
parent crystal interface) that is under compression retains its shap 
by the reaction of the balancing forces as long as the void is continu 
ously surrounded by the restraining medium. When this medium is 
rendered discontinuous by the separating action of the advancing cracks 
on the main cleavage plane, the spring force becomes unbalanced and 
accelerates the two halves of the specimen. The stresses due to th: 
inertial forces are added to the nominal stresses and the fracture propa 
gates with possibilities of increased velocity. 

The concept of fracture propagating by pure cleavage on a sing| 





NEN Raa apc 


ha 


tHe 


BRITTLE FRACTURE PROPAGATION 


Fracture 
Propagoted 
ot -I96°C 


Frocture 
Propagoted 
at +25°C 


agation 


) 


x 
0 
Oo 
a 

O 

= 


Direction 


Fracture Surface at Origin of Crack Re-starting. Upper Photomicrograph origi 
250. Reduced nearly 50%. Lower Photomicrograph originally x 2000. Reduced 
nearly 50% 


cleavage plane does not involve plastic deformation. However, it was 
observed in the case of these crystals that fracture starts by the ini- 
tiation ( ?) of numerous cracks on different levels, and fracture propa 
gation is accompanied by the joining-up of these levels (the formation 
of cleavage steps). Models to describe the formation of cleavage steps 
can assign to plastic deformation three quite different roles. First, it 
can be described as playing a continuous and terminal role in connect- 
ing cracks on different levels either by plastic necking-off of flaps 
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Fig. 28 --Sketch of Crack Re-starting Model. 


(proposed by Low (4) and illustrated in Fig. 13a) or by plastic 
shearing-off (proposed by Gilman (5) and illustrated in Fig. 13b 
Secondly, it is proposed here that plastic deformation in the form of! 
twinning can create a new type of “cleavage” plane, the twin-parent 
crystal interface, along which brittle fracture can be propagated 
Finally, plastic deformation has been considered to be the means by 
which fracture is initiated on cleavage planes (4). Fracture initiation 
can be regarded—for purposes of this discussion—as the formation o/ 
a new cleavage surface that, at some time in the fracture process, is not 
connected with any other crack or free surface, either static or propa 
gating. The question is: Are the brittle cleavage steps essentially ne\ 
fractures that have been initiated and then propagated * or are they 
merely continuous extensions of the cracks propagating on adjacent 
main cleavage planes ? 

It seems reasonable to suppose that the growth pattern of a sepa 
rately initiated crack would be distinguishable (on the fracture sut 
face) from that produced by another propagating crack ; the different 
growth patterns and particularly their eventual intersection should be 
noticeable as indicated in the sketch in Fig. 25. Such markings on the 
fracture surface of lucite were similarly interpreted by Kies, Sullivan 
and Irwin (10). The lines of interaction of the growth patterns would 
be expected to vary in size and shape depending on the relative growt! 
rates and the initial distances apart of the two cracks (indicated in the 
sketches in Fig. 26). It is, of course, conceivable that under certain cit 
cumstances the newly initiated crack would not grow to resolvable 


* If this were the case, a continual crack initiation would be accompanying the propag 
tion of brittle fracture. The hypothesis that there is a critical temperature above wh 
fracture cannot be initiated but can propagate would be clearly confirmed only if, ab 
some critical temperature, all of the cleavage steps were formed in the ductile manner describ 
by Low (4) and Gilman (5). 
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limensions before being overwhelmed by the older propagating crack. 

In general, and in the above terms, patterns clearly identifiable as the 
consequence of separate crack initiation are quite rare in these speci- 
mens. The cleavage steps on the twin interface (Fig. 20) appear to be 
associated with patterns on adjacent (100)-type planes. Furthermore, 
cracks re-started at +25 °C (+70°F), subsequent to the stopping of 
cracks propagating at —196 °C (—320°F), appear to start up again 
in localized regions along the crack front in a pattern more suggestive 
of crack propagation than crack initiation* (Fig. 27). Finally, even at 
he base of the sawed notch, the fracture pattern suggests that, in effect, 
the sawed notch was propagated rather than that fracture was initiated 


below the notch. 
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DISCUSSION 


Written Discussion: By C. Crussard, J. Plateau and J. B. Lean, Institut de 
cherches de la Siderurgie, St. -Germain-en-Laye, Sain-et-oise, France 


* The model for re-starting such a crack (shown in Fig 8) is consistent with the lev 
fferences on the fracture surface (photographs in Fig 7 
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Cleavage Rupture Surface of Pearlite Free Steel Broken at —196 °C 
(—331 °F). x 5000. 


The author must be congratulated ; his careful observation of the mechanism of 
cleavage in Fe-Si single crystals has considerably clarified the problem of th 
mode of propagation of brittle fracture. 

Following his discussion of one of our papers (Journal, Iron and Steel Institute 
Vol. 185, p. 524) we carried out tests on a similar material and arrived at 
substantially the same conclusions as those Mr. Berry has outlined above 

We noted “tongues” in the first instance in macrofractographs of cleavage sur 
faces in mild steel (Figs. 29 and 30). Using a shadowing technique employing 
latex spheres we estimated the plane of the tongue to follow (112). In iron (112 
may indicate either slip or twinning. 

In the later experiments using Fe-Si single crystals, we verified that no (112 
slip occurred for the testing conditions employed. The appearance of the tongues 
shown in Fig. 3, is very similar to that of tongues in mild steel. Thus, we agre¢ 
with Mr. Berry that in all cases they correspond to decohesions between the 
matrix and a twin. 

From our experiments, the section of a “tongue” by a (110) plane is as de- 
picted below (Fig. 32). This differs only slightly from Mr. Berry's observations 

We would like to make two further comments. 
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Fig. 30—Cleavage Rupture Surface of Pearlite Free Steel Broken at —196 °C 
331 °F). X 10,000. 


Firstly, on the tongues observed by microfractography—admittedly rather 
small—we have never seen many small converging rivers like those which ap- 
pear in the upper part of Fig. 20 of Mr. Berry’s paper. Since we believe that 
“rivers” in (100) cleavage are due to the presence of many parallel equivalent 


planes which the fissure may follow, it seems difficult to understand how many 


fine rivers can occur when cleavage takes place along a pre-existing twin boundary. 
Markings are very infrequent on the small tongues we have observed. Some of 
them which look like rivers, may be correlated either with the shape of* the 
boundary between the twin and the matrix or with the occurrence of several 
parallel twins in neighboring planes; others, which are rather like small tongues, 
seem to be related with secondary twinning or, as described by Mr. Berry, with 
cleavage within the twin. 

Secondly, we cannot agree entirely with Mr. Berry that tongues are integral 
with the rivers. While it is certain that when rivers are parallel to [110] they 
are correlated with twin boundary decohesion (as for example in Fig. 31), and 
that in some cases rivers seem to pass from tongue to tongue (Fig. 29), we have 
often found “tongues” which are not, apparently, associated with rivers (Fig. 30). 





TRANSACTIONS OF THE ASM 


Fig. 31—Cleavage Rupture Surface of Fe-Si Alloy Broken at 
x 5000 
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Fig. 32—Sections Parallel to (110) in a Fe-Si Single Crystal; Showing “Tongues.” 
The rupture surface had been nickel plated before sectioning. (a) x 320. (b) x 450 
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Written Discussion: By C. F. Tipper, Engineering Department, Cambridge 


versity, Cambridge, England. 
have read Mr. Berry’s paper with great interest. It amplifies his communi 
to the discussion on the paper by Crussard et al. (12)*. The work is 
similar to some recently completed in this laboratory (to be published 
rtly). Our observations are in general agreement with the author’s. The 
rked steps, which in most crystals constitute a block system intersecting at 
degrees, have been identified as being formed by the intersection of twin 
nellae with the cleavage face. Since the angle which these steps make with the 
eavage face is 35-36 degrees, the fracture must follow the twin and main crystal 
ice. The author considers that this is evidence of cleavage parallel with 


112} planes, but it could be interpreted equally we 


ll as being due to shear failure 
irallel with this plane, which is a possible slip plane for both parent crystal and 
Moreover, it is suggested by the present writer, that the “tongues” de- 
ribed by Crussard and his co-workers, are the fractured ends of twin lamellae 
jecting above the mean cleavage plane. In some instances, projections on one 
ivage plane coincide with pits and depressions on the opposite half, indicating 
at fracture may even pass round the ends of small twin lamellae. Photographs 
n with the scanning electron microscope (13) have clearly demonstrated the 
ipe of some of these small flakes and ridges 
rhe river pattern markings appear to be essentially different, although they 
also due to differences of level, and merge into surface markings, which are 
stallographic. They fulfill a useful function in indicating fracture origins, and 
opagation directions. Using them for this purpose, it may be deduced that twin 
llae do not interrupt a fracture unless they are at right angles to the di 
tion of propagation and a common source of reinitiation is the intersection of 
» lamellae. It follows from this observation that the twins giving rise to block 
rmation formed before fracture 
This observation leads to a discussion of the role of plastic deformation in r« 
tion to fracture, and the possibilities are considered in this paper. Plastic 
formation in the form of twins has been reported in all fractured crystals which 
by cleavage, except in a few crystals broken by Allen et al (14) at 
C. However, no description of the fractured surfaces of these crystals has 
given. Plastic deformation must inevitably occur in the break down of ma 
rial separated by parallel cleavage cracks, unless secondary cleavage or a {100} 
lane at 90 degrees occurs and this has only been observed occasionally. Post 
racture deformation has been discussed by the writer in several papers (15,16) 
| the mechanism suggested is essentially the same as that depicted in the paper 
ler discussion and others (17). However, the present writer would go further 
| considers that all fracture propagation is composed of initiations of holes and 
eir spread and linking-up, which must involve at least a minimum of plastic 
eformation, unless all the initiations are in the same plane of a perfect crystal 
his is unlikely to occur in metal crystals, which are relatively imperfect, and 
plastic deformation is invoked to explain the pile-up of dislocations to forn 
first hole, mis-alignment of the cracks is still more likely 
It is sometimes stated that no plastic deformation is possible in front of the 
vancing crack because of the high rate of propagation (6000 feet per second i1 


he figures appearing in parentheses pertain to the references appended to this discussion 





586 TRANSACTIONS OF THE ASM Vol 


a mild steel plate) and the presence of a delay time to yield. Evidence of plasti 
microstrain before yicld of the order of 3 x 10“ has, however, been observed (18) 
and Cottrell (18) has estimated the time required to form a piled-up group of 
dislocations to be not greater than 10“ seconds. Therefore, the contention that 
plastic deformation does not contribute to the initiation of cleavage cracks a 
pears to be untenable. 
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Author’s Reply 

The author appreciates Dr. Tipper’s interest in this paper. There seems now t 
be widespread agreement that the geometry of certain cleavage steps justifies the 
inference that parting can occur on twin-parent crystal interfaces in silicon-iror 
There are, however, differences of opinion with regard to the mechanism oy 
erating during such parting. Dr. Tipper is of the opinion (once held by Professor 
Crussard (20)) that, since (112) is a possible slip plane in silicon-iron, a shear 
mechanism for parting is as consistent with the evidence as is the cleavage 
mechanism proposed by the author. 

One of the disadvantages of the shear hypothesis is that there is some growing 
doubt that (112) is a slip plane in silicon-iron. Neither Barrett, Ansel and Meh! 
(21) nor Low and Guard (22) found slip to occur on (112) at —196°C 
silicon ferrite. The recent experimental results of Crussard, Plateau and Lear 
are reported (in their discussion of this paper) to be in agreement on this point 
And some recent (unpublished) work by the author indicates that deformation or 
(112) in silicon-iron at —196°C is confined to twinning. However, it is not 
primarily this essentially negative consideration (nor the mere fact that parting 
occurred along the twin interface) that led the author to propose the cleavag 
mechanism. 

Perhaps the most positive evidence in support of the cleavage hypothesis is 
be found in the appearance of the surfaces of parting. Profiles of the surface ot 
parting reveal intricate crystallographic details, including re-entrant angles, tl 
are not likely to be created by, nor to survive, parting by shearing (Figs. 9 ar 
19). Furthermore, the matching surfaces of parting manifest those point to point 
correspondences and those clearly defined markings (Fig. 20) that have come t 
be regarded as the identifying characteristics of parting by cleavage. 

The author agrees with Dr. Tipper that some form of plastic deformation does 
have a role in the initiation of cleavage cracks and that any contention to th 
contrary would, indeed, be difficult to sustain. However, the contention in this 
paper was that there was no convincing evidence of the occurrence of cleavag' 
initiation (defined as the formation of new and, initially, completely isolate 
cleavage surfaces). From the appearance of the growth pattern it was inferred 


+ 
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hat a cleavage crack could be started from (for example) the free surface of 
a stopped crack by merely causing it to resume propagation. While it is possible 
at evidence will be developed to support Dr. Tipper’s view (that all crack 
propagation requires cleavage initiation as a necessarily occurring concurrent 

ocess), it does tend to create a certain amount of terminological difficulty for 

se who, not yet sharing this view, may wish to discuss propagation as if it 

uld occur independently of cleavage initiation 

[he author wishes to thank Professor Crussard and his co-workers for their 
generous remarks and stimulating comments and for making available the results 
if some of their recent work of particular pertinence to this subject. 

It is the author’s present opinion that the “rivers” on cleaved twin interfaces 
associated with the somewhat irregular nature of this interface and/or the 
variations in the width or thickness of individual twins. Cleavage on such an inter 
face may begin, or be forced onto, slightly different levels, and (analogous with 
the case of (100)-type cleavage) the connecting of the levels gives rise to the 
river pattern.” The examination of these fracture surfaces indicates that both 
the amount of the pattern and the apparent intensity of individual rivers (indic- 
tive of the magnitude of the displacement between adjacent levels of cleavage ) 
liminishes as the size of the twin decreases. In the case of very small twin inter 
faces, there may either be no rivers or they may escape detection as the limit of 
resolution is approached. In either case, the cleavage on the interface may be said 
to have occurred on “essentially” a single plane 

Che author agrees that Figs. 29 and 30 do indicate that the role of cleavage on 
the twin interface is not confined to that of providing a path for connecting cracks 
idvancing on different levels. And, consequently, such cleavages are not always 
integral with the locally predominant “river pattern.” Any attempt, at present 
to offer an explanation of these interesting phenomena is necessarily speculative, 
but the opportunity to do so is irresistible. Consider the hypothetical situation in 
which a crack is propagating on a single cleavage plane, and assume that the shear 
stresses in front of such a crack cause a twin to occur directly in its path. Furthe 
assume (a) that parting by cleavage on the twin interface occurs when the ad 
vancing crack reaches and intersects the twin interface and (b) that the remainder 
of the crack continues to propagate (around either end of the twin) on the original 
leavage plane until all of the specimen, except that represented by the projected 
area under the twin, has parted on that original cleavage plane. At this point in 
time, the specimen will be completely separated except for the (vertical) material 
which connects the twin interface cleavage with the main cleavage plane on either 
end and on the downstream side of the twin. If, now, this connecting material 
parts by shearing, a dark “river” will be observed on the fracture surface cor 
esponding to this sheared region. This small local “river,” bounding the ends and 
the downstream side of the twin, will be more nearly perpendicular than parallel 
» the overall direction of crack propagation. The appearance predicted on the 
isis of these assumptions seems consistant with the pertinent features of the 
fracture surface in Fig. 30 

Analogous reasoning can be used to account for a similar, but exceedingly rare, 

ture having the appearance of a more or less isolated tent-like structure (or 


shaped “ditch”) surrounded by cleavage on essentially a single (100) type 
lane. This seems consistant with the supposition that cleavage has occurred on 
he interface of a pair of twins inclined to, and intersecting, one another. It is 
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conceivable that such a pair of twins could be formed as a consequence of the a; 
proach, toward one another, of two unconnected cracks on essentially the sam, 


cleavage plane. An alternate possibility is that the material on the downstrean 


side of a single twin is separated, not by shear as in the first example, but by t! 
formation of a second twin (inclined to the first) followed by parting along 
interface 
C. Crussard, Journal, Iron and Steel Institute, Vol. 185, 1957, p. 526 

S. Barrett, G. Ansel and R. F. Mehl, “Slip Twinning and Cleavage in Iron and 

Ferrite,” Transactions, American Society for Metals, Vol. 25, 1937, p Nz 

R. Low and R. W. Guard, ‘Dislocation Structure of Slip Bands in Ir 

éurgica, in press. 





PHASE RELATIONSHIPS IN THE Fe-Cr-Ni-N SYSTEM 
By G. F. Tistnar AND C. H. SAMANS 


Abstract 


The austentte-austenite plus ferrite limits in the tron- 
chromium-nickel-nitrogen system have been defined, in the 
range 21 to 33% chromium with up to about 1% mitrogen 
and 20% nickel, by a study of 82 alloys, 59 of which were 
prepared by powder metallurgy methods. These boundaries, 
at 2200 °F, are straight lines with an equivalence of 0.025% 
nitrogen for 1% nickel independent of chromium content, 
but as the chromium content is increased more nitrogen 
(and/or nickel) must be added to produce a completely 
austenitic alloy. Phase field boundaries, somewhat more 
complicated, also are given for 2000 °F. The effects of nom- 
inal carbon levels of 0.05 and 0.20% have been evaluated 
to alimited extent. Surface effects because of nitrogen diff u- 
sion were noted in temperature gradient bar studies which 
make this method unsatisfactory for use. Changes in the an- 
nealed microstructure during heat treatments at temper- 
atures down to 1300°F were followed metallographically 
and by x-ray studies of ferric chloride residues. As a result 
of nitride precipitation, both martensite and ferrite formed 
at the lower temperatures. Sigma phase was detected only 
in the 33% chromium alloys at temperatures below 1600 to 
1700°F depending on the carbon content. (ASM-SLA 
Classification: M24d; Fe, Cr, Ni, N 


A EARLY as 1926, Adcock (1)! observed that iron-chromium 


alloys dissolved slightly more nitrogen than plain carbon steels 


\bout ten years later, Krivobok (2) and Franks (3) reported that 
the presence of nitrogen in more than nominal amounts in high chro 
mium steels resulted in increased amounts of austenite following a 
juench from about 2000 °F. This effect was attributed by both men to 
the austenitizing power of nitrogen. In 1939, Colbeck and Garner (4), 
studied the effect of nitrogen in a number of high chromium steels and 
produced at 24% chromium alloy which was 60% austenitic. Recently, 
lisinai, Stanley and Samans (5) presented some studies of the phase 
relationships in iron-chromium-carbon-nitrogen alloys at 2200 °F 


howing the compositional range of the completely austenitic field for 


figures appearing in parentheses pertai ) the references appended to this paper 
Of the authors, G. F. Tisinai is Assistant Project Engineer and C. H. Samans 
\ssociate Director, Materials Division, Engineering Research Department, 
standard Oil Company, Whiting, Indiana. Manuscript received July 8, 1957. 
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alloys containing from 21 to 33% chromium with up to 1% each of 
; / I 


carbon and/or nitrogen. 

Since 1940, the emphasis on studies of the austenitizing power of 
nitrogen has been on iron-chromium-nickel alloys in which there was 
a partial substitution of nickel by nitrogen and/or manganese. Thes: 
studies have been concerned more with specific compositions than with 
the overall iron-chromium-nickel-nitrogen system. In one of the more 
extensive studies, Scherer, Riedrich and Kessner (6) prepared 44 
alloys containing between 19.23 and 25.38% chromium, between 1.2] 
and 13.17% nickel and between 0.13 and 0.27% nitrogen. Seven of 
the 44 alloys were fully austenitic in the solution annealed condition 
However, none of these seven had a nickel content less than 5.49%. 
Tofaute and Schottky (7) developed an alloy containing 23% chro- 
mium, 5%nickel, and 0.3% nitrogen which was virtually all austeniti 
Samarin, Yoskevich and Paisov (8) studied an all-austenitic 18% 
chromium, 5% nickel, 0.2% nitrogen alloy. Samarin (9) was inter 
ested in the 21% chromium, 12% nickel and the 25% chromium, 12° 
nickel type alloys with up to 0.25% nitrogen. All of the alloys studied 
by Svechnikov and Alferov (10) contained much less nickel and nitro 
gen than was needed to make them predominantly austenitic. Schaefer 
(11) was interested in nickel contents of 9 to 15%, nitrogen contents 
of 0.05 to 0.30% and chromium contents of 15 to 25%. Semenova 
(12) made small additions of nitrogen to welding rods to keep then 
fully austenitic. Roos (13) was concerned with the replacement of 3° 
nickel and with 0.15 to 0.20% nitrogen in Type 302 steel. Semkowi 
(14) claimed that 4% nickel may be replaced by 0.2% nitrogen i1 
18% chromium, 8% nickel type steels. Vogel (15) stated that hig! 
nitrogen tends to embrittle chromium-nickel steels at temperatures o! 
600 to 700°C (1110 to 1290°F). Schottky (16) demonstrated that 
nitrides could form by simple precipitation in a lamellar fashion in bot! 
20% chromium, 7% nickel and 25% chromium, 20% nickel steels 
which had high nitrogen contents. The observations of Rapatz (17 
and of Rudorff (18) were reviews of existing studies. 


Scope OF PRESENT WorK 


During attempts to correlate the results of these various studies, it 
became apparent that no reliable concept of the phase fields of the iron 
chromium-nickel-nitrogen system could be obtained from tie published 
data. The purposes of the current study, therefore, were: (a) to d 
termine the austenite-austenite plus ferrite boundaries of the irot 
chromium-nickel-nitrogen system, (b) to extend the study to com 
positions higher in chromium and lower in nickel than had been don: 
heretofore, and (c) to determine the physical metallurgy of alloys 0! 
this system at temperatures between 1300 and 2200 °F. 
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Pre 


lhe powder metallurgy technique developed for the study of the 


n-chromium-carbon-nitrogen svstem (5) was used to make iron 


DURES 


I.XPERIMENTAI 





romium-nickel-nitrogen specimens. About 30 grams of the desired 
roportions of chromium nitride (CreN ), chromium, nickel, and iron 
vders were mixed for a minimum of 16 hours, compressed into 
pellets at pressures above 80,000 psi, sintered in evacuated Vycor tubes 
t 2200 °F for 24 hours, water-quenched, and examined metallograph 
ally. Compositions ranged nominally between 21 and 33% chromium, 
between 1 and 20% nickel, and between 0.20 and 1.10% nitrogen. Most 
the pellets containing 21% chromium and some containing 24% 
hromium were partially martensitic when quenched from 2200 °F. 
evaluating the high temperature phase equilibria, the martensite 
und in quenched specimens was presumed to have been austenite at 
2200 °F. 
For the first 16 mixtures, both 0.5 gram—5/32-inch diameter and 
20 gram—11/16-inch diameter pellets were made. The microstructure 
btained in the two sintered pellets of each of the 16 mixtures was 
ndependent of the pellet size, indicating that the corresponding 0.5 
am and 20-gram pellets had virtually the same composition for any 
iven mixture. Nine of the 16 larger pellets were analyzed for chro 
ium, nickel, nitrogen, and carbon. These results are given in Table I 
d are plotted against the original weighed compositions in Fig. 1. 
The analyzed chromium and nickel contents were approximately those 
idded and the analyzed nitrogen content was 0.05% higher. All nine 
alloys contained between 0.08% and 0.13% carbon except for alloy 6 


vhich, for some unknown reason, contained 0.21%. The increase in 
nalyzed nitrogen content over the amount added as nitride probably 

is due both to the nitrogen inherently in the metal powders and to 
some seepage of nitrogen through the Vycor tubes and into the alloys 
during the sintering process. 

Because of the close correlation between these calculated and the 

lyzed values, all other alloy pellets used for this study were made 

ly in the 0.5-gram size and the calculated chromium, nickel and 
nitrogen contents were corrected in accordance with the differences 
found for alloys 1 through 9 (Fig. 1). Carbon was assumed to be 
nominally 0.10%. 

Subsequently, all of the 0.5 gram pellets were resealed in Vycot 
tubes, held at 2000 °F for 20 hours, water-quenched, and re-examined 
etallographically. The corrected compositions and the microstruc 
tures obtained after both the 2000 °F and the 2200 °F treatments for 
he 59 compositions studied as powder metallurgy specimens are given 
n Table I. 
\lloys 60 through 82, listed in Table II, were made in a high fre 
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Table I 
Compositions of Powder Metallurgy Pellets and Microstructural Constituents 
After Quenching From 2000 or 2200 °F 


Compositions* 
Per Cent of Elements 
Cr Ni 


ituents** 


2200 °F 


Microstructural Con 
2000 °F 


20.02 
23.30 
25.91 

27.42 
26.25 
28.89 
29.09 
31.78 
33.39 
21.00 
21.00 
21.00 
21.00 
21.00 
21.00 
21.00 
24.00 
24.00 
24.00 
24.00 
24.00 
24.00 
24.00 
24.00 
27.00 
27.00 
27.00 
27.00 
27.00 
27.00 
27.00 
27.00 
27.00 
27.09 
27.00 
30.00 
30.00 
30.00 
30.00 
30.00 
30.00 
30.00 
30.00 
30.00 
30.00 
30.00 
30.00 
33.00 
33.00 
33.00 
33.00 
33.00 
33.00 
33.00 
33.00 
33.00 
33.00 
33.00 
33.00 


i Dee i en 


=O td ta tt tet td 
NOU ew Ne 


*Compositions for samples 1 through 9 were obtained by analysis; the carbor 
0.08, 0.21, 0.09, 0.13, 0.09. C 


5.12 
6.86 
6.00 
6.24 
10.66 
7.60 
13.08 
8.90 
17.40 
1.25 
2.25 
3.00 
4.00 
6.00 


0.27 
0.37 
0.58 
0.64 
0.45 
0.73 
0.52 
0.88 
0.54 
0.38 


= — 
nSSSSSSSSSSS 


wh 

_ 
~ 

SS 


3.00 
4.00 
4.00 
4.00 
6.50 
7.50 
7.50 
8.50 
13.00 
20.00 
20.00 
5.00 
5.00 
5.80 
6.25 
7.00 
7.00 
7.00 
8.00 
8.00 
17.50 
20.00 
20.00 


alloys were respectively: 0.11, 0.12, 0.11 


ples 1 through 59 were 


recovery rates determined for samples 1 through 9 


** 4 — Austenite 
sl—slight 


F—Ferrite 
amt—amount 


0.11 


corrected from the original weighings 


some M) 


sl amt F 
P, sl amt F 
5% F 


a 
sl amt P 

tr F and P 
10% F, P 


A, 3°% 
A(mainly M), 20% F 
A(half M) 

A(half M) 

Athalf M), sl amt F 
A(half M), tr F 

A, tr F 

A 


err rrr>y 


- 


A 

A(tr M), 5% F 

A(tr M) 

A, sl amt F 
10% F 


tr F 


Pp 

$% F, P 
20% F 
P 

18% F 
15% F 
10% F 
10% F 
5% F 
tr F 


P, sl amt F 
, sl amts F and P 
5% F, tr P 
tr F and P 
tr P 
P 
15% F, min amt P 
min amt P 
min amt P 
a a 


S% 
slamt F 


o F. slamt P 
> 'p 
P 
. sl amt F 
or 7 
t 


. slamt F 
p 
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These 
(Fig. 1) 
Martensite 

trace 


M 
tr 


mainly M 
sl amt F 
sl amt F 
sl amt F 
5% F 


tr I 

tr F 

10% F 
mainly M 
mainly M 
half M) 
all M), 5% 
mainly M 
sl amt F 


tr M) 
tr M) 
tr M) 
S% F 
30% F 
S% F 
sl amt F 


20% 


sl amt I 
35% F 


18% |} 
40% F 
25% F 
20% F 
10% F 
tr F 


10% F 
tr F 


25% F 
30% F 
10% F 
10% F 
sl amt F 
sl amt F 


A 
A, 
A 
A 
\ 
\ 
A 
A 
4 
A 
A 
A 
A 
A 
A 
A 
A 
A 
A 
A 
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P—Probably CreN 
min—minute 


n contents of thes 
ompoesitions for sar 
corrections were based 


quency induction furnace as 10-pound heats. Carbon contents weré 
either nominal 0.05% (analyzing 0.04 to 0.07% ) or nominal 0.20' 
(analyzing 0.20 to 0.24%). The ingots were cast in sand molds ap 





3 inch by 3 inch. No special precautions were taken othe 
high nitrogen ferroch1 only after the basic 
ing iron, nickel, and some chromium was completely 


f the alloys had a considerable amount of internal 


all instances had a sound skin at least 14-inch thick 
1 0.05% carbon alloys, those alloys whose compositions 


iustenite plus ferrite boundaries had the 


nount of porosity. The addition of 0.20% carbon to the allovs 


degree of austenization and decreased the amount of 


] 


ts were forged to 5¢-inch and 1-inch square bars. During 
a few of the alloys cracked badly but most forged readily. 


nternal porosity was welded shut to a point where it could not be 
tected metallographically. It is likely that close control of the forging 


rature is required to obtain consistently good forgings but this 


not established firmly. Portions of all of the wrought alloys were 


t 2300 °F for 2 hours, furnace cooled to 2200 °F, held for 20 


Table Il 
Compositions of Wrought Samples 


( 

( t S P 
0.022 0.012 
0.029 0.028 
0.015 0.026 
0.028 0.010 
0.021 0.010 
0.023 0.008 
0.010 0.010 
0.015 0.012 
0.014 0.008 
0.012 0.018 
0.023 0.012 
0.012 0.010 
0.013 0.016 
0.009 0.009 
0.015 0.012 
0.010 0.008 
0.010 0.008 
0.016 0.008 
0.014 0.008 
0.010 0.010 
0.010 0.008 
0.012 0.014 
0.012 0.008 


Pi ‘ 


nee eel 
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hours, and then water-quenched. Samples of alloys 60 through 65 
(highest chromium content 22.30% ) were oxidized severely and were 
discarded. Samples of alloys 66 through 82 (lowest chromium content 
24.13% ) had only a minor surface scale. These were examined metallo 
graphically. Portions of all alloys except 72 and 73 were sealed in V ycor 
tubes and held at 2200 °F for 2 hours, water-quenched and examined 
metallographically. The microstructures were similar to those obtained 
after the 20-hour treatment. The structural constituents observed are 
given in Table IIT. 

The examination of the powder metallurgy specimens, Table I, indi 
cated that the iron-chromium-nickel-nitrogen alloys have optimum 
austenitizing (solution annealing) temperatures which are below 
2200 °F but above the temperatures at which nitride precipitation 
occurs. To determine if optimum austenitizing temperatures also ex- 
isted for the forged alloys, portions of all except 72 and 73 were swaged 
to 0.125 inch diameter rods. Individual 44-inch long samples of each 
then were sealed in separate evacuated V ycor tubes and held at 2300 °F 
(1 hour), 2200 °F (2 hours), 2100 °F (2 hours), 2000 °F (2 hours 
or 1900 °F (24 hours), water-quenched and examined metallograph 
ically. 

Earlier, attempts had been made to determine such possible optimum 
austenitizing temperatures. In those experiments 14 x 1 x 8-inch bars 
of alloys 60, 61, 62, 63, 64, 66, 67, 68, 69, 70, 71, 72 and 74 were sealed 
in Vycor tubes, treated in a gradient furnace at temperatures from 
1200 to 2300°F for 20 hours, water-quenched and then examined 
(longitudinal and transverse surfaces) metallographically. Although 
the desired information could not be obtained, the unusual results ap 
pear important enough to describe in the next portion of this paper. 

To determine the phase changes in solution annealed iron-chromium 
nickel-nitrogen alloys at elevated temperatures below optimum austen 
itizing temperatures, 44-inch long samples of the swaged alloys 64, 67, 
70, 81 and 82 (0.125-inch diameter rods) were sealed in evacuated 
Vycor tubes, and solution annealed at their respective austenitizing 
temperatures (2100 °F for alloys 64 and 67 ; 2200 °F for alloys 70, 81 
and 82). Samples of each alloy then were held at temperatures from 
1300 to 1800 °F, in 100 °F steps, for 100 hours, and water-quenched 
Individual samples of each alloy were sealed in Vycor tubes and held 
at temperatures of 1900, 2000, or 2100 °F for 24 hours and water 
quenched. All samples were cut in two and one portion was examined 
metallographically. The other portion was dissolved in an electrolyti 
(6 volts) 40% ferric chloride cell and the residues were examined | 


x-ray diffraction analysis. It has been the authors’ experience that thi 
electrolytic ferric chloride treatment will dissolve ferrite and austenite 
but not the sigma, nitride (CrN or Cr2N), carbide (CryC or Cr7C, 
or oxide phases. 
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1900°F (24 hr) 2000°F (2 hr) 2100°F (2 hr) 2200°F (2 hr) 2300°F 
A(some M), 25% F A(some M), 25% F A(some M), 25% F A(sl M), 40% F A(sl M) 
A(some M), 18% F A(some M), 15% F A(some M), 15% F A(sl M), 20% F A, 25% 
A(some M), 25% F A(some M), 30% F A(some M), 30% F A(sl M), 25% F A(sl M) 
A(gome M), 10% F A(some M), 15% F A(some M), 20% I A(sl M), 25% F A(sl M), 
A(s] M), P A, sl amt P A A A 

A, sl amt F A, sl amt F A, sl amt F A, 5% F A, 10% 
4. 35% F, P A, 35% F, P A, 30% F, sl amt P A, 25% F A, 25% 
F. 25% A, P F, 35% A, sl amt P F, 40% A A, 40% F A, 40% 
F, 25% A, P F, 45% A, sl amt P F, 50% A, tr P F, 50% A F, 50% 
F, 25% A, P A, 35% F, sl amt P A, 35% F A, 30% F A, 30% 
F, 40% A, P A, 35% F, sl amt P A, 15% I A, 10% F A, 10% 
A 45% F, P A, 40% F, P A, 38% F, P A, 30% F A, 28% 

A 
A, 35% F 

4A 50% F, sl amt P A, 45% F, tr P A, 40% F A, 40% F A, 50% 
F, tr A and P F, tr A and P F,35% A F, 35% A F, 35% 
F, P,trA A, 40% F, P A, 40% F, P A, 40% F, P A, 50% 
F,P,trA F, P, tr A A, 50% F, tr P A, 35% F A, 35% 
F, P,trA F, P, tr A F, 40% A, P A, 25% F, P A, 10% 
A, 50% F, tr P A, 40% F, tr P A, 50% F A, 50% F A, 50% 
4. 50% F, P A, 40% F, P A, 35% F, P A, 35% F, P A, 30% 
F, 40% A, P 4, 40% F, P A, 25% F, P A, 15% F A, 159 
A, 15% F. P A, 10% F, P A, 5% F, P A, P = A 
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Table Ill 
Microconstituents* observed after Austenitizing the Wrought Fe-Cr-Ni-N Alloys 
at Temperatures of 1900 to 2300°F 


Austenite 
errite 


Martensite 


jentified precipitate, probably CnC or CrzN 


slig 


nt 


EXPERIMENTAL RESULTS 


The compositions studied by powder metallurgy, alloys 1 through 59, 


4 


are located strategically over the range 21 to 33% chromium, with un 
£ ‘ £ / 


to 20% nickel and up to just over 1% nitrogen. Consequently, the 
metallographic observations can be used to determine the austenite 


austenite plus ferrite boundaries of the iron-chromium-nickel-nitrogen 


system within these compositional limits. These boundaries, shown in 
lig. 2, are virtually straight lines at 2200 °F and parallel each other 
at various chromium levels. Thus, the nitrogen : nickel austenite substi- 
tution ratio is about 0.025:1 and is independent of the chromium con 
tent in this range. 

One important feature of this diagram is that it indicates strongly 
that earlier phase determinations of the austenite-austenite plus ferrite 
boundaries of the iron-chromium-nickel system were affected appre- 
ciably by the presence of nitrogen. For example, the work of Schaf 
meister and Ergang (19), which was published in 1939 but still is 
videly quoted, located the austenite-austenite plus ferrite boundary of 

e iron-chromium-nickel system at 2200 ° I’. These locations have been 
marked on the appropriate abscissas of the diagram in Fig. 2. It is 
bvious that the two determinations are consistent if the alloys of 
Schafmeister and Ergang contained definite amounts of nitrogen and 
f these amounts of nitrogen increased with increasing chromium con 
tent. In addition the nitrogen-containing alloys previously described 
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diagram. 


As shown in Fig. 3, the data available also permit reasonable de 
lineation of the austenite plus ferrite limits for these alloys after they 
were held at 2000 °F. For alloys containing 21 and 24% chromium 
this boundary appears to be curved at the very low nickel levels. At 


moderately low nickel contents, somewhat 


Phase Relationships for the Quaternary System Fe-Cr-Ni-N at 2 
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4 Fully Austenitic 


Structures 

o - Two-Phase, Austenitic- 
Precipitate (Probably 
Nitride), Structures 

# - Two-Phase, Austenitic 
Ferritic, Structures 
Three-Phase, Austenitic 
Ferritic-Precipitate, 
Structures 


e Quaternary System Fe-Cr-Ni-N at 2000 °! 


roduce a completely austenitic alloy at 2000°F than was true at 


2200 


| P 


For alloys containing 


27 


or 30% chromium a completely 


ustenitic alloy, that is, with no ferrite or precipitated nitrides or car 


ides, was only secured at the 20% nickel level. At lower nickel levels, 
lloys with more than about 0.5% nitrogen contained some precipitated 





598 TRANSACTIONS OF THE ASM 


particles, most probably nitrides, with increased amounts of ferrite. 
In the 33% chromium alloys, precipitation (probably nitrides) in for- 
merly (at 2200 °F) austenitic structures occurred at all nickel levels 
including 20%. Thus, in those pellets where the precipitation of nitrides 
was pronounced, the matrix tended to contain more ferrite than when 
the specimen was quenched from 2200 °F. When the nitride precipita- 
tion either did not occur or was slight, the matrix tended to contain 
less ferrite than when quenched from 2200 °F. These observations sug 
gest that there is an optimum temperature for austenitizing alloys of 
the iron-chromium-nickel-nitrogen system, that is, a heat treating tem 
perature for producing the maximum amount of austenite. Above this 
temperature, the matrix tends to form delta ferrite. Below this tem- 
perature, nitride precipitation depletes the matrix in nitrogen and the 
matrix becomes more ferritic. Of course, nitride (or carbide) precipi- 
tation also impoverishes the matrix in chromium, a ferrite former, but, 
apparently, the loss of the austenite-forming nitrogen has a greater 
effect on the microstructure of the matrix than the loss of the ferrite 
forming chromium. 

All of the wrought alloys which contained, nominally, 0.05% carbon, 
showed some ferrite in their microstructure after being quenched from 
2200 °F. By referring to Fig. 2, this amount of ferrite was found to 
correspond approximately to the amount that would be predicted. A! 
loys 64, 72 and 82 which contained, nominally, 0.20% carbon had no 
residual ferrite. 

The microstructures of the individual 0.05% nominal carbon samples 
of the wrought alloys, which were held at temperatures from 1900 to 
2300 °F and water-quenched, indicate that optimum temperatures exist 
at which the alloys can be austenitized to the greatest degree. In some 
instances these temperatures are below 2200 °F. The data (except for 
alloys 72 and 73 which were not run at all temperatures) are given 
in detail in Table III. 

In the earlier unsuccessful attempt to obtain the optimum austenitiz 
ing temperature in a gradient furnace, it was noted that the nitrogen 
diffused along the surface regions of the bars from the zone at approxi- 
mately 2200 to 2300 °F to the zone at approximately 2000 to 2200 °F 
in all of the nominally 0.05% carbon alloys and in those 0.20% carbon 
alloys which had residual ferrite at 2200 °°. This diffusion caused the 
surface regions of the bars in the 2200 to 2300 °F zones to become more 
ferritic and the surface regions of the bars in the 2000 to 2200 °F zones 
to become more austenitic (Fig. 4). In a similarly treated 44 x 4x8 
inch bar of alloy 63, portions were removed from various temperatur: 
zones and analyzed for nitrogen, carbon, chromium, and nickel. The 
basic alloy contained 0.280% nitrogen. The 2280 to 2300 °F zone ana 
lyzed 0.249% nitrogen, the 2235 to 2280 °F zone 0.268% nitrogen, the 


2185 to 2235°F zone 0.276% nitrogen, the 2125 to 2185 °F zon 
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Fig. 4—Transverse Sections of Bar of Alloy ¢ After Heat Treating 20 Hours ir 
i Gradient F (Left) Section treated at 2300 °F showing how nitrogen depletion 
1 the surface regions by diffusion has made the structure more ferritic than the core 
Right) Section treated at 2050 °F which has become more austenitic near the surface 


than at the core because of nitrogen diffusion. Etched with glyceregia. xX 75 
















298% nitrogen, the 2030 to 2125 °F zone 0.319% nitrogen and th« 
1935 to 2030 °F zone 0.322% nitrogen. These changes in nitrogen con 






tent probably were less than the actual changes at the surface since 
the core of the samples, which appeared to remain relatively unaffected, 


ilso were included in the samples analyzed. Analyses for chromium, 






nickel and carbon were reasonably constant in all samples. 






Wrought alloys (excepting 72 and 73) which had been treated at 





he optimum austenitizing temperatures were held at temperatures 
between 1300 and 2200 °F. Pronounced changes in their solution an- 





ealed microstructures were noted as a result of carbide and nitride 






precipitation. The constituents observed in five of the alloys are given 





n Table 1V and typical microstructures are shown in Fig. 5 (alloy 64), 






ig. 6 (alloys 70 and 67) and Fig. 7 (alloys 81 and 82). 
At 2100 °F the structure of alloy 64 is completely austenitic, but some 
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Table IV 
Phases# Present in Five Typical Alloys After Optimum Austenitizing Heat Treatments 
Followed by Further Heat Treatments at Temperatures Ranging from 2200 to 1300°F 


Tempera- 

ture °F Alloy 64 Alloy 67 Alloy 70 Alloy 81 
2200 P as Fe A, 15% F** 
2100 A*™* , 40% A* A, oF 7, N 
2000 A, sl amt C F, 35% A, sl amt P A, 35% F, sl amt N 
1900 A(sl M), mod. C , 25% A, N F, A,C, N 
1800 A(mod. M), C J Y » So ae 
1700 A(mainly M), C, N A 7 A,! an A, C, N 
1600 A(all M), C, N °, 7 A! *, 30% A.C, N 
1500 A(all M), C, N - , 35% A.C. N 
1400 A(all M), C, N ? 50% A, C, N 
1300 A(tr M), mod. C 4 oA.tr N_ A, F, slamt C, N 


PPP PP Pr >> 





4#A—Austenite. 

F —Ferrite. 

F*—Ferrite which has transformed to sigma. 

M— Martensite. 

P—Unidentified precipitate, probably CnC or CriN. 

N—Precipitate identified as being mainly nitride by x-rays 
C—Precipitate identified as being mainly carbide by x-rays. 

C, N—Precipitate identified as being mainly carbide and nitride by x-rays 
sl amt—slight amount 


tr—trace. 
**All samples had been heat treated at this temperature prior to being heat treated at any of the lower temper 


carbides have precipitated at 2000 °F, and more at 1900 and 1800 °F 
At 1900 °F it also was noted that the austenite near grain boundaries 
started to transform to martensite, presumably during the quench 
Starting with heat treatment at 1700 °F the precipitate increased in 
amounts and became quite acicular in nature. X-ray diffraction ex 
amination of the residue from similar samples showed the presence o! 
increased amounts of nitrides in addition to the carbides. These nitrides 
probably precipitate in accordance with C-curve kinetics since they did 
not occur in any amount in the specimen quenched from 24 hours at 
1300°F. This specimen consisted only of austenite and a small 
amount of carbide. The amount of martensite increased for samples 
treated at temperatures down to 1400 °F but very little was found afte: 
a quench from 1300 °F. This suggests that depletion of the alloy ir 
chromium because of precipitation of carbides and nitrides was the 
main factor involved in temperatures down to 1400 °F, but at 1300 °F 
a eutectoid type decomposition occurred which, of course, had littl 
effect on the untransformed matrix. 

Alloys 67 and 70 (Fig. 6) both contain about 28% chromium, 3° 
nickel, but since alloy 70 contains almost twice the nitrogen and twic: 
the carbon content of alloy 67, it is more austenitic. In both alloys, th 
amount of precipitation increased as the temperature of heat treatment 
was decreased. In alloy 67 this precipitate appears to be largely nitrid: 
(from x-ray) in the form of discrete particles. Again only a slight 
amount of precipitate can be found after the 1300 °F heat treatment 
In alloy 70 the amount of precipitation is much greater, as would 
be expected, with x-ray evidence of both nitrides and carbides (minor 
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Alloy 64 
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Fig. 5—Microstructure of Alloy 64 (21.4% 
0.24% Carbon) After Heat 
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Alloy 70 Alloy 67 | 























aa 


1300°F 


Fig. 6—Microstructure of Alloys 70 (28.6% Chromium, 4.7% Nickel, 0.32% Nitrogen, 
0.22% Carbon) and 67 (28.2% Chromium, 3.0% Nickel, 0.34% Nitrogen, 0.07% Carbon) 
After Heat Treatment at Several Temperatures in the Range 2100 °F to 1300 °F 
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Fig. 7—Microstructure of Alloys 81 (34.10% Chromium 8% Nickel, 0.92% Nitrogen, 


:06% Carbon) and 82 (34.15% Chromium, 8.38% ickel, 0.87% Nitrogen, 0.24% 
Carbon) After Heat Treatment at Several Temperatures in the Range 2200 °F to 1300 °F. 
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However, there is noticeably less precipitate after the 1300 °F heat 
treatment than after the 1500°F (or 1400°F) heat treatment. |i 
should be noted that no sigma phase was detected in any of these thre: 
alloys. Presumably the nitride and carbide precipitation depletes th: 
constituents in chromium to such an extent that sigma cannot form, at 
least in the time available. 

Both alloys 81 and 82 (Fig. 7) contain about 34% chromium, 8: 
nickel, and 0.9% nitrogen but alloy 81 contains 0.06% and alloy 82 
contains 0.24% carbon. The microstructures after the 2200 °F austen 
itizing treatment show clearly that the effect of 0.9% nitrogen plus 
0.06% carbon contents is not quite enough to form a completely austen 
itic structure at 2200 °F with this nickel content. The addition of the 
higher carbon, however, produced the austenitic structure but als: 
formed some excess carbides. At lower heat treating temperatures, 
nitride precipitates in alloy 81 and nitride plus carbide precipitates in 
alloy 82. In both alloys, the amount of ferrite increases appreciably 
Sigma phase was formed (detected by x-rays) during the 1600 °! 
heat treatment for alloy 81 and during the 1700 °F heat treatment fo: 
alloy 82. The same structure was obtained during heat treatments at 
1500 and 1400 °F. However, after the 1300 °F heat treatment ther 
again was evidence of a decreased rate of reaction. In alloy 82, in par 
ticular, only carbide could be detected by x-ray diffraction study of 
the extraction residue, and the microstructure clearly shows some 
austenite grains with only a grain boundary precipitate. 

This precipitation of nitrides upsets the compositional balance of the 
matrix, resulting in the formation of ferrite. Unlike austenitic alloys 
of the iron-chromium-carbon-nitrogen system, these nickel-containing 
alloys retain some austenite even at the lower temperatures. This, oi! 
course, can be explained by the fact that both the austenite-forming 
elements, viz., carbon and nitrogen, are rejected from the iron- 
chromium solid solution at the lower temperatures in the carbon 
nitrogen system, but only one of the two austenitizing elements, viz., 
nitrogen, is rejected from the iron-chromium solid solution in the 
nickel-nitrogen system. 


SUMMARY AND CONCLUSIONS 


1. Specimens made by powder metallurgy have been satisfactory for 
studying phase equilibria at high temperatures in the range 21 to 33% 
chromium with up to 1% nitrogen and up to 20% nickel in the iron 
chromium-nickel-nitrogen system. Recovery of chromium and nickel is 
good, about 0.05% more nitrogen is recovered than was added. 

2. At 2200 °F the austenite-austenite plus ferrite boundary is a flat 
plane running, for nickel-free alloys, from about 0.40% nitrogen at th 
21% chromium level, through about 0.80% nitrogen at the 27% chro 
mium level, and through about 1.15% nitrogen at the 33% chromium 
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vel, At all these chromium levels nickel can be substituted for nitro 
en in the ratio of 1% nickel for each 0.025% nitrogen. 

3. At 2000 °F there is a clear-cut separation between the austenite 
nd austenite plus ferrite fields only at the 21 and 24% chromium 
levels. At higher chromium levels nitride precipitates tend to form 


unless the nickel content is high. 


+. For each composition there appears to be an optimum austenitiz 


ing temperature, that is, a solution annealing temperature at which the 
maximum amount of austenite will be produced. Heat treating at tem 
peratures above the optimum tends to form delta ferrite ; heat treating 
it lower temperatures tends to precipitate nitrides and thus to increase 
ferrite content because of an impoverished nitrogen content. 

5. The microstructures of solution annealed iron-chromium alloys 
containing nickel and nitrogen change considerably, because of nitride 
precipitation, at temperatures below the optimum austenitizing tem 
peratures. Depending upon the degree of nitride precipitation and the 
original composition, considerable amounts of martensite or ferrite may 
form. However, since the matrixes of the alloys do not become sig 
nificantly depleted in nickel by this precipitation they always retain 
some austenite in their structure even after extensive precipitation of 
nitrides (and carbides). This is in direct contrast to similar alloys 
containing only carbon and nitrogen where the matrix decomposes 
completely to ferrite. 

6. Sigma phase was found, after nitride precipitation, only in the 
alloys containing, nominally, 33% chromium. This indicates that, in 
alloys containing 30% or less chromium, nitride (and carbide) pre 
cipitation reduced the effective chromium content (in the matrix) to a 
level at which sigma formation occurred only very slowly if at all. 
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DISCUSSION 


Written Discussion: By E. C. Rudolphy, chief development metallurgist 
United States Steel Corporation, Chicago. 

It is a pleasure to have the opportunity to discuss the fine work of Tisinai and 
Samans who have made significant contributions to the knowledge of the comple» 
Fe-Cr-C-N and Fe-Cr-Ni-N systems. Certainly, with the current emphasis upor 
high temperature alloys and various alloy systems containing nitrogen as a 
principle constituent, their work has been extremely valuable. 

At South Works for the past five years, considerable time and effort has bee: 
expended in the development of alloys in the Fe-Cr-Ni-Mn-N system with the 
presentation of the USS TENELON—nickel free austenitic stainless steels as th: 
principle result to date. In the course of this work, we have naturally encountered 
some unusual results, some of which appear to be parallel to items discussed by 
the authors. It should be remembered throughout the following remarks that ou 
work was conducted entirely in systems containing manganese, the main effect 
of which is to increase the solubility of nitrogen. The range of chemical comp: 
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ns covered in our studies was 15-21% chromium, 0-3% nickel, 12-18% 
nganese and 0.25-0.45% nitrogen. My remarks at this time will be concerned 
ily with the nickel-free alloys. 
Initially a few parallels in results may be pointed out. The authors have noted 
a 0.025:1 nitrogen to nickel substitution ratio. We have noted, in the composition 
range cited above, a substitution ratio of 0.05:1. It was further noted that a 0.05% 
crease in nitrogen content will allow a 0.60% increase in chromium content 
vithout loss of austenite stability. The effect of temperature (2100-2300 °F) in 
this system is to shift the austenite-austenite plus ferrite boundary to lower 
hromium contents, e.g. 0.25% lower chromium for each 100 °F increase in tem 
perature 
\ point of particular interest was the authors’ discussion of the diffusion of 
nitrogen along the surface regions of bars heated in a gradient furnace. In this 
portion of their work it was concluded that nitrogen diffused along the surface 
f the bar from the high temperature (2200-2300 °F) zone of the bar, to the suc- 
essively lower temperature zones (2150-2100 °F, etc.), 


the highest nitrogen 
ntent being found in the 1950—2050 °F zon 


As stated, the authors attributed 
his phenomenon to surface diffusion. We suggest that the following explana 

n of nitrogen transfer could be used. 

\t 2300 °F the initial nitrogen content of the two phase structure, austenite- 
ferrite, exceeded the nitrogen solubility of this structure in equilibrium with the 
nitrogen pressure of the atmosphere within the tubes. Nitrogen was therefore 
lost to the atmosphere from the surface of the bar 

\t the lower temperature end of the bar, the nitrogen content with lesser 
amounts of ferrite in the structure was less than that in equilibrium with th¢ 
nitrogen pressure of the atmosphere in the tubes. Nitrogen was therefore ab 
sorbed from the atmosphere. Thus the transfer of nitrogen would occur through 
he atmosphere rather than by the process of surface diffusion. The combinatiotr 
f atmosphere transfer and surface diffusion could also be considered. 

Results similar to those of the authors have been noted in heat treating 
Cr-Mn-N steels. Upon heating these steels, (0.10% max. carbon, 14.00-14.50% 
manganese, 17.25-17.50 Cr and 0.30-0.45% N) to 2250 °F in air with subsequent 
water quenching, it was noted that the nitrogen content at the surface of the 
specimen increased from 0.10-0.15% while at the core of the specimen the nitro 
gen content was unchanged. The 0.30% N specimen even exhibited a com 
letely austenitic case 0.02-0.04 inches thick while the specimen as a whole had 
i ferrite content of 5-6% as measured by a Magne-gage. The core consisted of 
ustenite plus ferrite as noted in the specimen prior to heating. Loss of nitrogen 

s also been noted, to the extent of the formation of a thin case of ferrite on the 
surface of similar specimens heated in a dynamic vacuum. These results and others 
rom tests conducted at higher and lower temperatures emphasize the close re 
itionship between the nitrogen solubility of the structure and the partial pressure 
f nitrogen in atmosphere of the system and tend to bear credence to the transfer 
f nitrogen through atmosphere rather than through surface diffusion. 


It has been a pleasure to discuss the authors latest contribution to the litera 


re and we look forward to their future presentation 


Authors’ Reply 
MM, 


Mr. Rudolphy’s suggestion that the nitrogen diffusion noted in our samples 


hich were held in a temperature gradient could occur through the atmosphere 
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above the samples is quite sound. We have observed that both the AISI Typx 
and the high chromium 400 series stainless steels can absorb appreciable amo 
of nitrogen from air at elevated temperatures. In fact, a 1% inch thick sectioy 
27% chromium steel can absorb sufficient nitrogen from a pure nitrogen atn 
phere within a few hundred hours at 2200 °F to become completely austeniti 
Conversely, steels containing such high amounts of nitrogen can lose the maj 
part of their nitrogen at temperatures as low as 2100 °F when held in a flow 
helium stream. Nevertheless, in our temperature gradient study we do not 


lieve that atmosphere transport was the vehicle of nitrogen diffusion becaus 
a feature which, unfortunately, was not emphasized in the paper. This featu 
was the rapid collapse, within one hour, of the Vycor around the sample 

it was heated in the 2100-2300 °F range, thus obliterating the space between t 
sample and the Vycor. In fact, the interface between the steel and Vycor 
subject to a slight fluxing indicating that this junction was quite tight. Thus 
any nitrogen had been liberated from the surface before the collapse of 


Vycor, it would have had only a relatively short time to effect the diffus 
described. 

It is interesting to note that, to maintain an austenitic structure, less nitroge: 
is needed to substitute for nickel in the Fe-Cr-Ni-N system than is needed t 
substitute for nickel in the Fe-Cr-Ni-Mn-N system. Also, Mr. Rudolphy’s cor 
ment that the austenite-austenite plus ferrite boundary in the Fe-Cr-Mn-N sys 
tem shifts to lower chromium contents as the temperature is increased is 
accord with our observation that more delta ferrite tends to form in austeniti 
Fe-Cr-Ni-N alloys as the temperature is increased. 





LOW TEMPERATURE EMBRITTLEMENT OF 
AUSTENITIC Cr-Mn-N-Fe ALLOYS 


By F. W. SCHALLER AND V. F. ZAcKA\ 


ex piained 


id 


irtensite as the emb 


an anomalous 


LE cree THE COURSE of some low temperature rolling ex 
periments, cracking of austenitic, Cr-Mn-N-Fe alloys was en 
untered. Impact testing demonstrated that a ductile-to-brittle trans: 
existed (see Fig. | \lso, the specimens fractured at low 
peratures were ferromagnetic, indicating the formation of martens 


by deformation 
‘his investigation was concerned with the influence of strain rate, 
est temperature, and interstitial content on the magnitude of this 
usual embrittlement. 
It is generally accepted that face-centered cubic materials are ductile 
sub-zero temperatures. The notable exceptions to this rule are the 
ladfield manganese steels. Also Tisinai and Samans (1),! 1n their 
udy of high interstitial, austenitic Fe - allovs, discovered a ductile 
mpact transition near room temperature. No evidence 
formation was found 
2) has shown that the reduction in area of a 12% Mn, 
, decreases from 40‘ it room temperature to 4% at 
196 °¢ 321 °F). The k f ductility with decreasing temper 
ure occurs gradually rather than d 1ously as in ferritic alloys 
ray diffraction work did not r¢ il the presence of martens 
did not discount tl ssibility of its existence in quat 
» sensitivity of that techniqu rain-induced martensite 


in manganese of lower carbon content (3,4 


ntion of the Society, held ir 

F. W. Schaller is Research 

of Tec hnology, Cleveland 

\ etallurgy Section, Metallurgy 
Michigan. Manuscript received 





610 TRANSACTIONS OF THE ASM Vol. 51 


Recently, Buhr, Gertsman, and Reekie (5) have demonstrated the 
formation of a ferromagnetic phase during the room temperature impact 
loading of a Hadfield steel. This phase, present in quantities less than 
a few hundredths of a percent, is believed to be strain-induced martens 
ite, tempered by heat developed during deformation. Metallographi: 
evidence of the concentration of the magnetic phase at slip planes and 
grain boundaries was given. It is conceivable that the presence of this 
phase at the afore-mentioned locations could lead to embrittlement at 
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-200 -150 - 100 -50 0 
Temperature °C 
Fig. 1—Impact Strength (Charpy-Keyhole Specimen) as a Function 


of Temperature for a Cr-Mn-N Austenitic Steel (Composition Given 
in Fig.). 


low temperatures at which the martensite itself has negligible ductility 

The behavior of the strain-induced transformation of metastable aus 
tenite has been studied extensively in the 18-8 type alloys (6-10). The 
amount of martensite produced is highly dependent upon the composi- 
tion of the austenite (9). Carbon, a potent austenite stabilizing element, 
greatly inhibits the transformation (7). 

The formation of martensite during tensile testing has been correlated 
with the stress-strain relationship (10-12). The transformation of the 
austenite leads to increased work hardening and lower ductility. Ac 
cordingly, the formation of martensite has been considered as a mode 
of deformation competing with the slip process (13,14). At low tem 
peratures where the resistance to slip has increased and the activation 
energy for the transformation has decreased, martensite formation is 
the principal mode of deformation (13). 

Powell et al. (10) have shown that the amount of martensite first 
increases and then decreases with increasing strain rate. Form and 
Baldwin (15) determined the ductility of some austenitic, Ni-Cr steels 
as a function of temperature and strain rate. They have shown that at 
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constant test temperature the extent of the transformation was directly 
related to the amount of deformation at all strain rates. With increasing 
strain rate the ductility at first decreased and then increased slightly. 
[his embrittlement could not be attributed to the y—a transformation. 

Although fewer investigators have examined the strain-induced 
transformation in high manganese steels, the same general behavior 
has been observed (4). 

Probably the substitution of nitrogen for carbon will not affect the 
general behavior of the transformation. It has been shown that nitro- 
gen, like carbon, stabilizes the austenite at high temperatures and per 
mits the retention of the face-centered cubic structure at room temper- 
ature (16,17,18). Jack has shown that carbon- and nitrogen-austenite 
are isomorphous as are also the martensitically produced a-phases (19). 


EXPERIMENTAL METHODS 


The alloys used in this investigation were prepared by the methods 
of Zackay, Carlson, and Jackson (20). Their vacuum-, pressure-casting 
technique consists of (a) melting iron and chromium in vacuo, (b) in 
troducing a nitrogen atmosphere (28 psia.), (c) adding manganese and 
manganese nitride, and (d) casting in the nitrogen atmosphere. 
Helium, under one atmosphere pressure, was substituted for the nitro- 
gen during the preparation of the low nitrogen alloys. The composi- 
tions of the alloys are listed in Table I. The compositions are nearly 
constant (the exceptions are D-6 and D-7) with interstitial content the 
primary variable. Alloy D-6 has a slightly higher chromium content. 
\lloy D-7 was used only to illustrate the typical brittle impact failure 
of Cr-Mn-N alloys and was not considered in any of the experimental 
or theoretical correlations. 


Table I 
Alloy Composition 
Designation Cr Mn ( N Totai Interstitial 
D-1 14.20 14.38 0.027 0.058 * 0.085 
D-2 14.13 14.49 0.029 0.091 * 0.120 
D-3 14.20 14.54 0.028 0.13 0.16 
D-4 14.32 14.16 0.023 0.29 0.31 
D-5 14.24 14.49 0.028 0.36 0.39 
D-6 16.44 14.53 0.025 0.49 0.53 
D.7 ** 15.00 10.50 0.070 0.50 0.57 


*Helium was substituted for the nitrogen in the preparation of these alloys. 
* Alloy D-7 was not used in any of the experimental or theoretical correlations. 


The ingots were hot-worked into 34-inch diameter rods. The rods 
were solution treated at 1093 °C (2000 °F) for 25 minutes and water- 
juenched. With this heat treatment all the alloys were completely 
\ustenitic with the exception of two with low interstitial content. These 
loys, D-1 and D-2, contained 9.3% and 1.2% martensite, respectively. 
Cooling to —196 °C (—321 °F) produced no change in the martensite 
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Table II 
Specimen Coolants 

Temperature Specimen Bath 
196°C (—321°F) liquid nitrogen 
—160°C (—256°F) isopentane + liquid nitrogen 
—78°C ( — 108° F) dry ice+acetone 

—21°C (-—6°F) NaCl+ice 

0°C (32°F) ice 
23°C (73°F) water 


100°C (212°F) boiling water 


content of alloys D-2 through D-6. Alloy D-1 contained 19.8% mai 
tensite after a liquid nitrogen treatment. From the solution-treated 
material ASTM '-inch diameter tensile specimens were machined. 

Constant crosshead speed tensile tests were conducted on an Instro1 
machine. The crosshead speeds investigated varied from 0.002 1 
12,000 * inches per minute. Tensile tests were conducted at temper 
atures ranging from —196 °C (—321 °F) to 100°C (212°F). Du 
ing testing, the specimen and fixture were anesthe i with a Dew: u1 
flask containing an appropriate medium. The various coolants used a 
listed in Table II. Reduction in area was used as the ductility pa 
rameter. 

The amount of a ferromagnetic phase in a paramagnetic matrix such 
as austenite is proportional to the saturation magnetization (21). Ordi 
narily, the saturation value (oor) is obtained by extrapolating the 
magnetization curve to zero field (22). Hoselitz (22) states that at 
temperatures well below the Curie point oo,7 (zero field) is nearly 
equal to ooo,r (high field). Thus, a good approximation of the amount 
of ferromagnetic constituent can be obtained by a single measurement 
in a strong magnetic field. The percent of ferromagnetic phase (in this 
case martensite) is obtained from the following relationship: 


Percent Martensite = (0, + a)/o« X 100 Equation 1 


where o, + a and og are the saturation values of the duplex structur: 
and 100% martensite, respectively. The magnetic circuit consisted ¢ 
a search coil connected to a flux meter. The magnetic field was pro 
duced by a 5000 gauss permanent magnet. The determinations of th 
saturation magnetization were made on samples cut from the ends of 
broken tensile specimens. Each of the two tips were measured sepa 
rately and the reading added. The measurements were made by insert 
ing the specimen in a plastic tube and placing this assembly betwee: 
the poles of the magnet with the specimen’s tensile axis perpendicular 
to the pole faces (see Fig. 2). The search coil was placed over the 
specimen and then flipped to a symmetrical position on the opposite 
side of the gap. The net reading of the flux meter is proportional t 
the saturation intensity. The intensities thus obtained were normalize 


*The tests at 12,000 inches per minute were made on an impact machine by rapidly removing 
the specimen from the coolant and then testing. 
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Fig. 2—Arrangement of Specimen and Apparatus for Mag 
netic Determinations 
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by dividing by the combined weight of the specimen ends. The normal 
ized values were converted to weight-percentage of martensite by Equa 
tion 1. 

The saturation value for 100% martensite was calculated from the 
flux meter reading produced by pure iron and assuming a linear de 
crease with solute addition. The data of Stanley (21) and Hoselitz (22) 
show that this is a very good approximation especially since the rate 
of decrease of oo, is nearly the same for both chromium and manganese 
ulditions.* The change in interstitial content was neglected in this 
calculation. 


Above 7% manganese the change in saturatior tensity with concentration is no longer 
near. However, this is due to stabilization of the austenite. Thus, the nonlinearity is caused 
the formation of less ferrite rather than an abrupt change in the effect of Mn on @o,T. 
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Fig. 4—Ductility and Martensite Content of Alloy D-2 Strair 
0.002 inch per minute at Various Temperatures. 
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Ductility and Martensite Content of Alloy D-3 Strai 
0.002 inch per minute at Various Temperatures. 


RESULTS AND DISCUSSION 


The ductility of alloys D-1 through D-6 as a function of temperatur: 
is shown in Figs. 3-8, respectively. Alloy D-1, having the lowest inter 
stitial content (0.058% nitrogen), is ductile at all temperatures. T! 
martensite content of this alloy increases rapidly with decreasing tet 

id : 


perature. The effect of increasing interstitial content is two-f yn 
the initial martensite formation shifts to lower temperatures ; and tw 
the ductile-to-brittle transition temperature increases. The former 


not unexpected since austenite stability is directly related to interstit 
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Ductility and Martensite Content of Alloy D-4 Strained 
0.002 inch per minute at Various Temperatures. 
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Fig. 7—Ductility and Martensite Content of Alloy D-5 Strained 
0.002 inch per minute at Various Temperatures. 


content. With respect to the second effect, however, the transition 
temperature dependence on interstitial content is somewhat surprising. 
The rapid drop-off of ductility for this particular series of alloys and 
strain rate appears to be quite sensitive to interstitial contents above 
0.10%. For these alloys the transition temperature is uncomfortably 


close t 


to room temperature ; for example, alloy D-5 (0.36% nitrogen), 
ig. 7. It is interesting to note that the ductility-temperature curve of 
alloy D-6, Fig. 8, is identical in shape to that of the Hadfield steel 
studied by Doepken. Also, this alloy, while possessing the lowest duc- 


tility at low, temperatures, yielded the least amount of martensite. 
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Fig. 8—Ductility and Martensite Content of Alloy D-6 Strained 
0.002 inch per minute at Various Temperatures 
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Fig. 9—Relationship between Ductility, 


Martensite Content, and Interstitial Content 
at a Strain Rate of 0.002 inch per minute 


The martensite-temperature relationship passes through a maximum 
in the higher interstitial alloys. This is as expected for it is known that 
the extent of the y—a transformation is dependent upon both test tem 
perature and the amount of deformation. Thus, as test temperature is 
decreased, the amount of martensite increases. At very low temper 
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Relationship between Martensite and Deformation at 
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Ductility of Alloy D-1 


of Cr 


at Various Temperatures as a Function 
Crosshead Speed 
atures where the ductility is low, the extent of transformation is small 
ven though the 


amount of martensite formed per unit of deformation 
is higher ; hence, a maximum occurs. 


( 


The combined effects of temperature and interstitial content on the 
uctility and martensite content (at a strain rate of 0.002 inch per min 
ute ) 


are summarized in Fig. 9. The upper graph reveals that the 
umount of strain-induced martensite decreases rapidly with increasing 
interstitial content even at room temperature, where the ductility is 
constant for all interstitial levels. Thus nitrogen stabilizes austenite 
in a manner similar to carbon. 
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Fig. 12—Ductility of Alloy D-2 as a Function of Crosshead Speed at 
Various Temperatures. 
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Fig. 13—-Ductility of Alloy D-3 as a Function of Crosshead Speed 
at Various Temperatures. 


The data presented in the lower graph of Fig. 9 indicates that at 

196°C (—321 °F) the ductility decreases rapidly with increasing 
interstitial content. The ductility, although low, does not decrease t 
zero within the range of nitrogen contents studied. Thus strain-induced 
martensite is always present prior to fracture. The martensite content 
is very low in the high nitrogen alloys. Since the ductility of martensit 
decreases with increasing interstitial content, less would be required 
for embrittlement of the high nitrogen alloys. The presence of a brittle 


oh Restle AF is L4\ rn 
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in these alloys. 
through a minimum. This is consistent with the assumption of marten- 


is formed, but it is quite ductile. At intermediate interstitial concentra 
tions, less martensite is formed, but its ductility is sufficiently low to 


is very brittle, the amount formed is not sufficient to lower the ductility 
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Fig. 14—Ductility of Alloy D-4 as a Function of Crosshead Speed 
at Various Temperatures 
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at Various Temperatures 
strain-induced martensite appears to be prerequisite for low ductility 
\t intermediate temperatures the ductility-interstitial curves pass 


site as the embrittling agent. At low nitrogen contents much martensite 


use embrittlement. While at high nitrogen content, the martensite 


is much as at the intermediate level. The results of alloy D-6 (0.49% 
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nitrogen ) indicate that the ductility and the amounts of the martensite 
are not the only factors which must be considered. 

At —78°C (—108 °F), alloy D-6 is quite ductile, but forms ; 
proximately 59 
veals that at —196°C (—321 °F) the ductility of alloy D-6 (0.49% 
nitrogen) is very low even though the amount of brittle martensite 
formed is less than 1%. Further, martensitic steels of this interstitial 
content have transition temperatures above 
Therefore, in addition to the factors of ductility and amount of trans 
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of the brittle phase. Inspection of Figs. 9 and 10 re 
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Ductility of Alloy D-6 as a Function of Crosshead Speed 
at Various Temperatures. 


formation product, there appears to be a dependence on the slip pro 
esses of the austenite containing the brittle martensite. At low temper 
atures where the tensile stresses reach high values with little deforma 
tion because of a high rate of work hardening, fracture occurs with low 
ductility. Cohen (13) has suggested that the ductility of plain Ni-C1 
austenitic steels would be higher if the austenite did not transform t 


martensite. 


The results of the tests at various crosshead speeds are given in Figs 
11-16. The ductility remains relatively constant at all crosshead speeds 
for alloys of low interstitial content as D-1 (0.058% nitrogen), 
gardless of test temperature (see Fig. 11). The results for alloy D 
(0.091% nitrogen) are similar except for a discontinuity at 


, 


321 °F). At this temperature the ductility decreases slightly wit! 


increasing crosshead speed and then increases abruptly to a high valu 
and remains constant. This discontinuity occurs at increasingly highe 
temperatures for higher nitrogen alloys and for a given alloy shifts t 


lower crosshead speeds with increasing temperature. A similar effect 











s been found by Kramer and Baldwin with sensitized AISI stainless 
Is types 302 and 304 (23 
in the upper graph of Fig. 16 are presented the elongation values 
lloy D-6 (0.49% nitrogen at —196 °C 321 °F). While the 
ition also increases sharply at the same crosshead speed as the 
on in area, the change is only a few pere« Similar results were 
ined for th nted here. Thus, the 
reduction in area at rapid test speeds is due to localized deforma- 
id not to a real increase in ductility. In fact, the elongation of the 
rher nitrogen alloys generally decreased at the high crosshead speeds 


e other alloys, but are not pres 


1 manner similar to Cr-Ni austenitic steels (15). 

[his anomalous necking was believed to be associated with a localized 

ise in temperature of the specimen. Attempts were made to measure 

is temperature increase utilizing a high speed recorder with a thermo- 
le soldered to the specimen. The results for alloy D-2 (0.091% 
gen are presented in Table III. The transition crosshead speed 

alloy D-2 lies between 5 and 10 inches per minute. Tests conducted 


rates faster than 5 inches per minute yielded a temperature rise 
ter than 60°C (140 °F 


Table III 
High Speed Temperature Measurements on Alloy D-2 at —196°C (—321 °F 
Crosshead Speed Te perature R 

( 
1 0 
2 0 
5 0 
10 60 
0 60 


Tests at lower speeds showed no measurable increase. Thus, it would 
ppear that the discontinuity in the reduction in area versus test speed 
1 


lationship is due to localized heating. As the crosshead speed is in 
reased, a point is reached at which the heat of deformation car no 
ger be removed fast enough to prevent a temperature increase in a 
all region. At this slightly higher temperature, the flow stress is less 
localized deformation occurs. This deformation, in turn, creates 
further localized heating and the process continues spontaneously. 
his accounts for the sharpness of the discontinuity at the low temper 
tures. The shift to lower test speeds at the higher temperatures is be- 
ved to be due to the fact that a smaller temperature increase would 
necessary to reach temperatures where the alloy is ductile. To some 
tent the sharpness of the discontinuity will be dependent on the heat 
nster ability of the surrounding media 
SUMMARY 
Che ductility of austenitic Cr-Mn-N-Fe alloys has been studied as a 


+ 


nction of test temperature, interstitial content, and strain rate. The 
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role of the strain-induced y—a transformation was also examined. At 
low interstitial contents the alloys were ductile at all of the temperatures 
and strain rates examined. As the nitrogen content was increased, the 
ductility at low temperatures progressively decreased. At intermediate 
temperatures the ductility-interstitial content relationship passed 
through a minimum. The behavior of the low temperature embrittle- 
ment was explained using a model with martensite as the embrittling 
agent. The ductility of these alloys is believed to be controlled by the 
ductility and the amount of strain-induced martensite and the ability 
of the austenite to deform by slip processes. The embrittlement en 
countered appears similar to that of steels of the Hadfield type. 

As crosshead speed was increased, the reduction in area decreased 
slightly then increased abruptly whereas the elongation remained 
nearly constant or decreased. The discontinuous ductility increase was 
found to be associated with localized heating in the specimen. 
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DISCUSSION 
Written Discussion: By George F. Tisinai and Carl H. Samans, Engineering 
earch Department, Standard Oil Company, Whiting, Indiana. 
he authors have presented further evidence that some alloys with face- 
ntered cubic structures may undergo a ductile to brittle notched impact cransi- 
near room temperature. In our study of high interstitial content austenitic 
Cr alloys, referred to by the authors, the impact transition was accompanied 
i change from a high ductility shear fracture to a low ductility intergranular 
ture. If the authors have studied the fracture surfaces metallographically, it 
uld be interesting to know the distribution of the martensite in their samples 
vhether the fracture paths changed with the ductile to brittle transition, 
t is, whether the predominant formation of martensite and/or fracture paths 
within the grains or in the grain boundaries. In our studies no metallographic 
lence of martensite was found (even with the colloidal magnetic oxide etch), 
| only one sample, of the two which were completely austenitic, showed the 
htest evidence of ferromagnetism, even at the fracture face. 
Written Discussion: By A. Kasak and E. J. Dulis, Crucible Steel Company of 
nerica, Pittsburgh. 
We were quite interested in the results presented in this paper inasmuch as 
ey agree very well with the results of some of our work on chromium- 
anganese-carbon-nitrogen steels. Essentially our findings agree with those of 
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Table IV 
Results of Tension Tests at Low Temperatures 


Test 0.2% Offset Tensile Reducti 
Temp Yield Strength Strength Elongation of Area 
(°F (%) ; 


) (psi) (psi) 
Cr-Mn-C-N 
Annealed 
78 51,000 106,000 
—100 69,000 137,000 
200 - 145,000 
320 115,000 160,000 
Type 302,* 
Annealed 
Room 35,000 90,000 50 
—105 — 165,000 45 
—320 _ 230,000 48 


*“Conference on Chromium-Manganese and Chromium-Manganese-Nickel Stain 
October 24 and 25, 1956,"" The International Nickel Company, Inc., New York 


Schaller and Zackay, and our explanations for the mechanisms involved are 
substantially the same. However, we do differ slightly in one of our interpret 
tions of the results obtained. 

Our studies were conducted on a steel with the following composition: 0.07 
carbon, 12% manganese, 15% chromium, 1% copper, and 0.28% nitrogen. Tensil 
properties of this steel in the annealed condition, that is 1925 °F for 1 hour ar 
water-quenched, were determined on bar specimens at +78, —100, —200, a: 

320 °F. These data as well as the tensile properties of Type 302 stainless st 
are given in Table IV. A comparison of the low temperature behavior of th 
two steels shows that the strength of our Cr-Mn-C-N steel increases at a sis 
nificantly lower rate and that the ductility of the steel decreases at a significant! 
higher rate with decreasing temperature than the same properties of Type 302 
stainless steel. The effect of deformation at low temperatures on martensite 
formation is indicated by the magnetic response of the fractured surfaces of tl 
specimens. A slight magnetic response (indicative of small amounts of marte! 
site) was found after 72% elongation at 78°F, whereas a strong magnetic 1 
sponse (indicative of relatively large amounts of martensite) was found after 
33% elongation at —100°F, and a very strong magnetic response was four 
after 29% elongation at —200°F. The magnetic response of the fracture w 
slight after testing at —320 °F, but the elongation was only 5%. From this be 
havior, it appears that the extent of the austenite-to-martensite transformation 
determined by a combined effect of degree of deformation and test temperature. | 
example, at —320 °F the steel undergoes such a marked decrease in ductility whe 
a small amount of martensite is formed, that fracture occurs before the specim 
obtains a deformation that would cause large amounts of martensite to form 

In addition, standard Charpy V-notch impact test specimens were preparé 
from the Cr-Mn-C-N steel in the annealed (Rockwell B-93) condition, and i 
pact tests were conducted at temperatures ranging from 77 to —320 °F. The 
sults of these tests are shown in Fig. 17. At and near room temperature the impa 
strengths of our Cr-Mn-C-N steel were very high, and down to about —100 
the impact strengths remained at a relatively high level; however, at temper 
tures between —100 and —300°F the impact strengths dropped rapidly t 
relatively low level, exhibiting an impact transition curve that is typical of 
impact behavior of ferritic steels at low temperatures. To determine whether t 
observed embrittlement of this steel at low temperatures could be attributed 
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artensite during cooling, the fractur 


red impact specimens were 
respons¢ Wie found that 1 ile the undeformed ends of all 
nonmagnetic, the fracture <hibited different degrees 
nse. However, the magnetic respor f the fractures did not in 
sly with decreasing temperatures; it exhibited a maximum at 
his observation indicated that the embrittlement upon testing 
nperatures, such as —320 °F, is probably attributable to the forma 
nali amount of martensite, which, in turn, causes a marked embrittle 
steel at this low temperature 
purpose of further clarification, t following experiment was pet 
nen of Cr-Mn-C-N steel w: led to —320 °F and held at that 
15 minutes. Then th imen was transferred to another bath at 
for 15 minutes, and d at 00°F. The results of the test 
hat the impact strength of tl yecimen was the same as that of another 
not been cooled belov I F before the test. Thus, the 


to —320 °F apparently had no effect on the impact strength 
embrittlement of austenitic Cr-M1 N steels at low tempera 
by a combined effect of the extent of deformation and tempera 


rather than by deformation or by temperature alone. 


Written Discussion: By W. M. Baldwin, Jr., research professor, Department of 


al Engineering, Case Institute of Technology, Cleveland 
haller and Zackay’s paper is a welcome contribution to the literature 
resting steels and it is a pleasure to be invited to comment on it. The 


high-iron austeniti ‘ls whether of the iron-nickel-chromium 





iron-manganese-chromium family with temperature and strain rat 
ratic that no one can resist having a go at explaining it. 
hould like to discuss Messrs. Schaller and Zackay’s explanation of the 
ility behavior they report. A composite representation of the ductility of 
D-3 (0.028%C; 0.139%N) as a function « th temperature and strain 
is given in Fig. 5. The ductility behavior is characterized by a valley A o 


1 


at low temperatures and strain rates and, separated therefrom by a 
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precipitous cliff, C, a high plateau B existing at high temperatures and hig! 
strain rates. We have a record of the amount of martensite found in the broker 
specimens only along section a-a of this figure and that is represented by th 
panel to the right of Fig. 18. The same general features are found in the other 
alloys having either higher or lower interstitial impurity. Now as I understand 
Messrs. Schaller and Zackay, the appearance of brittle strain-induced martensite 
as temperature is lowered—say in the range b of Fig. 18 causes the drop 
ductility found in this same temperature range, but at lower temperatures 
around c in Fig. 18—the stress-strain diagram of the steel is so high that some 
fracture stress is reached at a very low strain yielding a low ductility and 
terminating the formation of strain-induced martensite at an early stage 

The ductility of sensitized austenitic iron-nickel-chromium stainless steels 
(Types 302 and 304) as Messrs. Schaller and Zackay note depends upon temper 
ture and strain rate in exactly the same way as does the ductility of the steels 
discussed in the present paper (1). The appearance of strain-induced martensité 
in the nickel-bearing steels is recorded not only as a function of temperature 
it was in the present paper for the manganese-bearing steels) but also as a fur 
tion of strain rate. Insofar as a comparison can be made these two behaviors are 
the same. Now certainly in the case of the nickel-bearing stainless steels, martet 
site can hardly be held to cause any of the gross features of the response 
ductility to temperature or strain rate. I say this because a) the brittle valley 
in Fig. 18 can be completely removed if the steel is not sensitized, and b) the 
amount of martensite formed at low temperatures and strain rates in the non 
sensitized steel is increased in the same proportion as the ductility. No matte: 
what degree of embrittlement people might ascribe to strain-induced martensit 


in the nickel-bearing stainless steels it would seem that, in the gross, valley A is 
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ertainly not one of the results. Indeed even in nonsensitized nickel-bearing stain 
less steels where valley A does not come into consideration, I take the view that 






train-induced martensite has little to do with the manner in which ductility 





varies with temperature and strain rate since the pattern of the function is 





haracteristic of all nickel-bearing austenitic stainless steels—even those such 






as 25-20 which produce no martensite before fracture. Since in the nickel-bearing 





stainless steels, the embrittlement characterized by valley A can be put into ot 


Spits 







a taken out of the steel according to whether the steel is sensitized or not one 
¥ vonders whether the manganese-bearing steels studied in this report were not 
e4 either sensitized (conditions for sensitization in these steels may be quite dif 








rent from those for sensitization of the nickel-bearing steels) or contained some 





4 second phase so distributed as to make the alloys act in such a fashion. 





b Messrs. Schaller and Zackay suggest that the rise in ductility of the manganes« 






bearing steels at low nominal test temperatures with increased strain rate is due 





to an actual increase in temperature in the test specimen. Kramer and Baldwin * 






nade the same suggestion in the same regard for the nickel-bearing stainless 


teels. We should guard against too quick an acceptance of this thesis, however 





It certainly ought to be put to rigorous test. I say this because in ordinary low 





temperature brittleness (such as is found in ferritic steels, tungsten, molybdenum, 





etc.) an increase in strain rate at low test temperatures never brings about an 





increase in ductility (in fact it can bring about a decrease—see the case for tin in 






Magnusson and Baldwin **) even though an increase in temperature does. 
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The authors would like to thank the discussers for their interest in this paper 





' lt was pleasing to find the conclusions of Kasak and Dulis so similar to ours. 






\s regards to the comments of Dr. Baldwin, we agree that martensite appears 






to have no definite effect on the ductility of the Ni-Cr stainless steels in some 





ases. However, we believe that high interstitial martensite plays an intimate role 





in the low temperature loss of ductility of the subject alloys. 
Dr. Baldwin suggests that the low temperature embrittlement of the Fe-C1 






7 Mn-N alloys may be associated with a second phase as was found to be the cass 
with sensitized AISI 304.? In the solution-treated condition, these alloys do 
ntain a very small amount of “second” phase (presumably a nitride) present as 













minute spheroids randomly distributed throughout the matrix. Since this phase 





as present in all of the alloys examined in this study and since it did not appear 





to be associated with the grain or twin boundaries, we believe that this third 






phase is not the underlying cause of the aforementioned embrittlement. 

q Previous work*® has shown that short time treatments at 1400°F rendered 
Fe-Cr-Mn-N alloys susceptible to very rapid etchant attack at the grain bound- 
aries. Therefore, we feel that the conditions for producing sensitization are nearly 

ame for the subject alloys and the 18-8 type stainless steels. 







A. Kramer and W. M. Baldwin, J and Brittleness in Austenitic 
Stainless Steel,"" Transactions, American Society for Metals, Vol. 50, 1958, p. 898-813 
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We have shown that the rather large temperature increase found in this w 


is associated with the highly localized deformation and believe that the initia] 


local deformation is triggered by a temperature increase. We agree with 
Baldwin in that the triggering mechanism should be critically examined. 


From our limited metallographic studies we were not able to correlate fractur: 


path with either martensite platelets or grain boundaries. 
In the text we stated that alloys D-1 and D-2 contained martensite in 


solution-treated condition. Actually, these alloys are composed of austenite, delt 


ferrite, and possibly martensite. This correction should not affect any of 


previous comments. 


‘ 
} 
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PREDICTION OF TRANSITION TEMPERATURE 
IN A NOTCHED BAR IMPACT TEST 


By J. A. Henpricxson, D. S. Woop, anv D. S. CLarK 


Abstract 

Concepts of the mechanism of the initiation of brittle frac- 
ture in mild steel were developed in a previous investigation 
employing notched tensile specimens subjected to rapid 
loading at different temperatures. These concepts are now 
applied to obtain a prediction of the transition temperature 
as determined in the standard Izod impact test. The pre- 
dicted transition temperature is found to agree remarkably 
well with the experimental value. (ASM-SLA Classifica 
tion: O23r, Q6) 


INTRODUCTION 

N' YTCHED BAR impact tests (such as Charpy and Izod) have 
been employed extensively for comparing the susceptibility of 
ferritic steels to brittle fracture. These steels are by far the most com 
monly used metal and at the same time are susceptible to failure by 
brittle fracture. The energy absorbed by ferritic steels in notched bar 
impact tests is sensitive to temperature. Above a certain temperature 
range a steel behaves in a ductile manner and the energy absorbed in 
the test is large. Below this range the material behaves in a brittle man- 
ner and the energy absorbed is a small fraction of that absorbed at 
higher temperatures. The range of temperature within which the transi 
tion from ductile to brittle behavior takes place is called the transition 
temperature range. The extent of the transition temperature range de- 
pends upon the composition and metallurgical structure of the steel 
and the type of test. A range of 100 to 200 °F may be considered typical. 
Engineering experience has shown that it is desirable to define, some- 
what arbitrarily, a specific “transition temperature” for a given steel. 
This temperature lies within the transition range and is defined as the 


temperature at which a specified value of energy absorption is obtained. 
For example, the transition temperature is frequently defined as that 
temperature at which the energy absorbed in the “V” notch Charpy 
test is 15 foot pounds. 

The information obtained from standardized notched bar impact 


A paper presented before the Fortieth Annual Convention of the Society, held 
in Cleveland, October 27 to 31, 1958. Of the authors, J. A. Hendrickson is as 
sociated with California Research Corporation, La Habra Laboratory, La Habra, 
California; D. S. Wood is Associate Professor of Mechanical Engineering and 
D. S. Clark, Professor of Mechanical Engineering, California Institute of Tech 
nology, Pasadena, California. Manuscript received April 28, 1958. 
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tests has been of great value for comparing the brittle fracture tend 
encies of different steels. However, such tests have not provided quanti 
tative information for use in engineering design calculations. For 
example, it has not been possible to predict the temperature at which 
brittle fracture will occur in a structural member or machine part of 
specified material and geometrical configuration when it is subjected 
to a specified impact load, even though the energy versus temperature 
relation obtained from standard notch bar impact tests on the same m 
terial is known. Furthermore, no quantitative relationships have been 
obtained between the results of notched bar impact tests and other prop 
erties of the steel such as yield point, tensile strength, and total elonga 
tion in the simple tension test. 

A recent analytical and experimental investigation (1)! of the ini 
tiation of brittle fracture in notched tensile specimens of annealed mild 
steel has shown how brittle fracture is related to the yield point of the 
material, notch geometry, temperature, and rate of application of load 
The method of analysis developed in that work together with certain 
data provide the means for predicting the conditions for brittle fractur: 
in other types of notch bar tests. 

The purpose of the present investigation is to apply the results and 
method of analysis developed in the previous work to predict the transi 
tion temperature of the same steel in the standard Izod impact test, and 
to compare this prediction with the value of the transition temperature 
determined experimentally. The Izod test has been chosen because of 
the availability of a standard Izod impact testing machine in the authors’ 
laboratory. The Charpy test would have served equally well if this type 
of machine had been readily available. 


PREDICTION OF THE TRANSITION TEMPERATURE IN THE 
Izop Impact Test 

A previous investigation (1) has shown that brittle fracture is ini 
tiated in notched tensile specimens of annealed mild steel whenever thx 
true local tensile stress within the specimen reaches a critical value, 
or, provided that this stress is attained before plastic deformation ex 
tends across the entire cross section of the specimen. The critical tensil 
stress was found to be o¢ = 210,000 + 10,000 psi for the particular 
steel tested. This value is independent of temperature and rate of appl! 
cation of load. The true value of the maximum tensile stress within the 
notched specimen is determined as a function of the applied load and 
the upper yield stress of the material by means of an elastic-plast« 
stress analysis. Thus the influence of the localized plastic deformation 
which takes place at the root of the notch upon the stress within the 
specimen is taken into account. 

The maximum local tensile stress within the notched specimen occurs 


1 The figures appearing in parentheses pertain to the references appended to this paper 
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at the point of maximum penetration of the region of plastic deforma- 
tion on the cross section which passes through the root of the notch. 
[he value of the maximum tensile stress increases progressively as the 
applied load increases until a condition of instability of the plastic 
region is reached. The depth of penetration of the plastic region below 
the root of the notch is small up to this point. A very slight further in 
crease in the applied load causes plastic deformation to suddenly spread 
icross the entire cross section. This results in a sudden increase in the 
mount of energy absorbed by the specimen in the form of plastic de 
formation. Thus brittle fracture occurs only if the critical tensile stress 
for fracture initiation is reached prior to the onset of the plastic in- 
stability. Hence the transition from ductile to brittle behavior takes 
place when the critical fracture stress is just reached at the instant of 
mset of plastic instability. 

The true maximum tensile stress within a notched specimen at the 
instant of incipient plastic instability is proportional to the yield stress 
of the material. Therefore a specific value of the yield stress is asso- 
ciated with the transition from ductile to brittle behavior in specimens 
of a given material and notch geometry subjected to a given type of 
loading. 

rhe strong influence of temperature upon fracture in notched speci- 
mens of mild steel results from the marked variation of the upper yield 
stress of the material with changes of temperature. At elevated tem- 
peratures the yield stress is relatively low. Hence the region of plastic 
deformation becomes unstable and spreads over the entire cross section 
of the specimen before the maximum local tensile stress reaches the 
critical value for brittle fracture. Thus ductile behavior occurs. At low 
temperatures the yield stress is relatively high, and the critical local 
tensile stress for brittle fracture is reached before the condition of 
plastic instability occurs. Hence in this case brittle failure takes place. 

The upper yield stress of mild steel is also influenced by the rate of 
stress application. As the rate of stress application 1s increased the yield 
stress increases. Thus an increase in the rate of stress application tends 
to produce brittle fracture in notched specimens for the same reason 
that a decrease in temperature promotes brittle fracture. The effect of 
rate of stress application upon the yield stress and hence upon brittle 
fracture is quantitatively much less than the effect of temperature. An 
increase of the rate of stress application by a factor of two has a very 
small effect on the yield stress while a decrease of the absolute tempera- 
ture by a factor of two produces a large change in the yield stress. 
Nevertheless the influence of rate of stress application upon the yield 
stress must be taken into account in analyzing notched bar impact tests 
vecause the rate of increase of the stress at the root of the notch is very 


high, 


The foregoing considerations indicate that the following properties 
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of a given steel must be known in order to make an analytical predi 
tion of the transition temperature in a notched bar impact test: 


(a) The critical local tensile stress for the initiation of brittl 
fracture. 

(b) The upper yield stress of the material as a function of tem 
perature for that rate of stress application which pertains t 
the notched bar impact test. 


These properties may be obtained from the results of the previous 
investigation for the particular steel employed for that work. Hence 
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Fig. 2-Model Used in Stress Analysis of Izod Test 


the same steel in the same metallurgical condition has been employs 
in the experimental portion of the present investigation. 
The prediction of the transition temperature also requires an elasti 
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plastic stress analysis of the Izod impact specimen, as mounted and 
subjected to load in an Izod impact machine. This stress analysis has 
been performed by the “relaxation method” which has been used by 
Allen and Southwell (2) to obtain solutions for similar problems and 
by the authors in the previous investigation of fracture in notched 


tensile specimens. 

The standard Izod test specimen is shown in Fig. 1 as it is clamped 
in the testing machine. The vector P in this figure represents the force 
exerted on the specimen by the pendulum of the testing machine. The 
clamping blocks must be represented in terms of the stresses which they 
exert on the surface of the specimen in order to perform the stress 
analyses. The clamping stress distribution which has been assumed is 
shown in Fig. 2. The clamping stresses are assumed to be distributed 
over a length of the specimen equal to its total thickness, beginning from 
the cross section of the specimen containing the notch. The clamping 
stresses are assumed to vary linearly with distance as shown. The mag 
nitudes of the clamping stresses are given in terms of the nominal 
bending stress, op», produced on the cross section through the root of 
the notch by the applied load. 


Thus On» = 6P1/bh?, Equation 1 


vhere / = 0.87 inch is the distance from the notched cross section to 
the point of application of the load, b = 0.394 inch is the width of the 
specimen, and h = 0.315 inch is the depth of the notched cross section 
The magnitudes of the clamping stresses are determined by the require- 
ments of the equilibrium of forces acting on the specimen. 

The concentrated load P is replaced, for purposes of stress analysis, 
by the equivalent stresses that it produces on the cross section of the 
cantilever portion of the specimen which is one specimen width from 
the notched cross section. These stresses, shown in Fig. 2, consist of 
both bending and shear stresses. They are determined by means of the 
appropriate formulas of the elementary theory of strength of materials 
and are given in terms of the nominal bending stress, onp. 

The stress distribution within the specimen must be obtained when 
the condition of incipient instability of the local region of plastic defo1 
mation near the root of the notch exists. Several solutions correspond 
ing to different values of the ratio on»/oya, Where oya is the upper yield 
stress of the material, must be obtained in order to determine the con- 
dition which corresponds to incipient plastic instability. This condition 
is found to be on»/oya 0.80 

The true stress distribution on the notched cross section of the Izod 
impact specimen when instability of the plastic region is impending is 
shown by the full lines in Fig. 3. The longitudinal tensile stress is de- 
noted by ox, and oy denotes the tensile stress in the direction of the 
specimen thickness. These stresses are given in dimensionless form, 
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o, (Elastic) 


oy (Plastic) 


oy ( Elastic) 
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Fig. 3—Elastic-Plastic Stress Distribution at the Mini- 
mum Cross Section of the Izod Specimen for an Ap 
plied Load Ratio onv/ocya = 0.80 


o\/aya(i = x or y). The coordinate y denotes distance from the neutral 
axis of the unnotched cross section of the specimen measured in mil 
limeters. The root of the notch is located at the position y = 3. The 
dashed lines in Fig. 3 show the stress distribution which would exist 
under the same loading condition if the deformation were entirely 
elastic. This elastic stress distribution is also computed by means of the 
“relaxation method.” 

A transverse tensile stress, o,, perpendicular to both o, and oy exists 
at positions within the specimen which are not closer to the sides of the 
specimen than a few times the notch root radius. The magnitude of this 


stress component is given by 


oz —v(oxr+<a;), Equation 2 


where v is Poisson’s ratio. Equation 2 holds for either elastic or elastic- 
plastic deformation. A shear stress component, rxy, also acis on the 
notched cross-section. However its magnitude is negligible. 

Fig. 3 shows that the maximum tensile stress, o,,, within the speci 
men at the instant of incipient plastic instability is 


Om = 2.41 aya. Equation 3 


The transition from ductile to brittle behavior occurs when this tensile 
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stress is equal to the critical stress, o¢ = 210,000 + 10,000 Ib/in?. for 
initiation of brittle fracture. Thus the value of the yield stress asso- 
ciated with the transition from ductile to brittle behavior in the Izod 
test specimen is 

o* 54 = o2/2.41 = 87,000 + 4,000 psi. Equation 4 

The predicted transition temperature in the Izod impact test for the 
particular steel under consideration is that temperature at which the 
upper yield stress is equal to o*yq for the rate of stress application which 
exists at the root of the notch. This rate of stress application may be 
determined, with sufficient accuracy for the present purpose, in the 
following manner. 

During the early portion of the impact loading of the specimen the 
deflection at the point of loading is given by the usual formula for a 
cantilever beam, namely, 

8. = PP/3EI, Equation 5 
where 6, = elastic deflection at the point of application of the load, 
P =the instantaneous value of the load exerted on the specimen by the 
impact pendulum 


E = Young’s modulus, 
| =distance from the specimen clamp to the point of application of the 


load, 
and I =the moment of inertia of the unnotched cross-section of the specimen 


BA 


SES 


The nominal bending stress at the root of the notch is 


e 
a 
BS 
e 
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Ga = Pi/Z’, Equation 6 


where Z’ = the section modulus of the notched cross section. The ac- 
tual stress at the root of the notch during the early period of the impact 
when only elastic deformations occur is the nominal bending stress 
multiplied by the elastic stress concentration factor. Thus 


REL T ONIN 


a 
my 


c= =P Equation 7 


where o =the true elastic stress, and 
k =the elastic stress concentration factor. From Fig. 3 k = 2.97/0.80 = 


3.71. 

3y combining Equations 5 and 7 so as to eliminate P and differentiat- 
ing with respect to time, the rate of stress application may be obtained 
as a function of the rate of elastic deflection at the point of application 
of the load, namely : 

« =k 3EI/PZ’ 6. Equation 8 

The rate of elastic deflection, 8, may be related to the velocity of the 
impact pendulum of the Izod testing machine provided a correction 
is made for the local plastic indentation of the specimen at the point of 
impact. The depth of this local plastic indentation was measured on 
several specimens and found to be about equal to the calculated elastic 
deflection, 8, at the instant when yielding begins at the root of the 


notch. Thus the rate of elastic deflection, 8, is about one half the ve 
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Fig. Se Yield Stress, gya, Versus Rate of Stress Application, 4, 
or Three Temperatures for Annealed 0.17% C Stee! 


locity of the impact pendulum, V. Hence the rate of stress applicatior 
at the root of the notch in the Izod test may be expressed in terms o! 
the pendulum velocity by the relation 
¢ =k 3EI/PZ’ V/2. Equation 9 

The velocity of the pendulum of the Izod impact machine employ: 
in the experimental work was determined to be 11.3 feet per second 
from measurements of the length of the pendulum, its free period, and 
its angle of swing from the release position to the point of impact. Thus 
all quantities on the right side of Equation 9 have been determined, and 
the value of the stress rate is found to be a = 9 & 10° psi per second. 

The upper yield stress of the particular steel employed in this inves 
tigation as a function of the stress rate at temperatures of —200 °F and 
—110 °F has been presented in a previous paper (3). More recent! 
similar determinations have been made at a temperature of +75 °! 
The results of all these determinations are given in Fig. 4 in which the 
upper yield stress is plotted versus the logarithm of the stress rate. Th 
measurements extend over a range of stress rates from about 10? ps 
per second to about 10° psi per sec. The straight lines drawn in Fig. 4 t 
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represent the data were obtained as follows: The experimental points 
for each temperature were divided into three groups. The average yield 
stress and average logarithm of the stress rate were found for each 
group of points. The straight lines were drawn through these average 
points. All three average points for each temperature lie very close to 


the lines shown. 
The straight lines representing the data in Fig. 4 have been extrapo- 
lated to a stress rate of 10'° psi per second, as shown. From these 














-200 -I50 -!100 -50 
Temperature, T 


Fig. 5—Upper Yield Stress, cya, versus Temperature, T, 
for a Rate of Stress Applicati« n of 9 x 10 ° psi per second 


extrapolations, the values of the upper yield stress at the stress rate of 
’ < 10° psi per second may be obtained for each of the three temper 
atures. These values of the upper yield stress at a stress rate of 9 & 10° 
psi per second are plotted versus temperature in Fig. 5. These three 
points lie on a straight line as shown. 

The predicted transition temperature for the Izod impact tests of 
this steel is obtained from Fig. 5. This shows that the critical value 
of the upper yield stress, o*yq4 = 87,000 + 4,000 psi corresponds to a 
transition temperature of + 38°F + 17 °F. 
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Fig. 6—Energy Absorbed versus Temperature in Izod Impact Tests for Annealed | 


Steel 


EXPERIMENTAL MEASUREMENTS 


Standard Izod impact specimens, as shown in Fig. 1 were prepared 
from the same steel employed in the previous work (1), (3). This stee! 
was obtained from the Columbia-Geneva Steel Division, United States 
Steel Corporation, Torrance, California Works. The steel was hot 
rolled to 5g-inch diameter bars from one billet of heat number 32882 


The analysis given by the mill is: 


Carbon 0.17% 
Manganese 0.39% 
Phosphorus 0.017% 


Sulphur 0.04% 





specimens employed in the previous work (1),(3). 


The Izod impact testing machine was carefully adjusted for these 
tests. This consisted of leveling the machine and adjusting the hammer 
so that the striker bar engaged the specimen uniformly across its width 
at the proper distance from the notch. Tests were made at temperatures 
ranging from —56 °F to +300 °F. The specimen and the clamps were 


After the Izod specimens had been machined they were annealed by 
heating at 1600 °F for 50 minutes followed by slow cooling in the 
furnace. The entire annealing treatment was done in an atmosphere 
of dry hydrogen. This treatment is the same as that given the test 
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Fig. 8—Elastic-Plastic Boundary for an Izod Test at 
a Temperature of +50 °1 C) 


removed from the machine and placed in a suitable liquid bath until 
heir temperature was near the desired value. They were then trans 
ierred quickly to the testing machine and fastened in position. A copper- 
constantan thermocouple was attached to the specimen at a position 
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slightly above the clamping blocks on the side of the specimen opposite 
the notch. The specimen temperature was determined immediately 
prior to the release of the impact hammer by means of this ther 
couple. The values of energy absorbed in the Izod impact tests at tem 
peratures in the range from —40°F to +160 °F are shown by the 
plotted points in Fig. 6. At temperatures exceeding +160 °F the energ 
absorbed reaches an upper limit of about 65 foot-pounds. At temper 
atures below —40 °F the energy absorbed remains at a low value 
about 2 foot-pounds. 

The position of the elastic-plastic boundary in specimens fractur 
at +25 °F and +50°F was determined by means of micro-hardness 
measurements. These specimens were sectioned along the longitudina 
plane perpendicular to and passing through the center of the note! 
and mounted in lucite. After alternate metallurgical polishing and ete! 
ing to remove the cold-worked surface layer, micro-hardness measuré 
ments were made at many points on these sections by means of a Tukor 
hardness testing machine. A 136-degree diamond penetrator and 
0.2 kilogram load were employed. The positions of the elastic-plasti 
boundary in these two specimens, as determined from the micr 
hardness measurements, are shown in Figs. 7 and 8. 


DISCUSSION OF RESULTS 


The agreement between the predicted and experimental values 


the transition temperature shown in Fig. 6 is surprisingly good. The 
predicted temperature of +38 °F is almost exactly equal to the te: 
perature at which a definite discontinuity is observed in the experi 
mental curve of energy absorbed versus temperature. The variation o/ 
the experimental values of the energy absorbed over the range of ur 
certainty in the predicted transition temperature (+17 °F) is 
about 7 foot-pounds to about 28 foot-pounds. Thus the commonly used 
definition of transition temperature as the temperature at which 15 
foot-pounds of energy is absorbed falls within the range of uncertaint 
of the predicted transition temperature. 

The experimental determinations of the positions of the elastic-plast 
boundary in specimens tested at +25 °F and +50°F exhibit very 
good agreement with the predicted transition temperature. Thus Fig 
shows that at a temperature (+25 °F) near the lower limit of t! 
range of uncertainty in the predicted transition temperature, fractur: 
occurs before the region of plastic deformation has extended across t! 
cross section of the specimen. Fig. 8 shows that at a temperatur: 
(+50 °F) near the upper limit of the uncertainty range, the region 
plastic deformation extends completely across the specimen c1 
section. The discontinuity in the experimental curve of energy 
sorbed versus temperature is seen to correspond very closely to t! 
condition of incipient instability of the region of plastic deformation 
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SUMMARY AND CONCLUSIONS 


The Izod impact transition temperature of a particular mild steel 
has been predicted from a knowledge of the true fracture stress and 
the upper yield stress as a function of temperature and rate of stress 
application. This prediction is based upon the hypothesis that brittle 
fracture is initiated in the vicinity of a notch whenever the true tensile 
stress within the material reaches a critical fracture stress before the 
limited region of plastic deformation near the root of the notch becomes 
unstable and rapidly expands. Furthermore the critical fracture stress 
is assumed to be independent of temperature and rate of loading. The 
true state of stress within the Izod impact specimen is determined by 
an elastic-plastic stress analysis. 

The predicted value of the transition temperature is found to be in 
very good agreement with the value determined experimentally. Thus 
the validity of the hypotheses and methods of analyses upon which the 
prediction is based have been confirmed. 

The results of this investigation provide a concept of the transition 
temperature which has a definite physical meaning. The results also 
provide the basic elements of a method for predicting quantitatively 
the conditions of temperature and rate of loading under which brittle 
fracture will be initiated in the presence of a notch of any specified 


geometry in materials which exhibit a distinct yield point. Such predic- 
tions require a knowledge of the true critical fracture stress for the 
material and a knowledge of the upper yield stress as a function of tem- 


perature and rate of loading. 
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DISCUSSION 

Written Discussion: By R. L. Whiteley, supervisor, Physical Metallure 
Bethlehem Steel Company, Incorporated, Bethlehem, Pennsylvania. 

The severity of the notch is a recognized influence on the transition temperatu: 
observed in impact testing. Can we obtain from your analysis some quantitativ 
measure of the effect of changing the notch radius, say by a half, upon the calcu 
lated transition temperature? Would this vary from steel to steel ? 

I am also interested to know if you have extended this analysis to geometr 
typical of the standard Charpy V-notch specimen and, if so, what loading r 
were assumed ? 

Authors’ Reply 

The method of predicting the conditions for brittle fracture presented i: 
previous paper, and utilized in the prediction made in the present paper, cat 
used to indicate the influence of changing the character of the notch on 
transition temperature of a given steel. However, the analytical prediction 
pends upon a knowledge of the local critical tensile stress for the initiation 
brittle fracture and the variation of the upper yield point with temperature an 
rate of stress application. Therefore, one cannot determine the universal factor 
that would indicate the effect of notched radius on the transition temperature 
lf the upper yield point was always the same function of temperature and tl 


same function of stress rate, regardless of the steel, then a universal factor cou 
be determined. 


1 
+} 
t 


cle 


The present analysis has not been extended to the standard Charpy V-not 
specimen. There is no reason why this should not be done. The authors hope this 


work will be continued so as to provide more information on the application 
this approach. 





EFFECT OF GRAIN SIZE AND CARBON CONTENT 
ON THE YIELD DELAY-TIME OF MILD STEEL 


By J. M. Krarrt ANp A. M. SULLIVAN 


Abstract 


The delay time for onset of gross yielding after sudden 
application of constant stress has been measured for mild 
steels of varied carbon content and grain size. The delayed 
yield is thought to provide a measure of the upper yield 
point sufficiently exact to permit a separation of the effects 
of some of the principal metallurgical parameters upon it. 
The results indicate that the size and number of pearlite 
patches has a more direct influence on the stress supported 
for a given delay time, or upper yield strength, than does 
the ferrite grain size. However, the grain size, or possibly 
the path in ferrite between pearlite patches, does appear to 
dominate the flow stress at given strain rate, or lower yield 
strength, as expected from previous investigations. (ASM- 
SLA Classification: Q21, 2-60, 3-71; CN) 


N THE EXPERIMENTS here described, compression loading is 

applied to a short cylinder of steel in about five microseconds, then 
held constant for about six hundred microseconds. Should yielding 
occur during the interval of constant stress, the time for which this 
stress is supported is noted as the delay time. The delayed yield is a 
characteristic of materials possessing an upper yield point in the con 
ventional tensile test. 

In relatively pure iron, observation of the yield point, and by infer- 
ence of the yield delay, has been linked to the presence of small amounts 
of carbon or nitrogen. Thus while a yield point is not observed in single 
crystals of iron, Schwartzbart and Low (1)! were able to produce 
it by the introduction of interstitial carbon and nitrogen. 

In polycrystalline iron a similar effect on the static yield point has 
been observed by Low and Gensamer (2) while Wood and Clark (3) 
have found the yield delay-time to be quite sensitive to small amounts 
of carbon and nitrogen. 

In polycrystalline steel, with sufficient carbon present to saturate the 
iron lattice, the grain size appears to exert a dominating influence on 


1 The figures appearing in parentheses pertain to the references appended to this paper. 


_ A paper presented before the Fortieth Annual Convention of the Society, held 
in Cleveland, October 27-31, 1958. Of the authors, J. M. Krafft is Physicist, and 
A. M. Sullivan is Metallurgist, Ballistics Branch, Mechanics Division, U. S 
aval Research Laboratory, Washington, D. C. Manuscript received, July 18, 
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the yield strength characteristics. Petch (4) and Hall (5) have shown 
that lower yield strength values increase in proportion to the inverse 
square root of the grain diameter. Theories of yield strength and yield 
delay, such as given by Cottrell (6) and by Vreeland, Wood and Clark 
(7), have explained this experimental fact by considering grain bound 
aries to be much more effective in anchoring dislocations than are 
interstitial atoms of carbon or nitrogen. 

As the carbon content of polycrystalline steel is increased, Winlock 
(8) has shown that the upper and lower yield stress continues to in- 
crease, even though the ferrite grain size is not significantly varied. It 
appears unlikely that the grain boundaries could be appreciably rein 
forced as locking agents for dislocations by increased carbon, as very 
little of the additional carbon can be seen at the grain boundaries. Most 
of it appears in the iron carbide lamellae of pearlite colonies. Is it pos 
sible that in the higher carbon range the influence of the pearlite patch 
could dominate the grain size effect, much as in polycrystalline iron, 
the grain size effect dominates the interstitial carbon-atom strengthen 
ing ? 

The effect of pearlite could be readily resolved if the pearlite char 
acteristics could be made to vary independently of the other micro 
structural parameters, for example: 1) by maintaining the total amount 
of pearlite constant and varying the size of the pearlite colonies, or 
by varying the number of pearlite colonies while maintaining their size, 
as well as the other microstructural parameters, constant. The latter 
variation can be approximated by varying the carbon content of the 
steel composition with a fixed annealing treatment. Independent varia 
tion in pearlite size is not similarly feasible, however, as treatments to 
a given steel which change the size of pearlite colonies, in general tend 
to similarly change the grain size and pearlite spacing. There are slight 
deviations from this general rule, however, so that if yield stress could 
be measured by a method of sufficient accuracy and reproducibility, it 
should be possible to distinguish between the effects of ferrite grain 
size and of pearlite colony size, provided that one of these effects dom 
inates the other. The present measurements of yield delay as a func 
tion of loading stress are thought to provide a specification of upper 
yield stress sufficiently exacting to enhance the possibility of separating 
these effects. 


EXPERIMENTAL PROCEDURE 


A modified Hopkinson Bar apparatus, which has been described else 


where (9), is utilized to load cylindrical specimens in compression. A 
diagram of the apparatus is seen in Fig. 1 together with typical oscillo 
graph records. The wave shape or stress-time pattern recorded in th 
elastic bars for a non-yielding specimen (Fig. 1b) is one of constant 
stress for 570 microseconds. The height of the constant stress plateau 
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Apparatus and Typical Records. (a) Hopkinson Bar Compression Loading Device 
mensions in inches. (b) Stress-time Oscillogram for non-yielding specimen. (c), (d), and 
e) Stress-time Oscillograms for specimen yielding under successively increased loads wit! 

reasing delay time, c-c’. Right hand oscillograms have first half expanded 10 times 
Timing marks, 10 microsecond 


designated as o,, the stress supported by the specimen prior to yield 
he onset of gross yielding can be recognized by an abrupt decrease in 


this height shown in Fig. lc as a departure of the wave shape from the 
elastic form. 


The minimum stress reached after the onset of gross yield, which is 
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Table I 


Composition Microstructural Parameterst 
Mn P S Type ASTM al a2 
Grain Size 

0.99 0.006 Killed 6 30.0 
0.62 0.35 Killed 7-8 368 84.0 
0.69 0.014 0.028 Semi- Killed 

13.60 31.20 
14.30 27.31 
35.66 1145 
62.14 194.47 
24.51 103.17 


~ 
ue aon 


oo 


0.017 0.040 - 

0.016 0.031 Rimmed 
9.90 20.23 

10.40 14.69 

21.10 66.01 

22.82 70.35 

48.66 102.10 

54.06 120.98 

61.32 

11.95 : 4.48 
10.84 12.14 


i rk) 


0.22 0.98 : 0.02 Killed 
0.31 1.01 .006 0.02 Killed 








TAll values averaged from measurements perpendicular and parallel to the rolling surface on a sectior 
perpendicular to the rolling direction and/or loading stress direction 


analogous to a lower yield point, is called the flow stress o¢. The waiting 
time prior to the onset of gross yield, called the delay time, is directly 
measurable from the length of the constant stress plateau c-c’. The 
delay time may be seen to decrease in Figs. 1d and e as the supported 
stress is increased. 

The average strain rate in plastic flow, é, is obtained through the 
relationship 

é= AcC/E 1 


where Aq is the decrease in stress as shown in Fig. Ic, 1d, and le from 
that applied by the bar as shown in Fig. 1b, C is the elastic bar wave 
velocity, E is Young’s Modulus for the bar material and | is the speci 
men length. 

Pre-yield strain or microstrain can be detected by noting the stress 
decrease or Ao prior to onset of gross yielding. Although not partic 
ularly sensitive to small strains, this apparatus can detect them when 
the accumulation of such strains occurs in a time sufficiently short to 
result in a Ao of more than 1000 psi, equivalent to a strain rate greater 
than about 10 per second. Differences between supported stress values 
shown here and applied stress values given in an earlier paper (10) may 
be attributed to this effect, which is particularly significant for shorter 
delay times. 

SPECIMEN MATERIAL 

For the studies of yield delay reported here, three groups of stee! 
were employed ; information as to the composition, microstructure, and 
physical properties of these steels is given in Table I. 

1. The yield delay phenomena in mild steel has been extensive) 
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investigated by Clark and Wood and others at the California 
Institute of Technology (11). For the first group, a stock of 
the 0.17% carbon steel used in their previous studies was made 
available by Professor Wood to serve as a standard material. 
Comparison of present results with those already published 
for this material provide a check as to the consistency of the 
independent measurements of yield delay. This steel, desig 
nated as C-W, was annealed by heating at 870 °C (1600 °F) 
for 1 hour followed by furnace cooling, a heat treatment iden 
tical to that applied by Clark and Wood. 

For the second group, the effect of varied microstructural pa 
rameters was studied for two ship steels, one of 0.16% carbon 
designated B; the other of 0.22% carbon designated E. This 
material was supplied by Dr. W. S. Owen at the Massachusetts 
Institute of Technology. Study of these steels allows a com- 
parison of present results with extensive investigations of 
other kinds carried out on the same steels under the auspices 
of the Ships Structure Committee, and particularly with those 
of the MIT group. Variation in microstructure was produced 
at MIT by either annealing (designated FC) or normalizing 
(designated AC) from temperatures in the range 900 to 
1250 °C (1650 to 2280 °F 

For the third group, the effect of carbon content was studied 
for steels produced in the Naval Research Laboratory foundry 
ranging in carbon content from 0.01 to 0.31%. Steels desig 
nated C-1, C-3, and C-5 remained from a study of the effect of 
composition on the fracture ductility transition by Rinebolt 
and Harris (13). The 0.31 carbon C-5 steel was also used in 
a recent investigation of the accumulation of damage during 
the delay period (9). The 1010 steel replaces the exhausted 
C-2 stock of the Rinebolt and Harris series. All steels of the 
carbon series were normalized by heating at 900 °C (1650 °F ) 
for 1 hour and air cooling followed by annealing in the manner 
used on the Clark-Wood steel, i.e., by heating at 870°C 
(1600 °F) for 1 hour followed by a slow furnace cooling. 


Compression specimens were prepared 1 inch in outside diameter 

inch long, ground to a smooth finish on all surfaces. For the ship 
steels (B and E) the longitudinal axis of the specimen is parallel to 
the rolling direction. 


EXTENSION OF CLARK-Woop DaTA 


Yield delay on the C-W steel was measured at four of the temper 
atures used by Clark and Wood, —60, +25, +-65, +125 °C (—76, 77, 
149, 255 °F), and one additional temperature, —20 °C (—4 °F). The 
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Fig. 2—Clark-Wood Steel: Supported Stress (Log Scale) Versus Delay Tin 
(Log Scale) for Various Test Temperatures 


results, shown in Fig. 2, are plotted together with the previously pul 

lished data of Clark and Wood (11) for this steel. The agreement is 
encouraging although there is a decided tendency for present stress 
values to lie above those of Clark and Wood for comparable delay 
time. This difference is thought to result from the slightly higher car 
bon content of the present steel than that of a prior investigation (10 

for which a closer agreement was obtained. With this qualification, the 
agreement with the original measurements of the Clark and Wood is 
sufficiently close to assure confidence that the present technique meas 
ures the same property of the material. 

The present results on the Clark-Wood steel indicate that a straight 
line relationship can be better extended to the shorter waiting times ii 
stress, as well as delay time, is plotted on a logarithmic scale, as shown 
in Fig. 2. The validity of such a relationship is suggested from th 
theoretical work of Yokobori (14) and the experimental data of Ram 
berg and Irwin (15). Consistent with this idea, the data are shown 
with the supported stress on a linear scale to facilitate re-use of data, but 
the curves drawn are equivalent to straight lines fitted through the log 
log plots of these data. 

The temperature and delay time dependence of yield strength eleva 
tion for C-W steel is demonstrated from a three-dimensional drawing 
Fig. 3, representing stress as a function of delay time (log scale) versus 
test temperature plotted in reciprocal degrees Kelvin (1/T,). Plott: 
in this way, changes in activation energy for the process can be est! 
mated from the slopes of constant stress contours projected onto the 
temperature-time plane, the lower slopes corresponding to higher 
activation energy. As expected, reduced activation energy characterizes 
the higher stress regions. 

A marked similarity between the enhancement of supported stress 
corresponding to decreased delay time, with that of yield strength, cor 
responding to increased pre-yield strain rate, can be appreciated b 
comparing the curves shown in Fig. 3 with those shown by MacDonald 
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Carlson and Lankford (16) for yield point elevation as a function of 
temperature and strain rate. This similarity is suggestive of a direct 
relationship between upper yield point and delayed yield effect. 


EFFECT OF GRAIN SIZE 


The general tendency of slow speed yield strength values to decrease 
vith increasing grain size is well known and has been summarized by 
ensamer (17) and Petch (4). Thus it is not surprising to find that 
the larger grain size products of the varied heat treatments applied to 


the B and E steels exhibit a decrease in the stress required to cause 
ield in a given short delay time. Detailed examination of the data, 
owever, indicates that a dependency of particular strength properties 
pon particular microstructural parameters may be discerned. 
For purposes of detecting correlations with the microstructural pa 
rameters, the supported stress and flow stress curves are characterized 
stress values taken at a fixed delay time of 50 microseconds and 
train rate of 250 per second, respectively. In Fig. 4 these stress values 
are plotted against a;, representative of ferrite grain size, ag, of the free 
ith between pearlite patches in the ferrite, and , of the pearlite patch 
- 
It can readily be seen that while supported stress and flow stress 
both tend to increase with decreasing size of a1, a2, and B, the best 


correlations in the data are the relationships between supported stress 
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Fig. 4—-Correlation of Microstructural Parameters with Yield Strength Character 

istics for B and E Steel. Supported stress for 50 microseconds delay time and flow 

stress at strain rate of 250 sec-! versus mean ferrite path (grain size) a1, mean ferrite 

path (between pearlite patches) az, and pearlite linear intercept (patch size) § 
Measurements at room temperature. 


and pearlite patch size and between flow stress and either grain size or 


ferrite path. That the pearlite correlations exist not only at a specific 
delay time but throughout the loading-time range covered by these 
experiments can be appreciated from Figs. 5a and b showing the ex 
perimental data points for supported stress versus delay time (log 
scale) versus pearlite intercept. Experimental uncertainty in both 
stress-time, and pearlite intercept measurements is sufficiently smal! 
to validate selection of the correlation with pearlite size to the exclu 
sion of either grain size parameter. 

A general tendency for the magnitude of the pre-yield microstrai: 
as detected by leveling of the supported stress values for short delay 
times, to increase with increasing grain size is evident from Fig. 5. 

Figs. 6a and 6b similarly display smooth surfaces obtained from the 
experimental data points for flow stress (log scale) as a function of 
strain rate (log scale) versus ferrite path az (log scale) for B and | 
steels respectively. This is similar to the correlation suggested by 
Gensamer (17). 


EFFECT OF CARBON CONTENT 
A connection has long been sought between the yield strength eleva 
tion associated with increased strain rate and the fracture ductility 
transition. Rinebolt and Harris (13) have demonstrated that the carbor 
content in these steels has a dominant influence on ductility transition 
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temperature. For the ships steels (B and E) the downward revision 
carbon content in recent specifications represents an effort to decrea 
the transition temperature. For this reason, the test temperatures tor 
these steels of varied carbon content has been varied over the rang 
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Supported Stress Versus Delay Time (Log Scale) for Various Test 


Temperatures between 69 and 1 C (—92 and 253 °F) 


f the ductility transition of the Charpy V Notch Test. Thus in Figs. 7a 
through 7f, the supported stress versus delay time is plotted for selected 
temperature intervals in the range —69 to 123 °C (—92 to 253 °F ) for 
steels of varied carbon content. Curves fitted through these data cor 
respond to straight lines fitted through the logarithm of the supported 
stress versus the logarithm of the delay time plots as suggested by the 
present results on the Clark-Wood steel. The closeness of fit which is 
possible, particularly for the higher carbon and finer grain steels, would 
seem to justify linear extrapolation to static yield stress levels in order 
to outline the overall pattern of dynamic yield behavior. 

increased precision and reproductibility of yield delay measurement 
in the shorter delay-time range is attributed to the larger differences 
here between the supported stress and flow stress. As this difference 
is increased, the yielding becomes more abrupt and readily definable, as 
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Fig. 7 (continued)—-Supported Stress Versus Delay Time (Log Scale) for 
Various Test Temperatures between —69 and 123 °C (—92 and 253 °F). 


can be appreciated from the records shown in Fig. 1. The actual stress 
difference observed is a characteristic of the stiffness of the loading 
device and of the sensitivity of flow stress to strain rate as well as of the 
extent of yield point elevation. 

General trends in the supported stress and flow stress date are agai 
summarized by plotting them against temperature for selected values 
of delay time and strain rate (Fig. 8), respectively, of 50 microseconds 
and 250 per second. An overall tendency to increased supported stres 
and flow stress with increased carbon content is quite evident. Th: 
similarity between dynamic strength characteristics of the fine grain 
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Fig. 7 (continued)—Supported Stress Versus Delay Time (Log Scale) for 
Various Test Temperatures between —69 and 123 °C (—93 and 253 °F) 





ow carbon steel C-1 and the coarse grain, furnace cooled samples of 
higher carbon B and E steels is also notable, particularly since these 
steels exhibit marked differences in Charpy transition temperature. 
Deviations from a unique relationship between carbon content and 
yield or flow stress are evident from Fig. 9, showing stress supported for 
50 microseconds at room temperature versus the carbon content. One 


might hope that corrections of the supported-stress values for the devia 
tions of these steels from truly constant microstructural parameters 
might be possible from the results of the grain size study. This has 
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been attempted by extrapolation of the supported stress values for each 
steel along paths suggested by the pearlite patch size correlation ot 
Fig. 4, to a selected 8 value of 0.01 mm. The resulting “corrected” sup 
ported stress values, as well as the uncorrected values, are plotted as a 
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unction of carbon content in Fig. 9. The improvement in ordering 
ver that obtained from uncorrected stress values is notable for all but 
the Clark-Wood steel and the E steel. The history of the Clark-Wood 
steel is not known but the E steel is a rimmed steel. Also both are 
substantially lower in manganese content than the other steels. It 1s 
noteworthy that corrections based on the other microstructural param 
eters do not give a smooth correlation with carbon content. 

The shape of the curve of “corrected” supported-stress versus carbon 
ontent is quite similar to that shown by Winlock (8) for lower yield 
strength as a function of carbon content. One might reason that in the 
arbon level below 0.05%, grain size would be the dominant parameter 
whereas the region of maximum sensitivity to carbon content, 0.10 to 
(0.25%, would be dominated by the increase in pearlite. 

In the light of the tendency of supported stress for given delay to 
increase with increasing carbon content, prior indication of the domi- 
nance of pearlite patch size is not unreasonable. Both increased carbon 
content and decreased pearlite patch size are accompanied by increased 
supported stress characteristics. If one wished to correlate the sup 
ported stress with a “mean free path” which could be traversed in 
ferrite before striking a pearlite patch, this “path’’ would decrease with 
increased population of pearlite patches of the same size (increased 
carbon content, fixed pearlite patch size) as well as with a breaking 
up of a given relative amount of pearlite into smaller pieces (fixed 
carbon content, decreased pearlite patch size). One might associate 
the magnitude of such a path with strength characteristics, much as 
Gensamer (17) has done for the ferrite path as measured by ag. For the 
present data, however, the pearlite patch size would appear to provide 
a better indicator of such path. 


CONCLUSIONS 
The results of this study of vield delay in mild steels of varied grain 
size and carbon content would appear to support the following con- 
clusions: 

1. Measurement of the delay time for which a given constant 
stress can be supported prior to gross yielding provides an im- 
proved criterion for evaluating upper yield strength. The 
present measurements show good agreement with the earlier 
data of Clark and Wood on identical steel. 

When plotted against the logarithm of the delay time, the 
logarithm of the stress supported before yield provides a more 
linear relationship than does the stress plotted on a linear scale. 
For delay times less than about 10 microseconds, extension of 
a linear relationship between the logarithm of the supported 
stress and the logarithm of the delay time is often no longer 
possible because of the decrease in the stress which can be 
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supported resulting from pre-gross-yield nonelastic flow, or 
microstrain. The tendency to pre-vield flow increases wit 
increasing grain size. 
The microstructural parameters affecting initiation of yield ar 
not the same as those affecting post yield plastic flow. For steel 
of given chemical composition, the elastic stress which can be 
supported for given short delay time, which is associated wit! 
the upper yield point, depends upon the size of the pearlit 
patches more strongly than upon the ferrite grain size for 
either normalized or annealed materials. Increased supported 
stress accompanies decreased pearlite patch size. 
At given composition, the flow stress at given high strain rate, 
which is associated with the lower yield point, depends upon 
the distance between pearlite patches, and also upon the grain 
size, more strongly than upon the pearlite patch size. Increased 
flow stress accompanies decreased grain size. 
Increasing carbon content increases the stress supported for 
given delay time in a regular manner provided that the man 
ganese content and deoxidizing practice are similar and a cor 
rection is made for variation in pearlite patch size. 
Increasing grain size and decreasing carbon content appear to 
similarly affect the supported stress versus delay time char 
acteristics. 
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DISCUSSION 


Written Discussion: By J. D. Campbell, lecturer in Engineering Science, Uni- 
versity of Oxford, Oxford, England. 

rhe authors are to be congratulated on a most useful and comprehensive in- 
vestigation of the effect of metallurgical variables on the dynamic yielding of 
steel. They have obtained valuable information concerning the influence of micro 
tructure on both the flow (or lower yield) stress and the supported (or upper 
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yield) stress, under rapid loading conditions. Their statement that the grai: 
size effect dominates the interstitial carbon atom strengthening, however, is 
somewhat misleading, since in the absence of the latter no upper yield phenom 
non would be obtained. 

In some of the curves of Figs. 2 and 7, a horizontal line is drawn indicating a 
maximum value of supported stress, at which the delay time becomes ind 
terminate. Such a cutoff has previously been obtained only at low temperatures, 
when it has been attributed to the formation of twins (Neumann bands). D 
the authors consider that, in the range of stresses and delay times concerned 
the accuracy of their measurements is such that this cutoff can be definitely 
established? If so, have they any suggestions as to possible reasons for such be 
havior ? 

It is of interest that, apart from this possible cutoff at small delay times, the 
results presented fit the power-law relationship between supported stress and 
delay time put forward on theoretical grounds by the writer (18).? This relatior 
ship is based on Yokobori’s (19) approximation to Cottrell and Bilby’s (20) 
theoretical activation energy function. The curves of Fig. 2 permit an experi 
mental determination of this function, by plotting the logarithm of the delay 
time against the reciprocal of the absolute temperature, for various constant 
stresses. This has been done in Fig. 3 of the paper, from which it appears that 
the activation energy varies slightly with the temperature, at any given stress 
The evidence for this, however, appears to depend almost entirely on the results 
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of the tests at —60 °C (—76°F). To illustrate this, Fig. 10 of this discussio1 
has been prepared, in which individual points are plotted corresponding to the 
intersections of the curves of Fig. 11 with lines of constant stress. (The points 
for the three lowest stresses at —20°C were obtained by extrapolation of th 


1 The figures appearing in parentheses pertain to the references appended to this discussior 
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levant straight line in Fig. 11). It is seen from Fig. 10 that if the points cot 
sponding to the tests at —60 °C (—76 °F) are lowered slightly, the evidence for 


urvature of the lines becomes negligible. The necessary change in temperature 


about 5 °C; it would therefore be of interest to know whether it is possible 
hat the actual specimen temperature during these tests could have been some 
C higher than the —60 °C (—76 °F) stated 
Che slopes of the straight lines drawn in Fig. 10 determine the activation energy 
} as a function of the applied stress ¢. The values so obtained have been plotted 
in Fig. 11. Three simple expressions have been put forward to approximate to 
is function, in addition to the original complex one derived by Cottrell and 
Bilby (20). Yokobori (19) suggested an empirical expression of the form 


Ua— In (¢/e0), [1] 
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where go, is the stress for which U = O. Fisher (21) derived, by considering 
simplified mechanism of dislocation release, a relation of the form 


Uae”. [2] 
More recently, Cottrell (22) has obtained, by an approximate treatment, the result 
U=0.9 (1 —¢/a,)', [3] 


U being measured in electron volts per atom. 

It is of interest to compare the results of Fig. 11 with these formulae, an 
this has been done in Figs. 12, 13, and 14. Fig. 12 shows U plotted against log 
Fig. 13, U plotted against o; and Fig. 14, U’” plotted against o. In these figures 
straight lines are drawn, corresponding to Equations 1, 2 and 3; it appears 
that Equations 1 and 3 give the best agreement with experiment, since the points 
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-_D DELAY-TIME 

a systematic departure from the straight line in Fig. 13. The constant ¢ 
be obtained by extrapolating to U = O in Figs. 12 and 14; the values found 
respectively 2.0 x 10° psi and 3.0 x 10° psi. The constant of proportionality in 
uation 1 is found from Fig. 12 to be 0.30 eV /atom, and that in Equation 3 is 
i from Fig. 14 to be 0.73 eV /atom; the latter is in reasonable agreement with 
ilue 0.9 eV /atoms obtained theoretically by ttrell. It is evident that Equa 
ot hold for low stresses, as it implies a finite activation energy as o tends 


ut this is not a serious defect when considering delayed yielding, whic! 


y occurs at stresses above the static upper yield stress. It appears therefore 
it. for the range of stresses covered in the authors’ tests, the activation energy 
n release is given to a good approximation by either Equation 1 
3. Of these, Equation 1 is the more convenient to apply, since it 
simple power relationship between the rate of release of dislocati 
[ stress. 
~usser wishes to express his appreciation to Convair Aircraft C 
for their partial support of his research activities under the Convair Dy 
ing Research Project being conducted at U.C., Berkeley 
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Authors’ Reply 


authors wish to express their appreciation to Professor Campbell for his 
h analysis and thought provoking discussion of their paper 
hors’ statement regarding grain size dominance is worded thus: “I 
rystalline steel, with sufficient carbon present to saturate the iron lattice 
grain size appears to exert a dominating influence on the yield strength char 
eristics.” Inclusion of clause recognizing saturation of interstitial carbon was 
ught to constitute recognition of the co-existence of this effect; not its absence 
xperimental evidence for dominance of grain size effects must, of course, be 
sed on the premise that other effects are not significantly varied; however 
t necessary that they be absent. Indeed Professor Campbell’s emphasis that 
must be present is well taken 
rhe leveling off of supported stress values at short delay times has been an 
characteristic of dynamic loading experiments. The effect is asso 


esting ch 
ted with the pre-yield microstrain, that is the anelastic deformation occurring 


r to upper yield point and gross slip. The bar loading device applies a 
nstant stress on the specimen in direct proportion to its striking velocity so 
ng as the specimen does not contract so as to permit the velocities of its ends 

liffer. Indeed it is by such contraction that gross yield is detected 
While typical microstrain the order of 0.05% appears a negligibly small « 
tion, when such strain must occur in a 5 microsecond yield delay time the 
rain rate in the specimen becomes appreciable; about 100 per second. The 
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Fig. 15—Supported Stress versus Activation Energy for Various Steels 


corresponding decrease in stress would be about 10,000 psi. In our work 
recognize this effect by calling the applied stress that which would be appli 
by the bar to a truly elastic specimen as measured by bar velocity; the suy 


ported stress is defined as the applied stress minus the change in stress attributab! 
to pre-yield microstrain. Supported stress is measured from the strain gag: 


record. 
Delayed yield tests on a large assortment of mild steels indicate that a lin 


relationship between log applied stress and log delay time can generally be ex 
tended to very short delay time. For fine grain steels it may turn upward as 
recorded in the discussion to Ref. 10 of the paper. But for the materials char 
acterized by large pre-yield microstrain, the supported stress values decrea 
and level off as a result of the contraction of the specimen due to microstrain. 

This explanation does not tell us why log applied stress versus log delay tim: 
maintains a linear relationship to short delay times. But assuming this, the ob 
served leveling of supported stress is consistent with our knowledge of tl 
qualitative tendencies of pre-yield microstrain: that it increases with grain siz: 
with temperature; and with stress level held before gross yield. These effe 
might not conflict with the criterion of yielding after accumulation of a give! 
microstrain, as previously proposed by Professor Campbell in his Ref. 18, p1 
vided the microstrain rate be first linear, then sharply increasing as a functi 
of increasing stress level. 

Regarding error in the temperature measurement at 
readings in the bath corresponded well with thermocouple readings on the spe 
men. An error of 5°C would seem unlikely. The agreement between our dat 


‘ 


—60 °C, thermom 


for —60 °C (—76°F) and that of the California Institute of Technology Grou, 


is notable. 
This failure of activation energy analysis to fit at low temperature is not 1 
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Publications of the California Institute of Technology Group have previously 


| this anomaly. In an earlier paper on delayed yield (Ref. 10) a similar 


ted 
crepancy was noted by one of us. The effect should be associated with the 
nvex inflection in the yield stress versus temperature relationship generally ob 
rved for steel as temperature is reduced 

If one neglects this inflection and calculates activation energies for the remain 
g delay time versus temperature data of this paper, a more complex situation 
revealed (Fig. 15). Only the B steel exhibits a form which should be 
traightened by any of the functional forms employed by Professor Campbell 
he most striking characteristic of these curves is the tendency to inflect at 
nergy levels of about 0.33 eV. There is also a tendency for activation energy 
ilues to increase with decreasing grain size at a given strength level 
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SOME LOW TEMPERATURE OBSERVATIONS 
OF 1020 STEEL 


By F. S. DEronyA AND M. GENSAMER 


Abstract 


At grain size ASTM 4, 1020 steel has a 68°F higher 
ductile to brittle transition temperature than at grain size 
ASTM 6, in simple tension. A hundredfold increase in test- 
ing speed has the effect of narrowing the transition range. 
The temperature at which there is a decrease in frac- 
ture stress was found to coincide with the approximate 
temperature at which twins first appear. Small jogs were 
observed in the load-extension curves and were found to be 
essentially due to twinning. Twinning precedes crack nu- 
cleation and propagation in the brittle range, and above the 
transition temperature can occur before the yield point 
phenomenon. The maximum possible amount of low temper- 
ature ductility which could be attributed to twinning was 
estimated. It was found that twinning is the primary mode 
of deformation in the coarse-grained steel below the transi- 
tion temperature ; in the fine-grained steel twinning assumes 
a smaller role and most of the observed ductility may be 


attributed to slip. (ASM-SLA Classification: Q23, Q24, 
2-63; CN) 


INTRODUCTION 


N THE COURSE of a systematic study, extending over several 

years, of the ductile-brittle transition (transition temperature) in 
steel, some observations have been made that throw light on the nature 
of this transition, particularly in relation to the twinning process that 
is usually associated with fracture by the brittle mode. In addition, a 
number of observations have been made concerning the effects of rate 
of straining and grain size; while they contribute little to our 
qualitative understanding, they constitute quantitative data that should 
be recorded. 

Studies in this area are usually made with some type of notched 
specimen, the notch serving to produce brittleness at temperatures suf 
ficiently high to minimize experimental difficulties. The use of such 
specimens, however, reveals little concerning the variation of the funda 
mental mechanical properties as the temperature is lowered, because 


A paper presented before the Fortieth Annual Convention of the Society, held 
in Cleveland, October 27 to 31, 1958. Of the authors, F. S. Deronja is Research 
Assistant and M. Gensamer is Professor of Physical Metallurgy, School of 
a Columbia University, New York, N. Y. Manuscript received April 14 
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the strain is not uniformly distributed in the plastic region. This in- 
vestigation attempted to establish this behavior through studies with 
unnotched specimens under uniaxial stress, in which the strain is suffi- 
ciently uniformly distributed to permit the determination of the stress 
and strain upon yielding and fracture. 

The material examined was 1020 steel. The variation of the me- 
chanical properties with temperature was observed in two grain sizes 
at two testing speeds, efforts being made to keep other variables 
constant. 


EXPERIMENTAL DETAILS 
Specimen Preparation 
The steel had the following composition in weight % : carbon, 0.20; 


silicon, 0.034 ; manganese, 0.44; phosphorus, 0.015; sulphur, 0.026. It 
was furnished in the form of *4g-inch rods from which tensile speci- 
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Fig. 1—Low Temperature Tensile Specimen. 


mens were machined. These specimens, instead of having the conven- 
tional shape of a cylindrical gage length with end fillets, were con- 
toured to a 31-inch radius with a minimum diameter of about 0.090 
inch. See Fig. 1. The effective gage length is uncertain, varying from 
about 0.1 inch to 0.4 inch as determined by observing the length over 
which twinning occurred on slow straining. The effective gage length 
was smallest in the brittle range. Over this distance (0.1 inch) the 
diameter varies by about 0.001 inch (approximately 1% with a mini- 
mum diameter of 0.090 inch), which is comparable to the diameter 
variation in a standard 0.505-inch bar, in which the effective gage 
length for very small strains is probably no greater relative to the 
diameter. These specimens eliminated the problem of fracture in the 
fillet 

Final polishing was done with 4/0 metallographic paper, keeping 
the scratches parallel to the specimen axis. After polishing, the speci- 
mens were individually capsuled in evacuated quartz tubing and heat 
treated to grain sizes of ASTM 4 and 6. The average grain diameters 
estimated from the mean line intercepts were 0.0034 and 0.0017 inch. 
This method of specimen preparation minimized machining stresses 
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which might affect the low temperature characteristics. Diameter 
measurements were made before and after fracturing with an optical 
comparator. 


Testing Above 20 °K 

Above 20 °K specimens were tested in a hydrogen cryostat tensile 
machine designed and constructed by E. O. Deimel (1).' The machine 
was screw-driven, with the specimen located in the cold zone of the 
cryostat at the end of a long tube which served as the compression 
element of the testing machine. The specimen was held in position 
between two sets of universal joints which also acted as grips. A 
straight section between the threads of the specimen and the reduced 
gage section was ground to give a slide fit into the universals, the speci 
men being fastened by nuts on its ends. In this way the alignment was 
not dependent on the threads. A small preload was applied prior to 
cooling the specimen. Loads were recorded with a dynamometer utiliz 
ing SR-4 strain gages in conjunction with a hot wire oscillograph. 

Cooling below liquid nitrogen temperature was accomplished by the 
expansion of high pressure cylinder hydrogen, precooled with liquid 
nitrogen. Temperature measurements were made with a copper 
constantan thermocouple taped to the middle of the specimen gag 
length. The thermocouple had been calibrated against a helium gas 
thermometer. Temperature measurements are believed accurate within 
two degrees. 

Tests at temperatures above liquid nitrogen (77.3 °K) were mad 
while the temperature was decreasing, the rate being sufficiently slow 
to permit completion of the test without a significant temperature 
change. Where the expansion of high pressure hydrogen was required 
the temperature was permitted to go slightly below that desired, and 
the specimen fractured during the temperature rise. The testing tem 
perature was recorded as the temperature at the time of fracture, except 
in those cases where the change was appreciable during the tests, whe: 
the testing temperature was taken as the average temperature. Thi 
extreme temperature was never more than 1 °K above or below th 
average. 


Testing Below 20°K 

Temperatures below 20 °K were achieved in a helium cryostat de 
signed for use in an Instron testing machine (2). Again the specimer 
was located in the cold zone at the end of a tube as in the hydroget 
cryostat. Temperature was measured with a 0.1 watt, 100 ohm, Aller 
Bradley carbon composition resistor in contact with the specimen gag 
length. The error in estimating the temperature was probably not 
greater than 0.3 degree. 


1 The figures appearing in parentheses pertain to the references appended to this paper 
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Crosshead Speed 


C 


Fracture Stress 
4 Yield Stress 
2 % Reduction of Area 


Reductior 


Size ASTM 6 
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Effect of Grain Size on the Low Temperature Mechanical Properties of 1020 
1T f Inch Per Minute 


Steel Tested at a Crosshead Speed 
EXPERIMENTAL RESULTS 
Effect of Grain Size 

The parameters used to describe the low temperature behavior are 
fracture stress (load at fracture divided by the final area), yield stress 
upper yield load divided by the initial area) and the reduction in area. 
Fig. 2 gives the variation of these with temperature for grain sizes 
\STM 4 and 6 tested at a crosshead speed of 0.1 inch per minute. The 
results for the two grain sizes tested at 10 inches per minute are pre- 
sented in Fig. KR 

Examination of the curves in these figures indicates that a transition 
range exists and extends in width as much as 140 °F. It was decided 
to call the transition temperature that temperature at which one had 
2.5% ductility. This figure was chosen for several reasons: First, it 
was the least amount of ductility present at the lowest testing temper 
iture in the ASTM 6, 10 inches per minute series; second, etch pits 
revealed the fractures below this value to be essentially cleavage ; third, 
the transition temperatures obtained coincide closely with those ob 
tained when the intersections of the upper yield stress and brittle frac 
ure stress curves are used as the criterion 

On the basis of the preceding, increasing the grain size by two ASTM 
umbers resulted in lowering the transition temperature about 68 ° F 


Effect of Testing Speed 


The results of changing the testing speed are given in Figs. 4 and 5. 
tilizing the transition temperature defined previously, increasing the 
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Fig. 3—Effect of Grain Size on the Low Temperature Mechanical Prop 
erties of 1020 Steel Tested at a Crosshead Speed of 10 Inches Per Minute 
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Fig. 4—Effect of Testing Speed on the Low Temperature Behavior of 1020 Steel wit 
a Grain Size of ASTM 6. 


speed one hundredfold resulted in raising the transition temperatur: 
about 50 °F. The greater effect, however, seems to be a narrowing 0 
the transition range as a result of the increased speed. This is evident 
in both grain sizes examined, being slightly greater for the smaller one 
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Effect of Testing Speed on the Low Sommgecatnte Behavior of 
1020 Steel with a Grain Size of ASTM 4. 


Metallographic Examination 


Some of the fractured specimens were mounted and polished to per- 
mit microscopic examination of a plane parallel to the specimen axis. 
For the fine-grained specimens tested at 0.1 inch per minute, the fol 
lowing was observed: 


1. The fracture at 109°K and above occurred on planes other 
than the cube planes as shown by an etch pit technique (3). 
At 83°K and 54°K and between, the fracture occurred on 
both the cube planes and planes other than the cube planes. 
\t 52 °K and below, the fracture occurred on the cube planes. 
The specimen at 109 °K exhibited evidence of twinning. The 
twins were wide and irregularly edged, and only about two 
per cent of the grains contained them. As shown in Fig. 6, 
several were found in severely deformed grains, but were so 
ill defined as to suggest that they formed early in the deforma- 
tion process, possibly before the yield point. Slight jogs usually 
appeared on the load-extension traces prior to the yield point 
for those specimens fractured below 109 °K. These jogs were 
accompanied by audible clicks, usually characteristic of twin 
ning. 

At 88 °K the number of grains containing twins was estimated 
to be 12%. This number increased to about 17% at 60 °K. At 
the transition temperature (52°K), the number of twinned 
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6—Specimen Fractured at 109 °K Showing Wide Irregularly Edged Twins in 
Severely Deformed Grains. Nital etch. « 1000 


grains was on the order of 9%. However, there was an 
crease in number of twins per grain. These twins were | 
wide and not as irregularly edged as at the high temperature 
At 48 °K and below the number of grains involved in twinnin 
was an estimated 20%. In this range only narrow twins, lenti 
ular in appearance, were present. 

The specimen length over which twinning was observed was 
a minimum at 54 °K. The length varied from 0.4 inch at 88 °K 
to 0.1 inch at 54 °K. At temperatures below 54 °K a negligibl: 
increase in the length was detected. 


The fine-grained specimens deformed at 10 inches per minute 


vealed the following : 


1. The twins at 97.5 °K were wide and irregularly edged, simi 
n - b 
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mntribution of Twinning to Low Temperature Ductility 


in type and number to those possessed by the specimen frac 
tured at 88 °K and at the slower rate. 

At 75.5°K, 27% of the grains showed evidence of twin 
ning, with the twins being less wide than at the higher temper- 
atures. The widest twins were found adjacent to the fracture 
The number of twinned grains decreased to about 22% at 
59.5 °K. Below this temperature all twins were narrow and 
lenticular, the number of twinned grains increasing to about 
30% at 36.5 °K. 

In the brittle range there was an estimated 25% average in 
crease in twinned grains over that observed at the slower rate 


Contribution of Twinning to Ductility 


\n attempt was made to calculate the contribution of twinning to 
ductility at low temperatures to determine whether or not all the ob- 


served ductility below the transition temperature could be accounted 
for by twinning, with slip contributing only slightly. The calculation 
was based on the assumption that the grains could be considered 
spherical and that the orientations of all twins adjacent to the fracture 
vere in the most favorable position for a maximum contribution to the 


reduction in area. The relationship between twinning and the final 
pecimen diameter is 


de [1 0.293 T)] 
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where d, is the initial specimen diameter ; G the percentage of twinned 
grains in the area adjacent to the fracture; and T, the average amount 
a grain twins, expressed as the fraction of the twinned grain volume 
that has twinned. 

Calculations for the maximum possible ductility from twinning ar 
presented in Fig. 7. It appears that the observed ductility below th 
transition temperature in the coarse-grained steel could be accounted 
for by twinning alone. This does not seem to be the case for the fin: 
grained steel. 

Discussion OF RESULTS 

This investigation had been undertaken to determine the variatio 
of the mechanical properties of 1020 steel as the temperature was low 
ered to produce brittleness. Changing the grain size merely resulted in 
a displacement of all curves describing these properties, while changes 
in strain rate produced displaced curves with different slopes. The 
brittle fracture variation with temperature was relatively unaffected 
by either grain size or strain rate. 

The appearance of twinning near the ductile to brittle transition again 
brings up the old question as to whether twinning is the primary cause 
of crack nucleation and subsequent brittle behavior. Current theories 
consider the role of twinning to be insignificant and there appears to 
be some evidence that twinning is not necessary for brittle failure (4 
The theoretical treatments recognize slip as the cause of crack nuclea 
tion. The basic idea is that dislocations concentrating at a barrier may 
raise the local stresses ahead of the array to a level sufficient to initiate 
a crack. The crack may or may not propagate depending on the ability 
of further dislocation movements to relax the stress concentrations at 
the tips. Brittle behavior occurs when for some reason the relaxation 
process is limited. 

Although twinning may not be necessary for brittle behavior, twins 
almost always are observed to accompany it. If the twinning occurs 
prior to crack nucleation and propagation, then it seems reasonable to 
expect that it will have some influence on the nature of the failure. 

Erickson and Low (5) have observed that irregularities occurred i: 
stress-strain curves of low carbon steel tested below 78 °K. It was 
concluded that these irregularities were the result of twinning and that 
the twinning could occur either prior to the yield phenomenon or sub 
sequent to it, depending on the temperature. At sufficient!y low tem 
peratures it is thought that twinning occurs initially and suppresses the 
yield phenomenon completely, while at higher temperatures (77 °K t 
125 °K) the twins are formed only after yielding has occurred. 

The appearance of irregularities in test curves was also noted in the 
present investigation. The irregularities occurred as one or mor: 
distinct jogs at stress levels considerably below the yield point, or 
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he fracture stress if in the brittle range, and/or as a waviness in the 

urve past the proportional limit. It may be possible that the axial 
ilignment of the specimen determines which type of irregularity takes 
place. 

Several tests were stopped prior to the appearance of the yield point 
and the specimens examined microscopically. Comparison with speci- 
mens fractured at the same temperature showed that most of the twin- 
ning had occurred before the yield point. Although not conclusive, there 
is an indication that this may be so up to 109 °K. In tests performed 
in the helium cryostat facilities existed for measurement of extension. 
[he extension accompanying the jogs could therefore be employed to 
calculate the ductility, provided the gage length of the contoured speci- 
men were known. Assuming that the gage length was that specimen 
length in which twinning occurred, the calculated ductility agreed 
reasonably well with that measured. It was concluded, therefore, that 
the irregularities in the load-extension curves were essentially the re- 
sult of twinning deformation and that this twinning precedes crack 
nucleation and propagation. 

The formation of twins in polycrystalline material leads to intense 
stresses which may initiate local slip in the surrounding region (6), or 
in neighboring grains (7). The presence of twins could influence the 
fracture in two ways: 1) by determining the extent of local slip, that is, 
the number of dislocations generated, and 2) by acting as barriers to 
dislocations trying to move from areas of high stress, such as found at 
ulready existing cracks. 

Examination of the fracture stress curve for the fine-grained steel 
in Fig. 2 shows the beginning of a drop in fracture stress at 109 °K, 
the approximate temperature where twinning first occurs. 

The sharpness of the yield point in the coarse-grained material was 
found to change with temperature. The yield point was sharp and 
prominent as the temperature was lowered to 96°K where it then 
began to flatten out. This may be a manifestation of the suppression of 
the yield point as a result of the twinning preceding it. 

The calculation of the contribution of twinning to low temperature 
ductility indicates twinning is the primary mechanism of deformation 
in the coarse-grained steel. In the fine-grained material, however, the 
twinning assumes a smaller role with slip contributing a greater part 
to the ductility. Variables which affect the choice of one deformation 
mechanism over the other can be expected to have a greater influence 
m one of the grain sizes. Strain rate appears to be such a variable, high 
rales favoring twin formation (8). Therefore, one should observe a 
difference in strain rate effect on the ductility in the two grain sizes, 
the effect being less noticeable in the coarse-grained series, where twins 
ire the primary mode of deformation at both low and high strain rates. 
An inspection of Figs. 4 and 5 shows this to be the case. 
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CONCLUSIONS 
In unnotched tensile specimens of the 1020 steel examined, in- 
creasing the grain size from ASTM 4 to ASTM 6 results in the 
lowering of the ductile to brittle transition temperature by about 
68 °F. 
A hundredfold increase in testing speed raises the transition tem- 
perature, as defined by a very small amount of ductility, by about 
50 °F. The greater effect is a narrowing of the transition range 
at the higher speed. 
Twinning is the primary mode of deformation in the coarse 
grained steel below the transition temperature. With the finer 
grained material twinning assumes a smaller role and slip con 
tributes a greater part to the observed ductility. 
As the testing temperature is lowered, the fracture stress starts 
to decrease at the temperature at which twins are first observed 
Twinning precedes crack nucleation and propagation in the brittle 
range, and above the transition temperature can occur before the 
yield phenomenon. It is thought that twinning might influence the 
failure by determining the extent of local slip at the ends of the 
twins and/or by acting as barriers to dislocations attempting t 
move from high stress areas, such as may be found at tips of 
already existing cracks. 
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TRANSFORMATION KINETICS OF BETA 
PLUTONIUM 


3y R. D. NELSon 


Abstract 
The transformation kinetics of beta plutonium were de- 
termined by using a fluid displacement technique. The rate 
of formation of the alpha phase from the beta phase was de- 
termined after beta heat treating and allowing the sample 
to transform isothermally in the alpha range. Isothermal 
reaction curves were obtained from —78 to +90 °C (—108 
to +194°F). A time-temperature transformation curve 
showed the maximum rate of transformation to be appro.xi- 
mately —20 °C (—4 °F). The beta phase did not transform 
completely to alpha when the transformation was allowed 
to proceed isothermally. A relationship between the fraction 
untransformed beta and the transformation temperature 
has been established. (ASM-SLA Classification: NO6p, 
N7c; Pu) 
INTRODUCTION 
HERE ARE SIX allotropic forms of plutonium. The stable lattice, 
alpha, at room temperature is thought to be monoclinic and trans 
forms to the beta phase, the crystal structure of which is unknown, at 
approximately 120°C (248 °F), (1)'. 

Very little work on the transformation kinetics of plutonium has 
been reported, (1,2,3). No quantitative work has been presented. It 
has been suggested that the B—a transformation is a sluggish reaction 
with always some retained beta phase remaining at room temperature. 

The preliminary work has shown that the transformation kinetics 

f beta plutonium at temperatures below the beta to alpha transforma 
tion temperature behave in a manner similar to the decomposition of 
certain eutectoid alloys. 

It was suggested that the rate of transformation of the beta phase be 
studied using a fluid displacement measurement. This report presents 
isothermal reaction and time-temperature-transformation curves of a 
sample of normal purity obtained by this technique. 


EXPERIMENTAL PROCEDURI 


Wafers one inch in diameter and 0.030—0.045 inch thick were ma 


¢ figures appearing in parentheses pertain to the references appended to this paper 
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chined from one inch as-cast plutonium ingots. A 0.015 inch hole was 
drilled near one edge of the wafer so that the sample could be suspended 
in solution from the beam of an analytical balance by means of a 0.005 
inch wire. Whenever possible the same sample was used to obtain th 
data. The effects of variables such as size, composition and casting were 
minimized by using a single sample. 

A sample of each purity was held in a bath of carbon tetrachloride 
and dry ice at —20°C (—4°F) for a minimum of ten minutes to 
assure complete transformation of beta. Heating curves from 26 t 
175 °C (79 to 347 °F) were then obtained of each sample by deter 
mining the weight in a bath of peanut oil as a function of temperature 
Cooling curves were obtained in a similar manner after holding th 
samples at 175 °C (347 °F) for 1 hour. 

Since it was necessary to obtain the weight in solution at temper 
atures as high as 200°C (392 °F) and in a closed glove-box, peanut oil 
was chosen to be the most satisfactory bath. Due to the oxidation of 
the surface and the large surface to volume ratio the error in making 
actual density measurements was quite high. Thus only weight changes 
were recorded. 

Isothermal reaction curves of the B—>a transformation were obtained 
by solution heat treating at 175°C (347°F) for 1 hour, quenching 
to temperatures between —80 and +90 °C (—112 and 194 °F), and 
holding isothermally until there was no further apparent transforma 
tion. The sample was quickly taken from the high temperature bat! 
and quenched into the low temperature bath, simultaneously hanging 
the sample onto the beam of the analytical balance by means of a 0.005 
inch wire. 

The weight of the sample was obtained and recorded as a function 
of time. The time required to obtain the initial weight was approxi 
mately ten seconds. 

Isothermal reaction curves at temperatures between —80 and 
1-90 °C (—112 and 194°F) were obtained in this manner. It was 
necessary to use carbon tetrachloride at temperatures between +-20 
and —22°C (68 and —7.6°F) as the peanut oil was too viscous 11 
this temperature range. The quenching medium at —40 and —78 °C 
(—40 and —108 °F) was acetone. 

After the apparent completion of the transformation of beta at each 
holding temperature the sample was held at —21 °C (—6°F) for ten 
minutes and reweighed at the transformation temperature. 


Discussion OF RESULTS 
Heating curves have shown the a—8 transformation to occur at aj 
proximately 130 °C (266 °F) at a heating rate of 40 °C per hour. Th: 
8—a transformation is considerably more sluggish as the alpha did 
not appear until the temperature had dropped to approximately 70 °' 
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Isothermal Reaction Curves of the Transformation of Beta Plutonium 
Showing the Weight Change as a Function of Time 





Isothermal Reaction Curves of the Transformation of Beta Plutonium 
Showing the Fraction Transformed as a Function of Time 


I58°F). The temperature at which the transformation occurred 
aried considerably depending upon the impurity content of the 


plutonium. 

Isothermal reaction curves of a sample of normal purity showing 
the weight increase as a function of time were plotted in Fig. 1. The 
curves show the rate of reaction to decrease from —21 to +67 °C 

5.8 and 153 °F) and from —21 to —78°C (—5.8 and —108 °F). 
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Fig. 3—Isothermal Reaction Curves of the Transformation 
of Beta Plutonium Showing the Fraction Transformed as a 
Function of Time. 
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Fig. 4—Time-Temperature-Transformation Curve of the Ba Transformation 


The start of the transformation of beta to alpha was approximately 
20 seconds at —21 °C (—5.8 °F) and 40 minutes at +73 °C (163 °F 
The start of the reaction at —78 °C (—108 °F) was three minutes and 
the completion of the reaction was approximately 15 minutes. At ten 
peratures higher than 85 °C (185 °F), the start of the transformatio: 
was longer than two thousand minutes. 

Isothermal reaction curves showing the fraction of alpha formed 
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m beta as a function of time were plotted in Figs. 2 and 3. The 
ction transformed was obtained from the relationship : 


2) f(t) W, W/W: — W; 
W,. was the weight in solution at any time 
W, was the initial weight in solution 
Wr was the weight in solution after which there 
as no further apparent change 


The weight W, was not necessarily the completion of the transforma 
tion for some retained beta phase may have been present. However, 
W, did indicate the completion of the transformation at the temperature 
of holding. 

The isothermal reaction curves have the shape of typical sigmoid 
curves which are characteristic of nucleation and growth processes. 


Fig > Fraction of Weight Increase After 
Cold Treating and Re-Weighing of a Sample 
Having 5 PPM 


The time-temperature-transformation curve, Fig. 4, was sketched 
from the isothermal reaction curves shown in Figs. 1, 2 and 3). The 


curve has the form of a C curve common to eutectoid alloys. The tem 
perature of the maximum rate of transformation was approximately 
20°C (—4 °F). 

(TT curves of samples of varying impurity content have been 
btained. The curves show the rate of transformation to be quite sensi 
tive to impurities. Increasing the amount of impurities shifted the 
[TT curves to the right. 
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After the reaction had gone to completion at each temperature, th: 
sample was quenched into a bath of carbon tetrachloride and dry ic: 
and reweighed at the holding temperature. At 26°C (79°F) and 
above, the weight referred to as Wg, after quenching to —21% 
(—5.8 °F) was greater than Wy. The ratio (W, — Wre)/(W, — W 
which is an expression of the fraction of untransformed beta, 
plotted as a function of temperature, Fig. 5. The value of (W, — W, 
was zero at O°C (32°F). The ratio (W,— Wr)/(W, — Wi) 
creased with lower purity. This gave the effect of shifting the curve t 
the left. 


SUMMARY AND CONCLUSIONS 


Isothermal reaction curves of the Ba transformation of plutoniw 
were obtained by fluid displacement measurements. The curves ind 
cated that the reaction is a nucleation and growth process. The result 
ing time-temperature-transformation curve had the shape of a simple | 
curve that is common to many eutectoid alloys. The rate of transform 
tion was quite sluggish above 70-80 °C (158-176°F). The present 
work shows the transformation to proceed more rapidly at the lowe: 
temperatures than has been previously reported (2,3). The maximun 
rate of transformation occurred at approximately —20 °C (—4 °F 

The specimens were allowed to transform to alpha isothermally 
quenched to —21°C (—5.8°F), and reweighed in solution at th 


} 


holding temperature. A weight increase was observed at 26 °C and 
higher which indicates there may have been some retained beta phase 
present. The higher the purity of the metal the less was the weight 
increase. Increasing the amount of impurities shifted the T-T-T curve 
to the right. 
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TRANSFORMATION CHARACTERISTICS OF DILUTE 
TERNARY ALLOYS OF URANIUM 


3y DANIEL J. Murpny 


Abstract 


A series of ternary additions of columbium, platinum, 
and molybdenum, of the order of 1.0 w/o and less, have 
been made to binary uranium —0.5 w/o titanium, an alloy of 
some promise in the y-heat treated, water-quenched condi- 
tion. Jominy bars of nine such alloys were tested, micro- 
structurally examined, and hardness profiles obtained over 
their length. 

This paper deals with observations made for correlation 
of transformation behavior, microstructure, and hardness 
profiles over the spectrum of cooling rates experienced, di 
rected toward the end of determining the effect of ternary 
additions in improving the properties of uranium. (ASM 
SLA Classification: N6p, 2-60; U-b, Tt) 


General 


HE INCREASING use of uranium in the atomic energy field 

makes it desirable to improve the natural properties of this meta] 
by the addition of alloying elements and by heat treatment. Among 
he various alloying elements added, the effects of which have been 
studied, the addition of titanium in small amounts has been found to 
improve significantly the mechanical properties of uranium, particu 
larly when cooled rapidly from a heat treatment in the y-region of tem- 
peratures. The disadvantages associated with severe quenching treat 
ments, however, introduce the desirability to obtain such improved 
properties through a milder form of heat treatment. Study of phase 
transformation behavior suggests the possibility of retarding the rate of 
the transformation of the high temperature y-phase to the lower tem- 
perature a-phase by means of addition of small amounts of ternary ele- 
ments to the binary alloy of uranium containing 0.5 w/o titanium. A 
onvenient approach to observing the effects of these additions of third 
lements over a range of cooling rates is offered by the Jominy bar test 
Such tests have been conducted on a series of uranium-low titanium 
lloys containing small ternary additions of columbium, molybdenum, 
ind platinum, and the results are described in this paper. 


Chis work was performed under the sponsorship of the AEC at the Los Alamos Scientific 
oratory 


\ paper presented before the Fortieth Annual Convention of the Society, held 

Cleveland, October 27-31, 1958. The author, Daniel J. Murphy, is Professor, 
lepartment of Metallurgy, University of Arizona, Tucson, Arizona. Manuscript 
eived August 30, 1957. 
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Constitutional Diagram, Uranium-Titanium System 


Objective 


The object of this investigation was to explore the possibilities oi 
retaining at slower cooling rates the improved mechanical properties 
exhibited by uranium containing 0.5 w/o titanium when water 


quenched from the y-phase, through small ternary additions of other 
elements. 
Previous Work 

While a very considerable amount of work has been done on uraniun 
and uranium alloys in general, very little appears to have been done 
on the uranium-low titanium system, judging from the limited amount 
of published results reported. The constitutional diagram for the U-Ti 
system appears in the “Compilation of U. S. and U. K. Uranium and 
Thorium Constitutional Diagrams” by Saller and Rough of the Battell: 
Memorial Institute (1),’ and also in “The System Uranium-Titaniun 
by Knapton of the Associated Electrical Industries, in England (2 
Representative regions of these latter diagrams are reproduced 
Fig. 1. 

A review of the rather limited amount of published information o: 
this alloy system indicated some promise for effecting worthwhile i1 
provement in the mechanical properties and corrosion resistance 
uranium by adding to it small amounts of titanium, and it led the writ 
to undertake a more systematic investigation of these properties, th 
results of which have been reported in “Some Properties of Uraniw 
Low Titanium Alloys” (3). This work confirmed the fact that sma!! 
additions of titanium to uranium improve its mechanical properties and 


1 The figures appearing in parentheses pertain to the references appended to this paper 
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resistance to corrosion. It also established that the range for useful 
improvement lies between 0.1 w/o and 1.5 w/o titanium addition, with 
optimum mechanical properties resulting from 0.5 to 1.0 w/o titanium 
additions. Quite apparent, however, was the dependence of all around 
improvement in mechanical properties upon the rate of cooling applied 
after a heat treatment in the y-region of temperature. Optimum prop 
erties were obtained from a water quench, while slower cooling rates 
produced lower tensile and yield strengths, decreased ductility, and 
in almost complete loss in impact strength. 

Correlation of microstructure and x-ray phase identification with 
mechanical properties at various cooling rates indicated that quenching 
in water from heat treatments in the high temperature y-phase region 
produced a severe distortion in the lattice of the room temperature 
a-phase and an acicular martensitic type of microstructure. Slower 
cooling rates produced an undistorted normal a-phase structure, typ 
ical of that formed by equilibrium cooling from the y, through £8, to 
the a-phase, according to the constitutional diagram. From these ob 
servations it appeared that the water quench inhibited the equilibrium 
sequence of phase transformations, causing the 8-phase to be by 
passed with the formation of a-uranium in a distorted condition di 
rectly from the high temperature y-phase. 


EXPERIMENTAL PROCEDURE 


Consideration of the foregoing observations suggested that the key 
to optimum mechanical properties might be related to the suppression 
of the B-phase on cooling. While the rapid cooling rate of the water 
quench appeared to do this, it remained to be determined whether the 
iddition of small amounts of a third alloying element would also do it, 
ind without the necessity for the rapid cooling rate of a water quench. 

The experimental approach selected employed the Jominy Test as a 
means of affording an overall view of structural changes over a range 

f cooling rates from that corresponding to a water quench to that cor 
responding to an air cool. Alloys of the following nominal and actual 


7 fei 


x 1% 


compositions were cast in the form of small plates, 614” x 314 


in size: 


Nominal Composition Actual Composition 


-0.50 w/o Ti—0.10 w/o Cb (0.52 w/o Ti—0.11 w/o Cb) 
0.50 w/o Ti—0.25 w/o Cb (0.47 w/o Ti—0.25 w/o Cb) 
-0.50 w/o Ti—0.50 w/o Cb (0.53 w/o Ti—0.50 w/o Cb) 
0.50 w/o Ti—1.00 w/o Cb (0.47 w/o Ti—1.05 w/o Cb) 
0.25 w/o Ti—0.25 w/o Cb (0.27 w/o Ti—0.26 w/o Cb) 
0.50 w/o Ti—0.10 w/o Pt (0.55 w/o Ti—0.10 w/o Pt) 
0.50 w/o Ti—0.50 w/o Pt (0.58 w/o Ti—0.51 w/o Pt) 
—0.50 w/o Ti—0.50 w/o Mo (0.51 w/o Ti—0.47 w/o Mo) 
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Impurity contents of the order of 70 ppm silicon, 65 ppm iron, 50 
ppm carbon, 30 ppm nickel, and much smaller amounts of other ele 
ments were also present. The selection of columbium and molybdenum 
for the ternary additions was influenced by parallel investigations cur- 
rently in process by other investigators in this field. The selection of 
platinum for a ternary addition was influenced by the possibility of 
this element inhibiting the corrosion rates of the resulting alloy, a tend- 
ency which this element had demonstrated under different conditions, 
and which appeared to warrant its trial for the other desirable purposes 
of this investigation as well. 

Each casting allowed sufficient material to provide a Jominy bar 
1 inch in diameter and 6-inches in length, and two sets of three tensile 
and three Charpy bars each, for mechanical tests. The castings were 
given a homogenizing heat treatment of four hours at 900 °C (1650 °F) 
followed by furnace cooling. One set of bars from each casting was 
tested in that condition for baseline comparison purposes. The other 
set was held in reserve for such further heat treatment as might be indi- 
cated by later observations. 

The Jominy test was conducted in much the standard manner (4), 
with the exception that a 6-inch long bar was used instead of the usual 
4-inch bar in order to inhibit the loss of heat to the holding fixture from 
the upper end of the bar. The bars were heated to 900 °C (1650°F) in 
a vacuum tube furnace under vacuum of the order of 0.1 micron or 
less, held at that temperature for three hours, and end quenched to 
room temperature in the Jominy fixture. A 4%¢-inch deep flat was 
milled over the length of the bar and Vickers Diamond Pyramid Hard 
ness readings were made at 0.05-inch intervals along 4 inches of this 
flat surface. Three hardness tests were taken at each interval and the 
average of each set of three readings was plotted against the distance 
from the quenched end. Smooth curves were drawn through the 
plotted points to provide Jominy hardness profiles for each bar. 

The entire surface of the milled flat on each bar was polished, etched 
and examined microscopically. Surface preparation was carried out in 
the usual way by grinding through 600 grit size silicon carbide papers 
and polishing on cloth-covered wheels impregnated with diamond com- 
pound. Polished surfaces were etched electrolytically in the standard 
1 to 4 chromic-acetic acid solution at 6 volts for periods varying from 
15 down to 3 seconds, depending upon the rapidity of the attack. In 
some cases a flash electropolish in the same solution was used, begin 
ning at 40 volts for 5 seconds and then tapering the voltage gradually to 
zero. The variation in microstructure along the length of each bar, 
due to the variation in the cooling rate, required the etching procedur« 
to be tailored to suit individual structural conditions. This difficulty 
was eased somewhat by sectioning the bars into segments 1 inch 1 
length. Representative microstructures were photographed at 200 
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Fig. 2a—Microstructures of Uranium + 0.50 w/o Ti + 0.25 w/o Cb at Designated 
Distances from Quenched End of Jominy Bar. X 200. 
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2a (continued)—Microstructures of Uranium + 0.50 w/o Ti + 0.25 w/« 
Designated Distances from Quenched End of Jominy Bar. x 200 
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Fig. 2b—Correlation of Microstructure and Hardness along Jominy Bar of 
Uranium + 0.50 w/o Ti + 0.25 w/o Cb. 
diameters at significant locations along each bar and these structures 
were correlated with the respective hardness profiles. Where appr: 
priate, identifications of microstructures were confirmed by x-ray dif 
fraction. 
RESULTS 

Jominy bar hardness profiles and corresponding microstructures 
at significant distances from the quenched end were obtained for eac! 
of the alloys listed. Typical examples are shown in Figs. 2 and 3, for 
ternary additions of 0.25 w/o Cb and 1.0 w/o Cb. Families of the hard 
ness profiles obtained for the other alloys are shown in Figs. 4 and > 
In all cases the hardness increases from a minimum value at the 
quenched end to a peak about 1 inch in, then falls off, rapidly at first 
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fox, 


3a—Microstructures of Uranium + 0.50 w/o Ti + 1.00 w/o Cb at Designated 
Distances from Quenched End of Jominy Bar. xX 200. 
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Fig. 3a (continued)—Microstructures of Uranium + 0.50 w/o Ti + 1.00 w/o Cb at 
Designated Distances from Quenched End of Jominy Bar. x 200 





550 


536 
530 Correlation of 
Microstructure ( X 200) and 
520;- Hardness ( Vickers DPH -!0 kg) 
510+ along Jominy Bar of 
(0.50 w/o Ti 
(1.00 w/o Cb 
490F f Water-Quenched from 900°C 
480 
470 
460 
450 
440 
430 
420} 
410 
400 
390 
380 
370 
360 1 
0 | 2 3 
Distance From Quenched End (Inches) 


500 U + 


vo 
io} 
°o 
a | 
o 
x 
° 
I 
a 
a 
Ww 
NM 
a 
x= 
Y 
> 
W 
” 
a 
Cc 
vo 
2 
o 
I 











Fig. 3b—Correlation of Microstructure and Hardness along Jominy Bar of 
Uranium + 0.50 w/o Ti + 1.00 w/o Cb. 


then more gradually, to a value slightly above the value at the quench« 
end. 

Corresponding microstructures generally show an acicular structur‘ 
at the quenched end which gradually gives way over a distance + 
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Fig. 4—Jominy Bar Hardness Profiles for Ternary Columbium 
Additions to U-0.50 w/o Ti alloy. 


about 1 inch to a finer structure more homogeneous in appearance. In 
some cases, the structure at the quenched end is not completely acicu 
lar, and another phase is in evidence. In these cases both give way to 
the finer structure over the region corresponding to the ascent to peak 
hardness. 


Several of the hardness profiles contain a dip at a distance of about 

; inch from the quenched end. No other observations afforded infor 
mation to contribute to an explanation of this characteristic and it 
must therefore be considered anomalous as far as this work is con- 
cerned. Microstructures closer than %4 inch to the quenched end 
showed a persistent lack of clarity, evidently associated with the con- 
siderable amount of lattice distortion existing in this region which ex- 
perienced the maximum cooling rate. Possibly the dips in the hard- 
ness profiles are related to this structural distortion. 

The results of the tensile tests and the Charpy impact tests conducted 
on test bars from each alloy casting in the y-homogenized furnace- 
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Fig. 5--Jominy Bar Hardness Profiles for Ternary Mo and Pt 
Additions to U-0.50 w/o Ti alloy. 


cooled condition revealed no information of an unusual nature, and the 
data is therefore not included here. Though they were not indicative 
of any condition or structure produced or observed in the Jominy bars 
since they involved a much slower cooling rate, the test values them 
selves were of interest in a comparative sense, providing a comparison 
of the effects on mechanical properties of the various ternary additions 
on the binary uranium —0.5 w/o titanium alloy. These effects indicated 
no significant improvement for the y-homogenized furnace-cooled 
condition. Whether or not an improvement would result from other 
faster cooling rates could be determined only by an extensive progran 
of mechanical testing not contemplated in this exploratory investiga 
tion. Other observations of significant effect of cooling rates on th 
mechanical properties in the binary uranium-low titanium system (3 
indicate strongly that an effect could be expected. 


DIscUSSION 
Consideration of the rise and fall of the hardness curves near thi 
quenched end of the Jominy bars in conjunction with corresponding 
microstructures over this same region provides a basis for interpreta 
tion of some of the phase transformation characteristics of these alloys 
At the quenched end the structures are entirely acicular in most 0! 
the cases. X-ray diffraction analyses show them to be a highly distorted 
form of a-uranium, termed martensitic a-uranium due to the micro 


ghee 


PCa 
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structural resemblance to martensite and the apparent nature of its 
formation directly from the high temperature y-phase by a shear 
mechanism. Any transformation of y-uranium to the B-phase in the 
intermediate temperature range during the quench appears to be com- 
pletely suppressed under the very fast cooling conditions. A micro- 
beam x-ray diffraction analysis of the slivers or needles of the acicular 
microstructure in this quenched end region reveals that the size of the 
crystallites is quite large, with no fine structure in evidence. 

Progressing down the bar away from the quenched end, the acicular 
microstructure is observed to thin out and to disappear in the vicinity 
of the boundaries of former y-grains, and the change is accompanied by 
a rise in hardness. Examination of the microstructure at high magnifi 
cation in these changed regions reveals no notable features other than 
a uniform appearing gray-etching surface. A micro-beam x-ray dif 
fraction analysis, however, identifies this material as a-uranium, dis 
torted, and UsTi, and reveals the size of the crystallites to be extremely 
fine, resembling a powder pattern. These observations indicate that the 
slower cooling rate may have permitted some y-uranium to transform 
by the normal nucleation and growth mechanism to £-uranium, follow 
ing the constitutional diagram. Reference to the diagram, Fig. 1, shows 
that B-uranium has a sharply decreasing solubility for titanium with 
falling temperature, and that a-uranium will hold still less titanium in 
solution under equilibrium cooling conditions. The tendency therefore 
exists for titanium to come out of solution in the form of the inter- 
metallic compound UsTi. The presence of an extremely fine precipitate 
of UsTi within the interstices of the martensitic-a crystallites and at 
the grain boundaries could introduce a further lattic distortion and 
structural strains to account for the observed increase in hardness. 

\t the particular distance from the quenched end of the bar corre- 
sponding to peak hardness no unique microstructural features are in 
evidence other than the disappearance of the major portion of the 
acicular structure and its replacement by the finer type of structure 
mentioned above. With the diminution of the softer acicular phase and 
its replacement by the finer phase of a-uranium along with sub- 
microscopic UeTi, the proportion and distribution of the phases present 
has evidently reached the condition conducive to maximum hardness 

After the peak hardness region, the rapid fall in hardness is attrib 
uted to a coagulation of very finely divided U2Ti within the crystal 
lattice, with diminution in structural strains as occurs in age hardening 


phenomena. At slower and slower cooling rates this tendency appears 
to become more pronounced as the hardness levels off, though no dis 
tinct precipitate is identifiable in the microstructure. The predominat 


ing influence promoting this behavior appears to be the presence of 
titanium in the amount of 0.5 w/o. It has been observed previously (3) 
that a titanium addition of this order is necessary to produce the acicu- 
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Table | 
Transformation Characteristics of Low Ternary Alloys of Uranium 
from Jominy Bar Observations 





Hardness Microstructure Distance from 
DPH 10 Kg % Acicular Quenched End (In 


Composition 
Uranium 
plus the following 
additions 
w/o 


uenched End 
t 0.25” from 
uenched End 


At 0.50” from 
Quenched End 
Peak 
Hardness 


S Quenched End 


0.5 Ti 

0.5 Ti—0.1 Cb 
0.5 Ti—0.25 Cb 
0.5 Ti—0.5 Cb 
0.5 Ti—1.0 Cb 
0.25 Ti—0.25 Cb 
0.5 Ti—0.1 Pt 
0.5 Ti—O.5 Pt 
0.5 Ti—0.5 Mo 


< 
nan 


lar structure. In this investigation, however, it also was produced with 
half this amount, 0.25 w/o titanium, but with a like addition of 0.25 
w/o columbium, though the resulting structure was only partially 
acicular. Since columbium by itself also produces an acicular structure 
upon rapid cooling, the combined effect of the two elements appears to 
have been additive, though with a lesser total effect than that produced 
by 0.5 w/o titanium alone. 

In the other cases in which the ternary additions were made to the 
binary uranium —0.5 w/o titanium alloys as a base, while the effects 
vary in detail, they are similar in an overall sense. The columbium ad 
ditions of 0.1 w/o, 0.25 w/o, 0.5 w/o, and 1.0 w/o, over and above the 
0.5 w/o titanium, do not seem to produce any significant effect othe: 
than a general rise in the hardness values above those of the 0.5 w/o 
binary uranium-titanium alloy. The hardness profiles are similar, the) 
peak at about the same distance from the quenched end, and the micro 
structural patterns closely resemble those of the binary alloy. 

Compared to the structural behavior produced by the columbium 
ternary additions, and in fact by the titanium binary addition itself, 
neither molybdenum nor platinum additions promoted the formation 
of an acicular structure at slower cooling rates. Instead, both appear 
to have the effect of inhibiting the martensitic type of transformation 
of y-uranium directly to a-uranium. A molybdenum binary addition o! 
this order to uranium has shown a tendency to permit phases other than 
a-uranium to exist at room temperature (5). In the case of the plati 
num addition it was interesting to note that a 0.5 w/o ternary addition 
resulted in the B-phase being retained at room temperature. 

A summary tabulation showing a comparison of significant hardness 
values, their distances from the quenched end, and a percentage esti 
mate of the amount of acicular structure observed at various distances 
from the quenched end appears in Table I. 
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Consideration of these figures reveals how increases in columbium 
content produce an overall rise in hardness, a lesser persistence of the 
acicular structure as the columbium content exceeds the titanium con- 
tent, and result in the occurrence of peak hardness and diminution of 
acicular structure at faster cooling rates 

While platinum additions produce some rise in hardness, the lesser 
persistence of an acicular structure is even more pronounced, as is the 
occurrence of peak hardness and diminution of acicular structure at 
still faster cooling rates. 

The figures also show some similarity between the effects produced 
by the 0.5 w/o platinum and the 0.5 w/o molybdenum ternary addi- 
tions, though considerably more data would be required to develop 
such a comparison. 

In general, it may be said that the observations made and described 
above are mainly of an exploratory nature. Their value lies in the 
promise which the approach may suggest for obtaining an expedient 
appraisal of the behavior of unexplored alloys, and in the comparative 
lata herein obtained on the representative list of ternary alloys investi- 


gated. 


CONCLUSIONS 
From the observations of this investigation it may be concluded that : 


1. The Jominy Test is a convenient expedient for exploring 
transformation characteristics of experimental alloys. 
In the binary alloy of U—0.5 w/o Ti, the martensitic 
a-uranium structure produced at the quenched end of a Jom 
iny bar is not produced at all under slower cooling rates cor 
responding to those in effect at a distance 1 inch from the 
quenched end. 
Ternary additions of columbium, platinum, and molybdenum 
do not materially change the above behavior ; they do, however, 
produce variations in the microstructural and hardness pat 
terns over the spectrum of cooling rates which prevail. 
The acicular structure of martensitic a-uranium is less per 
sistent in forming even at the more rapid cooling rates when 
0.5 w/o platinum is added as a ternary element to uranium 
containing 0.5 w/o titanium; a 0.5 w/o molybdenum ternary 


addition produces a similar effect though to a slightly lesser 
degree; 1.0 w/o columbium is required to suggest this effect. 


Hardness profiles are generally raised as the total alloy content 
added to uranium increases. 

Peak hardnesses occur at faster cooling rates when ternary 
additions of 0.5 w/o platinum or 0.5 w/o molybdenum are 
made to uranium containing 0.5 w/o titanium; similar be 
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havior results from columbium ternary additions though to 
lesser extent. 


There is a pronounced connection between the occurrence o| 
peak hardness and the disappearance of acicular martensiti 


a-uranium ; both effects occur at approximately the same coo! 
ing rate. 
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THE MECHANICAL PROPERTIES AND HEAT 
TREATMENT RESPONSE OF ZIRCONIUM- 
URANIUM ALLOYS 


3y W. CuusBs AND F. A. RouGH 


Abstract 

The mechanical properties and heat treatment response of 
zirconium alloys containing 0 to 100% uranium have been 
surveyed. The effect of typical heat treatments upon the 
mechanical properties of representative alloys is demon- 
strated. Tensile properties, hardness, and dynamic modulus 
data at various temperatures are included. Heat treatment 
response was determined primarily in terms of end-quench 
tests from 900 °C (1650 °F). The results show a consistent 
pattern of behavior for zirconium-uranium alloys and allow 
practical heat treatment schedules to be devised for handling 
these materials. (ASM-SLA Classification: Q-general, 
2-64; Zr, U) . ~ 


INTRODUCTION 


| HE FAVORABLE nuclear, mechanical, and corrosion properties 


of zirconium suggest that it might be alloyed with uranium to pro 
duce metallic reactor fuels with superior properties. It has been shown 
that an intermetallic phase having a composition, corresponding to 
ZreU, exists in this system (1).' The constitution diagram (2), re 
produced as Fig. 1, shows that the intermetallic, Zr2U, decomposes 
on heating above 600°C (1110°F) into the beta zirconium-gamma 
uranium solid solution. Primarily as a result of the softness of the beta 
zirconium-gamma uranium solid solution, all zirconium-uranium alloys 
can be fabricated hot (3). Consequently, it was fully expected that 
zirconium-uranium fuel alloys could be clad with pure zirconium to 
produce reactor fuel elements of high strength and corrosion resistance 


Material y 


he alloys used in these studies were prepared from bomb-reduced 
uranium of about 99.9% purity and containing approximately 100 ppm 
each of carbon, oxygen, and nitrogen. Three sets of alloys were pre 
pared from three grades of zirconium intended to represent various 
levels of contamination such as might result from various production 
processes, One set was made from iodide zirconium containing at least 


rhe figures appearing in parentheses pertain to the references appended to this paper 


\ paper presented before the Fortieth Annual Convention of the Society, held 
in leveland, October 27 to 31, 1958. The authors, Walston Chubb and F. A. 
Rough, are associated with Battelle Memorial Institute, Columbus, Ohio. Manu 
script received April 28, 1958 
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Fig. 1—Zirconium-Uranium Constitutional Diagram 


99.8% zirconium and about 200 ppm oxygen. Another set was mac 
from Kroll process sponge zirconium containing about 99.8% zi! 
conium and 1000 ppm oxygen. A third set was prepared from Kroll 
process sponge zirconium treated to contain about 3000 ppm oxygen 
All alloys were prepared as 10- to 20-pound ingots by doubl 
consumable-electrode arc melting in water-cooled copper crucibles. All 
ingots were forged and hot-rolled successfully at temperatures ranging 
from 700 to 840 °C (1290 to 1545 ° I’). 


Heat TREATMENT SURVEY 

E-nd-quench tests were performed on alloys containing 7, 10, 15, 20 
22, 30, 40, 41, 45, 50, 55, 60, and 70 weight % uranium. These tests 
were carried out on rods approximately % inch in diameter and 3 
inches long. The bars were supported in the end-quench apparatus by 
means of carriage bolts screwed into one end of the bars. Each bar and 
attached bolt was sealed in a separate evacuated Vycor tube. After 
heating to 900°C (1650°F) for 1 hour, the tubes were broken and 
the specimens were transfered within 5 seconds to the end-quenc! 
apparatus. Quenching was accomplished by a 4-inch water stream ; the 
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free-water height of the water jet was about 2 inches, and the distance 
rom nozzle to specimen was about %4 inch. Cooling to 100 °C (210 °F) 
required 3 to 5 minutes, and specimens were water-quenched from that 
temperature. Opposite sides of the rods were milled, ground, and 
polished to a depth of about 0.050 inch, and the entire length of each 
rod was surveyed by Vickers diamond pyramid hardness measurements 
t appropriate intervals. In some cases the first 1/16 inch of the bar 
vas examined in greater detail by Knoop hardness measurements. The 
structure of the as-quenched bars was examined by metallographic 
methods and photomicrographs were obtained of the most typical struc 
tures. X-ray diffraction measurements were used as an aid in the iden 
tification of phases. 
[ypical traverses on end-quench bars are shown in Figs. 2 and 3. A 
ummary of all the hardness data obtained appears in Fig. 4. These 


liagrams show that as the alloy content is increased up to 20% uranium 
t} 


he hardness achieved at the maximum cooling rate increases. As the 
composition increases from 20 to 70% uranium the point of maximum 
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Fig. 3—Knoop Hardness Near the Quenched End of an 


End-Quench Bar of Iodide Zirconium—20% Uranium Alloy 
Quenched from 900 °C (1650 °F). 


hardness in the end-quenched bars moves away from the quenched end 
of the bar. This behavior is explicable if it is assumed that beta zi 
conium solid solution is in its equilibrium state a very soft and weal 
material. Evidence that this is true has been obtained by hot hardness 
measurements (3). Thus it would appear that since soft beta can lh 
obtained at high quenching rates in alloys containing 40 to 70% ura 
nium, the retention of true beta is better or more complete at thes: 
compositions and quenching rates. At slower quenching rates or at 
lower alloy contents, it appears that partial transformation produces 
hardening in the beta phase although no change is detectable by metal 
lographic methods. The high hardnesses achieved suggest that either 
lattice distortion or a change in bond strength has occurred. Modulus 
measurements described later indicate that an increase in bond strength 
is involved. This behavior suggests an analogy with the transformation 
hardening process found in zirconium-molybdenum alloys (4) and in a 
variety of titanium-base alloys (5). This type of hardening process ts 
associated with changes in the beta phase rather than with any particu 
lar precipitate. 

Figs. 5 through 9 show some of the structures developed in zirconiun 
uranium alloys as a result of the continuous cooling heat treatments 
received during and quenching from 900 °C (1650 °F). 

Fig. 5 shows that at 10% uranium, zirconium-uranium alloys hay 
at least two distinctly different modes of transformation. At extrem¢ 
high cooling rates the beta phase transforms by an essentially diffusio: 
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less process to martensite. This material has a hexagonal close-packed 
structure and although it must contain uranium in super-saturated solu- 
tion, routine x-ray diffraction measurements are unable to distinguish 
it from ordinary alpha zirconium. Fig. 5 also shows that at lower cool- 
ing rates, the martensite transformation process is displaced by a new 
process which is evidently controlled by diffusion and the end-product 
of which is acicular alpha zirconium and Zr2U. Fig. 5 illustrates quite 
graphically that there is a marked distinction between “martensite” 
ind “acicular alpha zirconium,” but that in the absence of cooling rate 
data, these structures could easily be confused. 
Figs. 6 and 7 are representative of the structures to be found 
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Fig Structures Found in an Iodide Zirconium + 10% Uranium Alloy Bar End 
Quenched from 900 °C (1650 °F). (a) Structure 0.01 inch from quenched end; marter 
site; 250 DPH. xX 500. (b) Structure 0.25 inch 


rom quenched end; martensite plus 

partially transformed beta; 260 DPH. xX 250. (c) Structure 0.75 inch from quenched 

end; fine acicular alpha; 250 DPH. x 250. (d) Structure 2.0 inch from quenched en 
acicular alpha plus ZreU; 220 DPH. x 250 
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zirconium + 20% uranium alloys when cooled from the beta phase at 
relatively high rates. Fig. 6 shows that it is still possible to form mar 
tensite in this alloy at very high quenching rates. Fig. 6 in conjunction 
with Fig. 3 shows that the martensite formed at the highest quenching 
rates is relatively soft and that the maximum hardness occurs at a point 
where martensite begins to disappear from the structure. It appears 
that the martensite transformation is eliminated by the process caus 
ing the increase in hardness. This observation suggests that the hard 
ness associated with martensite in alloys containing less than 20% 
uranium actually should be attributed to changes in the beta zirconium 
matrix from which the martensite blades form. It is probably a general 
rule that in the absence of aging processes, martensite is only slightly 
harder than the matrix from which it forms. 

Figs. 6 and 7 also show the process of formation of the zirconium 
uranium intermetallic phase, Zr2U. The first appearance of this phas« 
in Fig. 6 corresponds to a decrease from maximum hardness as show! 
in Fig. 3, so that maximum hardness should be associated with coherent 
changes in the beta phase rather than with precipitation of any new 
phase. Fig. 7 suggests that the Zr2U phase forms by a very rapid 
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process of nucleation and growth probably involving an extremely lim- 
ited amount of diffusion and lattice rearrangement. As shown in Fig. 7 
transformation of beta into this phase is virtually complete before any 
appreciable amount of alpha zirconium begins to precipitate, so that 
initially the “Zr2U” formed must be highly supersaturated in zirconium 
and cannot correspond chemically to stoichiometric, Zr2U. 

Fig. 8 shows that it is not possible to form martensite even at the 
highest quenching rates in a zirconium + 22% uranium alloy. By anal 
ogy with the behavior of titanium base alloys (6), it would appear 
that the martensite transformation temperature is depressed below 
room temperature near 20% uranium. On the other hand the micro 
structures of Fig. 6 would suggest that the martensite reaction is re 
placed by another reaction rather than depressed. Since as has been 
suggested earlier, retained beta is probably a very soft material (about 
200 DPH at room temperature), the high hardness associated wit! 
the retained beta structure shown in Fig. 8 indicates that certain changes 
have taken place in this material even in the very short time required 
to quench it from 900°C (1650°F) in the end-quench test. These 
unknown changes may well be responsible both for the high hardness 
and for the elimination of the martensite reaction. 

Fig. 9 shows that no remarkably different metallographic structures 
are to be found between 22 and 60% uranium. Alloys containing 22 to 
40% uranium show progressively less alpha zirconium when cooled at 
the same slow rate. As indicated by Fig. 9, at the lower cooling rates, 
alpha uranium begins to precipitate from Zr2U in a zirconium + 60% 
uranium alloy. The peculiar ripple structure shown in Fig. 9 is believed 
to be a consequence of some structural relation between Zr2U and beta 
solid solution. 

Fig. 10 shows the results of annealing tests designed to achieve mini 
mum hardness in these alloys. The tests showed that the extreme 
hardness and brittleness resulting from the rapid transformation of! 
zirconium-uranium alloys could be relieved by annealing at temper 
atures between 550 and 800 °C (1020 and 1470 °I*). It was also dis 
covered that heating more than a few degrees into the all-beta solid 
solution range resulted in excessive grain growth. The final schedul 
of treatments selected to produce minimum hardness and minimum 
grain growth in the shortest possible time begins with a half-hour 
anneal at a temperature 20 degrees below the alpha plus beta to beta 
transus (or at 610°C (1130°F) whichever is higher). This temper 
ature naturally varies with composition and must be determined from 
Fig. 1 for each alloy. One-half hour at temperature is sufficient 1 
relieve all strains resulting from prior cold working or heat treatment 
and results in a structure at temperature of almost 100% beta zirconiu 
of a suitably small grain size. The alloy then must be furnace cooled t’ 
610°C (1130°F) and held for 4 hours to precipitate as much alp! 
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Fig. 10—Hardness of Zirconium-Uranium Alloys 
Heated for % Hour Just Below the Upper Limit of 
the Transformation Range, Furnace-Cooled to 610 °¢ 
(1130 °F) for 4 Hours and Furnace-Cooled at 25 °C 
(77 °F) Per Hour 
zirconium as possible. This second step results in a strain-free equi 
librium mixture of alpha zirconium and eutectoid beta zirconium 
Finally, by furnace cooling at about 25 °C per hour from 610 to 560 °' 
(1130 to 1040 °F), the eutectoid beta zirconium can be transformed 
into Zr2U of very nearly stoichiometric composition. Fig. 10 shows 
the effect of this three-step treatment upon the hardness of hot-rolled 
sheet specimens ranging in composition from 7 to 70% uranium. This 
figure compares favorably with the data shown in Fig. 4. 


MECHANICAL PROPERTIES 


The studies described above demonstrated the heat treatable natur 
of the zirconium-uranium alloys, and paved the way for mechanica 
property determinations. The entire range of compositions was tensil 
tested in one condition of heat treatment, but a few alloys were exan 
ined in greater detail to show the range of properties available as th 
result of heat treatment. Tensile tests at room temperature were rut 
in air; tests at elevated temperatures were run in a helium atmospher 
A strain rate of approximately 0.007 inch per inch per minute was used 
in all cases and all results shown represent the average of two tests 
Only the alloys made from iodide zirconium were examined for 
chanical properties. 
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Fig. 11 Tensile Properties at Room Temperature of Zirconium 
Uranium Alloys Hot-Rolled and Annealed at 575 °C (1065 °F) 


Figs. 11 and 12 show the results of tensile tests on alloys that were 
hot-rolled to 4g-inch thick sheet, annealed for 24 hours at 575 °C 
1060 °F), and machined into tensile specimens. These data are quali- 
tatively in good agreement with hardness data reported earlier (3). 
lable I shows the effect of various heat treatments upon selected 
illoys. These data show that the zirconium + 10% uranium alloy be 
haves only a little differently from pure zirconium; it retains some 
ductility regardless of treatment, but it is most ductile when annealed 
it 800 °C (1470 °F ), and least ductile when drastically quenched from 
900 °C (1650 °F). The zirconium + 22% uranium alloy is much more 
sensitive to heat treatment than the 10% alloy, but the pattern is still 
the same. It is most ductile when overaged, as by heating to 800 °C 
1470 °F) and cooling slowly, and is very brittle when rapidly cooled 
from 800 °C (1470 °F). The zirconium + 41% uranium alloy repre 
sents the behavior of alloys containing sufficient uranium to form ap- 
preciable quantities of Zr2U. The data show that this alloy is softest 
vhen water-quenched from 700 °C (1290 °F), hardest and strongest 
vhen air-cooled from 700 °C (1290 °F ), and most ductile when furnace 
ooled from 700 °C (1290 °F). 
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Fig. 12—Tensile Properties at 370°C (700 °F) of Zirconium 
Uranium Alloys Hot-Rolled and Annealed at 575 °C (1065 °F). 


Figs. 13, 14, and 15 show the effect of temperature upon the hard- 

ness and tensile properties of selected alloys. The zirconium + 3.5% 
iranium alloy was treated just like pure zirconium prior to testing ; that 
s, it was hot-rolled at 800 °C (1470 °F), then cold-rolled about 40%, 
and annealed for 1 hour at 700 °C (1290 °F). On the other hand, after 
hot rolling at 700 °C (1290 °F), the zirconium + 22% uranium alloy 
was annealed by heating to 800 °C (1470 °F) for 1 hour and furnace 
ooling prior to testing. Likewise, the zirconium + 41% uranium 
lloy was heat treated to produce a room temperature equilibrium 
structure prior to tensile and hardness testing. This treatment included 
vater quenching from 900 °C (1650 °F) followed by a 24-hour aging 
treatment at 575°C (1060°F). Figs. 13, 14, and 15 show that for 
irconium-uranium alloys there is good correlation between hardness 
and tensile strength at temperatures up to 500 °C (930°F). The fact 
that these alloys can be readily hot-rolled at 700 to 800°C (1290 to 
1470 °F) suggests that the correlation is good to much higher tem 
peratures. 

Fig. 16 shows the effect of composition and temperature upon the 
modulus of zirconium-uranium alloys. These moduli were determined 
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Fig. 16—Effect of Composition and Temperature 
Upon the Dynamic Modulus of Zirconium 
Uranium Alloys. 
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hy measurement of the resonant frequency of a loosely supported bea 
The alloys were hct-rolled and then annealed for 24 hours at 575 % 
(1060 °F) to produce a stable structure prior to these tests. It is note 
worthy that each of the curves shown in Fig. 16 has a pronounced 
plateau in the vicinity of the intermetallic phase, Zr2U, at about 30 
atomic % uranium. 

In the course of tensile tests on zirconium + 41% uranium alloys a 
variation in tensile modulus as a function of heat treatment was ob 
served. This behavior was checked by means of additional dynami 
modulus tests, two of which are described in Fig. 17. Both sample 





~60 min Tt may — 
—t ny, 60min 
t Finish a 60 min +—— 


40 min 


+ —___ +——— a 
x 20min 
90min 
x 


5. 


Nm 


Sample Ax 


50min 


Dynamic Modulus, |O® ps 


Sample B 











100 200 300 400 
Temperature °C 


Fig. 17—Dynamic Modulus Tests on Zirconium 
+ 41 Weight % Uranium Alloy. Samples water- 
quenched from 1000 °C (1830 °F) 


were water-quenched from 1000°C (1830°F) before testing. Sam 
ple A had an as-quenched hardness of 279 DPH ; Sample B had an as 
quenched hardness of 250 DPH. Each of the curves in Fig. 17 repr 

sents the stepwise sequence of events that was applied during the testing 
of these samples. The results on Sample A show that the decomposition 
of beta zirconium in the zirconium + 41% uranium alloy proceeds 
slowly but perceptibly at temperatures below 200°C (390°F) and 
of course, much more rapidly at 400 and 500°C (750 and 930 °F 

After cooling from 500 °C (930 °F), Sample A had a modulus of 17.4 
million psi and a hardness of 437 DPH. Reference to Fig. 16 suggests 
that this treatment has caused all the beta zirconium in Sample A t 
decompose, but reference to Fig. 2 shows that the age-hardening or 
rather, transformation hardening reaction has just begun. These data 
suggest that at this stage in the transformation process the first coherent 
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molecules of Zr2U have formed and have completely disrupted the beta 
zirconium lattice. 

The dynamic modulus test on Sample B shows that the decomposi- 
tion of beta zirconium solid solution proceeds at 200 °C (390 °F), but 
is not complete after more than 91 hours. Periodic measurements of the 
modulus of this sample during the 91-hour period showed that the re- 
action was proceeding approximately as a logarithmic function of time. 
\fter 90 hours at 200 °C (390 °F), the rate of decomposition of beta 
zirconium solid solution was so slow that it would require about 100,000 
hours to have reached a modulus of 16 million psi. After cooling from 
200 °C (390 °F), Sample B had a modulus of 13.7 million psi and a 
hardness of 351 DPH showing that decomposition of beta zirconium 
was incomplete. 

CONCLUSIONS 

Heat treatment studies of wrought zirconium-uranium alloys have 
disclosed that zirconium alloys containing more than 10% uranium are 
subject to a severe hardening and embrittling reaction. The nature of 
this reaction was investigated by means of end-quench tests, metal- 
lographic examination, hardness tests, and mechanical property deter- 
minations. The course of the hardening reaction was followed by means 
of hardness tests on end-quench specimens. Representative hardnesses 
and microstructures are presented. It is shown, for example, that a 
zirconium plus 22% uranium alloy when quenched from 800 or 900 °C 

1470 or 1650 °F) has a hardness of about 450 DPH and possesses 
no ductility. Microstructures and x-ray data indicate that the quenched 
alloy is beta zirconium, but brittleness and high hardness are not repre- 
sentative of retained beta, and it is concluded that changes of a coherent 
nature have occurred during the quenching operation. 

Suitable treatments were found for reducing the extreme hardnesses 
resulting from such heat treatments. A general method for achieving 
minimum hardness and maximum ductility includes heating to a tem- 
perature near the alpha-plus-beta-to-beta transus temperature for one 
half hour, furnace cooling to 610°C (1130°F), holding at 610 for 
+ hours, and furnace cooling. Nearly as satisfactory results may be 
achieved by annealing for one hour at the alpha-plus-beta-to-beta 
transus and furnace cooling at a rate of about 25 °C (77 °F) per hour. 
For example, a hardness of about 240 DPH and an elongation of over 
20% were achieved in a zirconium plus 22% uranium alloy by furnace 
cooling from 800 °C (1470 °F). 

Tensile properties were obtained at room temperature and 370°C 

700 °F). The data show that zirconium-uranium alloys annealed for 
24 hours at 575°C (1060°F) possess maximum strength in the com 
position range from 70 to 90 weight % uranium. The zirconium-70 

veight % uranium alloy has a tensile strength of about 160,000 psi at 
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room temperature and a strength of about 120,000 psi at 370° 
(700 °F). The strengths of other zirconium-uranium alloys decreas: 
proportionately as a result of this temperature increase. 

Tensile data showing the effect of heat treatment on selected alloys 
indicate that changes in tensile strength of 50 to 70,000 psi are possible 
as a result of changes in heat treatment. 

Tensile and hardness data obtained as a function of temperature 
show that zirconium-uranium alloys retain useful long-time strength 
to about 500 °C (930 °F). 

Dynamic moduli obtained both as a function of temperature and 
composition show that the moduli of zirconium-uranium alloys in 
crease as a function of uranium content. A distinct inflection in plots 
of the moduli versus composition occurs in the vicinity of the inter 
metallic phase, ZreU. 

Dynamic moduli obtained as a function of time on quenched samples 
of zirconium + 41% uranium alloy suggest that modulus measure- 
ments may be useful in determining the transformation kinetics or the 
state of transformation of alloys of this type. A modulus of 8 million 
psi was noted for untransformed beta zirconium + 41% uranium solid 
solution, whereas the transformed alloy has a modulus of 17 million psi 
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METALLOGRAPHIC IDENTIFICATION OF 
INCLUSIONS IN URANIUM 


3y GeorGe L. Kent, Ertc MENDEL, EmIcio Jaraiz F., AND 
Mervin H. MUELLER 


Abstract 

A method is described for the metallographic tdentifica- 
tion of some common inclusions in uranium metal, namely, 
UN, U(C,N), UC, UO, UHs, UOz-, and U,Fe. The true 
identity of the various inclusions was established by remov- 
ing the inclusion of interest with an ultrasonic “jack ham- 
mer” and subjecting the debris so created to x-ray diffrac- 
tion analysis. On the basis of existing differences in the 
cathodic behavior of the inclusions in a given electrolyte and 
under prescribed cell conditions, metallographic identifica- 
tion ts established on the basis of time required to electro- 
plate the inclusions with copper and on the character of the 
copper deposit in some cases, as adjudged at a magnification 
of 200 diameters. (ASM-SLA Classification: M23, M22q; 
U’, 9-69 


ie THE GENERAL development of a method for metallographic 
identification of inclusions in massive metal, it is first necessary to 
determine the true identify of the inclusions of interest, and subse- 
quently to devise an unequivocal metallographic procedure to discrimi- 
nate betw een the various types. 

In the work described herein, inclusions of interest in prepared 
metallographic specimens were shattered from the matrix by an ultra 
sonic “jack hammer”’ devised for the purpose (1 ).1 The inclusion debris 
so created was gathered on the tip of a quartz fibre to serve as a sample 
for x-ray diffraction analysis. 

\ procedure for metallographic identification of known inclusions, 
must be reasonably easy to apply, must be reproducible and must atford 
clear cut separation between inclusions of different kinds. It is totally 
unreliable to distinguish inclusions on the basis of shape, because it is 
well known, as illustrated in Fig. 1, that many inclusions of the same 
kind vary in shape depending upon prior treatment of the metal. Fur 
thermore, identification on the basis of color in the “as-polished” 
condition or after selective etching with a preferential discoloring 
reagent also is unreliable, because of inherent lack of precision in de 


figures appearing in parentheses pertain to the references appen led to this paper 
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Fig. 1—IIlustrating Various Shapes of Uranium Monocarbide Inclusions. Unetct 
x 200. a. Dendritic form; b. Straight-sided shapes. Note complete and partial discolorat 
of some inclusions arising from air oxidation 


scribing color and because of the change in color with time when soi 
uranium inclusions are exposed even to normal atmospheres. It 
believed that the method of metallographic identification describ 
below is inherently free from many of the deficiencies attending suc! 
discriminating procedures. 


I-XPERIMENTAL PROCEDURE 

On the basis of chemical composition and prior melting histor 
(which suggested type inclusions that may be contained therein), 
variety of high purity uranium specimens were selected mainly at th 
Argonne National Laboratory. The feasibility of this method of sele« 
tion proved valid because of agreement between the overall determine 
chemical composition of individual specimens and the measured paran 
eter of the predominant type of inclusion present. To date, the followi 
types of inclusions have been examined and fitted into a metallograph 
identification procedure: uranium mononitride (UN), uranium cat 
bonitride (U,C,N), uranium monocarbide (UC), an inctusion typ: 
referred to in the literature as uranium monoxide (UQO),* uraniu 
hydride (epsilon) (UHg3), uranium dioxide (UO), and the inte: 
metallic compound U,¢Fe.** 


* Specimens received from A. E. Guay, National Lead Co. of Ohio 


* Specimens received from R. J. Gray, Oak Ridge National Laboratory 
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X-RAY DIFFRACTION IDENTIFICATION 

e inclusion debris mechanically created by the ultrasonic “jack 
mer” was subjected to x-ray diffraction analysis, employing coppet 

, filtered radiation and a Norelco powder camera having a diameter 
114.6 mm. Exposure times were of the order of 50 hours. Such 
lyses were performed on a sufficient number of samples of the same 
nd of inclusion to warrant positive identification. In most cases, lattice 
rameters were measured and the structure determined, and compared 
purposes of identification with such data determined mainly by 





indle, Baenziger, Wilson, and McDonald (2). These data are shown 
lable I 
Table I 
Structure of Some Inclusions in Uranium 
Tvpe 
; Inclusion Structure Lattice Parameter!, A Reference 
< UN FCC (NaCl type 4.890 (2) 
7 UIC.N FCC (NaCl type ~ 4.930 (2) 
: U¢ FCC (NaCl type 4.961 (2) 
3 UHs Cubic 6.631 (4) 
bi UO: FCC (CaF+? type 5.460 (2) 
= UO? FCC (NaCl type) 4.93 (2) 
i UeFe Body-Centered a 10.29 (3) 
Tetragonal ‘ 5.23 


values given in terms of Angstrom units based on a CuKaq: wavelength of 1.5405 i 


METALLOGRAPHIC IDENTIFICATION PROCEDURE 


Early in the search for a reproducible procedure for establishing a 


listinct visual phenomenon attending typical inclusions of the same 

ind, it was found experimentally that many of the inclusions were ca 

dic to the matrix uranium. This was clearly evident by the deposition 

f copper on the inclusions by replacement from a copper ammonium 

a hloride solution. Although the copper so deposited was loose, fluffy, 
& nd somewhat discontinuous, it appeared feasible to devise a procedure 
. | the basis of electrodeposition of some metal that would occur selec- 


] 


vely, depending upon the precise cathodic character of the inclusions 
nvolved. 
Metallographic specimens were prepared in normal fashion for reten 
n of inclusions, and final-polished mechanically on a rotating lap with 
lu Diamet diamond, using Diamet Hyprez as a vehicle. To establish 
. standard and reproducible surface the specimens were immersed, im 


spa 


NOI MRO ey 


mediately prior to electroplating, in a 1:1 aqueous nitric acid solution 
volume for 30 seconds. Although this treatment undoubtedly altered 

e normal cathodic behavior of a given inclusion, at least in the very 
itly stages of deposition, it nevertheless was a necessary step in the 


PME 


procedure to secure reproducible results. 
Of several electrolytes initially investigated, including copper, gold, 














720 TRANSACTIONS OF THE ASM Vol. 51 





, os Table Il 3 
Electroplating Characteristics of Some Uranium Inclusions a 
Type of Inclusion Time for Deposition Re 
UN 
and 3 to 10 seconds Continuous de sit at X2M a 
UCC.N) High in Nitrogen P 
UCC.N ~ 20 seconds Continuous de sit at X200 a 
Intermed ’ a 
itermediate ™ 
7 Depos ious " 
and 1 to 2 minutes Some inclusions not affects 
UCC.N) High in Carbon Details obscured after 2 1 
Deposit ata x 
UHs 10 seconds to 2 minutes same rate on atrix ar 
sion 
f 
vo No deposit r x 
vo No deposit } gh n ( 
2: oon 
UsFe 45 to 60 second at X 200 
Prior treatment of specimen surface: immersion in 1:1 HNOs for 30 se 
Electrolyte: CuCN-2.3g, NaCN-3.4g, NazCOs-1.5g, HzO-100c 
Temperature: 25°C 
Current density: 2 ma per cm? (based on total specimen area 
and silver, a copper cyanide solution of a composition shown in Table I! 


served best. The deposited copper, in contrast to gold, could be remove 


readily by immersion in 1 :1 nitric acid, and was controlled more readily 
than silver with respect to feasible times of deposition. A current densit 
of 2 ma per cm? of total surface area, at an open circuit potential of 4 

6 volts, was arbitrarily selected after determining that within limits the 
current density was relatively unimportant. Furthermore, determining 
the total current on the basis of specimen area, in contrast to the area 
occupied by the inclusions, or altering the free cyanide ratio of the ele 
trolyte affected only the total time required to electroplate a given 
inclusion. The relative order of times of deposition on the various kind 
of inclusions remained the same. 

In addition to establishing an identification procedure on the basis 
of time required for deposition of copper on different kinds of inclu 
sions, as summarized in Table II, studies were made on the qualitative 
reactivity of the inclusions to 1 : 1 nitric acid and to norma! atmospher« 
their response to polarized light, and their hardnesses. Inasmuch as 
most of the inclusions so far studied were of cubic structure and 
consequence were optically isotropic, polarized light observations wer¢ 
unsatisfactory as a supporting technique. No attempt was made 
bring about response to polarized light by selective chemical or an 
dizing treatment of the inclusion-sections exposed. 


EXPERIMENTAL RESULTS 
Inclusions of UN and U(C,N) High in Nitr« 
The metallographic appearance of uranium mononitride is illustrat 
in Fig. 2a. This phase is little affected by prolonged exposure to norn 


gen Content 
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The Metallographic Appearance of One Form (dendritic) 
Mononitride. * 200. a. As mechanically polished; b 
nds copper deposition; c. After second silver depo 
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atmosphere, and is highly resistant to discoloration by 1:1 nitric acid 
Times greater than 1 minute are required to produce perceptihk 
darkening. Of all the inclusions studied, the nitride phase most ré 
received a continuous copper deposit, as indicated in Table IL. Th 
appearance of the included phase after copper deposition for 4 secor 
is shown in Fig. 2b. It is to be noted how continuously the copper 
deposited over the inclusion, and how faithfully the deposit is confin 
to the inclusion area, both circumstances being typical of the deposit 
all other kinds of inclusions that fully received a copper plate 

Although an inclusion covered with a copper deposit affords exce! 
contrast to the matrix uranium when directly observed metallog: 
ically (owing to copper color of the inclusion), the contrast is 
in most cases in photomicrography owing to the high specularity of t! 
smooth deposit. In this latter respect a silver deposit from a cyanic 
tions emploved, and in general, will establish good photographic 
trast as shown in Fig. 2c. 


electrolyte is somewhat more granular under the precise plating cond 


Inclusions of U(C,N) Intermediate 

Rundle et al (2) have demonstrated that carbon and nitrogen atoms 
may interchange in either the mononitride or monocarbide with a corr: 
sponding change in lattice parameter, i.e., an increase in the origin 
nitride parameter or a decrease in the monocarbide. With approxi 
mately like amounts of carbon and nitrogen, the parameter of the p! 
at equilibrium is believed to be a single value of about 4.93 A 

A group of inclusions, referred to as U(C,N) intermediate, ; 
found in a variety of specimens. The measured lattice parameters vari f 
between 4.928 A and 4.934 A, and the structure was isomorphous wit! 
the carbide and _ nitride. 

In certain respects, U(C,N) intermediate behaves similarly to t 
mononitride. They both are unaffected by air oxidation for long tim 
of exposure, and they both darken very slowly in 1:1 nitric acid 
typically illustrated in Fig. 3. It is of interest to note the rim phas 
which was not discernible in the as-polished condition, surroundi 
some of the U(C,N) inclusions. The rim phase was revealed by pr 
longed treatment in 1:1 nitric acid. As may be seen in Fig. 3, such tr 
ment caused a slightly, but perceptibly, greater darkening of 
inclusion proper than the rim, suggesting the latter to be slight!y hig! 
in nitrogen content. This was confirmed by extracting the rim p! 
and measuring the lattice parameter, which was found to be 4.911 

As indicated in Table II, approximately 20 seconds is required 
produce a continuous copper deposit on U(C,N) intermediate. T! 


time differential of plating between these kinds of inclusions and 
mononitride are reproducible and hence affords discrimination betwee! 5 


the two types. 
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; 
i 
ij 
Se 
I Inclusions U(C.N) Intermediate After Immersion in 1:1 
Nitric Acid for j seconds. Darker inclu ns are uranium dioxide 
) 
I trating the Darkening of Ess: l Uranium Mono 
urbide in 1:1 Nitric Acid. 30 seconds immersion. X 500 
Inclusions of UC and U(C,N) High in Carbon Content 
ea 
\lthough Rundle, et al (2) have reported a lattice constant of 4.961 A 
being the best probable value for the monocarbide (Table I), a 
iriety of carbide inclusions relative to this investigation had param 
ters as high as 4.976 A. The reason for this difference is not known 
th certainty, but it is suggested that the established best value of 
‘ol A may be slightly low as reflected by the possible presence of 
ontaminants such as nitrogen and/or oxygen 


: Uranium monocarbide suffers air oxidation readily and, as a case in 
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point, begins to discolor immediately after mechanical metallographi 
polishing if exposed to normal atmosphere. This circumstance js 
illustrated in Fig. 1b. Darkening of the phase in 1:1 nitric acid occurs 
very rapidly, becoming completely and uniformly blackened after about 
30 seconds immersion as shown in Fig. 4. 

In the complete series of U(C,N) inclusions, those high in carbo 
content or the monocarbide are the most reluctant to accept a copper 
deposit. Quite unlike the behavior of the mononitride, the deposit is 
not always continuous on all inclusions at 200, and in fact some of 
the monocarbide inclusions remain unplated. In a specimen containing 
the carbide phase as the predominate type of inclusion, copper is de 
posited in a speckled fashion on the matrix uranium simultaneous! 
with deposition on some of the carbide inclusions. After 1 to 2 minutes 
of electroplating, the inclusions that accepted the deposit at the onset 
will usually be continuously covered with copper. The matrix will als 
receive copper during this time, but it will always be discontinuous 
and considerably less in amount. However, some of the monocarbide 
inclusions will be only discontinuously plated with copper and others 
will be completely unaffected. This situation remains unchanged wit! 
times of deposition exceeding 2 minutes—in fact, long times of plating 
merely obscure structural details. This behavior suggests that as a gen 
eral group of inclusions, the monocarbide phase has a normal potentia 
close to that of uranium, and that very slight variation in carbon content 
may actually render the inclusion phase anodic to the matrix. 

The above circumstance is altered neither by varying the time nor |) 
complete elimination of the pretreatment with 1:1 nitric acid. However 
all monocarbide inclusions are uniformly darkened by the established 
pretreatment, and cognizance must be taken of this fact in studying t! 
copper deposition on the inclusions. 


Inclusions of UHs 


Typical inclusions of UH; are shown in Fig. 5a. They generally exist 
metallographically in irregular stringer shapes or as spheroids. The 
inclusions are practically unaffected by air oxidation, and are 1 
darkened by 1:1 nitric acid for times in excess of 5 minutes. 

Owing presumably to close similarity of the electrode potential o! 
UH, and uranium (as may be altered by the nitric acid treatment just 
prior to plating ), copper is deposited simultaneously on both the inclu 
sion and the matrix at approximately the same rate. This is strikingly 
illustrated in Fig. 5b. Copper begins to deposit, as observed at < 200 
after about 10 seconds and continues until the entire surface of th 
specimen is essentially covered discontinuously after 2 minutes. In most 
cases involving other types of inclusions the matrix remains unplated 
until the inclusions proper are deposited with copper. The matrix di 
posit, however, is never in any case complete or continuous. 
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Fig. 6--The Characteristic Appearance of Uranium Monoxide (?) (larg 1 

partially and completely rimmed) and Smaller UC Inclusion. * 1000. a. As-polished 

ir oxidized for 5 minutes; b. After treatment in 1:1 nitric acid for approximat 
40 seconds. 


It is of interest to note in Fig. 5b and 5c the inclusions indicated | 
arrows. On the basis of the procedure established, they are U(C,N 
clusions high in nitrogen content, since they were continuously covert 
with copper in less than 10 sec. 


Inclusions of UO (?) 


A most puzzling type of inclusion often observed in uranium is on 
characterized by partial fade-out into the matrix as typified by on 
the large inclusions in Fig. 6a, or by complete surrounding of the inclu 


sion by a second phase rim that in consequence destroys the fade-out 


characteristic. Lattice parameters measured from inclusion debris s« 
cured from several cores of the larger inclusions of Fig. 6 were in th 
neighborhood of 4.93 A which, at first, suggested inclusions U(C,N 
intermediate. However, as will be described, their chemical behavior 
reception of a copper deposit, and hardness were quite different fro 
like properties of U(C,N ) intermediate. 

An evaluation of the published literature (2,5,6,7) pertaining to th 
preparation of pure uranium monoxide, and in particular to the ass 
ciated experimental techniques and purity of component materia! 
leaves considerable doubt as to the real existence of such a compoun 


Rundle et al (2) report, for example, that in heating UOs or higher 


oxides with uranium to produce UO, it appears necessary for carbor 
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rticularly, and possibly UC and UN to be present for the reaction to 
oceed. It seems reasonable, therefore, that the resulting product 

should not be regarded as pure monoxide, but rather as a phase 

'(C,N,O) wherein oxygen may predominate. It appears logical that 

oxygen be substituted for carbon in the phase U(C,N) high in 

carbon content that the lattice parameter resulting therefrom would be 

some intermediate value between that of UC and UN. The lattice 

rameter of 4.93 A as experimentally measured in this investigation 

| by other investigators may possibly be attributed to a limiting oxy- 
gen content that forms a relatively stable U(C,N,O) compound. 

The so called UO inclusion (not including the rim) is highly resistant 
to air oxidation, even upon very prolonged exposure to normal atmos 
phere. It will begin to darken by 1:1 nitric acid after about 20 seconds 
mmersion, the darkening first occurring at the rim interface in a 
speckled fashion and, with time, spreading inwardly toward the center 

f the inclusion. This circumstance is illustrated in Fig. 6b. Complete 
larkening of the inclusion is achieved after about 1 minute. Unlike any 
other inclusions so far studied, excepting uranium dioxide, it is com 
pletely unreceptive to a copper deposit. 

\ significant difference in hardness exists between so called UO and 
U(C,N) intermediate of the same structure and lattice parameter. It 
is suggested that this is related to the significant amount of oxygen 
present in the former in contrast to little, if any, in the latter. The aver 
age hardness of UO (?) is 900 VPN (17 g) compared to 730 average 
for U(C,N ) intermediate. 

The second phase surrounding fully or partly the UO (?) inclu 
sions, and the other type inclusions shown in Fig. 6, darkened when 

posed to normal atmospheres, reacted with 1:1 nitric acid, and 
responded to copper deposition, in exactly the same fashion as UC or 

U(C,N) high in carbon content. Although the rims were of too small 

dimensions to extract for x-ray diffraction analysis, the smaller inclu 

sions (Fig. 6) were so removed and found to be nominally UC with a 

lattice parameter of 4.960 A. It is therefore suggested that the sur 


uinding phase is also UC. 


Inclusions of UO, 
Uranium dioxide, being essentially a semi-conductor, is chemically 
and electrochemically inert like most oxides. Inclusions of UQOs, as 
ypically illustrated in Figs. 3 and 7, were identified by their FCC dif- 
fraction pattern and measured lattice parameter of 5.460 A. These in 
clusions do not suffer oxidation or discoloration when exposed to air 
or 1:1 nitric acid, and do not receive a copper plate. In fact, the uranium 
itrix will be plated and there will occur with time physical encroach- 
nent of the copper deposit onto the inclusion at the inclusion-matrix 


nterface. 
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Fig. 7—Illustrating Rim of U(CN) Intermediate Surrounding UO: 
Inclusion and More Massive U(C,N) Intermediate Inclusions. As 
deposited with copper for 18 seconds. « 500. 


Fig. 8—Secondary Phase of UsFe As Copper-Plated for 45 Seconds 
x 200. 


Many UQsz inclusions were observed that were partially or full 
rimmed with a second phase, as illustrated in Fig. 7. Extraction and 
subsequent analysis of the rim phase, as well as the other inclusions 1 
lig. 7, indicated them to be U(C,N ) intermediate with a parameter 
$.92 A. As shown in Fig. 7, this is confirmed by selective « 
copper within the time interval characteristic of U(C,N) intermed 
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Fig. 9—Hardness Distribution of Inclusions of the U(C,N) type 


4 Table Ill 
2 Order of Hardness of Some Uranium Inclusions 


——Hardness, VPN (17 g)——————_ 


a Type Average 
4 ot of 15 Range———_ — 
mu Inclusion Measurements Max Min. 
M1 UO(?) 900 1000 835 
x U(C,N) 850 900 800 
- High in N 

U(C.N) 730 800 670 

Intermediate 
UH; 618 695 580 

U(C,.N) 5000) 5700) 4400) 
: High in C 470° §10@ 440°) 
; UO; 495 530 475 
j= UscFe 440 463 413 
; ao =4.963 A 

ao = 4.976 LY 

j Inclusions of U,Fe 
a The intermetallic phase Ug¢Fe, illustrated in Fig. 8, was contained 
d within a high purity uranium specimen bearing 0.4 w/o iron. X-ray 
E diffraction analyses! indicated lattice constants of a, = 10.289 A and 
Cy = 5.232 A which compares favorably with the data in Table I. 


The compound is unaffected by prolonged air oxidation, and by 1 :1 
nitric acid up to about 30 sec. immersion. As indicated in Table II, a 
continuous copper deposit at 200 is formed only after an elapsed 
plating time of 45 seconds. The darkness of the plated phase, as in Fig. 8, 
is characteristic of the coarse and granular copper deposit produced, in 
this particular case, by the selected current density of 2 ma per cm? 


By R. J. Gray, Oak Ridge National Laboratory 
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Microhardness Measurements 


Diamond pyramid hardness measurements on all inclusions studied 
were secured on a Bergman’s microhardness tester, using a 17-gram 
load. The data in order of decreasing hardnesses are shown in Table 
IIT. ; 

It is of interest to note in Fig. 9 the essential linear relationshi Bf 
between hardness and lattice parameter of the U(C,N ) series of inclu 
sions between the extremes of UN and UC. 
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DISCUSSION 

Written Discussion: By David Peterson, associate chemist, Institute 
Atomic Research, Iowa State College, Ames, Iowa. 

The authors are to be commended on a very interesting and well execut 
research on a subject of considerable technical importance. As is often tl 
case, this research points out several additional observations which might b 
investigated. 

The occurrence of rims of a different composition on most of the inclusiot 
is quite notable. The rims which are shown and identified by the authors art 
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he uranium carbide or uranium nitride-carbide type. These rims could be 
luced by precipitation of additional material around a prior inclusion or by 
nversion of the outer portion of an inclusion by interchange with the matrix 
other inclusions. The rims which were observed on the UQOz inclusions 


resumably could not have formed except by precipitation and this indicates 


it formation of the rims by precipitation is the most likely process. The 
perature at which this precipitation occurred can not be deduced from an 
mination of the form and shape of the rim. Knowledge of the response of 
ese rim phases to heat treatment would be very interesting 
lhe composition of the UO phase and the conditions under which it is formed 
f characterizing this phase given 


nain unsolved. However, the new means « 
this paper should be valuable in further study of this entity. 
Written Discussion: By W. N. Wise, G. N. Wassil and A. E. Guay, Metallurgy 


lepartment, National Lead Company of Ohio, Cincinnati 


The authors are to be commended for perfecting a technique by which the in 
isions in uranium may be unequivocally identified. It is immediately apparent 
it this is a tremendously important contribution to the technology of uranium, 


truly unequivocal technique had existed previousiy. We agree with the 


uthors’ early comments that the shapes of the inclusions, the colors of the in 


usions (under both bright field and polarized illumination), and the colors 
at may be obtained by staining do not lead to conclusive identification. 
Perhaps the ultimate application of this technique can be made by those who 
working on research-type problems—those who are required to handle very 
samples and, therefore, may devote very careful study to each sample. It is 
mediately apparent to the metallographer or the metallurgist engaged in pro 


luction control work that additional tools must be perfected before he can put 


s new tool to widespread use. It would be fortuitous if rapid automatic scanning 
hniques were available whereby lineal analyses could be applied to measur« 


e relative amount of each type of inclusion, after each, in turn, has been selec 


vely plated. In offering this discussion, we do not want to detract from the 


rit of this electroplating : metallography technique. We do want to point out 
9f as much effort as the 


at automation of the examination step is worthy 


uthors have already applied. 


We have wondered why the uranium matrix plates so erratically in some cases 


In Fig. 5b, for example, the authors say that by reason of the “close similavity of 


he electrode potential of UH, and uranium (as may be altered by the nitric acid 


atment just prior to plating) copper is deposited simultaneously on both the 


nclusion and the matrix at approximately the same rate.” They conclude in the 


ne paragraph “In most cases involving other types of inclusions (other than 
H,.), the matrix remains unplated until the inclusions proper are deposited with 
pper. The matrix deposit, however, is never in any case complete or con- 
uous.” 

Is it possible that the spurious plating behavior of the uranium matrix, in Fig. 
is to be expected only in samples that contain UH,? We think it is not. It is 
re reasonable to believe that in the preparation of the sample prior to plating, 
| of the fine details of the structure have not been delineated. C. O. Matthews * 
formed us (while he was still associated with the Los Alamos Scientific Labo 


Presently with Lockheed Aircraft, Palo Alto, Calif 
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Fig. 10—Cast Uranium Containing Large Dendrites of UCN (High in Nitroger 
Structure prepared by a polish:attack method (diamond and chromic:acetic elect 
polish) and then given a 30-second dip in 1:1 mixture of nitric acid: water. * 250, B. I 





Fig. 11--Same as Fig. 10 Except an Additional 5-second Electrvetch in the Same 5S 

lution of Nitric Acid and Water. (Caution: Prolonged electroetching does not delineat 

more precipitate, but rather tends to dissolve it. Note that the large dendrites show 
some attack.) x 250, B. F 
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ratory) that the 1:1 solution of nitric acid: water is used better electrolyticall 
rather than as a dip-type solution. When used electrolytically at 4 volts open ci: 
cuit, a 5-second etching time causes delineation of much pseudo-grain-boundary 
type precipitate. 

To illustrate the above point, we have prepared a sample which we knew con 
tained a pseudo-grain-boundary precipitate. We knew too that it could be di 
lineated with a 5-second electroetch in the 1:1 solution of nitric acid: water 
Using '4-micron diamond and a chromic acetic electropolish, no combination of 
a polish: attack technique caused this pseudo-grain-boundary precipitate to bh 
delineated. Too, no delineation was obtained by dipping the sample into th 
aqueous nitric acid solution. The structure obtained as a result of a polish: attac] 
technique (diamond and chromic :acetic) plus a 30-second dip in the aqueou 
nitric acid is shown in Fig. 10. When this sample was electroetched in the aqueous 
nitric acid, the pseudo-grain-boundary precipitate shown in Fig. 11 became 
visible. In Fig. 12, it is apparent that much of the pseudo-grain-boundary pr 
cipitate has become plated along with the dendrites of U(C,N ), high in nitrogen 
after 15 seconds plating time in the copper cyanide bath. As plating was continued 
for a total of 1 minute, the background (Fig. 13) became very similar to that 
that the authors showed in Fig. 5b. 

In offering these four photomicrographs for discussion, we conclude that it is 
a difficult task to delineate the pseudo-grain-boundary types of background in 
clusions. Unless these inclusions are to be purposely ignored, Matthews’ electro 
etch can be used to delineate them. If the electroetch is used, it would be possibl 
in subsequent work to identify precipitates of carbide, nitride, and their inter 
mediates, which precipitate when uranium is cooled from either the gamma o1 
beta phases. These tell-tale traces result when the solubilities of these impuritic 
decrease in the various allotropes. The spurious plating of the background is thus 
seemingly explained as a selective plating of the precipitates that are the products 
of reactions occurring in the solid state. 


Authors’ Reply 

The authors appreciate Dr. Peterson’s complimentary remarks and are i 
agreement with his general comments on possible mode of inclusion and _ rin 
formation. 

In an attempt to better understand the nature of the so-called uraniun 
monoxide phase, a specific program is under way in the Metallurgy Division 
of Argonne National Laboratory. The phase equilibria are being established 
between components of uranium carbide and uranium nitride, and subsequently 
a study will be undertaken on the alteration of selected uranium carbonitric 
compositions by additions of oxygen. 

The discussion and comments presented by Messrs. Wise, Wassil, and Guay ar 
appreciated and the authors are pleased to learn of their favorable reaction t 
the identification method described. 

It is interesting to know of Mr. Matthews’ unpublished electrolytic etching 
procedure for revelation of fine precipitates in uranium. The etchant appears to 
have great potential advantages as so ably demonstrated by the discussers, and it 
should be useful particularly in evaluating the cleanliness of high purity uranium 

We do not concur with the comments and questions raised regarding the erratu 
and spurious deposition of copper on the uranium matrix, and that we inferred 
this circumstance to be expected only in samples that contain UHs. The dis 
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sers have apparently read into certain statements in the paper a meaning which 
is not intended 

The success of the propose | identification proc edure is based upon the circum 
tance that most types of inclusions are cathodic to the uranium matrix into which 
ey are set. Under such conditions, the inclusions will be the first to receive a 
pper deposit in an appropriate electrolytic plating cell. For example, under 
he cell conditions described in the paper, UN inclusions are completely plated 
ver within 3 to 10 seconds—most generally at the lower end of the time 


vith cop] 
This alters the initial potential difference between the inclusions and the 


ange 

itrix, and copper begins to deposit on the uranium matrix in a speckled fashion 
appearance of the plated inclusions at a time just prior to deposition on the 

itrix is shown in our Fig. 2b and in Fig. 12 presented by the discussers. 

With continued deposition, the inclusions are further plated with copper, and 


( matrix becomes very noticeably speckled with copper ina random fashion 


\fter about 1 to 2 minutes, the matrix always assumes an appearance characte 
stically like that shown by the discussers in their Fig. 13. We do not believe 
hat the appearance of the matrix in Fig. 13, as proposed by the discussers, arises 
rely from a second phase precipitate, other than that which has been demon 
ted to be present by Matthews’ technique. It would be difficult to explain, for 
xample, the characteristic spec kled deposition of copper on UHs on the basis of 
iccompanying precipitate within it 
In the case of UHs inclusions, there is no selective deposition of copper on the 
lusions; rather copper is deposited in speckles on both the matrix and in 
lusions at what appears to be at the same rate. We attribute this to similar 
thodic characteristics of UHs and the matrix uranium. With extended times of 


eposition, both the UHs inclusions and the matrix have an appearance similar to 


t of the matrix illustrated in the discussers’ Fig. 13. We have found no set 


of circumstances where this is altered—a situation quite unlike that involving 


her types of inclusions, such as the U(C.N) species 














PREPARATION OF URANIUM AND URANIUM 
ALLOY POWDER METAL COMPACTS 


By HERBERT S. KALISH 


Abstract 


Methods are described for the preparation of uranium 
powder suitable for powder metallurgy fabrication. Most of 
the powder metallurgy uranium and uranium alloy parts 
fabricated in the United States have been made from 
vacuum decomposed uranium hydride powder. Uranium 
parts have been made by cold pressing and sintering, hot 
pressing, and powder rolling, and these processes are briefly 
evaluated. 

Hot pressing appears to be the most favorable process for 
unalloyed uranium, yielding fine grain size, random orienta- 
tion uranium parts, and is amenable to the fabrication of 
slugs and hollow cylinders. 

Cold pressing and sintering appears to be the most prom- 
ising approach for making uranium alloy parts, although 
powder rolling, hot pressing and powder extrusion are dis- 
tinct possibilities for certain special shapes that might be 
required. 

The best binary uranium alloys are those containing 1 to 
1% molybdenum, 1 to 4% columbium or 2% zirconium. 
Ternary and more complex alloys can also be made by 
powder metallurgy. Uranium alloy parts which have been 
made include cylindrical slugs, long cylinders and a complex 


91-hole wafer. (ASM-SLA Classification: H14, H15; U) 


7 YUR BASIC methods are available for the preparation of uranium 


and uranium alloy compacts by powder metallurgy methods. Thes« 


methods are cold pressing and sintering, hot pressing, powder rolling 


and powder extrusion. Since the most favorable methods for the fabri 
cation of uranium are somewhat different than for uranium alloys, the 
alloys will be considered separately. 


Uranium powder can be made by a direct reduction process. Among 
the methods which have been used are the calcium and magnesium 
reduction of UOs, the calcium reduction of UOs, fused salt electrolysis, 


and the direct carbon reduction UOs. 
The calcium and magnesium reduction of UQs has received cor 
siderable attention in England and is utilized there as a basic metho 
\ paper presented before the Fortieth Annual Convention of the Society, lh 
in Cleveland, October 27-31, 1958. The author, Herbert S. Kalish, is associat 


with the Olin Mathieson Chemical Corporation, New Haven, Connecticut. Mar 
script received June 21, 1957. 
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for the preparation of uranium powder for the powder metallurgy 
fabrication of uranium. Some work has been done at GE-KAPL on 
the calcium reduction of UO; for the preparation of large spherical 
particles of uranium. Powder metallurgy consolidation of these large 
particles has not been reported. The fused salt electrolysis will appar- 
ently yield a suitable powder for subsequent fabrication, but the method 
has not been fully explored or exploited because of probable economic 
disadvantages. The carbon reduction of UQOs yields more of a sponge 
like material than a powder and is therefore unfavorable for cold press- 
ing and sintering, but may be useful for hot pressing or powder rolling. 

The powder preparation method which has been given the most 
attention in this country is the hydride method (1).' This technique 
can be used to form a powder from any mass of uranium material. The 
use of sponge or derby material from the magnesium reduction of UF, 
is particularly favorable because of the large surface area of these mate 
rials. It is suitable, therefore, for the preparation of powder from the 
main line production of uranium. 

The preparation of UH; powder is inexpensive and straightforward, 
involving hydrogen at about atmospheric pressure and temperatures 
in the neighborhood of 250°C (480°F). The uranium hydride 
powder, however, must be decomposed to form uranium powder. 
While the operating conditions are simple, involving temperatures of 
about 450°C (840°F), and the vacuum system to pump off the 
hydrogen, the method has some difficulty because of the tendency of 
the uranium powder to sinter together, even at these relatively low 
temperatures. Thus, a sinter cake must be subsequently comminuted 
ina hammer mill or attrition mill to yield a powder. This processing 
must obviously be done in a high purity inert atmosphere dry box. To 
avoid the formation of the sinter cake, techniques are being developed 
which include a rotary kiln type of apparatus or other device for keep 
ing the powder in motion during decomposition. This represents one 
of the most important phases of the economics of powder metallurgy 
fabrication. 

Fig. 1 shows four different types of uranium powder particles. The 
uranium hydride particle is extremely fine and is shown at very high 
magnification in Fig. la. The particles are extremely irregular in 
shape. The uranium powder shown in Fig. 1b, which is decomposed 
from the hydride, has a particle size dependent upon the comminution 
and basically consists of agglomerates of the small particles shown in 
Fig. la. The calcium-reduced UOs consists of large spherical particles, 
as shown in Fig. lc, and the direct carbon-reduction of UOs results 
in particles as shown in Fig. 1d. 

It seems clear that the fine irregular-shaped particles obtained by 
the hydride method should be suitable for the cold pressing and sinter 


1 The figures appearing in parentheses pertain to the references appended to this paper 
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ng technique. Calcium and magnesium-reduced U Oy is also quite favor 
le for cold pressing and sintering. Although the processing to be 
lescribed was all done with either uranium hydride powder or vacuum 
lecomposed uranium hydride powder, it is reasonable to expect that 


other types of powders such as calcium-reduced UQsz will give equi 


alent results. 

Cold pressing is done by loading the uranium powder into a suitable 
ie and compacting at pressures in the neighborhood of 30 to 100 tsi, 
he results of which are shown in Fig. 2. This indicates the improve 
nt in density with pressure, but it also indicates that even very close 
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to the melting point, one cannot attain very high densities by sintering 
uranium powder compacts. This work was done, however, by loading 


wder into a die in an argon dry box, closing the die and removing it 
m the dry box for compacting. After the compact was formed in the 
ress, It was returned to the dry box. Improved equipment, in which 
ompacting can be done with a press which is built into the dry box, 


has permitted much higher densities to be obtained. In fact, even at 


oderate compacting pressures of 30 to 50 tsi, and utilizing sintering 


temperatures of 1100 °C (2010 °F), one can readily attain densities 


in excess of 18 grams per cubic centimeter through the use of this im 


hie 
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Fig. 3—Operation of 200-Ton Press Inside an Argon Dry Box. 


proved equipment. The press which is now in use for this work is 
shown in Fig. 3. Fig. 4 is an inside view of the dry box showing the 
press and the operator loading powder into the die. 

Cold-compacted uranium powder must be sintered in a high vacuum 
for at least several hours just slightly below the melting point. The 
product one gets is coarse grained, and the method seems to have no 
advantage over the much more straightforward melting and casting 
techniques. By hot pressing uranium powder, however, one can attain 
a fine grain size and high densities. The minimum compacting tempe1 
ature for hot pressing was determined from the curve shown in Fig. 5 
At 600 °C (1110 °I*), full density is attained ; decreasing the temper 
ature results in a considerable decrease in density. Compacting pres 
sures as low as 12 tsi can be used at a temperature of 600 °C (1110 °F 
to attain full density. Hot pressing is done by loading powder int 
Inconel X dies in a dry box and pressing under a vacuum or argon 
atmosphere. 

The temperature of 600 °C (1110 °F) for attainment of fu!l density 
is fortuitous, since if one goes much above this temperature, it is difh 
cult to find suitable die materials and the alpha-beta transformation 
would also be exceeded, with a resultant coarse uranium grain size. 

lig. 6 shows the comparison between the grain size of cold-pressed 
and hot-pressed material. The cold-pressed and sintered uranium is 


very Coarse-gr 


ained, .\ttempts were made to refine the grains by cold 





























Fig. 4—Inside View of Dry Box Showing Press and Operator Loading Powder into the 
Die 






working through repressing, as shown here, and then through subse 


uent recrystallization. Although fine grains were obtained, it was 
found that these are in reality subgrains having low orders of orienta 
tion, one from the other, so that the resultant uranium still consists, 
for all practical purposes, of coarse grains 

rhe fine grain and random orientation obtained by hot pressing is 
ie ideal situation, from a radiation damage standpoint. This is anal 


gous to beta treatment of wrought material, but in general, one can 


t} 


get a somewhat more random orientation by the hot pressing technique 

If one can hot press a powder, it can also be rolled. The technique 
consists of pouring uranium powder, under an inert atmosphere of 
course, into a mild steel sheath. This is closed off and evacuated and 
the assembly rolled at about 600 °C (1110 °F). Subsequent to rolling, 
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Fig. 5—-Density of Hot Compacted Uranium Powder 
versus Compacting Temperature (Compacting Pres 
sure 20 tsi). See Ret 


the steel sheath can be readily stripped from the uranium. Like hot 


pressing, this technique does not yield much preferred orientation, pro 


vided rolling is stopped just prior to the point at which full density is 


obtained in the uranium. This must be carefully controlled or one ob 
tains the same preferred orientation found in ordinary wrought mate 
rial. To obtain high density with a minimum of preferred orientation 
the plate must be hot-pressed subsequent to rolling. 

lig. 7 shows some of the typical shapes of uranium parts which have 
been made by powder metallurgy. The two slugs shown can be fair! 


readily fabricated by these techniques, and it is conceivable that cost 


can be competitive with wrought material if production rates wer 
high enough. The advantage here would be the minimizing of machin 
ing costs and perhaps an additional advantage in a more random orien 
tation of grains, which might permit higher burnups. 

The plate can probably never be economically competitive wit! 
wrought plate, but might be advantageous from a standpoint of reduc 


tion of uranium loss, improved surface finish without machining, and 


random orientation finegrain structure. 

The large hollow slug shown in Fig. 7 is an object for which there i 
definite advantage in the powder metallurgy technique. Here. one ob 
tains the final shape within relatively close tolerances by the hot press 
ing operation. It is conceivable that such an object can be extruded 
otherwise one must resort to drilling to obtain the required hole. 


The preparation of uranium alloys by powder metallurgy methods is 


useful for making certain special fuel element shapes and is amenabl 
to the fabrication of several alloys. Of particular consideration was th 








Fig. 6—Microstructures of Powder Metallurgy Urar 
a) Cold-pressed at 60 tsi and sintered at 1115 °¢ 
sintered and repressed at 175 tsi 00. (c) ¢ press 
nealed at 550 °C (1020 °F). x 200. (d) Hot-pressed at 10 tsi, 
(1110 °F). x 200. See Ref. 1 


ium Prepared by Different Methods 
; F). & 100. (b) Cold-pressed, 
|, sintered, repressed and ar 


15 minutes, at 600 °¢ 
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Fig. 7—Typical Forms in Which Powder Metallurgy Uranium Parts Have Been Fabri 
cated. Foreground shows a flat plate. In the background, left to right: 2.5 inches ir 
diameter—4 inches high hollow slug, 1.5 inch in diameter—8 inches high hollow slug, 1.5 


inch in diameter—8 inches high solid slug, 1.5 inch in diameter—4 inches high solid slug 


attainment of alloys which had dimensional stability upon irradiatior 
and thermal cycling. It is clear that if powder metallurgy fabrication 
can be utilized, preferred orientation effects which might occur in the 
fabrication of wrought alloys could be prevented, further enhancing 
the radiation stability. In addition, some of the alloys that are required 
for fuel element applications may be difficult to produce by melting 
techniques because of problems in obtaining a homogeneous ingot 
Another aspect of importance might be the fact that some alloys are 
extremely difficult to fabricate by hot or cold working ana could be 
made directly to the required shape by powder metallurgy methods 
Also, finer grain size is frequently obtained by fabricating via the 
powder metaliurgy route, and this could enhance the radiation and 
thermal cycling stability of the material. 

Some typical fuel element shapes amenable to powder metallurgy 
fabrication are shown in Fig. 8. The complex wafer containing 91 holes 
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to Powder Metallurgy 


was made by cold pressing and sintering a ternary uranium alloy con- 
taining 2.0 weight 


( 


© molybdenum and 0.5 weight % zirconium. This 
wafer, shown, in the as-sintered condition, is being developed for use 
in the EBR-II. The long rod was produced by hydrostatic pressing 
and sintering a 1.4 weight “ molybdenum-uranium alloy. The rod, 
shown in the machined condition, might also be applicable for the 
EBR-IL. The small cylinder is 1.2 weight % molybdenum-uranium 
alloy made by cold pressing and sintering. It is shown after some slight 
machining. Alloy cylinders of this type were made for the sodium 
graphite reactor. Hollow cylinders and other complex shapes can be 
fabricated for use as fuel elements by powder metallurgy methods, 
minimizing fabrication losses of valuable material. 

In the investigation of alloys amenable to powder metallurgy fabri- 
cation, some fourteen addition elements were considered with par- 
ticular emphasis on low cross section. Powder metallurgy alloys can 


be made either by cold pressing and sintering, by hot pressing, powder 


rolling, or extrusion. If a mixture of molybdenum powder and uranium 
powder, for example, is hot pressed at about 600°C (1110 °F), the 
resultant structure would be discrete particles of molybdenum in a 
uranium matrix. This structure can subsequently be homogenized by 
heat treatment for perhaps one hour at 900°C (1650°F), provided 
the powder utilized is adequately fine, i.e., on the order of —200 mesh. 





TRANSACTIONS OF THE ASM 


Table | 
The Density and Grain Size of Some of the Promising 
Powder Metallurgy Binary Uranium Alloys 


Composition Density 

Element weight ‘ atomic “ gm /cm Theoretical 
Molybdenum OR 1.96 18.60 98.6 
Molybdenum 244 18.55 985 
Molybdenum 2.93 18.53 98.6 
Molybdenum 3.40 18.50 98.5 
Molybdenum 4.23 18.42 98 
Molybdenum 4.82 18.45 OR 
Molybdenum 5.98 18.25 98 
Molybdenum 7.13 18.05 97 
Molybdenum 8.26 17.95 97 
Molybdenum 11.55 17.55 96 
Columbium 4.00 18.30 98 
Columbium 7.34 17.90 97.9 
Columbium 11.89 17.00 98.0 
Silicon 3.45 18.05 97.8 
Silicon 4.08 18.00 98.0 
Chromium 4.42 18.18 97.3 
Chromium 19.45 16.00 91.2 
Zirconium 5.06 17.95 98.1 
Zirconium 12.08 17.10 98.6 
Vanadium 451 17.90 96.4 
Vanadium 8.71 16.90 93.0 
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Thus, all four methods of fabrication can be utilized, including th: 
special methods of compacting, such as hydrostatic pressing ; and tl 
method to be used depends upon the shape of the fuel element requir 

When properly made, the material fabricated by any of the metho 
would have essentially similar properties. Since cold pressing a1 
sintering is the most straightforward approach, it was used for investi 
gating suitable addition elements. 

If pure uranium powder is cold pressed, as pointed out before, it car 
he sintered to a density of perhaps 18 to 18.5 grams per cubic centimeter 
under ideal conditions, but the grain size of the resultant material 
extremely large. Certain addition elements not only inhibited grair 
growth, but also promoted the rate of densification. 

In Table I, the densities and grain sizes of alloys which appear t 
have the greatest potential by powder metallurgy methods are listed 
The addition of elements such as bismuth, aluminum, tin and iror 
which were investigated but are not listed in the table, did not vie 


promising results for fabrication by cold pressing and sintering. 
Molybdenum, as shown here, is one of the most beneficial additior 


elements from the standpoint of enhancing the densification of uraniur 
during sintering and also for controlling the grain size. As one increases 
or decreases the amount of molybdenum from 0.8 weight %, the densit 
goes down. On the other hand, the optimum composition as far as grait 
size is concerned appears to be 1.4 weight % molybdenum. Columbiu 
gives good densification and an even finer as-sintered grain size. Silico! 
is not as good as molybdenum or columbium, either from a grain size o1 
density standpoint, and although its low cross-section and relative! 


good thermal cycling stability made it an attractive addition element 
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is been ruled out by recent radiation damage studies which showed 
ere distortion at 0.3% burnup. The 1.0 weight % chromium and 
5 weight % zirconium alloys are promising. Vanadium is also of 
e interest, primarily as an addition to ternary alloys for fast breeder 
ictor fuel elements. 
[he uranium powder which lends itself most favorably to the forma 
of uranium alloys is that produced by the hydride method. In 
stigations of proper particle size of uranium powder revealed that 
325 mesh powder was the coarsest material that could be used 
btain a dependable high-density product by cold pressing and 
nte ring techniques. If coarser powders are used, some loss in density 
ill probably be realized. In the case of hot pressing or powder rolling, 
he homogenization time and/or temperatures is increased by the use 
F coarser uranium powder. For example, molybdenum alloys in the 
nge of 1 to + weight % molybdenum can be homogenized in one hour 
100 °C (1650 °F) if —325 mesh powder is used, but the use of —100 
esh powder increased the homogenization time to ten hours. 
Cold-compacted elemental powders homogenized as readily as the 
pressed material, but in order to achieve high densities, 1.e., bette: 
in 98% of theoretical, temperatures approaching the melting point 
the powders must be utilized. For example, a 1.4 weight % 
olybdenum-uranium alloy should be sintered for about three hours 
1100 °C (2010 °F) to achieve a high density. Increasing the molyb 
lenum content, which increases the melting point, necessitates a similar 
nerease in sintering temperature. Molybdenum, columbium and zirco 
ium alloys are amenable to powder metallurgy fabrication and can 


consistently sintered to high densities. Silicon and chromium alloys 


re extremely sensitive to sintering time and temperature, and 1 
powder metallurgy fabrication is utilized in production for these alloys, 
sensitive processing controls will have to be employed. 

Sintering must be conducted in a vacuum on the order of 1 x 107‘ 

m of mercury. Inert atmospheres such as argon or helium might also 
he employed, provided adequately pure gas and an adequately sound 

stem 1s utilized. 

\ comprehensive investigation has been conducted to determine a 
suitable lubricant for use in the compacting of uranium alloys. The 
ubricant must be one which is not detrimental to the vacuum sintering 
system, Camphor, which has a high vapor pressure and which will 

porize readily even at room temperature in vacuo without leaving a 
residue, proved to be an ideal lubricant. Its lubricating characteristics 
re as good, or better than, any known material. The camphor is added 

dissolving it in benzene to make a suitable slurry with the uranium 

wader. This is vacuum dried prior to compacting. The slight camphor 
ating on the particles also decreases the pyrophoricity of the uraniun 
wder to some extent. 
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Fig. 9—The Effect of the Method of Alloy Preparation on the Stability 

of 1.4 weight % Molybdenum-Uranium Alloy After 500 Cycles from 

100-750 °C (210-1380 °F). Cycles were 11-minute heating and 4 

minute cooling. (a) Beta-treated wrought U. (b) 1.4 weight % M: 

as-sintered. (c) 1.4 weight % Mo as-cast. (d) 1.4 weight % Mo cast, 
wrought and gamma-treated. 


Compacting pressures as low as 20 tsi can be used for pressing 
uranium powder containing elemental additions. The compacting pres 
sures, however, depend upon the shape of the object to be produced 
and in general, if high densities are to be achieved, the optimum com 


pacting pressure appears to be 40 to 50 tsi. 
In general, the addition element should be a fine powder, preferab! 
325 mesh. Usually, commercially available columbium and molyb 
denum powders are suitable for making the alloys. In the case of zir 


conium, a comparison was made between powder obtained by leaching 
the Kroll process reduction product with powder made by the hydride 
process. Zirconium hydride powder was found to be superior to the 
other material in that it yielded higher densities under the same process 
ing conditions. 

It is fortunate that the most promising uranium alloys lend then 
selves to powder metallurgy fabrication. These include low-content 
molybdenum, columbium and zirconium alloys. 

Fig. 9 shows the effect of cycling 1.4 weight % molybdenum alloy 
fabricated by three different methods, in comparison to beta-treated 
wrought uranium. The pure uranium distorted severely, whereas ver 
little distortion occurred in the powder metallurgy alloy with this slow 
beta cycling. The as-cast material shows some distortion and th 
wrought gamma-treated material still more distortion. Pin-type sam 
ples which were cycled fast, in a test which is probably more realisti 
to reactor operations, indicated that there is little difference in pet 
formance as a result of fabrication technique. 

In general, it can be stated that thermal cycling and radiation tests 
indicate that there is little difference in performance as the result o! 
fabrication technique, with one provision ; wrought material requires 
suitable heat treatment. Both cast and as-sintered powder metallurgy 
material avoid this necessity. Thus, it can be concluded that the reasons 
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using powder metallurgy allovs are generally something other than 
formance. The first reason might be difficulty in fabricating by soni 
her technique. If one encounters a homogenization problem, for 

nee, in making the alloy by melting and casting, the powde1 
etallurgy method might be attractive. Another area of important 
nsideration is in fabrication of certain types of complex shapes which 


lend themselves to this technique. Probably the best example of this 


the wafer being developed for use in the EBR-II. A stack of these 

fers made from a 2 weight % molybdenum, 0.5 weight % zirconium 
is shown in Fig. 10 

Shapes of this basic type can be st be made by the cold pressing and 

ntering technique and it is questionable that any other method of 

brication can be used to make a similar part economically. For fabri 

iting other special shapes, techniques such as hydrostatic pressing, 
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hot pressing, or powder extrusion would be suitable, but one cannot 


make a general rule for the required technique, and very active develo; 
ment is still going on with these methods. 
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DISCUSSION 

Written Discussion: By H. A. Wilhelm, associate director, and P. Chiott 
group leader, Ames Laboratory, Iowa State College, Ames, Iowa. 

The author has presented some very interesting and useful information o 
phase of the important work on uranium being done in the laboratories 
Sylvania-Corning Nuclear Corporation. The presentation of results is well 
ganized. 

In connection with the author’s work on powder metal preparation, we t 
have found that the derby (or “biscuit”) metal is quite suitable for the prepara 
tion of uranium powder by the hydride process. However, in connection wit 
the author’s implication that the derby (biscuit) metal has a large surface whi 
favors this method for preparing the hydride, we would point out that the biscuit 
metal obtained by the magnesium reduction of UF, is very compact and t! 
surface area is essentially at a minimum. This massive uranium is readily « 
verted to the hydride primarily because of the large volume of the hydride re! 
tive to that of the metal. The result is the formation of a fine nonadherent hyd: 
powder. An unprotected surface of metal is continuously presented to hydrog 
gas as it diffuses through the loose hydride layer. 

It is noted that the cold-pressed compacts of uranium do not sinter to ne 
theoretical density even though they are compacted with high pressures 
sintered at near the melting point. Although an explanation of observations 
not the object of the paper, it would be interesting to have the author’s comment 
as to the basic reasons for these observed low density values for sintered c 
pressed uranium. 

Author’s Reply 

I wish to express my thanks to Drs. Wilhelm and Chiotti for their helpful : 
marks. 

As they pointed out, derby (or “biscuit”) uranium is, indeed, a dense materia 
and the implication in the paper that this form of uranium has a large surta 
area is in error. The explanation given by Drs. Wilhelm and Chiotti for t! 
ease with which massive uranium forms into UHs powder is correct. 

The low density values for compacted and sintered uranium has a good ¢ 
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nation. It fits in line well with the theory of sintering, proposed by Alexande 
| Balluffi.* Uranium is, in fact, a good example for this phenomenon. 
Uranium, as is well known, undergoes very rapid grain growth (exaggerated 


rain growth) in the beta and gamma phases. Thus, during sintering, regardless 


f compacting conditions, a very large grain size is quickly attained. It has been 


ywn by Alexander and Balluffi that once the grain boundaries grow and sweep 


eyond the pores, densification virtually ceases. To remove the voids, it is 


cessary to have vacancies representing the void diffuse away from the hole. 


grain boundaries act as sinks for these vacancies. Thus, the self-diffusion 
ess required for densification during sintering goes on rapidly with fine 

size, and slows up as the grains grow. If grain growth is too rapid, as is 
case with uranium, one can never hope to approach theoretical density even 
tering near the melting point. These results were proven by the fact that: 


(a) Uranium powder from the same batch which could not be com 
pacted and sintered to full density could be either hot pressed or melted 
to densities approaching theoretical. 

(b) The addition of certain grain growth inhibiting alloying elements, 
such as molybdenum or columbium, yielded a compacted and sintered prod 
uct approaching theoretical density. 


H. Alexander and R. W Jallufi, ““The Me 
Vol. 5, 


urgica ov. 1957, p. 66¢ 





PROPERTIES OF AS-CAST AND HEAT TREATED 
2% MOLYBDENUM-URANIUM 


By E. G. ZuKAsS 


Abstract 
Tensile and impact properties were determined for 2% 
molybdenum-uranium alloys from —198 to 100 °C (-324 to 
210 °F) after the following heat treatments: (a) as-cast, 
(b) water-quenched from 850°C (1560°F), (c) water 
quenched from 850°C (1560°F) followed by aging at 
150 °C (840 °F) for 1 hour, (d) homogenized and furnace 
cooled, and (e) water-quenched from Gc2 °C (1155 °F 
The tensile strengths reached a maximum at temperatures 
below -30°C (-22°F). This temperature was influenced 
by heat treatment. Tensile and yield strengths well ove 
200,000 psi z obtained by treatment (c) but the alloy 
was quite brittle after this treatment. Impact strengths were 
generally low, espec ‘tally at temperatures below —30 °C 
ce °F ).4 Seamus nization treatment followed by furnac 
cooling appe ared to be a satisfactory and prac tical heat 
treatment. (ASM-SLA Classification - Q27a, Qo6n, 2-64 
, Mo 


INTRODUCTION 


A PART OF A general study on binary uranium alloys, the m« 


( 


chanical properties of the 2% molybdenum-uranium alloy wer 


determined. The results of this investigation are presented here. 
The mechanical properties of some of the uranium-molybdenu: 


alloys have already been reported (1,2,3).! The results of this report 
cover the mechanical properties which can be obtained by heat treat 


ment of the 2% molybdenum-uranium alloy for use at temperatur 
from —198 to 100 °C (—324 to 210 °F). 


EXPERIMENTAL PROCEDURI 
The range of chemical composition of the castings used in this sti 
was as follows: 


Molybdenum 2.00—2.35 weight % 

Carbon 90— 160 parts per million 
Iron 50— 200 parts per militon 
Silicon 80— 300 parts per million 
\luminum 10— 60 parts per million 
Total Other 30— 60 parts per million 


Che figures appearing in parentheses pertain to the references appended to this paper 


\ paper presented before the Fortieth Annual Convention of the Society, 
in Cleveland, October 27 to 31, 1958. The author, E. G. Zukas, is associated 
the Los Alamos Scientific Laboratory of the University of California, Los Alan 
New Mexico. Manuscript received April 17, 1958. 
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2% MOLYBDENUM-URANIUM ALLOY 


[he castings produced were quite homogeneous. A typical casting 
IS x & x 1% inch contained 2.10% molybdenum at the bottom and 
02% molybdenum at the top. Carbon was rejected during the solidi 
cation process and segregated in those areas which were last to 
solidify. A typical casting contained 100 ppm carbon at the surfaces 
and 140 ppm at the center. The other impurities were evenly distributed 
throughout the casting. 

Blanks 0.5 x 0.5 x 3.5 inch and 0.44 inch diameter x 3 inch long were 
heat treated in vacuum (0.01 to 0.1 micron) before machining into im- 
‘t and tensile specimens. The following heat treatments were used: 


t 


1. As-Cast 

2. Solution treated for 3 hours at 850°C (1560°F) followed 
by a water quench 
Same as treatment No. 2 followed by aging at 450 °C (840 °F) 
for 1 hour 
Solution treated at 850 °C (1560 °F) for 3 hours and furnace 
cooled. The cooling rate from 850°C (1560°F) to 400°C 
(750 °F) was approximately 5 °C per minute 
Solution treated at 850°C (1560°F) for 3 hours, furnace 
cooled to 580°C (1560 F ), held at 580°C (1560°F) for 
2 hours, reheated to 625 °C (1155 °F), held for 2 hours and 


water-quenched. 


[he as-cast specimens were used as a control for determining the suc 
cess of a particular heat treatment. The water quenching treatment was 


; 
i 
i 


used to obtain a homogeneous single phase alloy and samples after 
his treatment were subsequently aged at 450°C (840°F) for one 
hour to produce maximum hardness (4). The homogenization and 
furnace cooling treatment improved the reproducibility from casting to 
isting. Treatment No. 5 allowed complete transformation of 8B and 
prevented the formation of appreciable quantities of the ordered phase 
B" 

\fter heat treatment, the specimens were examined using x-ray 
diffraction, metallographic observation and by hardness measurements 





to insure uniformity in the specimens. The specimens were then 
machined. 

Standard V-notch Charpy impact specimens were tested at —198, 
80, -30, 20 and at 100°C (-—324, -112, —22, 68 and 210°F) on a 
standard Sonntag impact machine. These results were supplemented 


results from bars of the same size with different radii notches hav- 
ing identical cross sections at the base of the notch. Notch sizes of V6, 

and 14 inch diameter were used. Unnotched bars were also tested. 

lensile tests were run at comparable temperatures. Standard 1 inch 


Ae 0 pie tA i AE atti 4 


gage length specimens were tested using a load rate of approximately 
6000 psi per minute. Standard SR-4 strain gages were glued to the 
specimens for all tests except those at room temperature. An SR-4 
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Fig. 2—Elongation and V-notch Impact Strength of the 2% Mo-U Alloy 


extensometer was used for the room temperature tests. The yie 
strengths were determined at 0.2% offset. 


RESULTS 


The tensile strengths of the 2% molybdenum-uranium alloy reached 
a maximum at testing temperatures below -30°C (-22°F) Fig. 1 
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Such a maximum occurred for unalloyed uranium (5) as well as for 0.5 
nd 1.0% molybdenum-uranium alloys (3). The temperature at which 
this maximum occurred was lowered by the addition of molybdenum 
to uranium and, as can be seen from Fig. 1, was affected somewhat by 
heat treatment. The maximum tensile strength for the 2% molybdenum- 
uranium alloy was 229,000 psi at —30 °C (—22 °F) and was obtained by 
water quenching from the high temperature (850°C) gamma-phase 
field followed by aging at 450 °C (840 °F) for 1 hour, These specimens 
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z. 3—Impact Strengths Showing the Effect of Different Notch 
meters of the 2% Mo-l Alloy after Homogenization followed 


by Furnace Cooling 


had essentially no ductility (Fig. 2) and failed in a brittle manner 
This resulted in a yield strength curve (Fig. 1) which almost coin 

led with the tensile strength curve and showed a similar maximum at 
30 °C (-22 °F). The tensile strength curves for the 2% molybdenum 
Uloy all exhibited similar maxima but no other heat treatment pro- 
duced a maximum in yield strength. The other heat treatments caused 
the yield strength to decrease as the testing temperature was increased 
to room temperature. Slightly higher yield strengths were obtained at 
100°C (210°F) indicating that some degree of strain aging had 
ecurred. 

The elongation during tensile testing and the V-notch Charpy im- 
act strengths are shown in Fig. 2. The elongations of specimens water 
juenched from 850 °C (1560 °F) (y-phase) as well as those given the 

additional aging treatment were quite low, and never exceeded 4% even 
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at 100 °C (210 °F). At testing temperatures below —80 °C (-112 °F 
the impact strengths were low for all of the heat treatments tried 
applications where the impact strength might be a prime consideratio: 
some advantage could be gained by using larger radii in design. T! 
notch of standard impact bars was modified slightly by increasing th: 
radius while still maintaining the standard overall bar size and an equ 
cross section of material behind the notch. The results are shown i: 
Fig. 3 for specimens given the homogenized and furnace cooled treat 
ment. The use of a more liberal radius enabled the detection of the 
ductile to brittle transition which might have been overlooked if th: 
standard V-notch bars had been used exclusively. This transition \ 
curred at slightly below —40 °C (40 °F). 

Discussion 

Tensile strengths of the 2% molybdenum-uranium alloy were in 
creased to well over 200,000 psi by heat treatment. After such a treat 
ment, the alloy failed in a brittle manner and consequently appeared 
to have little practical value. Specimens water-quenched from 850 °¢ 
(1560 °F) had a good combination of properties for low temperature 
use. Unfortunately, section thicknesses greater than 1!4 inch wer 
highly stressed and usually failed, sometimes catastrophically. 

The homogenization followed by furnace cooling treatment was us¢ 
to represent properties which could be obtained by a carefully con 
trolled casting procedure. If only the best properties of the cast allo 
were considered, then these properties would be similar to those ob 
tained for the homogenization and furnace cooling treatment. This 
was a relatively simple and practical treatment that could be used 
in normal processing. Somewhat better ductility, as measured by 
elongation and impact strength, was obtained by quenching the spec! 
mens from 625 °C (1155 °F). This added ductility however, was a 
companied by decreased tensile and yield strengths. 

For application of this alloy within the temperature range studi 
here, the homogenized and furnace cooled alloy was considered pra 
tical. Generous fillets and elimination of small radii notches in desig: 
should allow the alloy to be used where impact loading is an important 
factor. 
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THE CONSTITUTION OF RHENIUM- 
TUNGSTEN ALLOYS 


By J. M. Dick1Nnson Anp L. S. RICHARDSON 


Abstract 

A constitutional diagram has been proposed for the 
rhenium-tungsten alloy system. Two intermediate phases 
were found. Sigma phase formed peritectically at 3000 °C 
(5430 °F) and y-phase formed peritectoidally at 2125 °C 
(3850 °F). A eutectic was found at 74% rhenium and 
2825 °C (5115 °F). Tungsten dissolved up to 37% rhenium 
and rhenium up to 20% tungsten. (ASM-SLA Classifica 
tion M24b; Re, W) 


INTRODUCTION 
A PART OF a general study of the refractory metals and their 


alloys, a number of phase diagrams of these metals have beet 
investigated. The rhenium-tungsten diagram is reported here. 

Very little information about rhenium-tungsten alloys has been re 
ported in the literature. Geach and Hughes (1)! reported that alloys 
containing 35%* rhenium were workable at a few hundred degrees 
centigrade and that the addition of rhenium to tungsten improved thx 
high temperature strength of tungsten. Greenfield and Beck (2) inves 
tigated a number of alloys that had been annealed at 1200 °C (2190 °F 
and found intermediate phases isomorphous with the o and y phases 
found in some iron-base alloys. Becker and Moer (3) reported a mel! 
ing point curve for the rhenium-tungsten system. They found a melt 
ing point minimum of 2890 °C (5235 °F) occurring at 50% rheniun 
another at 2820 °C (5110°F) occurring at 67% rhenium. A melting 
point maximum of 3010 °C (5450 °F) was reported at 60% rheniun 
They also presented x-ray evidence indicating the presence of an inte: 
mediate phase, probably W2Res, in the vicinity of the maximum melting 
point. 


EXPERIMENTAL PROCEDURES 


The rhenium used in this investigation was procured as powder f1 


Work performed under the auspices of the Atomic Energy Commission. 


1 The figures appearing in parentheses pertain to the references appended to this paper 


* All compositions are in weight percent. 


Of the authors, J. M. Dickinson is associated with the Los Alamos Scientif 
Laboratory of the University of California, Los Alamos, New Mexico, and L. $ 
Richardson is employed by the Westinghouse Research Laboratory, Pittsburg! 
Pennsylvania, and is on loan to the Los Alamos Scientific Laboratory. Manuscript 
received April 18, 1958. 
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Varlacoid Chemical Company. Spectrochemical analysis of the rhenium 
howed traces of silver and silicon. The rhenium powder was pressed 
nd then arc-melted in a zirconium-gettered helium atmosphere at an 
bsolute pressure of approximately 50 mm of mercury. Tungsten was 
repared by arc melting commercial rod in the same manner. Spectro- 
mical analysis of the tungsten so prepared showed traces of silicon, 
n, copper, and silver. The metals were then crushed and used as 


3 
arges for arc-melting. 

\lloys of tungsten and rhenium were made as buttons weighing from 
)to 40 grams by arc melting in a water-cooled copper crucible using a 
onconsumable tungsten electrode. The alloys were normally melted 

| times (the buttons were turned over after each melting operation), 
oved from the furnace, crushed, and remelted 4 times as before 
Llomogeneous alloys were usually produced by this procedure. 

[he annealing and quenching operations were carried out in the 
tube-furnace previously described by the authors (4), which was modi- 
ed to permit the use of the furnace at higher temperatures. A split 
tungsten tube was used in place of seamless tantalum for the heater and 
ulditional radiation shielding was found necessary to reduce end losses 
from the furnace. Temperatures over 3000°C (5430°F) were ob- 
tained using approximately 22 KW. of power. The furnace has been in 
peration for several months with the original heater tube and no diffi 

ilties have been encountered. 

Specimens were annealed in a vacuum ranging from 5 & 10-* mm of 
mercury at room temperature to 1 & 10 mm at 3000°C (5430 °F) 
\ vacuum of approximately 6 X 10°° mm could be maintained up to 
2800 °C (5070 °F). The pressure was measured three inches from the 
furnace, in the main vacuum line, using an untrapped NRC ionization 
gage. Annealing times varied with temperature from a few minutes at 
3000 °C (5430 °F) to several hundred hours at 1600 °C (2910 °F) 
\nnealing runs were repeated until it appeared that equilibrium had 
been reached. 

After annealing, the specimens were either furnace-cooled (the speci- 
men cooled to less than 1200 °C (2190 °F) in approximately 1 minute), 

r were quenched by melting a fuse wire allowing the specimen to drop 
into a pot of molten tin held at 250 °C (482 °F). The entire treatment 
was done under vacuum. The adherent tin was removed from the speci 
men by pickling in concentrated hydrochloric acid. 

During annealing operations above 2500 °C (4530 °F), rhenium was 
preferentially lost from the surface of the specimen by evaporation 
Chis depleted layer of metal was always removed before the final exam 
nation of the specimen was made. 

Temperatures were measured with an optical pyrometer by sighting 
hrough holes drilled in the radiation shields and the furnace tube. At 
thermal equilibrium, reached in minutes at temperatures of 2000 °C 
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(3630 °F) or above, no temperature difference between the samp\ 
and the walls of the furnace could be seen, indicating that very nea 
black body conditions were reached. A Leeds and Northup opti 
pyrometer, calibrated against a standard lamp, was used for all ten 
perature measurements. Correction was made for the sight glass absory 
tion. The accuracy of the temperature measurements was probab! 
better than 30 °C (55 °F). 

A variety of metallographic methods was used to prepare the spec 
mens for examination. Normal procedures were followed except for 
the final polishing and etching operations. The best results were ol 
tained using an electromechanical polishing technique (5). By varying 
the current density and/or the concentration of the electrolyte (nor 
mally a saturated solution of potassium ferricyanide or a 3% solution 
of hydrogen peroxide) the specimens could be quickly and easil 
polished. Specimens often could be etched electromechanically by vary 
ing the current density. Times for final polishing after grinding on 4/0 
paper ranged from 4 seconds to 4 minutes. The o phase alloys were 
normally dip etched briefly in a solution of 9 parts hydrofluoric acid 
and 1 part nitric acid. The rhenium-rich solid solution alloys, a phase 
were polished by either the electromechanical method or by alternately 
polishing with a slurry of potassium ferricyanide and alumina, and 
etching electrolytically with a solution of 1 part chromium trioxide and 
4 parts acetic acid in 1 part water. 

The determination of the single phase boundaries by measurement of 
lattice parameters proved impractical for three reasons: (a) structures 
of both rhenium (hexagonal close packed ) and tungsten (body centered 
cubic ) underwent only minor changes in lattice parameter upon addi 
tion of the second element, (b) the a and £ alloys were very difficult to 
powder, and (c) the annealed samples had too large a grain size for 
accurate parameter measurements. As a result, the use of x-ray diffrac 
tion was limited to phase identification. Determinations of the crystal 
lographic structures were made with a Norelco x-ray diffractometer 
The structures of « and x phases were identical with those reported 
by Greenfield and Beck (2) except for slight differences in lattice 
parameter. 

Since very little difference was noted between the nominal composi 
tion and the composition obtained by chemical analysis of the alloys, 
not all of the specimens were analysed. Compositions of analyzed speci 
mens have been reported to the nearest 0.1% and nominal compositions 
have heen reported to the nearest 1%. 


RESULTS 
The rhenium-tungsten phase diagram shown in Fig. 1 has been pro 


posed as a result of this investigation. The diagram was found, as 
expected, to be similar to the rhenium-molybdenum phase diagram 
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Fig. 2—32% Rhenium-Tungsten, 4 Hours 2425 °C (4395 °F) Quenched (8). x 15 
Fig. 3—32% Rhenium-Tungsten, 8 Hours 2185 °C (3965 °F) Quenched (8 + c) 
Fig. 4—38% Rhenium-Tungsten, 5 Minutes 2930 °C (5305 °F) Quenched (8 + @) 


Fig. 5—34% Rhenium-Tungsten, % Hour 2650 °C (4800 °F) Quenched (8). x 15 
g 


28% rhenium was soluble in tungsten at 1600 °C (2910°F) while 
37% rhenium was soluble at 3000 °C (5430°F). Figs. 2 and 3 ar 
photomicrographs of a 32% rhenium alloy quenched from 2425 °C 
(4395 °F) and 2185 °C (3965 °F), respectively, showing the change 
from a single phase to a two phase region as temperature decreased. A 
38% rhenium alloy contained considerable second phase, lig. 4, even 
when quenched from 2930 °C (5305 °F), while a 34% rhenium alloy 
was completely one phase, Fig. 5, at 2650 °C (4800 °F). At 1800 °C 
(3270 °F) the 30% rhenium alloy, Fig. 6, contained a trace of second 
phase, but the 28% rhenium alloy, Fig. 7, was single phase at 1690 °C 
(3075 °F). The matrix in these alloys was identified using x-ray dif 
fraction as a terminal solid solution of rhenium in tungsten. The second 
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Table I 
Phases Present in the Peritectoid Region 


perature Composition of Specamens Having Indicated Structure wt. % Rhenium 

°F o o+a a o+x 

2940 65.7 none 90.9 68, 70.8 73.1, 76, 77.4 

3345 65.7 none 90.9 me 

3660 none 90.9 68, 70.8 

3720 68 none — 69.5 
3810 — -- _ 1.4, 74 : 77.6 
3885 82, 8 om 
3900 69.5 none n 82 
3991) 68 3 none I p none none 
4075 — — - —_ 
4170 69.5 
4370 g 
4945 


nequilibrium structures 


phase, apparent in Figs. 3, 4, and 6, was identified as o phase, a tetra 
gonal (De,'*) structure isomorphous with the o phase found in iron 


chromium alloys. 

[he tungsten-rich boundary of the o phase field occurred at about 
13.5% rhenium. Figs. 8 and 9 show a two phase alloy, 42.5% rhenium, 
it 1605 °C (2920°F) and a single phase o alloy, 45% rhenium, at 
1615 °C (2940 °F) while Figs. 10 and 11 show the same alloys after 
quenching from 2590°C (4695°F) and 2620°C (4750°F). The 
major phase in these alloys was identified as o using x-ray diffraction. 
The second phase in the 42.5% rhenium alloy was 8. The boundary 
separating the 8 +o region from the o region must then be nearly 
vertical and was placed at 43.5% rhenium. 

The o phase region was bounded by a o + y region at temperatures 
below 2125 °C (3855 °F). This two phase region was quite narrow, 
extending from approximately 69 to 73% rhenium. Reactions in this 
region were rather sluggish, probably due to the relatively low tem- 
peratures, and annealing times of several hundred hours were some- 
times necessary. X-ray diffraction studies were used to a large extent 
in placing the field boundaries in the peritectoid region. The results of 
the x-ray studies are shown in Table I. 

The x phase was isomorphous with the a manganese and the x phases 
found in some complex iron-base alloys. This phase corresponded to 
an approximate composition of ResW and had very limited solubility 
for either rhenium or tungsten. 

Due to the unusual appearance of single phase x under the micro 
scope and the change from one to two phases at 2125 °C (3855 °F), 
the peritectoid transformation could be easily followed. A 73.1% 
rhenium alloy was transformed from o + a eutectic, Fig. 12, to x phase, 
Fig. 13, by heat treatment at 2025 °C (3675 °F) and was then trans 
formed back to o +a by annealing at 2295 °C (4165°F), Fig. 14 
Fig. 15 shows an 82% rhenium alloy that was transformed from 
x +atoo+ aat 2140 °C (3785 °F). 
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Rhenium-Tungsten, 65 Hours 1690 


Rhenium-Tungsten, 64 Hours 1 


Su 


Rhenium-Tungsten, 160 Hours 1615 °C (2940 


; ’ Table Il 
Melting Temperature Determinations 


Temperature no lemperature 
Composition melting observed melting observed 
% Rhenium “ * °F = — 
S 2930 5305 3000 
43 2590 4695 3020 
2970 5380 
2940 


9? 


5035 
S055 


4945 2800 


* Specimens containing more than 80° rhenium reacted rapidly with the tur 
wire at temperatures near 2800° C (5072° F) forming eutectic, causing the spe 
the hot zone 
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The peritectoid transformation temp 


3855 °F 


ure was placed at Ziz> °¢ 
. :s C8. @ 


\bove this temperature eith« 
igh rhenium content alloys. A 71.4% 


4 


2465 °C (4470 


a OF a Was present in 
rhenium alloy heat treated at 
FF), Fig. 16 contained a small amount of a in a o matrix 
while the 69.5% rhenium alloy was all « at 2300 °C (4170 °F), Fig. 17 
his boundary between o and o 

is been placed at 71% rhenium. 

lhe boundary between the o 
henium side of 


1370 °F 


a appeared t 


| to be nearly vertical and 


a and the a field passed just to the 
rhenium and 2410°C 
contained 


a point located at 8&6 
Fig. 18. The same alloy | slightly more o phas« 
(3885 °} Kio. 19 


ter heat treating at 2140 °¢ . Fig \n alloy containing 
SY.8% rhenium, Fig. 20, was in the a region at 2025 °C (3690 °F). 
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Fig. 14—73.1% Rhenium-Tungsten, 4 Hours 2295 °C (4165 °F) Furnace-Cooled (¢ + a) 
x 150. 


2 


Fig. 15—82% Rhenium-Tungsten, 45 Hours 2140 °C (3785 °F) Quenched (¢ + a). X15 


Fig. 16—71.4% Rhenium-Tungsten, 5 Hours 2465 °C (4470 °F) Furnace-Cooled (¢ + a) 
xX 150. 


Fig. 17—-69.5% Rhenium-Tungsten, 4 Hours 2300 °C (4170 °F) Quenched (¢). « 15 


The upper boundary of the « + a phase field was formed by a eutecti 
horizontal. The eutectic temperature, 2825 °C (5115 °F), was detet 
mined by incipient fusion methods and the results are given in Table 
Il. Fig. 21 shows the 71.4% alloy after quenching from 2830 °C 
(5125 °F). Fig. 16 is a photomicrograph of this same alloy taken after 
an annealing treatment at 2465 °C (4470 °F ) and before the treatment 
at 2830°C (5125°F). The change that occurred on melting was 
striking. Fig. 22, 74% rhenium, is typical of the as-cast structur 
of alloys containing mostly eutectic. 74% rhenium has been taken as 
the eutectic composition and 2825 °C (5115 °F) as the eutectic tem 
perature. 








a tee ee ed 
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Rhenium-Tungsten, 1 Hour 2410 °¢ $1370 °F) Quenched (o@ +a). X 150 


Rhenium-Tungsten, 4 Hours 2140 °¢ 885 °F) Quenched (¢ + a) 
Xx 150 


Rhenium-Tungsten, 4 Hours 2025 3 °F) Furnace-Cooled (a) 
<x 150. 


1.4% Rhenium-Tungsten, Heated to 2830 ° 5125 °F) Quenched (¢ + a) 
150 


Phe extent of the eutectic horizontal was determined by extrapolating 
the boundary between o and o + a and the boundary between o + a 
and a to the eutectic temperature. The o + a field extends from 71 to 
80% rhenium at the eutectic temperature 

Sigma phase was formed peritectically at 3000 °C (5430 °F). Sev 
eral melting points of o alloys have been recorded in Table II. No 
maximum was observed. A 38% rhenium alloy, Fig. 23, and a 43% 
rhenium alloy, Fig. 24, were heated just above the peritectic horizontal. 
Macroscopic examination of these alloys showed definite signs of melt 
ing but the microstructures showed no signs of eutectic structure. 
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74% Rhenium-Tungsten, As-Cast (¢ +a). > 


Fig. 22 1000 


Fig. 23—38% Rhenium-Tungsten, 5 Minutes 3000 °C (5430 °F) Furnace-Cooled ({ 
X 150. 


43% Rhenium-Tungsten, 5 Minutes 3020 °C (5470 °F) Furnace Cooled (/ 


150. 


Fig. 24 


SUMMARY 

The region of the rhenium-tungsten phase diagram above 1600 °( 
(2910 °F) has been presented. The solubility of rhenium in tungsten 
ranged from 28% at 1600 °C (2910 °F) to 37% at 3000 °C (5430 °F 
The terminal solubility of tungsten in rhenium ranged from approx 
mately 11% at 1600 °C (2910 °F) to 20% at 2800 °C (5070 °F). 

There were two intermediate phases in the alloy system. Sigma was 
formed peritectically at 3000 °C (5430 °F) and was stable over a wid 
composition range, 43.5% to 71% rhenium above the peritectoid te 
perature and 43.5% to 66% rhenium below the peritectoid temper 
ture. Sigma was isomorphous with the o phase of the iron-chromium 
alloys. The other intermediate phase, x, was formed by a peritect 
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reactior occurring at 2125°C (3860°F). The solubility of both 
rhenium and tungsten was very limited in y phase. The x phase had the 
1 manganese structure. 

\ eutectic was formed at 74% rhenium between o phase and the 
rhenium rich terminal solid solution. The eutectic horizontal extended 
from 71 to 80% rhenium and the eutectic temperature was 2825 °C 

5iZ0 °F ). 
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DISCUSSION 
Written Discussion: By Chester T. Sims, materials engineer, Knolls Atomi 
ratory, Gene ral Electric (¢ ompany chenec tady, New York 
d rhenium are the two highest melting metallic elements: theit 
ships would be of interest because of this fact alone. However 
olybdenum-rhenium alloy the mechanical behavior of tungsten-rhenium 
ys is rather remarkable, an of considerable interest for relatively 


1 


technological application ickinson and Richardson have 


etallurgy by investigation of 


henium alloys hav ven under study at Battelle Memorial Institute 
ral years. Although no attempt has been made to establish phase relatior 
ips, fabrication and metallographic studies of numerous alloys in the region of 


30% rhenium closely agree with the limit f the tungsten-base solid solu 


is presented by the authors 


Hardness data across the binary system is particularly revealing when com 
d to phase relations at 1500 ° 2730 °F) taken from Fig. 1 of the paper 
er discussion (Fig. 25). It is immediately apparent that o-phase, W-.Re 


minates the hardness profile. Its hardness approaches that of tungsten carbide 
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Fig. 25—Hardness of Tungsten- 
Rhenium Alloys (As-Cast) 


Data for the BCC tungsten-base solid solution are relatively abundant a 
much more significant. As rhenium is added to a-tungsten, normal solid-solut 
hardening occurs until ¢-phase precipitates on cooling from the melt at about 27 
rhenium. Considerable hardness scatter occurs near this composition as varying 


amounts of o-phase precipitated, depending on exact thermal history. At increas 
ing ¢ contents, the hardness increases sharply until all of the a is converted 

The difficulties in fabrication of tungsten are well known, and at the presé 
state of technology, as-cast unalloyed tungsten is considerably unworkable. How 
ever, Geach and Hughes* reported that tungsten-base alloys with 25-35 
rhenium could be rolled to thin strip from the arc-cast condition at about 1000 °! 
(1830°F). Less ductility was observed with decreasing rhenium content 
higher rhenium contents excessive o phase resulted in a highly brittle structur 
Thus, maximum ductility was observed at about maximum solid-solution harder 
ing, where the hardness-composition curve inflects upward. Explanations for thi 
important and unusual behavior are not complete, but considerable progress ha 
been made in studies of both the tungsten-rhenium alloys and of molybdenun 
rhenium alloys.** The two systems behave in a very similar manner. Two maj 
suggestions to explain this behavior have been advanced. 

First, excessive tungsten oxide at the grain boundaries is a prime cause of tl 
serious lack of ductility in unalloyed cast tungsten. Additions of rhenium may 
cause formation of a more complex and refractory oxide, such as happens 
Mo-35Re. ReMoQ,, tentatively suggested as the new oxide, has a high surf 
tension and forms at grain boundaries as globules, rather than as a thin sh 
like MoO 


G. Geach, and J. Hughes, “The Alloys of Rhenium with Molybdenum or with Tungst 
Plansee Proceedings, 1955 
** R. I. Jaffee, and C. T. Sims, “The Effect of Rhenium on the Fabricability and Duct 
f Molybdenum and Tungsten” Plansee Proceedings, 1958 
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Secondly, twins have been observed in W-30Re alloys, as well as in Mo-35Re 
ys, showing that rhenium lowers the critical stress for twinning. Thus twin 


s occurs as an additional deformation mechanism to slip, the normal deforma 


mode for tungsten and molybdenum. Since twinning is a low-temperature 


nomena, it has a decreasing effect as temperature increases, so that at high 
peratures the oxide effect alone is active. A third possible factor, now under 
estigation at Battelle, is the effect of rhenium on slip. Conclusions from this 


nsideration have not yet been presented. 


Authors’ Reply 
(he authors wish to express their thanks to Mr. Sims for his interesting writ 
liscussion. 
The hardness data taken by Mr. Sims is in good agreement with the phass 
gram and with our hardness observations. Our observations concerning th« 
bility of rhenium-tungsten alloys supports that of Geach and Hughes, and 


Mr. Sims 





LATTICE PARAMETERS OF URANIUM 
FROM 25 TO 1132°C 


By P. Curotri, H. H. KLeprer AND R. W. Wuit! 


Abstract 
The lattice parameters of uranium were measured by 
x-ray diffraction techniques over the temperature range 
from room temperature to 1060 °C (1940 °F). The atomi 
volume and density as functions of temperature were estab 
lished. The change in volume for the alpha-beta transforma 
tion was calculated to be 1.12% and for the beta-gamma 
transformation, 0.706%. (ASM-SLA Classification: M20, 
2-61, Vop; {") 
INTRODUCTION 
Hil. PURPOSE of this investigation was to determine the tem 
perature dependence of the lattice parameters of u.anium fron 
room temperature to its melting point. 

Uranium exists in three allotropic forms. The alpha form which is 
stable up to 662 °C (1225 °F) is orthorhombic of space group Cn 
with four atoms per unit cell. The structure of alpha uranium was first 
determined by Jacob and Warren (1). Beta uranium, the form stable 
between 662 and 774 °C (1225 and 1420 °F), has a complex tetragonal 
cell with 30 atoms and space group P4/mnm or P4/nm. The exact 


space group and precise atomic positions have been the subject of 
series of papers by Tucker and Senio, and by Thewlis and Steeple. The 
) 


status of this problem has been summarized by these authors. (2 
Gamma uranium which is stable from 774 °C (1420 °F) to the melting 


point, 1132 °C (2070 °F), was shown to be body-centered cubic wit 
two atoms per unit cell by Wilson and Rundle (3). The temperatur: 
dependence of the lattice constants of alpha uranium in the temperatur: 
range from —253 °C to 640 °C (—423 to 1185 °F) has been reporte: 
recently by Bridge, Schwartz and Vaughan (4). 


MATERIALS AND EXPERIMENTAL PROCEDURES 
Materials used were two grades of high purity uranium and crysta 
bar zirconium. The zirconium, and “Ames Biscuit” uranium (500 ppn 


Contribution No. 633. Work was performed in the Ames Laboratory of the Atomic E1 
( ommission 


' The figures appearing in parentheses pertain to the references appended to this pay 


Of the authors, P. Chiotti is associated with lowa State College, Ames, Lo 
Hi. H. Klepfer with the General Electric Company, Vallecitos Atomic Laborat 
Pleasanton, California; and R. W. White with Chance Vought Aircraft, | 
Dallas, Texas. Manuscript received April 21, 1958. 
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tal impurities) were used to prepare uranium-zirconium alloys for 


the determination of the lattice constants of gamma uranium for reasons 
to be discussed subsequently. The uranium used for all other experi 
ments was high purity metal obtained from the General Electric Com 
iny’s Hanford Works. Their analyses for the impurities, expressed 
| parts per million, were C-35, H-4, Al-20, Cr-2, Fe-18, Mg-5, Mn-10, 
Ni-10, Pb-5, and Si-22. 

The temperature dependence of the lattice constants of uranium 
vas determined from room temperature to approximately 1132 °¢ 

2070 °F) by means of a Geiger-counter x-ray diffractometer. A de 
tailed description of this apparatus has been presented elsewhere (5) 
In these experiments massive samples 1/16 « 1/4 * 3/4 inches were 
supported on a bar-shaped tantalum specimen holder. The samples 
vere heated by radiation from a “U’’-shaped resistance element, made 
from 2.5 mil tantalum sheet, surrounding the bottom and sides of 
he specimen holder. All heating was done under a high vacuum of 
10 ® and 107 mm of mercury pressure. Temperatures up to 850 °C 

1500 °F) were measured by means of a Pt/Pt-13% Rh thermocouple 
spot welded to the surface of the sample. Temperatures above 850 °C 
(1560 °F) were measured by focusing an optical pyrometer onto a 
small hole (#65 drill) drilled into the side of the sample. 

Copper K alpha radiation was employed throughout the investiga 
tion and the value 1.5405A was used for alpha-one. In calculations 
involving peaks for which alpha-one and alpha-two reflections were not 
resolved, an appropriately weighted mean value for the wave length 
vas used. The incident and diffracted beams passed through a 2.5 
mil aluminum window sealed to the furnace cover. 

The recording of suitable x-ray patterns, particularly in the tem 
perature range above 600 °C (1110°F), was complicated because of 
contamination of the specimen surface by UOQz and UC, and orientation 
effects resulting from grain growth. The use of an “Evapor-ion” high 
vacuum pump, developed by Consolidated Vacuum Corporation, per 
mitted work on the 700 to 800 °C (1290 to 1470 °F ) region at pressures 
low 8 & 10° mm of mercury. The pumping action of this pump is due 
to electronic ion entrapment and the gettering action of evaporated 
titanium. Consequently possible carbon contamination due to back dif 
fusion of oil vapor is eliminated. With this pump and at the low 
pressures attainable the oxide and carbide contamination was still 
troublesome but not prohibitive. 

In measuring the lattice constants of gamma uranium, pure uranium 
is well as uranium-zirconium alloys were used. Uranium-zirconium 
loys, which form a complete series of body-centered solid solutions 
ibove 800°C (1470 °F), were found to be much less susceptible to 
oxide or carbide film formation and less susceptible to excessive grain 
growth. The alloys were prepared by arc-melting techniques and were 
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used in x-ray measurements above 800 °C (1470 °F). The constants 
for pure gamma uranium were obtained by extrapolating constant tem 
perature lattice constants of a series of alloys to zero zirconium content 

In the refinement of the lattice constants it was necessary to employ 
methods applicable to low angle reflections since very few or no re 
flections were recorded for angles greater than 90 degrees at tempera 
tures above 400 °C (750 °F). The absence of back reflection peaks at 
high temperatures is believed to be due, in large part, to attenuation 
of the intensity by the thermal vibrations of the atoms. Wilson (6) has 
investigated the errors inherent in the diffractrometer. The main source 
of error in the measurement of x-ray diffraction peaks with the ap 
paratus used was due to small misalignment or displacement of th 
specimen from the true rotation axes of the goniometer. A consideration 
of the diffractrometer geometry shows that the resulting fractiona 
error in the interplanar spacing due to eccentricity is given by th: 
relation 

A d/d = — D/R cos’6/sin@ Equation 


where D is the displacement of the specimen from the center of rota 
tion of the goniometer and R is the distance from the focal spot of the 
x-ray tube target to the rotation axis of the goniometer. Consequent! 
for cubic systems, a plot of a, against cos*6/sin@ should extrapolate 
linearly to zero error at 6 =90°. The second factor on the right 
I-quation 1 is identical with the first term in the Nelson-Riley | 
function 


In 
/ 


1/2 (cos*6/sin@ + cos*6/@). Equation 2 


It has been found empirically that for cubic crystals a plot of a, against 
I:quation 2 also gives essentially a linear plot (5). No significant 
difference was observed in the extrapolated values obtained with Equa 
tions 1 and 2 for the lattice constant of a silicon standard specimer 
purposely displaced from the rotation axis of the goniometer. However 
-quation 1 is probably to be preferred since it is directly related to the 
diffractometer geometry, and was used in this investigation in the 
refinement of the lattice constants of alpha and beta uranium. 

Cohen's (8) analytical method was used in obtaining refined lattic« 
constants for orthorhombic (alpha) and tetragonal (beta) uranium 
The correction used in this method is a correction in sin*@ of the forn 


A sin*@ = 5K Equation 3 
where K is a constant. From a consideration of Equation | and Bragg’s 
equation 


\ = 2d siné Equation 4 
it can be shown that 


A sin’*@ = 2 D/R cos’6 sind Equation 5 


where 2 D/R corresponds to the constant K in Equation 3 and cos*é 
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Table I 
Lattice Constants, Volume per Gram-Atom and the Density of 
Alpha Uranium at Various Temperatures 


Volume 
g-aton Dens 
cc) 2 /ce 
12.47 19.08 
12.484 19.07 
12.522 19.012 
12.582 18.92; 
12.65 18.82 
1 
1 
1 
i 


DAMA 


72s 18.70. 
805 18.586 
90 18.45; 
96 18.366 


nnn 





Angstroms 
~ N 
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@ wo 


N 
@ 
—" 











Temperature ° 


sin@ corresponds to the error term 8. A clear and detailed treatment 
of the application of the Cohen method has been given by Cullity (10). 

Refinements of the room temperature lattice constants of alpha 
iranium using this error term in the Cohen treatment of the x-ray data 
gave values in good agreement with the values determined by other 
methods. The over-all precision of determinations of the apha and beta 

mstants at a given temperature was found to be 0.05 to 0.10%. In 
most cases fewer than twenty reflections could be recorded and these 
vere at Bragg angles less than about 60 degrees theta. 


M 


[he experimentally determined lattice constants a, b, and c for alpha 
uranium as functions of temperature are given by Figs. 1, 2 and 3, 
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respectively. Smoothed values for the lattice constants at various t 
peratures, along with calculated values for the volume per gram at 
and the density are given in Table I. 


LATTICE CONSTANTS FoR Beta URANIUM 
l’xperimentally determined values for the lattice constants of bet 
uranium at three temperatures are given in Table Il. The averag: 
values, assuming the lattice constants to vary linearly with tempera 
ture, were calculated and also entered in Table II. While the precisi 
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Fig. 2—-Temperature Dependence of the 
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Lattice Parameter 6 for Orthorhombic (al 
pha) Uranium 


of these measurements is of the order of 0.1%, the total change in th 
lattice constants over the temperature range in which the beta phas« 
is stable is of the same order of magnitude. Consequently the prope: 
choice of slope for the best curve through such data alone is high! 
indeterminant. The change in d spacing or the shift in the diffractio 
peak for a particular reflection with temperature is less sensitive 


Table Il 
Experimental Lattice Constants of Beta Uranium 


Temperature—— ——Lattice constant 
. a 
10.758; 
10.760, 
10.765, 
*10.761 


*Average values assuming linear change in constants with temperature. 
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strumental errors, and could be measured with relatively high pre 
sion. Such measurements were utilized in establishing the tempera 


re dependence of the lattice constants. However, to obtain the 


emperature dependence of the a and ¢ parameters from the temperature 


ependence of the d spacings requires a knowledge of the c/a ratio. It 




















Parameter 


vas, therefore, still necessary to correct, as far as possible, any error in 
peak position due to eccentricity or other instrumental errors. 
The peaks measured were indexed to be (320), (511), (202), 
522) and (621). These indices were assigned to the measured peaks 
vith the aid of a Bunn Chart and were checked using the only available 
literature values for the lattice constants (11) and the average values 
given in Table II. The peak positions were measured at temperature 
ntervals of 15 to 25°C (59 to 77 °F) through the beta temperature 


(540), 


range. The peak positions of the reflections arising from cubic UO. 
ind UC, which were ever-present due to surface contamination by 
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oxygen and carbon, were also measured. A plot of the lattice constants 
for these two phases against the Nelson-Riley function gave straight 
lines which in turn were used to correct the measured 26 values for the 
beta uranium peaks. The d spacings for the beta uranium peaks wer 
calculated from the corrected 20 values. The d vs T plots for all six 
reflections were linear. These d values were used in the following 
calculations. 

The c/a ratio at any desired temperature was calculated for all per 
missible pairs of the six reflections by means of the relation 

aiewe EE 1? —d? 12° |* Equation ( 

ds? (hs? + ks*) — d,?(h,? +k?) 
The mean value was taken from the c/a ratio at the particular temper 
ture in question. Then from this c/a ratio and the expression 
a = do: [h* + k? + (a/c)? 17] Equation 7 

a was calculated for each of the six d values. These calculations wer 
carried out for each 25°C (77°F) interval within the beta temper 
ture range. The a values calculated for each of the six sets of dj) valu: 
were plotted against temperature and their respective slopes, d(a) /d’ 
were measured. These values are tabulated in Table ITI. 

Taking the derivative of both sides of Equation 7 with respect t 
temperature and expressing the resulting variable d on the right side i 
terms of a yields 

d(a) /dT = d(d)/dT [h® +k? + (a/c)1]* + 

al?/2 - d(a/c)*#/dT [h® + k? + (a/c)? 1*]*. Equation § 
Ilere d(d)/dT is measured, a is the average value at 727 °C (1340 °! 
given in Table II, a/c is the average value of the ratio at 727 °( 
(1340 °F) as calculated from Equation 6 and d (a/c)?/dT is the value 
obtained from a plot of (a/c)? vs T. Calculations with this relation 
yielded six values of d(a) /dT corresponding to the six measured values 
of d(d) /dT. These values are also tabulated in Table III. 

Similar equations can be used to calculate d(c)/dT by these tw: 
procedures. These values are also given in Table IIT. 


The average of the 12 values for d(a) /dT is 
d(a)/dT = 24.8 x 10° angstroms per °C 
and the average for the 12 values of d(c) /dT is 
d(c)/dT = 3.4 x 10° angstroms per °C. 


From the Cohen extrapolation the values of a and ¢ at 727 + 3°! 


(1340 °F) are 
a = 10.761 + 0.005 A, 


c= 5.654 + 0.005 A. 
These values were used in establishing the curves shown in Fig. 4 
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Values for lattice constants and calculated values for the volume per 
gram-atom and density at various temperatures are given in Table IV 


LATTICE CONSTANTS FOR GAMMA URANIUM 


Contamination of the metal surface with UO2 and UC and coarsening 
of the grain size of samples above 800 °C (1470°F) during the time 
necessary to record diffraction peaks proved troublesome. Large grain 








Angstroms 
3) 
fe) 
o 











700 


Temperature °C 


Fig. 4 Temperature Depender 
Lattice Parameters a (top) and c 
for Tetragonal (beta) Urar 


Table Ill 
Calculated Change in Lattice Parameters with Temperature 
for Beta Uranium in Angstroms per °C. 
d(a) 
dT 
alculated from 
Equation 8 
22.3 X10 
21.9 x10 
18.7 X10°5 
20.1 10-5 
31.3 x107-5 
7.8 X10 


d(c)** 


210 
x10 
x10 
~10-5 

4.0 X10 


* Calculated from relations similar to Equati 


** Calculated from relations similar to 
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Table IV 
Lattice Constants, Volume per Gram-Atom, and Density 
of Beta Uranium 


Lattice constants 

4 ‘ 
10.74 5.6515 
10.745 5.6515 
10.75. 5.652 
10.764 5.6535 
10.76 5.654 
10.77 5.655 





Angstroms 








or 


Temperature 


Fig. 5—-Temperature Dependence of the 
Lattice Parameter a for Body-centered cubic 
(gamma) Uranium 


size and the resulting nonrandom orientation of the grains reduces t! 
number of reflections picked up by the Geiger-counter diffractometer 
However, two pure uranium samples each gave two well defined met 
reflections showing a; and az resolution at 800, 900, and 1005 °C (147 
1650 and 1840 °I). A larger number of gamma peaks were obtain: 
by employing uranium-zirconium alloy samples. Measurements wer 
made on alloys containing 0.5, 2.5, 5.0, 10.0 and 20.0 weight % zir 
conium. Four to six metai reflections were recorded with each of thes 
alloys at 800, 900, 1005, and 1060 °C (1470, 1650, 1840 and 1940 °! 
The constants were refined using the UOQs and UC reflections as an 

in choosing the proper slope for the Nelson-Riley plots. The values i 
the refined parameters at each temperature were extrapolated to zet 
percent zirconium. The extrapolated values for the lattice constant 
(closed points in Fig. 5) were in good agreement with those obtaine 
with pure uranium (open points in Fig. 5). 
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By a rather lengthy extrapolation a room temperature value of 3.472 
vas obtained. This value is in good agreement with the room tempera- 
ture value 3.474 + 0.005 obtained by Wilson and Rundle (3). The 
final values from the plot of the parameter at various temperatures 
along with the calculated volume per gram-atom, and density are given 
in Table V. Calculated densities for all three phases are presented in 


Fig. 6. 
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Fig. 6—Density of High Purity Uranium as a Function 
»f Temperature Calculated from X-ray Data 


EVALUATION OF X-RAY RESULTS 


The final results for the lattice parameters of alpha uranium agree 
with the powder x-ray values reported by Bridge, Schwartz, and 
Vaughan (4) within 0.05% for all three parameters at all temperatures 
with the exception of c above about 500 °C (930 °F). Here the agree- 
ment is still quite good, and is within 0.2% at the transformation tem- 
perature. These data are also supported by the single crystal dilato- 
metric data of Lehr and Langeron (12). The decrease in the vaiue of 
he 6 parameter with increasing temperature is rather unusual and 
basic to the understanding of many of the irregular phenomena ob- 
served during alpha cycling of uranium (13). 


Table V 
Lattice Constant, Volume per Gram-Atom and Density 
for Gamma Uranium 


’olume 

Temperature Constant z-ator Density 
°F a ct g/cc) 

§32; 2 17.94, 
534 7.912 
1560 538 7.85 
1650 542 79 


1420 3 
3 1 
3 1 
3 1 

1740 3.5455 2 1 34 
3 1 
3 i 
3 1 


1470 


1830 549, 76 
1920 5535 
2010 .557 


6 
6 
5 


1; 
Os 
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The results from the final curves for beta uranium agree with the data 
given by Thewlis (11) within the limits of experimental error. He 
reports a= 10.759+ 001A; c=—5.656+ 001A at 720+ 10°C 
(1328 °F) in excellent agreement with the results of this investigation 
The data give no evidence for any discontinuities or changes in slop: 
in the curves for lattice parameters versus temperature in the regio: 
of beta stability. 

Considering the small number of reflections which could be recorded 
and the extrapolations involved, the precision in the measurement of 
the gamma parameters at various temperatures is probably not better 
than 0.2%. The value of the coefficient of thermal expansion 22.5 + 1.3 
x 10° per °C for the temperature range 0-1100°C, however, 
agrees nicely with the value of 22.5 & 10°* per °C from dilatometric 
measurements on polycrystalline material as determined by Lloyd at 
the Argonne National Laboratory and reported by Foote (13). 

The volume change for the alpha to beta transformation is calculated 
from the data obtained to be 1.12% while that for the beta to gamma 
transformation is 0.70%. These volume changes are somewhat smaller 
than anticipated considering the large macroscopic distortion known to 
accompany the transformations. 
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DISCUSSION 


Written Discussion: By M. H. Mueller and | Lloyd, Argonne National 
boratory, Lemont, Illinois. 

he authors are to be complimented upon this important contribution to the 
ysical property data for uranium. It is gratifying to see the good agreement 

t exists between their data for the alpha phase lattice parameters as a function 

temperature and those reported previously by Bridge, Schwartz and Vaughan 

[he alpha phase data plus the lattice parameter values given for the gamma 
permit the first reliable calculation of the total volume change in uranium 
going from room temperature 25°C (77°F) to the melting point; this 
ilue is 8.81%. Possibly somewhat more important to the designers of nuclear 
tors are the volume changes that occur at the alpha > beta and beta > gamma 
se transformation temperatures 
Since the parameters reported in the present paper and those of Thewlis (11) 
ree within 0.002 A of each other, it would seem that the lattice parameters of 
tetragonal beta phase are fairly well established at approximately 727 °C 
1340 °F), as is the volume. We are then concerned with the determination of the 
pe of the line passing through this point which describes the change of volume 
ithin the beta phase. 
We agree with the authors that it is difficult to obtain good x-ray diffraction 
itterns in the beta range and under the circumstances it is best to follow the 
sition of a particular (hkl) reflection with temperature to determine the 
inge of the a. and co. Ideally, it would seem best to use (hkQO) reflections for 
termining the change of a. and (001) reflections for co; however, since there 
a large number of overlapping reflections and, as the authors indicate, a 
ited useful range of two theta, it may be necessary to use general (hkl) re 
flections. Nevertheless, it is very essential that the particular line used be 
roperly indexed. We are a bit concerned whether the authors have made an 
rror in assigning the (hkl’s) to some of the six reflections used for determining 

e change of the lattice parameters. 

In Table VI these six reflections are shown together with some of their neigh 
ring reflections. The “d” spacings and 2 @ positions were calculated according 
» the lattice parameters given by Thewlis (11). The intensities shown in the 

ompanying table were calculated with the same corrections given by Thewlis 

except an absorption correction was unnecessary since the present authors 
x-ray diffractometer. Two of the six reflections used by the present 

; namely the (320) and (540) were not given by Thewlis (11). As indi 
accompanying Table VI, both of these have very little calculated in 

nsity; however, we realize the relative intensities would be greatly affected 


the preferred orientation in the solid samples as used by the authors. It can 
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also be noted in Table VI that the (540) would appear rather close to the (61! 

223) and (512), all of which have about as much or considerably more 
tensity in the unoriented state than the (540). Two of the other reflectioy 
namely the (522) and (621), have a separation of only 0.11° in 2 @ which one 
would not expect to be resolved in the forward region. 

Since there would appear to be some doubt as to the indexing of the peaks 
used in the beta range, the calculated change of a. and c. with temperature might 
be seriously affected. This could account for the wide variation of d(a)/dT and 
d(c)/dT as shown in the authors’ Table III. In addition, in Table III there i 
no significance for the values of d(c)/dT from the (320) and the (540) sinc 
the c. does not affect the position of these reflections. Because, the values of 
d(a)/dT and d(c)/dT directly affect the slope of the volume verses temperature 
curve within the beta phase, the uncertainty that exists in these values casts doubt 
upon the reported volume changes at the phase transformations. 

We wish to express our appreciation to H. W. Knott and K. T. Miller for 
assistance in carrying out some of the calculations. 








Table VI 
Calculated ‘‘d"’ Spacings, Intensities, and 2 9 Angles for Some Selected (hkli's) for Beta- 
Uranium Using Cu Ka Radiation. Underlined (hki's) Are Those Used By the Present Au- 
thors for Determining the Change of a. and co With Temperature. 





Calculated 
(hkl) “d”" Spacing 20 Intensity 
(301) 3.029 29.49 0.5 
(320) 2.984 29.94 0.2 
Gili) 2.916 30.67 7.6 
(330) 2.536 35.40 37.4 
(202) 2.503 35.88 30.7 
(212) 2.438 36.87 73.0 
(520) 1.998 45.40 0.0 
(511) 1.977 45.90 5.8 
(402) 1.949 46.60 0.3 
(512) 1.691 54.24 48 
(223) 1.689 54.30 0.5 
(611) 1.688 54.34 0.7 
(540) 1.681 54.62 0.8 
(303) 1.669 55.03 0.4 
(522) 1.632 56.38 10.7 
(621) 1.629 56.49 3.2 








Authors’ Reply 

The authors are very grateful for the comments submitted by Drs. Mueller 
and Lloyd. In view of the possible uncertainty in indexing the beta reflections 
a more detailed explanation of the procedure employed and the basis for the 
indices assigned to the six reflections used in establishing the temperature dc 
pendence of the a and c parameters is definitely in order. 

As indicated in the paper the reflections due to UC and UO: which were present 
due to surface contamination of the specimen by carbon and oxygen were meas 
ured and the a. values for these two phases were plotted against the Nelson-Rile) 
function and extrapolated to 90°@ or 180° 26 in order to obtain refined lattice 
constants. It was then possible to calculate the error in the 2@ values for front 
reflection peaks. Appropriate corrections were applied to the beta uranium peaks 
The corresponding d spacings are presented in Fig. 7. 
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Temperature 


Lattice Spacings d as a Function of Temperature for 
Various Beta Uranium Reflections 


[he accuracy of the 26 values, considering the necessary corrections, is esti 
ated to be within + 0.1 degrees. This is sufficient to permit proper indexing of 
he reflections measured, as is evident from Table VI submitted by Drs. Mueller 


nd Lloyd, with the possible exception of the (522) and (621) reflections. In 


latter case a well resolved doublet was observed and the question which 


‘ 
irises here is whether the peak indexed as (621) is or is not the az peak for the 
522) reflection. This peak was assigned the indices (621) since the initial in 
tensity was 13 chart divisions above background (100 chart divisions is equivalent 
to 10 inches) while the (522) peak was 18 divisions above background. The rela 


tive intensities were not appropriate for (522) a; and az which would normally 
522) az position 


be expected to have a ratio of 3 to 1. However, calculation of the (522 
hows that the (621) peak measured is most probably a combination of ( 

ind (621) a. This fact would be expected to introduce an error in the measured 
temperature dependence of the d spacing for the (621) reflection which in turn 
iy introduce an appreciable error in the trend of the c/a ratios calculated by 

» disregard this reflection in 


522) a: 


juation 6. Consequently it appears justifiable t 
alculating the temperature dependence of c and a. This has been done and the 
results are presented in the following table. It is apparent that these values of 
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Temperature Dependence of the Lattice Parameters 
for Beta Uranium in Angstroms per ° 
da/dT da/dT 
Calculated from Calculated fror 
Equations 6 and 7 Equation 8 
20.0 x 10-5 20.1 x 10 
21.1 x 10-6 21.1x 10 
21.3 x 10-* 21.3 x 10 
26.7 x 10-5 26.7 x 10 
25.2 x 10-5 25.2 x 10 


dce/dT dc/dT 
Analogous to Analogous 
Equations 6 and 7 Equation 8 
36x10 
24x 10-5 
4.2x 10-5 
7 
6 





3x10 
53x 10 








dc/dT and da/dT are much more consistent than those presented in Table III of 
the paper. The new average values are 


da/dT = 22.9 x 10° angstroms per °C 
dc/dT = 5.0 x 10° angstroms per °C 


Considering the lattice constants at 727°C (1340°F) to be ao = 10.761 an 
Co = 5.654 their respective values at 662°C (1225°F) are 10.746, and 5.650, 
Similarly at 772°C (1420°F) the recalculated values are 10.7713 and 5.6562. The 
volume per gram-atom at 662°C (1225 °F) is 13.10. and at 772°C it is 13.17, 
These values for a and c differ from the corresponding — presented in Tabl 
IV by less than 0.001 except for a at 662°C (1225°F) which is now larger by 
0.0017 angstroms. This difference is well within the cad accuracy, +0.005A 
of both c and a. The new values have but very small effect upon the calculated 
volume changes for the transformations. A typographical error was detected ir 
Table I of the paper, the value for the volume per gram atom for alpha uraniun 
at 662 °C (1225 °F) should be 12.96, instead of 12.66.. 

In view of the consistency of the recalculated values for d(a)dT and d(c)d 
there can be little doubt concerning the proper indexing of the measured ré 
flections. 

Relative to the significance of the calculated values of d(c)/dT for the (540 
and (320) reflections in Table III it must be remembered that the c/a ratio was 

calculated from Equation 6. At any given temperature all possible (hikil:) and 
(hekele) combinations were used and an average c/a obtained. It is obvious fr: 
Equation 6 that the combination (540) and (320) cannot be weed but in general 
(hkO) and (hkl) combinations can be and were used in calculating c/a. The 
average c/a ratios were used in the expression 


c = dues [(h? + k”) (c/a)? + 7] 7 


in calculating the temperature dependence of c. This c/a ratio is a function 
duxo as well as of temperature. 





THE APPLICATION OF RATE PROCESS THEORY 
TO THE HEAT TREATMENT OF 
TITANIUM ALLOYS 


By N. M. Erxun 


Abstract 
A time-temperature relationship derived from rate proc- 
ess theory by previous investigators was applied to the heat 
treatment of 1-inch round bars of C 120AV (Ti-6Al-4V ) 
and C 135AMo (Ti-7Al-4Mo) alloys. Using the rate proc- 
ess equation and considering only the overaged portion of 
the aging curves, the constant C in the aging parameter T 
(C+ logt) was found to be 15 for C 120AV and 20 for 
C 135AMo. By making use of the aging parameters, tensile 
properties, hardness and impact values of both alloys were 
plotted to show the relationship between mechanical prop- 
erties and aging times and temperature at a constant solu- 
tion treatment. 
Employment of this concept materially reduces the num 
ber of tests required to evaluate heat treated properties and 
permits the estimation of aging conditions needed to obtain 
a variety of desired properties. (ASM-SLA Classification 
J27d, O-general ; T1-b) 
INTRODUCTION 
NCREASED COMMERCIAL usage of heat treated titanium alloys 
especially in aircraft and missile industries, requires a complete 
knowledge and understanding of the properties resulting from various 
heat treatments in order to obtain optimum properties from these alloys. 
rhe objective of this paper is to present a method for plotting heat 
treat data which yield more information than the ordinary plotting 
methods. This method of plotting simplifies the comparison and evalu 
ation of mechanical properties resulting from different heat treatments 
and permits the estimation of aging condi_.ons needed to obtain a 
variety of desired properties. 
\ number of investigators have shown that diffusion (1)!, temper 
ing (2-4), creep and rupture (5-9), recrystallization and grain growth 
10) appear to obey the rate process equation: 


Rate = Ac**™ Equation 1 


rhe figures appearing in parentheses pertain to the references appended to this paper. 


\ paper presented before the Fortieth Annual Convention of the Society, held 
n Cleveland, October 27 to 31, 1958. The author, N. M. Erkun, is research metal 
urgist, Fundamental Research Section, Midland Research Laboratory, R&D 
epartment, Crucible Steel Company of America, Midland, Pa. Manuscript re 
eived April 29, 1958. 
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Where A is a constant, Q is the activation energy for the process 
under consideration, R is the gas constant, and T is the absolute tem 
perature. From Equation 1, Hollomon and Jaffe (2) derived the follow- 
ing expression showing the relation between tempering time and 
temperature for a given hardness. 


T (C + log t) = Constant Equation 2 


Where T is the absolute temperature, C is a material constant, and 
t is the time. They found that it is necessary to consider Q as a variable 
in describing the data. Here they used a C of 19% for carbon and alloy 
steels (0.25-0.40%C), and a C of 15 for tool steels (0.90—-1.20%C) 

Following Hollomon and Jaffe’s work, this parameter ( Equation 2) 
was applied with good success to creep and rupture (9), recrystalliza 
tion and grain growth (10) and various other phenomena on the prem 
ise that they are rate processes dependent upon diffusion. Larson and 
Miller (9) and others used a value of 20 as the constant for all the 
materials considered by them on the assumption that the scatter of 
points on the parameter curves is insensitive to changes in C and the 
variation in C between materials of widely different compositions is 
not greater than that found between materials of relatively similar com 
positions. Since the activation energy for diffusion of elements varies 
from one alloy to another, the value of C which is dependent upon ac 
tivation energy for overaging should also vary. Therefore, it was de 
cided to determine individual C values for each alloy investigated in 
order to interpret the data more accurately. 

If the hardness or strength data of an age hardenabhle alloy is plotted 
versus time at a constant aging temperature, a sharp increase in hard 
ness or strength is first observed which eventually reaches a maximum 
or peak and from this point on a steady but uniform decrease of hard 
ness or strength is noticed with increasing aging times. It is generall\ 
believed that the mechanism operating past this aging peak, i.e., the 
overaged portion of an aging curve, is mainly the growth of particles 
which has been shown by many workers in this field to be dependent 
on diffusion. Therefore, the time-temperature relationship, ( Equation 
2) referred to herein as an “aging parameter’, should be directly ap 
plicable for evaluating overaged properties of age hardenable alloys 


MATERIALS 


Four C 120AV (Ti-6Al-4V) and three C 135AMo (Ti-7Al-4Mo 
production heats were used in this investigation. The C 120A V heats 
were rolled from 4-inch square billets to 1-inch round bars at 1650 °! 
(900 °C) and the C 135AMo material was forged from 4-inch round 
bars to l-inch round bars at 1750°F (955°C). Average chemistries 
and beta transformation temperatures of each heat from at least two 
separate determinations are listed in Table I. 
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HEAT TREATMENT OF TITANIUM ALLOYS 


Chemical Analyses and Beta Transformation Temperatures 
of the Alloys Used in This Investigation 


\ _— # —_——Chemical Composition in Weight Percent————_, Beta 
120AV Transformation 
Al Vv Mo Fe Cc Na H: Temp °F (°C)* 
G-2494 6.02 4.10 0.24 0.07 0.017 0.0060 1775 (970) 
G-2547 6.29 4.52 0.25 0.09 0.041 0.0058 1800 (980) 
G-2798 5.95 4.35 - 0.25 0.03 0.021 0.0045 1775 (970) 
G-2877 5.85 4.40 - 0.30 0.026 0.0034 1775 (970) 


C 135AMo 

RIN-384672 7.40 3.9: 0.1 .02 0.016 0.0065 1850 (1010) 
R-2402 6.79 — 3.8 . , 0.021 0.0054 1825 (995) 
R-2418 7.53 4.2 0.2 0 0.021 0.0068 1875 (1025) 


* The minimum temperature at which the alloy is essentially all-beta. 


1—A Micrograph Showing a Fine, Equiaxed, Alpha-Beta Structure Which Was 


[ypical for the Annealed C120AV Heats Used Heat No. G-2547, etchant 
2%HNOs + 1%HF. X 300 


Fig. 2—A Micrograph Showing a Fine Equiaxed Alpha-Beta Structure Which Was 


[ypical for the Annealed C135AMo Heats Used feat No. RIN-384672, etchant 
2% HNOs + 1%HF. X 300 


\ll specimen blanks from both alloys were annealed before solution 
treating and aging. The C 120AV alloy was annealed two hours at 
I550°F (845°C), furnace-cooled at 5°F per minute to 1050°F 
(565°C) and then air-cooled. The C 135AMo alloy was annealed 
| hour at 1450°F (790°C), furnace-cooled at 5°F per minute to 
1050 °F (565 °C) and then air-cooled. Average annealed properties of 
each heat from duplicate tests are tabulated in Table IT. 
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Table Il 
Average Annealed Properties of Each Heat from Duplicate Tests* 





Heat Ultimate 2% Elonga- Hard- 
Number Tensile Yield tion R.A. ness 
C 120AV Str. 10-% psi Str. 10-* psi % Re 

G-2494 143.9 134.6 5 a 31.5 

G-2547 147.4 140.0 . 3. 31.0 

G-2798 140.4 130.7 J , 29.4 

G-2877 142.9 134.0 J ‘ 28.9 





C 135AMo 

RIN-384672 158.3 152.5 15.5 ‘ 34.3 
R-2402 160.8 154.4 " A 35.0 
R-2418 160.3 152.5 14.0 34.0 








* Annealing Treatments: 
C120AV: 2 hours at 1550°F (845°C), furnace cool to 1050° F (565°C) at 5°F per minute 
1 


air cool. 
C 135AMo: 1 hour at 1450° F (790°C), furnace cool to 1050° F (565°C) at 5° F per minute 
air cool. 


Microstructure examinations of each heat after annealing revealed 
that all heats used in this work contained fine, equiaxed, alpha plus beta 
structure (“peppery”). Fig. 1 gives a typical microstructure repre- 
senting the heats from the C 120A V alloy and Fig. 2 shows the same 
for the C 135AMo alloy. 


EXPERIMENTAL METHODS 


Approximately 3 inches long specimen blanks were annealed, solution 
treated and aged in electric furnaces controlled to +10 °F. All quench 
ing following solution treating was done promptly in mildly agitated 
water at room temperature. All aging treatments were followed by air 
cooling to room temperature. After completion of heat treatments the 
blanks were machined to either 0.250 inch diameter, l-inch gage length 
tensile coupons or standard V-notch Charpy specimens. The tensile 
coupons were tested at a strain rate of 0.005 inch per inch per minute 
through the yield and 0.05 inch per inch per minute from the yield to 
fracture. All yield strengths were obtained with an 0.2% offset using a 
Baldwin microformer extensometer and recorder. 

Standard V-notch Charpy specimens were tested at —40 °F. The 
Rockwell hardness measurements were taken on broken tensile speci 
mens by using a “C” brale and 150 Kg load and are averages of at least 
three readings. All tensile and Charpy impact tests were run in dupli 
cate and averages of the two determinations are plotted as one data 
point in this paper. 


RESULTS AND DISCUSSIONS 


Since the main purpose of this work was to investigate property 
variations from one heat to another due to aging, it was decided that 
an optimum solution treatment should be used for each alloy. Previous 
investigators (11,12) on Ti-6Al-4V and similar titanium alloys re 
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Table Ill 
Averages of Mechanical Properties of |-inch Round Bars from the Four C 120AV 
Heats Given the Same Aging Times and Temperatures 
(Heat Nos. G-2494; G-2547; G-2798 and G-2877) 
Solution treatment: | hour 1700° PF (925°C)-WQ 





Aging V-Notch 


Treatment Ult. Ten. 0.2% Hard- 
Temp. ime Strength Yid. Str. Elong , ness 
°F Hrs 107? psi 10-8 psi / y Rc 

1000 4 169.3 155.6 35.6 
1000 & 169.1 155.8 35.8 
1000 16 168.0 155.9 34.8 
1000 32 166.4 155.4 35.4 
1000 166.2 155.2 34.1 
1100 162.3 150.4 34.3 
1100 159.1 148.9 : 34.1 
1100 157.8 147.7 5. 35.9 
1100 156.4 147.7 
1100 2 155.5 146.6 
1100 151.8 142.7 
1200 2 154.1 143.1 
1200 152.9 143.9 
1200 151.0 140.5 
1200 148.5 139.1 
1200 146.7 137.5 
1200 142.2 131.1 


NNN w 
nN ~ > 
-AnOfNw 


32.2 
31.5 
32.4 
31.2 


31.0 


| MONNRN WH 








ported that solution temperatures of approximately 100 °F below the 
beta transformation temperature of alpha-beta alloys may be taken as 
optimum since they yield the highest strength and ductility combina- 
tions after aging. Therefore a solution treatment of 1 hour at 1700 °F 
(925 °C) for the C 120AV heats and 1 hour at 1750 °F (955 °C) for 
the C 135AMo material were selected and used throughout this in- 
vestigation. 

Duplicate tensile and Charpy impact specimens were run for each 
aging treatment varying from two hours at 900 °F (480 °C) to 64 hours 
at 1200°F (650°C) for the C 120AV and from 2 hours at 1050 °F 
(565 °C) to 64 hours at 1200 °F (650°C) for the C 135AMo alloy. 
Each data point (average of duplicate tests) is shown on the aging 
parameter plots which will be described in the following paragraphs 

In order to proceed with the plotting of the data, it was first necessary 
to determine the value of the constant C for the aging parameter of each 
alloy. By taking logarithms of Equation 1 it can be reduced to: 

C = Q/2.3RT —logt (for a constant property) Equation 3 
mn 

T (C+ logt) = Q/2.3R Equation 4 


Where C=log A 


Now, it can be seen that a plot of log t versus 1/T (for a constant 
property such as ultimate strength) gives a slope equal to O/2.3R and 
a solution for C is apparent. However, in order to get the best values 
of log t and 1/T, the average ultimate strengths of each alloy (at the 
same aging temperature and time), given in Tables III and 1V, were 
plotted as a function of time in Fig. 3 and 4. These plots permitted the 
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Fig. 3—The Effect of Aging Times and Temperatures on the Average eet 
Strength of C120AV Specimens Solution Treated 1 Hour at 1700 °F (925 ° - 
Water Quench. Constructed by using the data on Table III 
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Fig. 4—The Effect of Aging Times and Temperatures on the Average Ultimate 
Strength of C135AMo Specimens Solution Treated 1 Hour at_1750 °F (955 °C) 
Water Quench. Constructed by using the data on Table IV. 
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Table IV 
Averages of Mechanical Properties of |-inch Round Bars from 2-3 C 135AMo 
Heats Given the Same Aging Times & Temperatures 
(Heat Nos.: RIN-384672; R-2402 and R-2418) 
Solution Treatment: 1 hour 1750° F (955° C)-WQ 


Aging V-Notch 

Treatment Ult. Ten. 0.2% Hard- 

Time Strength Yid. Str. Elong. 7, ness 

Hrs. 107? psi 107? psi % Re 

1100 180.1 9.0 38.5 

1100 . 178.1 39.8 

1100 64 1 6 oa 38.0 

1150 3. 1 ‘ i 39.6 
1 38.6 
1 
1 


Temp 


1150 

1150 37.4 
1150 
1200 


68.9 
166.1 
1200 163.3 
1200 : , 162.0 
1200 3. 156.1 


C-I2Z0 AV(6AI-4V) 
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Fig. 5—Aging Time (Log Scale) Versus 1/T Plots for 
C120AV and C135AMo Alloys. Constructed from Figs. 3 
and 4 
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Fig. 6—Average Ultimate Strength Versus Aging 

Parameter for Heat Treated 1” Round C120AV Bars from 

Four Heats. Solution treatment: 1 hour at 1700 °F 
(925 °C)—water quench. 


selection of at least two different aging times and temperatures which 
give the same strength level. By plotting, these selected points as log t 
versus 1/T in Fig. 5 the slopes, and therefore Q and C, were readily 
calculated. 

The values of Q and C for both alloys at two different strength levels 
were determined in this manner and are as follows: 


Alloy UTS, psi Q, K cal/g.mole 
> 120AV 150,000 
> 120AV 155,000 
> 135AMo 185,000 
> 135AMo 190,000 


These results indicate that the activation energy for overaging and 
the constant C vary with the ultimate strength level. But from a prac- 
tical standpoint it is desirable to use a constant C for each alloy in 
constructing the aging parameter plots. As a convenient approxima 
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Fig. 7—Average 0.2% Yield Strength Versus Aging 

Parameter for Heat Treated 1” Round C120AV Bars from 


Four Heats. Solution treatment 1 hour at 1700°F 
(925 °C)—water quench. 


tion C was taken to be equal to 15 for C 120AV and 20 for C 135AMo 
alloy. 

Figs. 6, 7, 8 and 9 show the ultimate tensile strength, 0.2% offset 
yield strength, percent elongation, percent R. A., Rockwell hardness 
and —40°F Charpy impact values versus the aging parameter T 
(15Alogt) for C 120AV. Figs. 10, 11, 12 and 13 give the same prop 
erties versus T (20 log t) for C 135AMo alloy. T is the absolute 
temperature in °K, and t is the time in hours. All available data points 
as well as a scatter band covering approximately 95% of the plotted 
points, and showing expected variations due to chemical compositions 
of the heats used, are given in these plots. Also, to make the aging pa 
rameter plots more practical and readily usable, a selected time and 
temperature scale was placed on the top portion of each plot. 

Examination of these plots will show that the scatter bands were 
not extended beyond an aging parameter value of 12,200 (16 hours 
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Fig. 8—Average % Elongation and Reduction in Area 
Versus Aging Parameter for Heat Treated 1-Inch Round 


C120AV_ Bars from Four Heats. Solution treatment: 
1 hour at 1700 °F (925 °C)—water quench. 


900 °F) for C 120AV and 17,000 (two hours at 1050°F) for C 
135AMo alloy. A preliminary investigation with hardness measure 
ments showed that the aging peak areas, i.e., multiple maxima or more 
than one peak, of the alloys investigated, fall at somewhat lower aging 
parameter values than those given above. Also Figs. 6, 7, and 9 for 
C 120AV show that the plotted data points corresponding to aging 
parameter values of lower than 12,200 have a downward trend which 
indicates an aging peak area. As mentioned earlier, since this concept 
only applies to the overaged portion of the aging curves, the interrup- 
tion of the scatter bands at the designated values of the aging parameter 
is reasonable. 

Some of the advantages of these aging parameter plots may be de 
scribed as: 
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Fig Average Rc Hardness and —40 °F Charpy Impact 
Versus Aging Parameter for Heat Treated 1-Inch Round 


C120AV_ Bars from Four Heats. Solution Treatment 
1 hour at 1700 °F (925 °C)—water quench 


1. They give minimum, maximum and range of heat treated prop- 
erties resulting from any overaging treatment. 
Selection of an aging treatment can be easily made to obtain a 
desired level of the mechanical properties. 
Equivalent aging treatments which produce practically the 
same mechanical properties are shown on aging plots. By using 
this information, a necessary change in aging temperature or 
time without altering the property levels can be successfully 
accommodated. 
The property range due to chemical variations can easily be 
predicted. 
Use of the parameters reduces the number of tests necessary to 
establish aging response and thus provide desired information 
faster and more economically. 
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Fig. 10—Average Ultimate Strength Versus Aging Param 

eter for Heat Treated 1-Inch Round C135AMo Bars from 

Three Heats. Solution treatment: 1 hour at 1750 °F 
(955 °C)—water quench. 


6. Finally, the aging parameter plots can also be used in re-aging 
treatments where the first aging was not long enough to pro 
duce the desired properties. 


SUM MARY AND CONCLUSIONS 


Using the rate process equation and heat treat data the constant 
C in aging parameter T (C + log t) was found to be 15 for 
C 120AV (Ti-6Al-4V ) and 20 for C 135A Mo (Ti-7Al-4Mo 

Ultimate tensile strength, 0.2% offset yield strength, percent 
elongation, percent RA, Rockwell hardness and —40°! 
Charpy impact values were plotted versus the aging parameter 
of each alloy at a constant solution temperature and time fo 
l-inch round bars from four production heats of C 120A V and 
three production heats of C 135A Mo. A scatter band, showing 
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Fig. 11—Average 0.2% Yield Strength Versus Aging 

Parameter for Heat Treated 1” Round C135AMo Bars 

from Three Heats. Solution treatment: 1 hour at 1750 °F 

(955 °C)—water quench 

variations due to chemical differences between heats from the 
same alloy, where drawn on each aging parameter plots. 
It was shown that by using aging parameter plots, the number 
of tests required to evaluate heat treated properties of age 
hardening alloys are materially reduced and aging needed to 
obtain a variety of desired properties can easily be estimated. 
The microstructure of each heat used in this investigation con- 
tained a fine equi-axed, alpha plus beta structure (“peppery’’). 
Therefore, heat treated properties given in this paper apply 
only to fine microstructures resulting from alpha-beta rolling 
or forging of these alloys. 
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THE EFFECTS OF MICROSTRUCTURE AND HEAT 
TREATMENT ON THE HYDROGEN EMBRITTLE. 
MENT OF ALPHA-BETA TITANIUM ALLOYS 


By D. N. Witutams, F. R. ScHwartzBerc, AND R. I. JAFFEE 


Abstract 


Four alpha-beta titanium alloys were examined to deter- 
mine the effects of heat treatment, alpha grain size, and alpha 
grain shape on the amount of hydrogen required to induce 
low strain rate embrittlement, e.g., their hydrogen toler- 
ance. The tolerance was markedly dependent upon heat 
treatment, decreasing as the heat treatment temperature 
was lowered. Strength level did not appear to affect the 
hydrogen tolerance significantly. Increased alpha grain size 
decreased the hydrogen tolerance, as did an acicular grain 
shape. The latter effect was probably related to grain size, 
however, since acicular structures were generally quite 
coarse. Strain-induced hydride was observed in a number 
of the specimens and a tentative relationship between impact 
embrittlement, strain-induced hydride, and low strain rate 
embrittlement was developed. Although heat treatment and 
structural differences resulted in considerable variation in 
the hydrogen tolerance of each alloy, the alloys could be 
classified from most to least resistant to hydrogen embrittle- 
ment in the following order: Ti-6Al-4V, Ti-4Al-4Mn, Ti- 
8Mn, and Ti-2Mo-2Fe-2Cr. (ASM-SLA Classification 
026s, 2-64, 3-71; Ti-b) 


YDROGEN HAS BEEN shown to result in the embrittlement 
of alpha-beta titanium alloys when present in sufficient amounts 
(1).! Since the initial discovery of the hydrogen embrittlement of 
titanium, a considerable amount of research has been devoted to its 
study. Embrittlement has been shown to be strain rate sensitive. The 
form of hydrogen embrittlement of most concern in alpha-beta alloys 
low strain rate embrittlement, becomes more pronounced as the strain 
rate is decreased (2). Also, embrittlement has been shown to be most 
severe at temperatures near room temperature (2). At slightly higher 
temperatures no evidence of embrittlement is observed. It has also 
been reported that the embrittlement tendency is absent at very low 
temperatures (3). Thus, three primary variables are known to affect 
1 The figures appearing in parentheses pertain to the references appended to this paper 
\ paper presented before the Fortieth Annual Convention of the Society, h 
in Cleveland, October 27 to 31, 1958. The authors, D. N. Williams, F. | 


Schwartzberg and R. I. Jaffee, are associated with Battelle Memorial Institut 
Columbus, Ohio. Manuscript received April 14, 1958. 
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the embrittlement tendency; strain rate, temperature, and hydrogen 
content. 

Alloy content also has a pronounced effect on the embrittlement 
tendency, and a considerable amount of data has been collected in an 
effort to determine the maximum amount of hydrogen which the var 
ious titaniym alloys can safely contain. Some question regarding the 
reliability of data of this nature exists, however, since it seems probable 
that the same alloy, heat treated to different strength levels, would 
show different hydrogen tolerances. Definite indications that this is the 
case have been reported (4,5). Also, information has been reported 
that may be interpreted as indicating that both alpha grain size (6) and 
alpha grain shape (acicular versus equiaxed) (7) may affect the hydro- 
gen tolerance of an alloy. 

Although indications that such factors as composition, heat treat- 
ment, alpha grain size, and alpha grain shape affect the hydrogen tol- 
erance of alpha-beta titanium alloys may be gained from a careful study 
and analysis of the literature, it is difficult to predict the magnitude of 
these effects and quantitative information seems completely lacking. 
The present investigation was carried out to provide such information. 
Results on the effects of alloy composition are presented in a companion 
paper (8). The present paper presents the information obtained on 
microstructural aspects of the problem. 


EXPERIMENTAL PROCEDURE 
Four 20-pound ingots were prepared in the laboratory using 140 
BHN sponge. Oxygen, nitrogen, and carbon contents of the sponge 
were 0.11, 0.01, and 0.03 weight %, respectively. The compositions 
of these ingots were: 


Nominal \ctual, by analysis 


Ti-8Mn Ti-7.3Mn 
Ti-2Mo-2Fe-2Cr Ti-1.7Mo-1.9Fe-1.8Cr 
Ti-6Al-4V Ti-6.0A1-4.0V 
Ti-4Al-4Mn Ti-4.1Al1-4.0Mn 

Each ingot was radiographed for homogeneity, ground to remove 
surface defects, and forged to 34-inch round. After grinding to remove 
surface laps, the bars were swaged to 54-inch round. At this point the 
bars were machined to remove all surface scale, cut into suitable seg 
ments for further processing, and either hydrogenated or vacuum an- 
nealed to give the desired final hydrogen level. The segments were 
then swaged to '4-inch round and heat treated to the desired final 
condition. 

Heat treatments were selected so as to produce the following micro- 
structural variations. 

1. Equiaxed alpha, stabilized at 1100 °F, three different alpha 
grain sizes 
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Equiaxed alpha, solution heat treated at 1300 °F 

. Equiaxed alpha, solution heat treated at 1300 °F and aged at 
900 °F 
Acicular alpha stabilized at 1100 °F, two different alpha grain 
sizes 
Acicular alpha, solution heat treated at 1300 °F 
Acicular alpha, solution heat treated at 1300 °F and aged at 
900 °F. 


Hydrogen is known to act as a beta stabilizer in titanium alloys, such 
that it lowers the beta transus temperature and increases the tendency 
toward retention of beta. No attempt was made to alter the heat treat 
ment schedule as the hydrogen content was varied, except for certain 
grain growth annealing treatments near the beta transus, since it was 
felt that differences introduced by varying the treatment over a range 
of hydrogen contents might be more serious than the differences which 
occur in using the same heat treatment. Because hydrogen increases 
the amount of beta retained after a given heat treatment, any errors in 
troduced by this procedure would be expected to be in the direction of 
decreased embrittlement tendency as the hydrogen content was in- 
creased. 

The type of microstructural variation produced is shown in Fig. | 
In the case of Ti-2Mo-2Fe-2Cr, only six of these conditions were pre 
pared, the variations in alpha grain size of the stabilized samples being 
omitted. 

Examination of these samples was conducted at nominal hydrogen 
levels of 20 (vacuum annealed ), 100, 200, 300, 400, 600, and 800 ppm 
(parts per million). All seven hydrogen levels were not prepared for 
each sample. Instead, examination was carried out until brittle behavior 
was found at one hydrogen level and ductile behavior was found in the 
hydrogen level immediately below it. 

Five different tests were used to define the embrittlement level ; im- 
pact, fast tensile (0.5 inch per minute), slow tensile (0.005 inch per 
minute), unnotched stress-rupture, and notched stress-rupture. A 
notched micro-impact sample was used for impact testing. Tensile and 
unnotched stress-rupture tests were carried out using standard 0.125 
inch round specimens. Notch stress-rupture tests were conducted using 
round V-notch samples having a 60 degree notch angle with a notch 
radius of 0.005 inch and a reduced section diameter of 0.089 inch. The 
area of the reduced section was 50% of the sample area. This sample 
configuration results in a stress concentration factor of 3. Notched 
rupture tests were performed at 110% of the unnotched tensile strength 
of the sample. Unless a wide variation in tensile strength was observed 
as hydrogen content was altered, an average ultimate strength wa 
used in calculating the notch rupture stress. Preliminary studies 
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Fig. 1—Microstructures of Ti-4Al-4Mn Alloy in Various Conditions. Nominal hydrogen 
mtent 20 ppm. (a) Fine equiaxed alpha, stabilized; (b) Fine equiaxed alpha, solutio: 
heat treated; (c) Fine-equiaxed alpha, solution heat treated and aged; (d) Coarse acicular 
alpha, stabilized; (e) Coarse acicular alpha, solution heat treated; (f) Coarse acicular 
alpha, solution he: at treated and aged; (g) Medium equiaxed alpha, stabilized; (h) Coarse 


equiaxed alpha, stabilized; (i) Fine acicular alpha, stabilized. x 300 





806 TRANSACTIONS OF THE ASM Vol. 51 





Table I 
Complete Test Results on Stabilized Ti-2Mo-2Fe-2Cr Having an Acicular 
Microstructure 


Notched Bend Impact Tests, Micro Samples 


Nominal Hydrogen Content Energy Absorbed, in.-Ibs 
ppm at 75 F at —40 F 


20 42 

200 3 30 
300 28 

400 28 

Unnotched Tensile Tests, 0.125-inch Round Samples 
Nominal Hydrogen Ultimate Tensile 0.2% Offset Yield % Elong Reduct 
Content, ppm Strength, psi Strength, psi in 4 Diameter in Area, ¢ 
Fast Testing Speed, 0.5 in /min 


20 108,500 - 42 
200 112,500 - : 53 
300 112,200 ‘ 45 
400 112,800 2 41 


Slow Testing Speed, 0.005 in/min 
20 107,400 80,800 40 
200 110,500 79,700 28 43 
300 109,400 83,300 25 36 
400 109,000 82,600 25 27 
Unnotched Stress-Rupture Tests, 0.125-inch Round Samples 


Nominal Hydrogen Applied Stress Rupture % Elong % Reduct 
Content, ppm psi % of UTS Time, hrs. in 4 Diameter in Area 

20 99,800 93 100.6 24 40 

200 102,800 93 41.1 22 38 

300 101,700 93 67.1 13(a) 20 

400 103,500 95 on loading -(b) 38 

400 101,400 93 9.2 6(a) 13 

Notched Stress- Rupture Tests, Stress Concentration Factor = 

Nominal Hydrogen Applied Stress, % of Tensile Rupture Reduction 
Content, ppm Stress, psi Strength (Average) Time, hrs Area, % 
100 120,000 110 120.3(c) 1.5(c) 

200 120,000 110 6.4 6.0 

300 120,900 110 2.1 6.1 


(a) Broke outside gage mark. 
(b) Broke on gage mark. 
(c) Sample did not fail. 


showed that at a stress of 110% of the ultimate strength nonembrittled 
alloys would fail in less than 50 hours. Except for one series of impact 
tests performed at —40 °F, all testing was done at room temperature 
The criterion selected for detecting embrittlement was as follows 
Impact embrittlement was assumed to have occurred when both th 
40 and 75°F impact energy decreased 50% from the vacuum an 
nealed level or when the fast-tensile test specimen showed a 50% loss 
in reduction in area as compared to the slow-tensile test specimens at 
the same hydrogen level. Low-strain rate embrittlement was assumed 
to have occurred when (a) the notched stress-rupture sample failed 11 
less than 50 hours, (b) the unnotched stress-rupture sample showed a 
50% loss in reduction in area as compared to low hydrogen materia! 
or (c) when the slow-tensile test specimen showed 50% loss of reduc 
tion in area as compared to the fast-tensile test specimen at the sam 
hydrogen level. Typical data are shown in Table 1. This sample wa 
free from impact embrittlement through 400 ppm (the highest lev: 
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tested ) but showed low-strain rate embrittlement at 200 ppm in notched 
stress-rupture tests and 300 ppm in unnotched stress-rupture tests. 
Embrittlement would probably have been observed at 600 ppm in the 
slow-tensile test based on data at 300 and 400 ppm. The hydrogen toler 
ince of this alloy is therefore between 100 and 200 ppm. A careful 
examination of all of the stress-rupture data obtained in this and the 
ompanion study on the effect of alloy content on hydrogen embrittle 
ment (8) showed an unexpected difference between notched and un- 
notched stress-rupture tests. The detection of low-strain rate embrittle- 
ment in unnotched stress-rupture tests had to be based entirely on 
ductility at fracture, since the time to fracture was almost independent 
of embrittlement in the vicinity of the transition from ductile to brittle 
fracture. This is shown in Table I, where samples containing 200 and 
300 ppm failed in 41.1 and 67.1 hours, respectively. The sample failing 
in 41.1 hours was ductile, while that failing in 67.1 hours was em- 
brittled, as indicated by the loss in reduction in area. In notch testing, 
the opposite was true. Time to failure was the most significant variable, 
brittle samples loaded at 110% of the unnotched UTS generally failing 
in less than 10 hours, while ductility at fracture of the notched speci- 
mens was of less assistance in determining the onset of embrittlement. 
Ductility did not always vary in a consistent manner as the transition 
from ductile to brittle behavior occurred. 


RESULTS AND DIscussION 

The variation of tensile properties resulting from the selected heat 
treatments are given for the various heat treated alloys in Table IT. 
These data, which were obtained from samples containing 20 ppm hy 
drogen, show the microstructural and strength variations introduced 
into the alloys. Several generalizations are indicated by these data. 
[t is apparent, for example, that the solution heat treatment tempera- 
ture selected, 1300 °F, was too low to permit the development of high 
strengths in any of the alloys. The Ti-8Mn alloy showed a significant 
nerease in tensile strength on aging, but the other three alloys were 
not appreciably affected. A low aging response in some of the alloys 
was believed more desirable than the uncertainties regarding equiva- 
lence of structure which would be introduced if a series of alloys con- 


taining varying hydrogen contents were solution heat treated high in 
the alpha-beta field. Also, it can be seen that alloy specimens having a 
coarse alpha grain size were less strong than those having a finer grain 
size. Acicularity has a similar effect. It is probable, however, that the 


strength variations between acicular and equiaxed specimens were due 
more to alpha grain size (the acicular structures have a coarser alpha 
grain size than equivalent equiaxed structures) than to alpha grain 
shape. 
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Table Il 


Description of Titanium Alloys Examined 


Properties at the 20 ppm 
Hydrogen Level 
Tensile 

Properties 


Heat Treatment, 
Alpha Grain Size (Relative), 
and Alpha Type 


Alpha Grain 
Size, w 


Titanium-8 Manganese 
Stabilized, fine-equiaxed 
Stabilized, medium-equiaxed 
Stabilized, coarse-equiaxed 
Solution heat treated, medium-equiaxed 
Aged, medium-equiaxed 
Stabilized, medium-acicular 
Stabilized, coarse-acicular 
Solution heat treated, coarse-acicular 
Aged, coarse-acicular 


eeeeertr 


31 50 
20 60 
24 70 
30 40 
24 60 
14 50 


Stabilized, medium-equiaxed 

Solution heat treated, medium-equiaxed 
Aged, medium-equiaxed 

Stabilized, medium-acicular 

Solution heat treated, medium-acicular 
Aged, medium-acicular 


Pld dd 


Titanium-6 Aluminum-4 Vanadium 

145,000 13 10 
130,900 17 10 
149,900 


Stabilized, fine-equiaxed 

Stabilized, medium-equiaxed 12 
Stabilized, coarse-equiaxed 24 
Solution heat treated, fine-equiaxed 

Aged, fine-equiaxed 

Stabilized, medium-acicular 

Stabilized, coarse-acicular 

Solution heat treated, coarse-acicular 

Aged, coarse-acicular 135,500 21 


Titanium-4 Aluminum-4 Molybdenum 


Stabilized, fine-equiaxed 20 35 
Stabilized, medium-equiaxed ‘ 24 40 
Stabilized, coarse-equiaxed 21 40 
Solution heat treated, fine-equiaxed ¥ 21 40 
Aged, fine-equiaxed t 16 -- 
Stabilized, fine-acicular — . 13 
Stabilized, coarse-acicular - 10 35 
Solution heat treated, coarse-acicular ~ 148,800 12 40 
40 


Volume % 
UTS, psi El, % Beta 





Aged, coarse-acicular 159,300 10 





‘®) Levels indicated in parentheses used for notch stress-rupture testing only 


Hydrogen Levels 
Prepared and Tested 


200 
. 200, 300, (400) 
200, 300 


0, 200, 300, 600, (800 


100, 200 

, 200, 300 

, 200, 300 

, 200, 400, (600), (800 
100, 200 


(100), 200, 300 

. 200, (300), (400), 600 
(100), 200, 300, 400 

, (100), 200, 300, 400 


, 600, 800 
. (300), 400, (600 


, 200, 300, 400, 600 

. 200, 300, (400), (600 

, 200, (300), (400), (600 

, 200, 600, 800 

. 100, 200, (300) 

. 200, 300, (400), (600 

. 100, 200, (300), (400), (600 
, 200, 600, 800 

. 100, 206 


An estimate of the amount of beta in the samples containing 20 ppm 
hydrogen is also given in Table II. This value does not take into account 
any alpha precipitate present in the alloy. The four alloys examined 
were seen to cover an appreciable range of alpha:beta ratios, from 
about 9:1 (Ti-6AIl-4V ) to about 4:6 (Ti-2Mo-2Fe-2Cr). 

A summary of the embrittlement behavior observed in each alloy 
condition is given in Table III. A considerable range of embrittlement 
tendencies was encountered within a given alloy, such that one heat 
treatment might cause an alloy to show hydrogen embrittlement at a 
very low hydrogen content while another heat treatment could render 
it free from embrittlement at 800 ppm. The range of hydrogen contents 
necessary to induce low-strain rate embrittlement in the four alloys 
heat treated in the manner described varied as follows: 
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Ti-8Mn 100 ppm to 800 ppm 
Ti-2Mo-2Fe-2Cr 100 ppm to 400 ppm 
Ti-6Al-4V 200 ppm to >800 ppm 
Ti-4Al-4Mn 100 ppm to >800 ppm 


Comparison of the alloys in equivalent heat treated conditions suggests 
that the tendency toward low-strain rate embrittlement increases in the 
order: Ti-6AI-4V, Ti-4Al-4Mn, Ti-8Mn, and Ti-2Mo-2Fe-2Cr. The 
amount of retained beta also increases in the same order (10%, 40%, 
50%, 60%), although this is not a factor leading to increased low- 
strain rate embrittlement. Alloy content has a definite effect on low- 
strain rate embrittlement above its ability to stabilize the beta phase. 
The importance of alloy content is described in considerable detail in the 
companion paper (8). 

Impact embrittlement was not serious in these alloys, only nine of 
the 33 conditions showing this type of hydrogen embrittlement. More- 
over, in several of these cases, embrittlement was apparently due more 
to an embrittling effect of hydrogen in beta than to the presence of 
hydride. This is evidenced by the occurrence of impact embrittlement 
at hydrogen contents considerably below those resulting in low-strain 
rate embrittlement. In some cases, however, there was quite good cor- 
relation between the hydrogen content leading to the appearance of low- 
strain rate embrittlement, strain-induced hydride, and impact embrittle- 
ment. If low-strain rate embrittlement is related to precipitation of 
hydride under strain, impact embrittlement would be expected to occur 
at a hydrogen level somewhat higher than that resulting in low-strain 
rate embrittlement, and about equal to that where strain induced 
hydride is observed metallographically (assuming the submicroscopic 
thermally precipitated hydride is probably present by the time sufficient 
hydrogen is available for visible strain-induced hydride to form). As 
shown in Table III, four of the conditions do show this approximate 
relationship between impact embrittlement, low-strain rate embrittle- 
ment, and strain-induced hydride. 

Although the hydrogen content necessary to result in low-strain rate 
embrittlement varied appreciably as heat treatment, alpha grain size, 
and alpha grain shape were altered, a comparison of the data indicates 
that each alloy reacted to the variables in approximately the same way. 

One of the most consistent trends observed, and one which was un- 
expected at the start of this research, was the dependence of the hydro- 
gen level necessary to induce low-strain rate embrittlement upon heat 
treatment temperature. Contrary to expectation, strength level did not 
affect the hydrogen tolerance to any significant extent. Instead, a direct 
correlation between the minimum temperature used in heat treatment 
and the hydrogen tolerance was observed, as shown in Table IV. It is ap- 
parent that, irrespective of strength differences, the stabilized material 
was always much less tolerant of hydrogen than the solution heat 





TRANSACTIONS OF THE ASM 


: : Table II! 
Hydrogen Embrittlement in Four Alpha-Beta Titanium Alloys 
Impact Embrittlement Metallographic Low-Strain Rate | 
Ductile, Brittle, Shown Evidence of Strain Ductile, Brittle, 


Hleat Treatment 
Alpha Grain Size, 


and Alpha Type 


Stabilized, fine-equiaxed ©) 

Stabilized, medium-equiaxed 
Stabilized, coarse-equiaxed >) 

Solution heat treated, medium-equiaxed 
Aged, medium-equiaxed 

Stabilized, medium-acicular®) 
Stabilized, coarse-acicular 

Solution heat treated, coarse-acicular 
Aged, coarse-acicular 


ppm ppm 


Titanium-8 Manganese 
20 200 I 
300 
300 

20 > 800 
200 - 200 
300 - — 
300 >300 

20 >800 
200 200 


400 


200 


200 I 


Titanium-2 Molybdenum-2 Iron-2 Chromium 


Stabilized, medium-equiaxed 

Solution heat treated, medium-equiaxed 
Aged, medium-equiaxed 
Stabilized, medium-acicular 
Solution heat treated, medium 
Aged, medium-acicular 


acicular 


Stabilized, fine-equiaxed 

Stabilized, medium-equiaxed “ 
Stabilized, coarse-equiaxed 
Solution heat treated, fine-equiaxed 
Aged, fine-equiaxed 

Stabilized, medium-acicular 
Stabilized, coarse-acicular“ 

Solution heat treated, coarse-acicular 
Aged, coarse-acicular 


Stabilized, fine-equiaxed 

Stabilized, medium-equiaxed 
Stabilized, coarse-equiaxed 

Solution heat treated, fine-equiaxed 
Aged, fine-equiaxed 

Stabilized, fine-acicular 

Stabilized, coarse-acicular 

Solution heat treated, coarse-acicular 
Aged, coarse-acicular 


300 —_ - 
20 =. 200 I 
20 200 I 

400 _ . 

400 — — 
20 ©1100 I 


>300 
400 
200 
300 
> 300 
100 


Titanium-6 Aluminum-4 Vanadium 


800 _— — 
400 — — 
200 - — - 

600 I > 800 
400 - >600 
400 . 
600 
800 
400 


>800 


>800 
> 800 
> 800 


Titanium-4 Aluminum-4 Manganese 


400 600 FT 
300 — - 
200 - 
800 - 
200 
300 
200 — 
800 ~ 

20 100 


> 600 
>800 
> 800 
>800 
> 300 
>600 
>600 
>800 

100 


By Induced Hydride, ppm ppn 


200 
200 

200 
600 
100 

200 
200 
600 
20 


400 
800 

20 
800 
100 
400 
100 
800 

20 


ppt 


200 


600 


600 
200 
200 
600 


200 


100 


ws: I 


(*) Tests which showed embrittlement at the indicated hydrogen level are abbreviated as foll 
NR 


Tensile (FT), Slow Tensile (ST), Unnotched Stress-Rupture (UR), and Notched Stress- Rupture 
®) Notch stress-rupture testing was not conducted in these conditions. 
(ce) Notch stress-rupture testing indicated no embrittlement at 800 ppm. 
(4) Notch stress-rupture testing indicated embrittlement at 600 ppm, but no embrittlement at 400 py 


treated material, and more tolerant than the aged material. Two pos 
sible reasons for such a variation can be visualized: either hydrogen 
tends to segregate at lower temperatures towards positions where it is 
more harmful or it reorients itself between the alpha and beta phases 
in such a manner that its concentration in the phase contributing to 
embrittlement is increased as final heat treatment temperature is de 
creased. The amounts of alpha indicated in the table would suggest that 
the relative amount of alpha or beta is not a contributing factor to 
the differences in hydrogen embrittlement level resulting from heat 
treatment. 

It is interesting to note on reviewing the published information relat 
ing to the effect of strength level on the hydrogen tolerance (4,5) that 
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Table IV 
Relationship Between Hydrogen Tolerance and Final Heat Treatment 
Temperatures 


Final Heat ——Hydrogen Tolerance to Low-Strain Rate— 
Treatment Embrittlement, ppm 
Condition Temperature,°F Ti-8Mn Ti-2Mo-2Fe-2Cr Ti-6Al-4V  Ti-4Al-4Mn 


iiaxed alpha 
Solution heat 

treated 1300 600-800 400 >800 >800 
Stabilized 1100 200—300 200 >800 400-600 
Aged 900 100—200 100 400-600 100-200 


Acicular alpha 
Solution heat 
treated 1300 600-800 300 >800 >800 
Stabilized 1100 200-300 200 >800 100-200 
Aged 900 20-100 100 200-300 20-100 


the highest strength level in any group of heat treated titanium alloys 
was obtained with the lowest final heat treatment temperature. Thus, 
the reported detrimental effects of strength probably were not due to 
strength but to final heat treatment temperature. 

The pronounced effect of final heat treatment temperature on hydro 
gen embrittlement level also explains the increased tendency toward 
hydrogen embrittlement following thermal exposure in stability test- 
ing (9). Thus, it would appear that the hydrogen tolerance of alloys to 
be used where prolonged exposure to elevated temperature is likely 
should be examined after exposure to the service temperature, since the 
tolerance after exposure at 600-800 °F may be appreciably lower than 
that observed in the alloy after stabilizing at 1100°F, or even after 
aging at 900 °F. 

The effect of alpha grain size on the hydrogen embrittlement level 
of three stabilized titanium alloys, having both acicular and equiaxed 
alpha grain shapes, is shown in Table V. The hydrogen tolerance of 
the three equiaxed alloys correlated quite well with grain size as can be 
seen by examining the measured grain sizes recorded in Table II. 
Ti-8Mn, which showed only a slight grain size variation, from 4 to 8 
microns alpha particle diameter, showed no change in hydrogen toler- 
ance with grain size. Ti-6Al-4V and Ti-4Al-4Mn, in which grain size 
variations from 6 to 24 microns and 4 to 24 microns were developed, 
showed a noticeable drop in hydrogen tolerance as alpha grain size 
increased. The change was particularly marked if the grain size coarsen- 
ing resulted in a change of matrix from alpha to beta. The coarse 
grained Ti-6Al-4V sample, for example, showed a nearly continuous 
beta matrix, while the fine-grained sample contained discontinuous 
regions of beta in an alpha matrix. A similar change is observed in 
li-4Al-4Mn, as shown in Fig. 1. The effect of grain size in acicular 
structures was apparently similar to that in equiaxed structures. Acicu- 
lar Ti-8Mn and Ti-6AI-4V alloys, in which the grain size variation 
was not great, showed no measurable change in hydrogen tolerance 
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Table V 
Relationship Between Hydrogen Tolerance and Alpha Grain Size 





Hydrogen Tolerance to Low-Strain Rate Embrittlement, ppn 
Alpha Grain Size Ti-8Mn Ti-6Al-4V Ti-4Al-4Mn 
Equiaxed alpha 
Fine >200 >800 400-600 
Medium 200-300 >400 >800 
Coarse 200-300 20-200 20-—200(a) 


Acicular alpha 
ine _ — 400-600 
Medium 200-300 >400 _ 
Coarse 200-300 >800 100—200(b) 








(a) >800 based on notch rupture testing. 
(b) 400-600 based on notch rupture testing. 


as grain size was increased. However, in acicular Ti-4A1-4Mn alloys, 
in which a large difference in grain size was developed as shown in 
Fig. 1, a fairly large decrease in hydrogen tolerance was observed. This 
again may be due in part to continuity of the beta phase. 

Increased alpha grain size is seen to be detrimental to hydrogen 
tolerance in alpha-beta alloys, particularly if grain coarsening results in 
a change from an alpha to a beta matrix in the alloy. This would be 
expected if the generally accepted theory relating hydrogen embrittle- 
ment to embrittlement of the alpha-beta interface is correct, since a 
coarse grained material, having less alpha-beta interface, should require 
less hydrogen for embrittlement than a fine grained material. 

A comparison of equiaxed versus acicular alpha grain shape can be 
made by examining the data presented in Table IV. Acicularity appears 
to be detrimental, but it is probable that the observed differences are the 
result of grain size rather than grain shape. The acicular samples in 
variably had coarse grain sizes, as shown in Fig. 1 for Ti-4Al-4Mn. 
However, even though the effect is due to size rather than shape, the 
difficulty in attaining a fine acicular structure, compared to a fine equi 
axed structure, is such that acicularity should be considered as detri 
mental to the hydrogen tolerance of alpha-beta titanium alloys. 

Low-strain rate embrittlement evidently is due to the precipitation 
under strain of small amounts of hydride from hydrogen-saturated beta, 
and possibly alpha, titanium. Precipitation occurred predominantly at 
the alpha-beta interface. As shown in Table III, visible strain-induced 
hydride was generally observed in the fracture region of samples con 
taining slightly more hydrogen than that required to result in embrittle 
ment. The aluminum-containing alloys showed much less hydride than 
the aluminum-free alloys, however, and in some of these alloys low 
strain rate embrittlement was observed at low hydrogen contents, while 
no hydride was visible even at 800 ppm. The reduced tendency toward 
hydride formation in these alloys probably accounts for their reduced 
tendency toward impact embrittlement. 
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CONCLUSIONS 


|. Hydrogen tolerance is apparently independent of the strength 
of an alloy, except insofar as strength is varied by different 


final heat treatment temperatures. The lower the final heat 
treatment temperature, the lower the hydrogen tolerance. The 
magnitude of this effect is quite large. 

Alpha grain size has a slight effect on the hydrogen tolerance 
of an alpha-beta alloy. Coarse-grained samples are less tolerant 
of hydrogen than fine-grained samples. The magnitude of the 
effect is dependent upon the difference in grain size. In most 
cases, the increase in hydrogen tolerance resulting from a de- 
crease in grain size would probably be less than 100 ppm. 
However, if grain coarsening results in a change from an alpha 
to a beta matrix, a much more significant loss in hydrogen 
tolerance may result. 

\cicular alloys have a hydrogen tolerance roughly 100 ppm 
lower than their equiaxed counterparts, probably as a mani 
festation of coarse grain size rather than grain shape. 
Metallographically visible strain-induced hydride generally ap- 
pears in the fracture region of aluminum-free alloys at a hydro- 
gen content about 100 ppm higher than the hydrogen content 
necessary to induce low-strain-rate embrittlement. Aluminum- 
containing alloys rarely showed strain-induced hydride at 
hydrogen contents of 800 ppm or less. These alloys also were 
generally free from impact embrittlement up to 800 ppm. 

The hydrogen tolerance of the four alloys examined decreased 
in the order Ti-6AI1-4V, Ti-4Al-4Mn, Ti-8Mn, and Ti-2Mo- 


2Fe-2Cr. 
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DISCUSSION 


Written Discussion: By Harris M. Burte, chief, Programming Branc! 
Wright Air Development Center, Wright-Patterson Air Force Base, Ohio 

In this and a companion paper,* the authors have presented a wealth of 
valuable data on hydrogen embrittlement in titanium alloys. It is of interest 
to extend their discussion and apply this new information to a previously sug 
gested ** mechanism for the low-strain rate or strain aging embrittlement 

Initially, the hydrogen which is causing the low-strain rate embrittlement 
is in interstitial solid solution, but even within unstrained grains there will 
be a tendency for interstitial hydrogen atoms to segregate to lattice defects 
such as dislocations, vacancies, or grain boundaries. Plastic deformation, probably 
in a very localized region of high strain, affects the structure in some manner 
as to establish more sites for such segregation at the grain boundaries, perhaps 
by dislocation pile-up. The hydrogen atoms will tend to diffuse towards su 
sites, and if the concentration becomes high enough a hydride phase can precipi 
tate. It is presumed that this strain induced microsegregation of the hydrog 
can lead to an intercrystalline microcrack and eventual fracture. Three factors 
must be considered: (a) tendency towards microsegration; (b) rate of micro 
segregation or diffusion of hydrogen; (c) tendency towards crack initiatior 
as a result of microsegregation, and subsequent rate of propagation. When this 
is done all of the experimental observations fall into a consistent framework 
Thus, ductility as measured in tensile or rupture tests depends upon the rat 
at which microsegregation can occur relative to the imposed strain rate. T! 
effects of test temperature can be attributed to its net effect on tendency for 
and rate of microsegregation. 

The current papers have clearly emphasized the role of the grain beundaries 
both as a target for the microsegregation, and to provide a path for the brittl 
fracture. The broad range of compositions and hydrogen contents studied ha 

*R. I. Jaffee and D. N. Williams, “The Effect of Composition on the Hydrogen I 


brittlement of Alpha-Beta Titanium Alloys,”” TRaNsactions, American Society for Met 
Vol. 51, 1959, p. 820. 


** H. M. Burte, “Strain Aging Hydrogen Embrittlement in Alpha-Beta Titanium Alloys,” 
Transactions, Society of Rheology, Vol. 1, 1957, p. 119-151 
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Fig. 2—Ultimate Strength vs. Hydrogen Tolerance for 
Ti-8Mn and Ti-2Mo-2Fe-2Cr Alloy 
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led to the observation that strain induced third or hydride phase formation is 
1 general rather than peculiar occurrence, and the appearance of strain induced 
third phase is strong direct evidence that microsegregation does occur. 
Pre-existing hydride phase does not seem to affect the slow strain rate 
strength, rather, it is the dissolved hydrogen segregating to the grain boundaries 
under stress which leads to premature brittle fracture. Furthermore, the 
embrittlement can frequently occur at hydrogen levels where no strain induced 
hydride is actually visible. The detailed mechanism of crack initiation and 
propagation can not yet be completely formulated. At some stage during the 
microsegregation the cohesive strength at the grain boundaries must be greatly 
reduced and fracture can occur as a result of the material being under stress. 
It is quite possible that this critical stage is reached at the progressively more 
disorganized grain boundaries before actual recrystallization to (or precipitation 


f) a hydride phase takes place. From another viewpoint, fracture involves the 


separation of adjacent atoms under the influence of stress, and this might be 
expected to occur more readily during the atomic motion incident upon local 
recrystallization to a hydride phase. 

One final speculation might be offered. It has previously been noted (2) that 
he origin of the brittle intergranular fracture seems to be at or near the 
specimen surface, even for finely polished surfaces where there was no indication 

surface scratches or defects. The possibility that atmospheric oxygen plays 
a part in the fracture mechanism should not be ignored, and it would be of 
interest to perform some tests in an oxygen free environment. 

Written Discussion: By R. J. Quigg, research assistant, Case Institute of 
Technology, Cleveland, Ohio. 

This paper was read with great interest and constitutes a valuable addition 
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to the literature. There is one point, however, which may be open to contentior 
This is the acquittal of strength, contrary to the findings of Robinson, Frost 
and Parris * and of Daniels, Quigg, and Troiano." 

Several different heat treating cycles are available for strengthening titaniu 


+H A. Robinson, P. D. Frost, and W. M. Parris, “Effect of Hydrogen on Some Me 
chanical ee gr be of a Titanium Alloy Heat Treated to High Strength,” Transactions 
Metallurgical Society of AIME, Vol. 212, August 1958, pp. 464-469. 


tt R. D. Daniels, R. J. Quigg, and A. R. Troiano, “Hydrogen Embrittlement and Delaye 
Failure in Titanium Alloys,” Transactions, American Society for Metals, Vol. 51, 1959 
p. 843-861. 
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Fig. 5—Delayed Failure in 4Al-4Mn Alloy, Heat 

lreated to 165,000 psi Strength Level by the Treat- 

ment Indicated, Hydrogen Content 550 ppm, Sharp 
Notched Specimens 











Fig. 6—Delayed Failure in 4Al-4Mn Alloy, Heat 

Treated to 165,000 psi Strength Level by the Treat- 

ment Indicated, Hydrogen Content 200 ppm, Sharp 
Notched Specimens 


lloys, the most common of these cycles involving some method of quenching 


and then aging. It seems reasonable, however, that when determining the effect 
of strength alone, that one mode of heat treatment be evaluated at a time. 
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The authors, as well as others,’ all report the solution treated condition ¢ 
be significantly more resistant to the influence of hydrogen than any of the aged 
conditions. Thus, if the hydrogen resistant solution treated conditions were to 
be omitted, a correlation between hydrogen tolerance and strength level could 
be obtained using the authors’ data. These data for the Ti-8Mn, Ti-2Cr-2Mo-2F; 
and Ti-4Al-4Mn alloys are shown in Figs. 2 and 3. This correlation was not 
apparent from the data on 6AI-4V, where the strength spread was only 17,000 psi 

This interpretation of the authors’ results does not minimize their suggestion 
that the lower heat treatment temperature is a factor in determination of 
hydrogen sensitivity, since in the quenched and aged conditions the lower the 
aging temperature, the higher the strength (with similar quenching tempera 
tures). Daniels, et al’ have obtained similar strength levels in 4Al-4Mn alloy 
by quenching from two different temperatures, then aging the material quenched 
at the lower temperature at a correspondingly lower aging temperature, e.g 
1500 °F—W.Q., one hour at 1050 and 1440 °F—W.Q., 6.5 hours at 950 °F. Using 
the lower critical stress * as a criterion, the hydrogen sensitivities were adjudged 
to be equivalent. These results for material containing 200, 550, and 800 ppm 
hydrogen are shown in Figs. 4, 5, and 6. 

In summary, it appears that strength, whether treated directly or indirectly 
as part of a lower heat treatment temperature concept, is a potent factor in 
the determination of the hydrogen tolerance of alpha-beta titanium alloys. 


Authors’ Reply 


Unfortunately, at the time this investigation was planned, a correlation between 
final heat treatment temperature and hydrogen tolerance was not anticipated. 
It was not until the data were analyzed that this correlation was observed. A 
truly definitive test sequence—one in which strength is varied but structure and 
final heat treatment temperature are held constant—is not available. Therefore, 
the comments by Mr. Quigg are of considerable value since they emphasize 
quite clearly the unanswered questions still remaining. 

Mr. Quigg cites two references relating to this problem, one to work by 
Robinson, Frost, and Parris, and one to work by the Case people. The first 
study, conducted on the 3Mn-complex alloy, shows a correlation of hydrogen 
tolerance in three aged samples with both strength and final heat treatment 
temperature. If their data for solution heat treated material are included, the 
strength correlation drops out, but the correlation with final heat treatment 
temperature remains. These data are as follows: 


Final Heat Treatment Tensile Strength Embrittlement Range 
Quenched from 1300 °F 156,000 psi >260 ppm 

Aged 8 hrs. at 1100 °F 121,000 140-260 

Aged 4 hrs. at 1000 °F 138,000 90-140 

Aged 48 hrs. at 800 °F 176,000 25-90 


The Case work is not so easily interpreted, since their methods of specifying 
the hydrogen embrittlement level are questionable. It would appear, however, 
that none of the data obtained by this group in their studies of Ti-4Al-4Mn 


+ R. D. Daniels, R. J. Quigg, and A. R. Troiano, “Delayed Failure and Hydrogen En 
brittlement in Titanium,’’ W.A.D.C. Technical Report 58-39, February 1958. 


* The stress below which failure will not occur over a reasonable period of time. 
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in be used to compare the effects of strength level or final heat treatment on 
hydrogen tolerance, since the hydrogen tolerance was not determined with 
ufficient exactness. 

The graphs presented by Mr. Quigg are quite interesting, but perhaps mis 
leading. The data on solution heat treated alloys have been eliminated from 
the graphs. The reason given for not including these results is perfectly 
justified, but would also necessitate omission of either the stabilized or the 

lution treated and aged data as well. If this is done, the correlation between 

rength and hydrogen tolerance disappears. If one considers only data from 
samples having equivalent heat treatments, no strength correlation is possible, 
nce grain size and shape variations become predominant factors. A comparison 
f the effect of strength level can only be made if all of the data are included, 
1s was done in the paper. This comparison suggests final heat treatment 
temperature, not strength level, as the controlling variable. 

Perhaps the most significant data suggesting final heat treatment temperature 
to be the controlling variable is the decrease in hydrogen tolerance resulting 
from thermal exposure of a Ti-2Mo-2Fe-2Cr alloy at 800°F. These samples 
vere free from any important differences in strength level or microstructure 
Only final heat treatment temperature was varied, but, as pointed out in the 
paper, a noticeable decrease in hydrogen tolerance was measured after thermal 
exposure 

Dr. Burte was one of the first to correlate hydrogen embrittlement behavior 
with diffusion of hydrogen in-.titanium alloys. His comments regarding the 
mechanism of hydrogen embrittlement are therefore of particular interest. A 
comprehensive investigation of this mechanism has been underway at Battelle 
or several years. The results of this investigation are presently being prepared 


f 
f 


or publication, and are sufficiently complex to preclude any attempt to outline 
them here. It may be stated, however, the segregation of hydrogen at the alpha 
beta interface during straining forms a basic part of the mechanistic picture 


vhich has been developed 





THE EFFECT OF COMPOSITION ON THE 
HYDROGEN EMBRITTLEMENT OF 
ALPHA-BETA TITANIUM ALLOYS 


By R. I. JAFFeE AND D. N. WILLIAMS 


Abstract 

The hydrogen embrittlement of alpha-beta titanium alloys 
of the slow-strain and impact tvpes has been investigated 
for the following compositional variables: (a) kind and 
amount of beta stabilizer, (b) combinations of beta stabil- 
izers, (c) presence of aluminum or tin, and (d) interstitial 
level. The susceptibility to hydrogen embrittlement de- 
creased as the amount of beta stabilizer (per cent of beta) 
and aluminum content increased, but became greater as the 
oxygen content increased. Molybdenum was the most effec- 
tive beta stabilizer, and iron and manganese the least. When 
more than one beta stabilizer was used, the susceptibility 
generally could be predicted from the effects of the indt- 
vidual beta stabilizing elements. The primary factor contrib- 
uting to high hydrogen tolerance appeared to be solubility 
of hydrogen. Tolerance can be improved by increasing the 
solubility of hydrogen in the beta phase through alloying 
with molybdenum or in the alpha phase through alloying 
with aluminum. (ASM-SLA Classification: Q26s, 2-60; 
Ti-b) 


INTRODUCTION 

HE EFFECT OF hydrogen in promoting brittle fracture during 
slow straining probably has caused more concern than any other 
of the technical difficulties encountered with the metal titanium. A 
number of investigations (1-6)! have indicated the major character 
istics of the embrittlement reaction for commercial alpha-beta alloys 
With respect to compositional effects, it has been demonstrated that 
alpha-beta alloys containing 8% manganese, 4% iron-chromium, 
and 6% iron-chromium-molybdenum are susceptible at 200 ppm (1,2). 
Alloys containing molybdenum have been shown to have exceptional 
tolerance (1). Also, alpha-beta alloys containing aluminum have been 

shown to have high tolerances (1,2). 
A systematic investigation of the effects of composition and structure 
has been conducted to aid future development of alloys. In this way 


1 The figures appearing in parentheses pertain to the references appended to this paper 


A paper presented before the Fortieth Annual Convention of the Society, hel 
in Cleveland, October 27 to 31, 1958. The authors, R. I. Jaffee and D. N. Williams 
are associated with Battelle Memorial Institute, Columbus, Ohio. Manuscript 
received March 14, 1958. 
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alloys with high inherent tolerance against hydrogen embrittlement 
may be used as a second bulwark for the control of hydrogen. The 
results of the structural study are described elsewhere (7). The present 
paper covers the compositional studies. 
The compositional variables studied included type and amount of 

beta stabilizing addition of the following elements: 

(a) Beta isomorphous: Mo, V, Ta, Cb 

(b) Beta eutectoid: Mn, Cr, Fe 


The amounts of beta stabilizing additions were varied to produce both 
alpha-rich and beta-rich alloys. All additions were studied at the 4% 
concentration, however. 

Many alpha-beta titanium alloys have combinations of beta stabiliz 
ing additions, and it was desired to determine if hydrogen tolerance 
was improved as a result. The combinations were studied mainly at 
+% total beta stabilizing content, but a few alloys were studied at 6, 8, 
and 16% total alloying content. 

Aluminum, an important alpha-stabilizing addition, was studied with 
all of the binary and the important combinations of beta-stabilizing ad- 
ditions. It was found that the Ti-Al-Cr alloys were subject to eutectoid 
decomposition under the stabilizing heat treatment employed which 
resulted in severe embrittlement. Therefore, it was decided not to 
include these alloys in the evaluation of the embrittling effects of 
hydrogen. 

Tin is an alpha-stabilizing element of interest, though less important 
than aluminum, and was studied in combination with the binary beta 
stabilizers at 4% alloy concentration. 

The effects of interstitial oxygen at three concentrations was studied 
for most of the binary and aluminum-containing alpha-beta alloys. 


PREPARATION OF ALLOYS 


Three grades of titanium were used in preparation of the alloys, as 


follows: 

(a) Iodide titanium. The interstitial content of this material gen- 
erally runs 0.03% oxygen, 0.02% carbon, and 0.005% nitro 
gen. One of the alloys (Ti-4Mo) made with the iodide ti- 
tanium base analyzed 0.053% oxygen by vacuum fusion. 
Sponge titanium. The sponge used was of the 140 BHN 
grade, with the analysis shown in Table I. The oxygen con- 
tent of a Ti-4Mo alloy made with sponge was 0.108%. 
Oxygenated sponge titanium. The base with a higher oxygen 
content was prepared by adding 0.15% oxygen to the sponge 
titanium in a Sievert’s apparatus. A vacuum fusion analysis 
for oxygen in a Ti-4Mo alloy made with the oxygenated 
sponge base gave 0.278% oxygen 
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Two-pound ingots were made for all but four of the alloys. These 
ingots were double arc-melted with a tungsten electrode in a water 
cooled copper crucible under a static argon atmosphere of 20 inches 
of mercury. After melting, homogeneity was checked radiographically, 
and the ingots were remelted until the radiograph indicated satisfactory 
homogeneity. 

Four of the alloys were melted as 20-pound ingots so that sufficient 
material would be available for other studies. These alloys were 


Ti-8Mn, Ti-4Al-4Mn, Ti-2Mo-2Cr-2Fe, and Ti-6Al-4V. The Ti-4Al- 


Table I 
Analysis of 140 BHN Titanium Sponge 





Element Weight % ™ 
0.03 

H 0.009 

y 0.010 
0.108) 

0.010 

0.018 

0.018 

0.001 

<0.005 

0.004 

0.092 

<0.005 

0.002 

<0.010 

0.004 

<0.002 

0.110 


() As reported by The Dow Chemical Company. 
(») From analysis of ingot (Ti-4Mo). 


4Mn alloy was prepared by melting two 10-pound ingots with a tung 
sten electrode in a water-cooled copper crucible under a static argon 
atmosphere of 30 to 50 microns. These ingots were then forged and 
rolled to sheet, descaled, cut into small pieces, mixed, and remelted as 
one 20-pound ingot. A static atmosphere of 25% argon-75% helium at 
20 microns was used over this melt. The other three alloys were 
consumable-electrode melted. The charge was first pressed into an 
electrode, then melted, the ingot forged to electrode size and remelted. 

A number of the alloys were analyzed using chips obtained during 
machining of the tensile specimens to determine the normal recovery 
Results of the analyses are given in Table II. Unless otherwise indi- 
cated, analyses were by standard wet chemical methods. These results 
show excellent agreement of the actual composition with the intended 
composition. 

Fabrication 

After radiography had indicated suitable homogeneity, the ingots 
were ground to remove surface defects apt to cause laps and forged to 
34-inch round bars. The bars were then reground and swaged to 
5g-inch rod. Before further processing, the 54-inch bar was cut into 
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Table II 
Composition of Titanium Alloys Investigated 


Nominal Composition, Actual Composition, 


Weight % 
4Mo 


2Fe 

4Fe 

4Cr 

6Cr 

8Cr 
2Mo-2V 
4Mo-4V 
&8Mo-8V 
2Mn-2Fe 
2Mn-2Cr 
2Cr-2Fe 
3Cr-3Fe 
2Mo-2Mn 
2Mo-2Fe 
2Mo-2Cr 


Weight % (a) 


4.14Mo 
8.54Mo 
19.8Mo 


3.92V 


7.57V 
19.3V 
5.1Ta 
8.2Ta* 
4.7Cb* 


OCb* 

.99Mn 

31Mn 

OFe* 

98Fe 

53Cr 

78Cr 

08Cr 

85 Mo, 1.45V 
75Mo, 3.90V 
74Mo, 7.91V 
OMn*, 2.1Fe* 
OMn*, 2.0Cr* 
9Cr*, 2.1Fe* 
7Cr*, 3.0Fe* 
S6Mo, 1.72Mn 
05Mo, 1.69Fe 
73Mo, 1.87Cr 


me Ne Ne Nh swe Iw ww OO 


2Mo-2Fe-2Cr 73Mo, 1.88Fe, 
1.85Cr 
7A1*, 4.2Mo* 
5A1*, 4.0Mo* 
OA1*, 4.4V* 
, 4.0V* 
, 4.0Mn* 
Al*, 3.7Mn* 
Al*, 2.1Fe* 


4Al-4Mo 
6Al-4Mo 
4Al-4V 
6AlL-4V 
4Al-4Mn 
6Al-4Mn 
4Al-2Fe 
6Al1-2Fe 
4Al1-2Cr-2Fe 


Dae Oe Ww 


wan 


.9A1*, 2.0Cr*, 
2.0Fe* 

A1*, 1.55Mo*, 
1.45Cr*, 1.45Fe* 

10.6Sn, 3.78Mo 
10.3Sn, 3.23V 
13.7Sn*, 3.9Mn* 
13.3Sn*, 1.9Fe* 

4.09Mo 

3.99Mo 

19.7Mo 

20.6Mo 

3.85V 

3.94V 

19.0V 

19.8V 

7.39Mn 

7.49Mn 

5.84Cr 

§.80Cr 

5.88Al, 4.05Mo 

5.93Al, 4.05Mo 

6.03Al, 3.71V 

6.1A1*, 4.2V* 
3.9Al*, 3.6Mn* 

4.0Al*, 4.0Mn* 

4.0AI*, 4.0Fe* 
3.9A1*, 4.5Fe* 


4Al-1.3Mo-1.3Cr-1.3Fe 
12Sn-4Mo 
12Sn-4V 
12Sn-4Mn 
12Sn-2Fe 

4Mo, Iodide base 
4Mo, sponge base 
20Mo, Iodide base 
20Mo, sponge base + 0.15 O» 
4V, lodide base 

4V, sponge base + 0.15 O: 
20V, Iodide base 

20V, sponge base + 0.15 O: 
8Mn, Iodide base 

8Mn, sponge base + 0.15 O+ 
6Cr, Iodide base 

6Cr, sponge base + 0.15 Os 
6Al-4Mo, lodide base 

6Al-4Mo, sponge base + 0.15 O 
6Al1-4V, Iodide base 
6Al-4V, sponge base 
4Al-4Mn, lodide base 
4Al-4Mn, sponge base 
4Al-4Fe, Iodide base 
4Al-4Fe, sponge base 


+ 0.15 O: 


0.15 Or 


0.15 O+ 


All analyses except those marked with asterisk by wet 


chemical methods. Asterisk indicated spectrographi 


analysis. 
suitable lengths for subsequent specimen requirements and machined 
to remove all surface scale. At this stage, the rods were vacuum an 
nealed and then hydrogenated to the desired hydrogen level. 
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The microstructure of the rods was controlled by a final swaging 
operation to 44-inch rod (84% reduction) at a temperature low in the 
alpha-beta field. This treatment insured a fine, equiaxed alpha-beta 
structure in all two-phase alloys. The finish swaging temperature was 
1300 °F for most alloys except those containing aluminum, which were 
finished at 1400°F. The Ti-20Mo alloy also was finish swaged at 
1400 °F. 


Hydrogenation and Heat Treatment 


At an intermediate position in the fabrication schedule, the rods 
were carefully cleaned to remove all surface scale and vacuum annealed 
for 6 to 8 hours at 1500 °F. This resulted in a uniformly low hydrogen 
content of approximately 20 ppm. 

The rods were then hydrogenated to the desired hydrogen level by 
heating at 1470 °F for 40 hours in a Sieverts’ apparatus. In general, 
analysis showed good agreement between the intended and actual 
hydrogen content. However, it was observed that when several alloys 
of different compositions were hydrogenated in one batch, some alloys 
showed selective absorption at the expense of the others. Those alloys 
possessing a high beta content absorbed a larger portion of the hydro 
gen present. Aluminum, due to its tendency to raise the beta transus 
and thus decrease the amount of beta present at 1470 °F (the hydro 
genation temperature), caused lowered hydrogen absorption when 
present in an alloy. On the basis of these results, individual hydrogena- 
tion was used as much as possible, and care was taken when batch 
hydrogenation was necessary to insure that all alloys were of equivalent 
alloy type to prevent unequal absorption. Analysis showed that using 
these precautions, the intended and actual hydrogen contents were 
quite close together. These analyses also indicated that hydrogen was 
not lost during the finish swaging and heat treating operations. 

Although a number of alloy types were represented, it was felt ad 
visable to standardize on a single heat treatment to permit valid com 
parisons to be made between alloys. Therefore, all alloys were stabil 
ized by annealing the '4-inch round rod for 1 hour at 1300 °F, furnace 
cooling to 1100°F, and air cooling. The stabilizing treatment was 
carried out in air. 


PROCEDURES FOR DETECTING HypROGEN EMBRITTLEMENT 


Alloys were tested in notched impact, fast tension, slow tension, and 
unnotched stress rupture. Specimens were run in the vacuum-annealed 
condition, and at hydrogen levels selected within 200, 300, 400, 600, and 
800 ppm in order to bracket the range in which embrittlement occurred 
Two types of embrittlement due to hydrogen were encountered—impact 
embrittlement and slow strain embrittlement. Occasionally, both types 
of embrittlement were observed in the same alloy. 
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Impact tests were conducted using a half-size Type Y Izod specimen. 
\Il dimensions of the original Type Y Izod including notch radius were 
reduced by 50% to give numerical results, in inch-pound, equivalent to 
those from the standard Charpy specimen, in foot-pound (8). Impact 
tests were conducted at 77 °F and —40 °F using a Tinius Olsen ma- 
chine with an impact velocity of 11.37 feet per second. Single specimen 
tests were run at each temperature. 

Tensile tests were conducted using the standard ASTM ‘%-inch 
diameter specimen. Two strain rates were used, with head travel veloci- 
ties of 0.005 inch per minute and 0.5 inch per minute. Yield strengths 
were determined during testing at the lower speed by means of strain 
gages and a strain recorder. Elongation was measured between 14-inch 
gage marks. 

Stress-rupture tests on unnotched specimens were selected as the 
method for determining the hydrogen tolerance in slow strain embrittle- 
ment. The reason for selecting unnotched tests was to permit measure- 
ments of ductility without the complications of the effects of inherent 
notch sensitivity in some of the alloys. Constant load stress-rupture 
tests were carried out using the tensile specimen. Three specimens were 
prepared and were loaded at a measured percentage of the ultimate 
strength as determined in the slow tensile test. If failure did not occur 
in 250 hours, the specimen was removed from test. Stress, time to 
failure, elongation, and reduction in area were determined. 

The broken ends of the impact specimens were used for chemical 
analysis and microstructural examination. Selected tensile and stress- 
rupture specimens were also sectioned for microstructural examination 
after failure. 

RESULTS 

Typical results of the complete test program on a single alloy, 
Ti-4Mo, are shown in Table ITI and Fig. 1. The effects of hydrogen on 
the stress-rupture properties are shown at the top of Fig. 1, where it is 
seen that the data fall within the same scatterband irrespective of hydro- 
gen content. The Izod data show the alloy to fail at lower energy values 
at —40 °F than at room temperature, but no impact embrittlement by 
hydrogen is apparent. In fact, the highest impact energy absorption 
at room temperature is possessed by the alloy with the highest hydro- 
gen content. Ultimate strength at the fast (0.5 inch per minute) head 
speed is about 5 ksi higher than at the slow (0.005 inch per minute) 
speed. Strengths for rupture in times between 10 and 250 hours are 
about 7.5-10 ksi lower than ultimate strengths and 10—20 ksi greater 
than yield strengths in the slow speed test. Ductility as measured by 
reduction in area is high and not much affected by hydrogen in both 
slow and fast tensile tests. However, ductility is lowered considerably 
in stress rupture tests by 800 ppm hydrogen. Thus, the only adverse 
effect of hydrogen on the Ti-4Mo alloy is a loss of ductility in stress 
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Table Ill 
Complete Results of Tests to Determine the Hydrogen 
Sensitivity of the Sponge-Base Ti-4Mo Alloy 





Metallographic 


Hydrogen Content, ppm VHN (10-Kg Load) 
IN Structure, 20 ppm 


Nominal By Analysis Hydrogen f 
Content 
20 22 Structure: equiaxed a-8 (alpha matrix 
200 Third phase: none to 800 ppm 
600 — Vol. % a: 80 
800 o @ grain size: 24 


Unnotched Stress-Rupture Tests Using 0.125-In. Round Samples 


Applied Stress 
Exten- Reduc 
Rupture sion, % Elonga tion in 
Nominal i Time, Between tion, Area, 
Hydrogen psi Hours Shoulders % in 4D % 
20 90,000 44 24 28(b) 
20 85,300 10 13 
20 85,300 53 19 
200 86,000 20 
200 86,000 19 
600 89,600 t . 20 
600 86,800 54. 17 
800 87,600 . t 18 


(a) Test discontinued before failure; (b) Broke on gage mark. 


Unnotched Tensile Tests Using 0.125-In. Round Samples 
Ultimate Propor- Exten Reduc 
Tensile Vield Strength, psi tional sion, % Elonga-_ tion in 
Nominal Strength, 0.2% 0.1% 0.01% Limit, Between tion, Area, 
Hydrogen psi Offset Offset Offset psi Shoulders % in 4D % 


Slow Testing Speed—0.005 In. /Min 
20 94,800 73,400 69,400 62,400 59,800 28 
200 95,600 75,200 70,700 62,000 59,300 15(a) 
600 96,400 64,400 57,700 42,900 36,400 30 
800 94,200 61,900 55,400 41,700 37,200 33 


Fast Testing Speed—0.5 In. /Min 
20 98,800 
200 100,000 
600 102,400 
800 


(a) Broke outside gage mark. 


Notch-Bend Impact Tests Using Micro Samples 
Energy Absorbed, in-lb. Conclusion 
Nominal Hydrogen At 77 F At —40 F 
54 43 Slow-strain embrittlement at 800 ppm; 
44 36 no impact embrittlement. 
53 40 
65 37 





rupture at a hydrogen content of 800 ppm. The hydrogen tolerance of 
the alloy may be taken as greater than 600, the next lower hydrogen 
content at which ductile behavior was observed, and less than 800. This 
is indicated in the following discussion by the shortened notation, 
600-800. 

Since over 60 alloys were evaluated for hydrogen embrittlement, it 
would be impracticable to present all of the data obtained. Instead, the 
general effects will be described and illustrated. In the case of stress 
rupture tests, which are the most sensitive and of the most value for 
detecting slow strain em)rittlement, only the data at the highest hydro- 
gen content for ductile behavior and the minimum hydrogen for brittle 
behavior will be presented. These data are given in Tables IV through 
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Fig. 1—Effect of Hydrogen on the Mechanical 
Properties of a Ti-4Mo Alloy 


Table IV 
Mechanical Properties of Alpha-Beta Titanium Alloys Containing Molybdenum 


Vacuum Annealed Properties Ductile R. Test — — Brittle S.R. Test 
Izod in-Ib Tensile & H_ Stress, Time R.A., H_ Stress, Tir 
RT —40 UTS-YS-Elong-RA ppm psi 10ur % ppm psi 

54 43 94.8— 73.4-23-61 600 86.8 54.2 54 800 87.6 
66 47 103.4— 91.0-22-58 800 134.0 124.0 None 

8 6 136.4—129.3-16-—37 800 130.0 257.0 7, ele None 

132.6 3.3 

55 55 79.0— 60.4-29-62 800 75.5 21.7 None 

42 18 118.6-105.5-20-59 200 108.8 105.9 400 109.4 


109.5—107.0-30-69 800 101.7 39.9 7 
145.4-135.6-10-21 400 =138.7 24.3 3 600 


140.5-122.0-16-50 800 134.0 127.4 2 
167.5-150.6-18-49 800 162.5 83.7 53 None 
144.3—-129.9-12-47 800 
174.0 


145.0 75.1 54 None 
160.3—n.d. 800 171.7 


7 30.0 5 None 
42 
34 4 139.2—-118.4-20-56 800 132.3 2.2 None 


nge-base alloys, except (I) iodide-base and (O) 0.15% oxygen added to sponge. 
> te onducted at 0.005 in/min, strength values in k YS 0.2% offset, elong., % in 4D. 
liscontinued before failure; value shown under “R.A s elongation of specimen during test. 
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Table V 

Alloys Containing Vanadium 

Vacuum Annealed Properties Ductile S.R. Test—————.. -———Brittle S.R. Tes; 
Composition) Izod in-lb Tensile ©) H_ Stress, Time, R.A., H Stress, Time, 

weight % RT —40 UTS-YS-Elong-RA ppm psi hour % ppm psi hour 

4V 50 42 103.7— 87.2-24-56 20 . — 8 57 200 97.7 41 

44 32. 113.9-100.2-30-66 200 J 2.7 56 200 113.3 202.1 
20V il 5 124.5-105.7-10-34 . 250.0°°) (3% ext.) None 


80 89 76.4— 53.8-26-70 y 254.3) (6% elong.) None 

( 34 26 = 113.8- 99.8-24-69 . 145.6 60 1 99.9 

20V (1) 51 38 125.0-115.2-n.d.- ‘ 336.00) 62 None 
54 (12% elong.) 

20V (O) 5 130.8-107.3— 6-17 iy 281.00) (2% elong.) None 





4Al-4V : 27 =: 141.6-123.9-18-43 . 23.3 41 None 
oAlL-4V : : 145.0-127.2-13-40 . 20.8 43 None 


6Al-4V (1) 37 - 139,.5-121.9— 8-34 ° 30.0 51 None 
OAL-4V (O) 8 178.2-162.8- 8-23 ¥ 4.2 40 600 178.5 8 


12Sn-4V x 16 = 151.5-144.0-23-57 ° 6.0 $0 400 142.3 111.6 








(*) Sponge-base ite except (I) iodide-base and (O) 0. 15% oxygen added to sponse. 
‘») Tensile test conducted at 0.005 in/min, strength values in ksi, YS is 0.2% offset, elong., % in 4D 
‘) Test discontinued before failure; value shown under RA" is elongation of specimen during test. 








Table VI 
Alloys Containing Tantalum and Columbium = 





Vacuum Annealed Properties Ductile S.R. Test ————, — Brittle S.R. Test— 

ae *) Izod in-lb Tensile ©) H_ Stress, Time, J H_ Stress, Time, R 
weight % RT —40 UTS-YS-Elong-RA ppm psi hour Ty ppm psi h 

4Ta 35 23 86.3-68.0-26-48 400 85.2 4.2 $ None 

8Ta 30 «(28 90.8-72.6-27-54 800 91.9 13.9 None 


4Cb 54 58 89.6-68.4-31-61 800 80.9 285.9%) (19% elong.) None 
8Cb 48 47 91.0-73.5-27-65 400 83.6 64.0 56 600 83.6 








(s) Sponge-base ies s. 
(») Tensile test conducted at 0.005 in/min, strength values in ksi, YS is 0.2% offset, elong., % in 4D 
©) Test discontinued before failure; value shown under “ RA" is elongation of specimen during test. 


Table VII 
Alloys Containing Manganese 











Vacuum Annealed Properties Ductile S.R. Test ———~, , Brittle S.R 
Composition) Izod in-lb Tensile ©) H Stress, Time, R.A., H_ Stress, Tir 

weight % RT —40 UTS-YS-Elong-RA ppm psi hour % ppm psi hour 
4Mn 30 621) =«6104.3— 81.0—-27-59 20 99.1 95.8 52 200 102.0 257.7 
8Mn 33 12 126.5-107.8-26-37 200 123.5 2.5 36 300 =—:119.0 


8Mn (1) 36 15 117.9- 93.4-22-39 300 115.3 55.7 22 400 UTS123 
8Mn (O) 21 5 153.8-140.5-28-49 200 1449 107.6 59 300 =140.7 


4Al-4Mn 22 12 150.0-128.0-20-43 400 148.2 50.6 41 600 UTS153 
6Al-4Mn 14 8 172.3-157.5-18-26 800 180.8 19.6 41 None 


4Al-4Mn (1) 3 13. 144.3—n.d. -18-39 400 139.5 335.00) (10% elong.) 600 137.8 
4Al-4Mn (O) 9 161.0-151.5-20-51 200 166.5 75.5 39 300 167.3 
12Sn- 4Mn 18 150.0-143.0-14-45 20 . 66.0 44 200 «141.6 








‘*) Sponge-base alloys, except (1) iodide-base and (O) 0. 15% oxygen added to sponge. 
(» Tensile test conducted at 0.005 in/min, strength values in ksi, YS is 0.2% offset, elong., % in 4D 
(?) Test discontinued before failure; value shown under “ RA" is elongation of specimen during test. 
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Table IX 
Alloys Containing More Than One Beta Stabilizer 


Vacuum-Annealed Properties 


Micro-Izod 
in-Ilb 
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TS-YS-Elong-RA 
133.4-126.! 49 
3-62 


42 


46 
51 
61 
7-54 
54 
—60 
55 
5-43 
21-39 


118.5 
102. 5. 
101 74.4 


t 
SN DO&N 
tS tw b 


~ 
mn 


H 
ppm 
800 
400 
400 


400 
300 
300 
200 
200 
200 
20 
20 
20 


alloys, except (I) iodide-base and 
ensile test conducted at 0.005 in/min, strength values in ksi, YS is 
t continued before failure; value shown under 


—Ductile S 


Stress, 
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Stress, 
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None 
None 
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H 
ppm 
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166.7 
106.4 
97.5 
95.8 
107.7 
99.5 
114.9 
100.1 
101.1 


600 
400 
400 
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300 
300 
200 
200 
200 


% offset, elong., % 4D 
"" is elongation of specimen during test. 


IX. The tensile and Izod properties in the vacuum annealed condition 
are also presented to give an idea of the basic strength and ductility 
of the alloys. Brittleness in the stress-rupture test can be determined by 
comparison of the reduction in area from a specimen lasting longer 
than about 10 hours with the reduction in area value in the tensile 
specimen on the vacuum-annealed alloy. Occasionally, a slow-speed 
tensile specimen indicating brittleness at the higher hydrogen content 
was sufficient to bracket the hydrogen tolerance. 


E ffect of Strain Rate on Tensile Strength 


Tests were conducted at cross-head speeds of 0.005 inch per minute 
and 0.5 inch per minute. The higher strain rate generally resulted in a 
slightly higher ultimate strength, averaging about 3500 psi higher over 
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a strength range from 70 ksi to 190 ksi. Fig. 2 illustrates these data, 
showing the scatter around the line S.; = S.o05 + 3.5 ksi. There did 
not appear to be any correlation between hydrogen content and strength 
increase at the higher strain rate. The only correlation with composition 
was that the Ti-20V alloy in both iodide and sponge-base alloys over 
the range of hydrogen from 20 to 800 ppm (about 10 out of 11 tests 
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Fig. 2—-Effect of Strain Rate on Tensile Strength. 


consistently had a lower tensile strength at the higher speed, in con 
trast to the preponderance of other data. Tensile ductilities were about 
the same at both strain rates. 


Dependence of Rupture Time of Stress 

It might be expected that, under conditions where hydrogen induced 
brittle fracture is observed, the time to rupture would be reduced. 
However, this was not the case. Plots of stress versus rupture time 
usually included within the same scatterband specimens that had both 
brittle and ductile fractures. In surveying the data for all of the alloys 
tested, there were approximately as many examples where the rupture 
time for a given stress for brittle specimens was higher than that for 
ductile specimens as for the converse case. 


Alloys Containing Molybdenum 


Table IV shows that increasing the molybdenum content of sponge 
base alloys from 4 to 8% or more increases the hydrogen tolerance 
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from 600-800 ppm to >800 ppm. Increasing oxygen content in the 
Ti-4Mo base alloy from about 0.05% in iodide-base alloy, to 0.25% in 
sponge-base plus 0.15% oxygen, drastically reduces the hydrogen tol- 
erance from 600-800 ppm to 200-400 ppm. Even in the Ti-20Mo alloy, 
which is much less sensitive to hydrogen, the oxygen addition of 0.15% 
reduces the tolerance to 400—600 ppm. 

Aluminum additions have a pronounced beneficial effect on hydrogen 
tolerance. This is particularly noteworthy in the case of the sponge 
alloys with added oxygen, where the hydrogen tolerance of the Ti-4Mo 
base increases from 200-400 ppm to >800 ppm when 4 or 6% alumi- 
num is added. Tin additions also have a beneficial effect on slow strain 
hydrogen tolerance of the Ti-4Mo base, increasing it to >800 ppm. 

The Izod toughness values of the molybdenum-containing alpha-beta 
alloys were generally very good. Hydrogen up to 800 ppm had no effect 
on the Izod impact properties of the Ti-4Mo alloy, as shown in Fig. 1. 
This also was true for the Ti-4Mo alloy in the iodide and added-oxygen 
base alloys. However, there is a progressive loss in the impact values 
as hydrogen is added to the Ti-8Mo alloy, as shown below: 

Hydrogen, Temperature 
ppm RT — 40° 

20 66 47 

200 52 35 

600 40 26 

800 37 21 


The Ti-20Mo sponge-base alloys were brittle in the Izod test, and the 
effect of hydrogen could not be determined. 

The Izod properties of the Ti-4Al-4Mo alloy were lowered by 800 
ppm hydrogen from 40 inch-pounds to about 15 inch-pounds at room 
temperature and from 30 inch-pounds to 15 inch-pounds at —40 de- 
grees. The Ti-6Al-4Mo alloy’s somewhat poorer initial Izod values 
were lowered slightly by hydrogen up to 800 ppm. The impact prop- 
erties of the Ti-12Sn-4Mo alloy were unaffected by 800 ppm hydrogen. 


Alloys Containing V anadium 


Mechanical property data on alloys containing vanadium are shown 
in Table V. Hydrogen tolerances for Ti-V alloys are much lower than 
those for Ti- Mo alloys. However, increasing the volume per cent of beta 
phase from 20% in the Ti-4V alloy to 70% in the Ti-20V alloy in 
creased the hydrogen tolerance from 20-200 ppm to >800 ppm. Inter- 
stitial content has a very great effect. An iodide-base Ti-4V alloy will 
tolerate >400 ppm, while 0.15% added oxygen to the sponge-base 
will cause the Ti-4V alloy to be susceptible to hydrogen embrittlement 
at 100 ppm. With 4-6% aluminum present the hydrogen tolerance is 
increased to >800 ppm, except for the Ti-6Al-4V sponge alloy with 
0.15% added oxygen, where the tolerance was 400-600 ppm. Tin 
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additions to Ti-4V are effective, but not so much as aluminum. The 
hydrogen tolerance is increased by 12% tin to 300-400 and by 4 to 6% 
aluminum to >800 ppm. 

The Izod toughness values of the vanadium-containing alloys were 
generally quite good. For the vacuum-annealed alloys high Izod values 
are found for alloys with 4% vanadium even with the oxygen-added 
sponge-base. With 46% aluminum present, Izod toughness is main 
tained, except for Ti-6AIl-4V with the oxygen-added sponge-base. The 
iodide Ti-20V alloy has exceptional toughness for a predominantly 
beta (<5% alpha) alloy. However, with a straight or oxygenated 
sponge-base, the toughness drops off. The presence of 12% tin was not 
harmful to notch toughness of the Ti-4V base. 

The effects of hydrogen on the notch toughness of vanadium alloys 
are roughly the same as those on molybdenum alloys: no effect at 4% 
vanadium, progressive loss at 8% vanadium, and general brittleness 
at 20% vanadium. The effects of the sponge-base 8% vanadium allo) 
are given below: 


Hydrogen, Izod, Inch-pounds 
ppm RT — 40° 
20 40 
200 36 
400 34 
600 28 


The iodide Ti-20V alloy, being initially very notch tough, permits a 
determination of the effect of hydrogen on the Izod toughness of a beta 
alloy, as given below: 


Hydrogen, Izod, Inch-pounds 
ppm RT —_ 6° 

20 51 38 

800 56 35 


It is seen that there is no embrittling effect. 

Hydrogen, up to the limits investigated, had no detrimental effects 
on the notch toughness of any of the Ti-Al-V or the Ti-Sn-V alloys 

A third phase, presumably a hydride, was noted in the iodide Ti-4\ 
alloy at 200 ppm, but not in the sponge-base Ti-4V alloys at 200 ppm 
or in any other of the vanadium alloys. 


Alloys Containing Tantalum and Columbium 


Table VI shows that the hydrogen tolerance in stress-rupture tests 
of the two sponge Ti-Ta alloys is high. However, notch toughness is 
impaired by 200 ppm hydrogen, at which time a third phase is noted in 
the microstructure, as shown below : 
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Cantalum 
Content, Vol. Hydrogen, Third Izod, Inch-pounds 
wt. % % ppm Phase RT — 40° 
4 90 20 No 35 23 
200 Yes 7 x 
400 Yes 6 5 
20 No 30 28 
200 Yes 10 7 
800 Yes 4 2 


This type of embrittlement is characteristic of that experienced by un- 
illoyed alpha titanium. (9) 

The results for Ti-Cb alloys shown in Table VI are very similar to 
those of the Ti-Ta alloys, except that the higher columbium alloy is sub- 
ject to slow-strain embrittlement at 600 ppm. Notch toughness data 
given below show that the presence of a third phase (hydride) initiates 
brittleness in the Izod test. 

Columbium 

Content, Vol. Hydrogen, Third Izod, Inch-pounds 
wt. % % ppm Phase RT — 40° 
S 80 20 No 54 58 

200 Yes 14 9 
600 Yes 7 5 
60-70 20 No 48 47 
200 No 56 47 
400 Yes 30 26 
600 Yes 24 26 


Alloys Containing Manganese 


[able VII gives mechanical property data on the alpha-beta alloys 
containing manganese. The tensile properties of vacuum annealed al- 
loys show that strengthening by increased manganese, aluminum, tin, 
or oxygen content is gained without sacrifice of significant loss of duc- 
tility. The low temperature Izod values of the manganese alloys tend 
to be low, however, compared with corresponding alloys with molyb- 
denum or vanadium. 


Slow-strain embrittlement occurs at relatively low hydrogen con- 
tents. The hydrogen tolerance for Ti-4Mn is 20-200 ppm, and is in 
creased to 200-300 ppm for the Ti-8Mn sponge alloy. The lower oxygen 
content in the iodide Ti-8Mn alloy increases the tolerance to 300-400 
ppm. A third phase was noted in the Ti-4Mn sponge alloy at 400 ppm, 
but not in the other alloys with higher manganese contents, aluminum, 
or tin present. 


Aluminum greatly improves the slow-strain hydrogen tolerance of 
the Ti-4Mn base to 400-600 ppm for 4% aluminum and >800 ppm for 
6% aluminum. Oxygen is detrimental, oxygenated sponge lowering the 
tolerance of Ti-4Al-4Mn to 200-300 ppm. Tin is not so effective as 
aluminum, the hydrogen tolerance for a Ti-12Sn-4Mn alloy being the 
same as that of the base Ti-4Mn. 
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The Izod toughness of the Ti-4Mn alloy was unaffected by up to 
400 ppm hydrogen. The toughness of the Ti-8Mn-base for all the purity 
levels studied was generally decreased by 400 ppm hydrogen with 
progressively greater effect as the oxygen increased. The oxygen-added 
sponge alloy was brittle in Izod at 200 ppm. Hydrogen contents of 300 
400 ppm also were embrittling in Izod to the Ti-4Mn alloys containing 
aluminum and tin. 


Alloys Containing Iron and Chromium 


Table VIII presents results on alloys containing iron and chromium 
The Ti-Fe alloys had reasonably good tensile properties, but the Izod 
impact values were much lower than those of alloys with other beta 
stabilizers. The tensile properties of the iodide Ti-4A1-4Fe alloy were 
much inferior to those of the alloy made with oxygenated sponge, illus 
trating the beneficial effect of oxygen on unnotched tensile properties 

The Ti-2Fe alloy had a third phase (hydride) present at 200 ppm 
hydrogen, but exhibited ductile stress-rupture properties through 600 
ppm hydrogen. The Ti-4Fe alloy exhibited normal slow-strain em 
brittlement at 200 ppm. An aluminum addition of 4% to Ti-4Fe was 
insufficient to alter the hydrogen tolerance, but 6% aluminum increased 
the tolerance to 400-600 ppm. The increased oxygen content in oxygen 
ated sponge apparently has little effect on hydrogen tolerance of a 
Ti-4Al-4Fe alloy. 

The chromium series in Table VIII is a good illustration of the 
beneficial effect of increasing amount of the beta phase on hydrogen 
tolerance. All three alloys had equiaxed alpha-beta structures with an 
average alpha grain size of 2 microns. The Ti-4Cr alloy had 25% beta 
and a tolerance of 20-200 ppm, the Ti-6Cr alloy had 30% beta and a 
tolerance of 200-300 ppm while the Ti-8Cr alloy with 40% beta has 
a tolerance of 400-600 ppm. The detrimental effect of oxygen on the 
hydrogen tolerance of Ti-6Cr alloy also is well illustrated. 

In Izod impact tests 200 ppm hydrogen was embrittling to the Ti-2Fe 
alloy, coincident with visible third phase in the microstructure. Other 
iron alloys were brittle in the Izod test both in the vacuum-annealed 
condition and in the presence of hydrogen. 

The chromium alloys had rather good Izod toughness, which was 
generally unaffected by hydrogen. The only chromium alloy showing a 
lowering of the Izod values with increasing hydrogen was the Ti-6Cr 
alloy made with sponge to which 0.15% oxygen was added, as shown 
below : 

Izod, Inch-pounds 
6Cr(O) 
RT — 40 
16 


12 
10 
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Alloys Containing More Than One Beta Stabilizer 
Table IX gives the results on alloys containing more than one beta 
stabilizer, arranged in order of decreasing tolerance for hydrogen in 
slow-strain embrittlement. Eliminating the aluminum-containing alloys, 
where the usual benefit of aluminum was found, the order of tolerance 
of the multiple-beta-stabilized alloys was what might be expected on the 
basis of the results on alloys with a single-beta stabilizer with a single 
exception, Ti-2Mn-2Cr. On the basis of Ti-4Mn and Ti-4Cr results the 
hydrogen tolerance for the ternary alloy would be expected to be 20- 
200 ppm. Such was not the case, 300-400 ppm being observed. 
Hydrogen had little effect on the Izod impact properties, with only a 
few exceptions. A Ti-4Mo-4V showed a progressive lowering of Izod 
values, but still retained generally good toughness. The Ti-2Mn-2Fe 
alloy was impact embrittled at 200 ppm, coincident with the presence of 
a third phase. The Ti-2Cr-2Fe and Ti-3Cr-3Fe alloys also showed im- 
pact embrittlement at 200 ppm. 


DiscuSssION 

The correlation between appearance of a third phase taken to be a 
hydride and hydrogen tolerance for slow-strain embrittlement is quite 
good. Those alloys containing molybdenum or molybdenum plus vana- 
dium which have high solubilities for hydrogen also have high toler- 
ances against hydrogen embrittlement. Those alloys in which a hydride 
phase was noted at low hydrogen contents, containing iron or man- 
ganese, generally had low tolerances for hydrogen for both impact and 
slow-strain embrittlement. The hydrogen content for slow-strain em- 
brittlement generally was somewhat less than that corresponding to 
appearance of hydride in the microstructure, whereas Izod impact em- 
brittlement generally accompanied appearance of the hydride phase. 
his suggests the slow-strain embrittlement results from hydride pre- 
cipitation during straining. 

Hydrogen dissolved in beta would be expected to be the source of 
hydrogen for slow-strain embrittlement because most of the hydrogen 
partitions to beta, room temperature alpha solubility for hydrogen being 
quite low. However, in the case of aluminum-containing alpha-beta 
alloys, the solubility for hydrogen at low temperatures in alpha contain- 
ing more than about 5% aluminum is appreciable (10). In such alloys 
alpha could be an equally likely source of supersaturated hydrogen for 
precipitation and slow-strain embrittlement. In aluminum-containing 
alpha-beta alloys, the over-all hydrogen solubility is generally higher 
than that in alloys without aluminum ; hence the tolerance for hydrogen 
against slow-strain embrittlement of such alloys is generally high. The 
room temperature solubility of hydrogen in alpha increases with alu- 
minum content to between 180 and 315 ppm at 5% and to between 305 
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and 415 ppm at 7% (10). Hence, alpha-beta alloys containing 6% 
aluminum generally had higher tolerances than those with 4%. Parti 
tion of alpha-stabilizing aluminum to the alpha phase readily permits 
the concentration of aluminum to reach 5% or more, even at a nominal 
content of 4%. Tin has a beneficial effect, but much less so than alu 
minum. This is in line with the solubility of hydrogen in alpha titanium 
containing tin ; the hydrogen solubility in a Ti-10Sn alloy was between 
50 and 100 ppm (11). 

The effects of oxygen in decreasing hydrogen tolerance of alpha-beta 
alloys are more difficult to explain. The appearance of a hydride phase 
did not occur at lower hydrogen content in high-oxygen alpha-beta 
alloys, over the composition ranges studied. Oxygen like most inte: 
stitials would be expected to segregate at the alpha-beta interface and 
thereby might locally reduce the interstitial solubility of hydrogen in 
beta, although the over-all solubility might not be greatly affected 
Also, oxygen segregation at the interface would be expected to reduce 
the fracture stress and make the alloy more susceptible to slow-strain 
embrittlement with less hydrogen. 

As the amount of beta-stabilizing alloying element increases, the 
tolerance for hydrogen also increases. The increased alloy content re 
sults in an increased amount of beta phase, which reduces the concen 
tration of a given amount of hydrogen in the beta phase. Hence, a higher 
hydrogen content would be required before beta became supersaturated 
and the alloy susceptible to slow-strain embrittlement. 

The composition of the beta phase has considerable effect on the 
hydrogen tolerance of alpha-beta alloys. The effect of composition is 
illustrated by the summarized data presented in Table X. It is seen by 
extrapolation that the hydrogen tolerance at a 50-50 alpha-beta ratio 


Table X 
Comparison of the Effectiveness of Various Beta Stabilizers in Promoting 
High Hydrogen Tolerance in Alpha-Beta Titanium Alloys 





Slow Hydrogen Tolerance, Volume % 

Composition Slow Strain Tests Beta (a) 

600-800 ppm 20 
35 
80 
20 
35 
70 
10 
15 
20 
35 
30 
50 
30 
40 
25 
30 
40 











(a) Visual estimate. 
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ecreases roughly in the following order: molybdenum, columbium, 
chromium, vanadium, manganese, and iron. Tantalum was still behav- 
ing as an alpha alloy at the highest tantalum content examined. It is 
further evident that molybdenum is markedly superior to columbium 
and chromium, which, in turn, are noticeably better than vanadium, 
manganese, or iron. 

Distribution of the beta phase also has a significant effect on slow- 
strain embrittlement. The alpha-rich Ti-(4,8)Ta, Ti-4Cb, and Ti-2Fe 
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alloys contained sufficient beta phase to initiate slow-strain embrittle- 
ment. However, none was observed, although considerable hydride was 
present in the structure. These alloys had alpha matrixes, as did all of 
the alloys containing 6% or less beta stabilizer. Alloys with beta 
matrixes, like Ti-8Mn also were susceptible to slow-strain embrittle- 
ment. The microstructures of titanium with 2 and 4% iron are shown 
in Figs. 3 and 4. The Ti-2Fe alloy has a matrix of alpha with globules 
i beta. Although hydride is present in considerable quantity, the 
hydride platelets are relatively short and straight. The alpha-beta inter- 
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Fig. 5—Ti-2Mn-2Cr Alloy with 400 ppm Hydrogen. X 500 


Fig. 6—Ti-20V Alloy in Vacuum Annealed, Stabilized Condition 


faces in the Ti-4Fe alloy are relatively continuous, with hydride dis 
tributed in a somewhat cell-like pattern along the alpha-beta interfaces 
This alloy was susceptible to slow-strain embrittlement at 200 ppm. The 
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ibsence of slow-strain embrittlement in Ti-2Fe alloy and the suscepti- 
bility in Ti-4Fe alloy can only be considered on a microstructural basis, 


since the compositions of the phases present are the same. The only 
microstructural difference is in the length and continuity of the alpha- 
beta interfaces. 

The predominant structure in alpha-beta alloys was of the equiaxed 
alpha-beta type with a matrix of alpha phase. Hydride phase generally 
appeared in a rather segregated pattern, with a network appearance 
following alpha-beta interfaces, such as shown in Fig. 5 for a Ti-2Mn- 
2Cr alloy with 400 ppm hydrogen. A third type of structure was the 
beta matrix with fine globules of alpha distributed throughout. This 
type of structure shown in Fig. 6 was typical of the Ti-20Mo and 
Ti-20V alloys, and is characterized by a very high tolerance for 
hydrogen. 

A notch may initiate slow-strain embrittlement at lower hydrogen 
content than are indicated in the present work. Hence, the results ob- 
tained in this study should be used to indicate relative resistance of 
titanium alloys based on composition, and not to fix a hydrogen toler- 
ance. Both state of stress and microstructure have an influence on the 
specific tolerance of alpha-beta titanium alloys against slow-strain em- 
brittlement by hydrogen. 

CONCLUSIONS 

Alpha-beta alloys susceptible to hydrogen embrittlement have been 
classified into several distinct types : 

(a) Alloys with high solubility for hydrogen in the beta phase. 
These alloys generally contain a significant percentage of 
molybdenum, the element with the greatest beneficial effect 
on hydrogen solubility in beta. 

Alloys with high tolerances for hydrogen because of high 
solubility for hydrogen in the alpha phase. These are alloys 
containing 4% or more aluminum. Their over-all toierance 
for hydrogen depends on the nature of the beta-stabilizing 
element used in conjunction with aluminum. Tin is much less 
effective than aluminum in increasing the hydrogen toler- 
ance. 

Alloys with low solubility for hydrogen which are not sus- 
ceptible to slow-strain embrittlement but which are notch- 
impact embrittled. These are illustrated by alloys such as 
Ti-Ta and Ti-2Fe, where the beta phase is globular and 
there are no long continuous alpha-beta interfaces. 

Alloys with relatively low solubility for hydrogen in both 
alpha and beta, such as Ti-Mn, which are susceptible to slow- 
strain embrittlement at lower hydrogen contents before the 
appearance of hydride. 
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Hydrogen tolerance increased with beta-stabilizing alloying content, 
which resulted in increased amount of beta. The composition of thy 
beta phase is also of considerable importance. Molybdenum-containing 
beta was the most resistant to hydrogen embrittlement of the alloying 
additions studied. Columbium and chromium-containing betas are 
moderately resistant, while vanadium, iron, and manganese-containing 
betas show a very limited resistance to embrittlement. Oxygen de 
creases hydrogen tolerance. The most detrimental microstructure for 
slow-strain embrittlement was that containing long continuous inte: 
faces between the alpha and beta phases. Generally the impact types of 
embrittlement was not encountered until the third phase (hydride) was 
observed. However, in some alloys with a high hydrogen solubility, a 
progressive decrease in impact properties was observed. 
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DISCUSSION 


Written Discussion: By D. Evers, staff technical advisor, Mallory-Sharon 

tals Corporation, Niles, Ohio. 

We wish to compliment the authors for this excellent piece of work and the 

mtribution it makes toward increasing our knowledge of the behavior of titanium 
alloys. In general we are in agreement with the authors but feel that parts of 
the conclusions—that titanium-vanadium alloys have very limited resistance to 
ydrogen embrittlement and that 4% or more aluminum is necessary in ternary 
alloys for high tolerance for hydrogen—are too inclusive. 

It should be noted that the alloys studied were vacuum annealed—a condition 

which, as compared to solution treated and to age hardened alloys, hydrogen 

s the most deleterious effect. 

Furthermore, while the conclusion pertaining to vanadium may be valid for 
binary titanium-vanadium alloys, the binary titanium-vanadium alloys studied 
bracket but do not include the vanadium contents of two important commercial 

nadium containing titanium alloys—MST 2.5A1-16V and RC 120VCA. The 
ernary alloys studied contained far less vanadium than either of these alloys 
Both of these alloys have exceptionally high resistance to hydrogen embrittle- 
nent. In the case of age hardened MST 2.5A1-16V, hydrogen contents of 

re than 500 ppm do not result in embrittlement under the most severe 
onditions—the notched-rupture test. 

The hydrogen tolerance of these commercial alloys indicates that generaliza- 

ns cannot be based solely on the weight percent of a given alloying element. 
Rather it is necessary to consider several factors including heat treatment, 
structures and, as the authors indicate, the combined effects of the alloying 


elements. 


Authors’ Reply 
The results of the present study permit a comparison of the effects of various 
lloying additions on the hydrogen tolerance of alpha-beta titanium alloys 
Hydrogen tolerances were obtained for alloys in the fully stabilized condition 
lhe effects of heat treatment of alpha-beta alloys on hydrogen tolerance were 
liscussed in a companion paper.* These two papers permit a reasonably valid 
estimation of the hydrogen tolerance of alpha-beta titanium alloys over a wide 

nge of alloy compositions and heat treatment 
\pplying these results to all-beta alloys such as solution heat treated and aged 
MST 2.5Al-16V or B 120VCA is considerably more difficult. First, none of 
ur data is useful in predicting the effect on hydrogen tolerance of aluminum 


* Ref. 7 of paper. 
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in solution in the beta phase, since aluminum segregates almost entirely 
the alpha phase in alpha-beta alloys. Second, our data showed a high hydroge: 
tolerance in alloys containing large amounts of beta, regardless of beta composi 
tion. Third, our results on the effect of heat treatment were obtained on alpha 
beta alloys in which the alpha-beta ratio was not altered greatly by heat treat 
ment. 

Although it would be anticipated based on our data that both MST 2.5Al-16\ 
and B 120VCA in the usual commercial tempers would show a moderately hig! 
hydrogen tolerance, too many unexamined variables exist to permit a prediction 
of the hydrogen tolerance of either alloy, and we would agree with Mr. Evers 
that no such use of our data should be made. 





HYDROGEN EMBRITTLEMENT AND 
DELAYED FAILURE IN TITANIUM ALLOYS 


By R. D. Dantets, R. J. Quicc anp A. R. TroIano 


Abstract 


Hydrogen induced delayed failure in an alpha-beta tita- 
nium alloy was sensitive to microstructure. A quenched 
structure was less susceptible to delayed failure than aged or 
annealed structures. The tendency for delayed failure was 
magnified in all structures by an increase in hydrogen con- 
tent or an increase in strength level. 

Hydrogen induced delayed failure occurred by a process 
of crack initiation and controlled crack growth. Delayed 
failures resulting from creep were also encountered. Plastic 
strain resulting from creep tended to retard crack initiation. 
Changes occurring in material under static load prior to 
formation of cracks were reversible, as long as no appre- 
ciable plastic strain occurred, indicating stress induced dif- 
fusion of hydrogen. 

Hydrogen induced delayed failure disappeared at both 
high and low temperatures. The time required for failure as 
well as the minimum stress at which failure could occur in- 
creased at clevated temperatures. (ASM-SLA Classifica- 
tion: 026s, 3-71; Ti-b, H) 


INTRODUCTION 
HE DELETERIOUS effects of hydrogen in titanium have been 
designated as falling into two groups: the first is characterized by 
embrittlement at high strain rates and is found specifically in alpha 
titanium (1)!; the second is distinguished by its being encountered at 
slow strain rates and is reported primarily for alpha-beta titanium 
alloys (2). A limiting case of the latter phenomena is “delayed failure’”’. 
By delayed failure it is implied that a material fails under static load 


after being exposed to this load for a measurable period of time. 
Hydrogen induced delayed failure in a 4A1-4Mn titanium (alpha- 
beta) alloy was shown to involve a process of crack initiation and slow 
crack growth (3). Investigation further indicated that the necessary 
criterion for initiation of a crack is a critical concentration of hydrogen 


rhe figures appearing in parentheses pertain to the references appended to this paper 

\ paper presented before the Fortieth Annual Convention of the Society, held 

Cleveland, October 27 to 31, 1958. Of the authors, R. D. Daniels, formerly 
Research Assistant, Case Institute of Technology, is Assistant Professor, Uni- 
ersity of Oklahoma, Norman, Oklahoma; R. J. Quigg and A. R. Troiano are 
Research Assistant and Head, Department of Metallurgical Engineering, Case 
Institute of Technology, Cleveland. Manuscript received May 2, 1958. 
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in a region of high stress intensity. The kinetics of this failure process 
show a marked resemblance to delayed failure in steel (4,5). 

An additional factor which must be considered in evaluating the c: 
layed failure process in titanium alloys is creep. At room temperatur: 
sufficient time dependent plastic deformation can occur in titanium to 
provide a narrow range of delayed failure in unnotched specimens re 
gardless of hydrogen content (3). 

In this investigation the influence of two important variables upon 
the hydrogen embrittlement process was considered, microstructure 
and temperature. In interpreting results it was necessary to consider 
the interaction between plastic strain associated with creep and hydro 
gen induced crack initiation and growth. 


MATERIAL AND PROCEDURES 


The material studied was a commercial 4A1-4Mn titanium allo) 
(C-130 AM). This materia! was obtained from the Rem-Cru Titaniun 
Inc. as 4 inch round bar stock. It had been hot rolled in the alpha-bet 
region and the “as received” tensile strength was about 140,000 psi 
All of the material was from a single heat. The chemical analyses are 
summarized in Table I. 


Table I 
Composition of Titanium Alloy Used in This Investigation 


Nominal 

Composition H Cc N Mn 
ppm Weight Percent 

4A1-4Mn 80 0.01 0.01 3.8 


Hydrogen was introduced into the titanium alloy by a thermal charg 
ing technique. Subsequent heat treatment in air was conducted without 
measurable loss of hydrogen. Since hydrogen lowers the beta transus 
of titanium roughly 10°F for each 100 ppm hydrogen present, it was 
necessary to adjust heat treatments accordingly. 

Specimens were prepared for metallographic examination by m¢ 
chanical polishing and then etching with a reagent consisting of | part 
HF, 1 part HNQOs, and 6 parts glycerine. In general, the alpha phas« 
etched dark while beta phase remained light. The percentages of the 
phases present were estimated by visual observation aided by quanti 
tative determination through use of a lineal analysis technique (6). 

Specimen sizes and notch geometries employed in tensile and stress 
rupture tests are indicated in Fig. 1. Delayed failure and tensile tests 
were performed with concentric alignment fixtures which insured a 
minimum of eccentricity. Tensile tests, unless otherwise specified, wer 
carried out at a constant head travel speed of 0.05 inches per minute. A 
standard, lever-arm type stress-rupture machine was used for delayed 
failure tests. 
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Fig. 1—Tensile Specimen Types Used in Hy 
drogen Embrittlement Investigation. Upper 
Unnotched; Lower Sharp Notch 


Crack propagation and creep deformation during delayed failure 
tests were studied by the electrical resistance technique developed by 
sarnett and Troiano (5). 


RESULTS AND DISCUSSION 
Microstructure 

The influence of microstructure on the delayed failure process in 
titanium alloys has been evaluated for a number of structural condi- 
tions. The effect of hydrogen content and strength level on the delayed 
failure curves representative of the microstructures was also studied. 

Dependence of Delayed Failure on Microstructures 

Three distinct microstructural conditions were examined for de 
layed failure characteristics: quenched, quenched and aged, and an- 
nealed structures. All heat treatments were adjusted to obtain a similar 
strength level (140,000 psi). The heat treatments, strengths, and per- 
centages of the alpha phase obtained are presented in Table II. Delayed 
failure characteristics are illustrated in Fig. 2.* 

Of the three structures examined, the annealed structure is the most 
deleteriously affected by the presence of hydrogen. The quenched and 
aged structure is next in order of decreasing tendency toward delayed 
failure, but failures still occur over a considerable range of stress. The 
structure least susceptible to delayed failure is the quenched structure. 
Failure only occurs over a narrow range of applied stress. 


* Note several features in these figures. The lower stress limit below which failure does not 
r within a reasonable time is called the “‘lower critical stress.’ The upper stress limit is 
ned by the notched tensile strength obtained at a te speed of 0.05 inches per minute 

Within the upper and lower stress limits delayed failure occur. The “incubation period” for 
rack formation, as obtained from electrical resistance measurements, is also plotted on these 
urves 
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Table Il 

Properties of Quenched, Quenched and Aged, and Annealed 
Material Used in Study of Delayed Failure 

Hydrogen Content 100 ppm 





Percent 
Tensile Strength Reduction 

Heat Treatment 1000 psi in Area 
1425°F, Water-Quenched 139.3 53.6 
1450°F, Water-Quenched, 
Aged 1.75 hours at 1240°F 140.5 48.0 
Furnace Cooled from 
1500°F at 5° per minute 
to 1080°F, Air-Cooled 138.8 36.7 





Furnace-Cooled from 
I5O0°F to |IO80°F, 
Air-Cooled 


*-Foilure Time 


°-Incubation Period 
for Crack Format 





1450°F Water-Quer 
Aged |.75 hours at 
1240°F 








1425°F Water 
—<—<——<$ 
- 











0.01 0.1 | 
Time, hours 
Fig. 2—Delayed Failure in 4Al-4Mn Alloy, Heat Treated 


to 140,000 Psi Strength Level by the Treatments Indicated, 
Hydrogen Content 800 Ppm, Sharp Notch Specimens. 


Electrical resistance changes which occur during these tests indicate 
that some of these failures are the result of creep deformation rathe: 
than hydrogen induced cracking. The distinction between the electrical 
resistance changes associated with creep and those associated witl 
crack initiation and growth is illustrated in Fig. 3. The shape of the 
electrical resistance curves obtained for quenched material at a high 
initial applied stress, curve A, is indicative of a creep process, exhibiting 
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three stages of creep. Similarly at a lower applied stress, curve B, 

e material deforms with time under load, but does not fail, apparently 
never getting beyond second stage creep. Electrical resistance changes 
for quenched and aged material at an even lower applied stress, curve 
indicate no deformation during the test. The resistance increase prior 


{ 
failure in this material is associated with initiation and growth of a 


rac k. 
The surprising differences between the delayed failure character- 


stics exhibited by the three structures shown in Fig. 2 may be at least 
partially explained by the relative quantities of alpha phase in each 








Electrical Resistance Versus Time for Sharp Notched Specimens Under 
Static Load, 140,000 Psi Strength Level, 800 Ppm Hydrogen. 


tructure (see Table II). Hydrogen in solution will partition between 
he phases according to its relative solubility. It is far more soluble in 
beta than in alpha, hence, for a given quantity of hydrogen the phases 

uld be closer to a saturated condition in the structure which con 
tained the larger amount of alpha. 

The relative quantities of alpha and beta are not alone responsible 

the differences in delayed failure characteristics associated with 
hese structures. Of greater importance is the distribution and mor- 
phology of the phases. The structures associated with the various heat 
treatments are illustrated in Fig. 4. The annealed structure contains 
ibout 75% alpha, which appears to be virtually continuous. The 
quenched and aged structure is about 65% alpha and again some 
pha continuity is noted. In the quenched structure the alpha content 
is down to 55%, and there is no apparent continuity of alpha grains. 
hus, the extreme differences in delayed failure characteristics as 
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Fig. 4—Microstructures of 4Al-4Mn Alloy in Annealed, Querched and Aged, and 
Quenched Conditions, 140,000 Psi Strength Level, 800 Ppm Hydrogen. x 500. 
a) Furnace-Cooled from 1500 °F to 1080 °F, Air-Cooled 
b) 1450 °F, Water-Quenched Aged 1.75 Hours at 1240 °F. 
c) 1425 °F, Water-Quenched. 


sociated with these structures seems to be related to the following: 


1. An increase in the quantity of alpha phase. 
2. A change from beta continuity to alpha continuity. 
Effect of Hydrogen Content on Delayed Failure in Various Structures 

Quenched and quenched and aged structures were evaluated at two 
hydrogen levels, approximately 200 and 800 ppm. The results are 
shown in Fig. 5. 

Although the deleterious influence of hydrogen was quite evident in 
the aged structure at 800 ppm, this same structure exhibited good 
properties at 200 ppm. The quenched structure behaved quite differ 
ently showing only a narrow range of delayed failure at both hydrogen 
levels. 

The low notched tensile strength obtained with these quenched struc 
tures appears to be associated more with notch sensitivity than with 
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Fig. 5—Delayed Failure in 4Al-4Mr Alloy, Heat 
lreated to 165,000 Psi Strength Level by the Methods 
Indicated, 200 and 800 Ppm Hydrogen, Sharp Notch 


Spec.mens 











1550 
Quenching Temperature - 
Fig. 6—Tensile and Notch Tensile Strengths for 


4Al-4Mn Alloy Quenched from Various Temperatures 
in the Alpha-Beta Field, Hydrogen Content 80 Ppm 


hydrogen since this quenched material is quite tolerant of hydrogen. 
(his conclusion resulted from a study of the notched and unnotched 
tensile strengths of a series of quenched structures in low hydrogen 
material. These data are illustrated in Fig. 6. A notch sensitivity (ratio 
of notched to unnotched tensile strength of less than one) was found 
in material quenched from the 1550 to 1625 °F solution temperature 





850 TRANSACTIONS OF THE ASM Vol. 5] 


range. This range was just below the minimum solution temperatur 
for which martensitic alpha-prime will form on quenching. 

The annealed structure, like the quenched and aged structure, was 
(juite sensitive to hydrogen. These results are illustrated in Fig. 7. 


Influence of Strength Level on Delayed Failure 
The influence of strength level on delayed failure characteristics can 
be analyzed from data already presented. Failure data for quenched 
and quenched and aged material at a single hydrogen level (800 ppm) 
have been shown for two strength levels, 140,000 psi (Fig. 2) and 
165,000 psi (Fig. 5). 
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Fig. 7—Delayed Failure in 4Al-4Mn Alloy, Annealed 
Condition, Sharp Notch Specimens, Hydrogen Con 
tent as Indicated. 


In the aged structures the higher strength material had a great}; 
enlarged region of delayed failure even though the quantity of alpha 
is reduced in the strengthening process. The influence of strengthen 
ing on delayed failure in quenched material is masked somewhat by 
notch sensitivity in the higher strength material. The use of lower 
critical stress as a criterion, however, indicates that strengthening 1s 
deleterious in this material also. 

The failures obtained with high strength quenched material, unlike 
those of the lower strength (see Figs. 2 and 3), appear to be the result 
of hydrogen induced crack initiation and growth. This conclusion 1s 
supported by the electrical resistance data shown in Fig. 8. The re 
sistance curves for the 550 and 800 ppm material definitely depict th« 
incidence of crack initiation and growth. The curve for 200 ppm mate 
rial indicates the presence of some creep which masks the hydrogen 
induced deijayed failure. Even in this instance, however, a sizeable 
crack was found in a specimen that was apparently in the linear range 
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Fig. 8—Electrical Resistance Increase Versus Time for 
Quenched Specimens of 4Al-4Mn Alloy at an Applied 
Stress of 120,000 Psi, Strength Level 165,000 Psi 


Crack Developed 


During a Delayed Failure Test in a Quenched Structure, 
0) Ppm Hydrogen, 165,000 P Strer l 


si gth Lev Tensile Axis Vertical. x 500 
f resistance change at the time the test was stopped. This crack 1s 
illustrated in Fig. 9. 

It appears, therefore, that strengthening through heat treatment 
increases the susceptibility to hydrogen-induced delayed failure 
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Fig. 10—Tensile Properties Versus Temperature 
for 4Al-4Mn Alloy Containing 800 Ppm Hydrogen 


Strengthening by other means, such as additional alloying or cold 
work, may not have this same effect. 


TEMPERATURE AND STRAIN RATE DEPENDENCE OF HYDROGEN 
EMBRITTLEMENT 
Tensile Ductility 
Hydrogen embrittlement in alpha-beta titanium is both temperature 
and strain rate sensitive. Tensile data plotted as a function of temper 
ature illustrate this point, Fig. 10. These data indicate that there is a 
definite minimum in ductility (% R.A.) at approximately —100 °F in 
the material containing 800 ppm hydrogen. In contrast, material with 
a much lower hydrogen content (80 ppm) exhibits only the normally 
expected ductility increase with temperature. Thus it is evident that 
hydrogen embrittlement is diminished at both high and low temper 
atures. 
The strain rate sensitivity of the high hydrogen material is also 
apparent from Fig. 10. The ductility decreases slightly with decreasing 
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strain rate within the range of test speeds employed. There is no ap 
parent influence of strain rate on tensile strength. The notched tensile 
strength drops off rapidly at low temperatures, but appears insensitive 
to the ductility minimum associated with hydrogen embrittlement. 
Evidently the effective strain rate at a head speed of 0.05 inches per 
minute must be too high in sharply notched specimens to detect the 
ductility loss attributable to hydrogen embrittlement. 

This temperature-ductility behavior may be considered character- 
istic of slow strain rate hydrogen embrittlement. Ripling observed a 








Fig. 11—Delayed Failure Characteristics of 4Al-4Mn 

Alloy Containing 800 Ppm Hydrogen, 165,000 Psi 

Strength Level, Tested at the Temperatures Indi 
cated 


siunilar behavior in another alpha-beta titanium alloy 2Cr-2Fe-2Mo) 


4). 

The obvious implication of these data is that hydrogen embrittlement 
is a diffusion controlled process. At very low temperatures the dif 
fusion rate of hydrogen is competitive with the rate at which the mate 
rial is being deformed. Embrittlement will not occur if the strain rate 
is high enough that the test is completed before significant diffusion 


can occur, 


Temperature Dependence of Delayed Failure 
The concensus appears to be that the hydrogen embrittlement process 
is diffusion controlled. It has been indicated for steel (8) and suggested 
for titanium (9) that increasing temperature will decrease the ten 
dency toward hydrogen embrittlement but increase the rate at which 
it can occur. Investigation of the temperature dependence of the delayed 
failure process provides a basis for evaluating these concepts. 
Delayed failure properties of the 4A1-4Mn alloy containing 800 ppm 
were evaluated at a series of temperatures from 300°F down to 
321 °F. The data are presented in Fig. 11 
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From these data it is apparent that the tendency for failure dimin 
ishes at both high and low temperatures. At room temperature failur: 
occurred for lower applied stresses than it did at either higher or lowe: 
temperatures. At the lower temperatures, however, the lower critical 
stresses cannot be accurately defined since diffusion is quite slow. 

From the delayed failure data it is evident that the time required for 
failure at a given applied stress decreases as the temperature is lowered 
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Fig. 12—Failure Time Versus Rec:procal Absolute Tempera 
ture at an Applied Stress of 145,000 Psi, Sharp Notch 
Specimens. 

from 300 °F to room temperature. Below room temperature, howeve! 
the failure time increases with decreasing temperature. The log of the 
failure time at a single applied stress (145,000 psi) is plotted against 
reciprocal absolute temperature in Fig. 12. The data for this Arrhenius 
type plot were obtained from the delayed failure curves (Fig. 11) and 
from single data points at additional temperatures. 

It is obvious from the nonlinearity of the Arrhenius plot that no 
single discrete activation energy exists for the delayed failure process 
at all temperatures. Below room temperature a positive activation 
energy is indicated. Slopes appropriate to the activation energies for 
diffusion of hydrogen in the alpha and beta phases are presented for 
comparison purposes in Fig. 12 (10). 

Above room temperature the time required for delayed failure at a 
constant applied load increases as the temperature is raised. This be 
havior may be rationalized through a consideration of the factors which 
influence a diffusion controlled process. 

Delayed failure time in titanium at any temperature is stress de 
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pendent. Both the incubation period and crack growth time are pro 
longed as the applied stress is decreased. This is to be anticipated since 
. greater hydrogen concentration would be required to initiate a crack 
it a lower applied stress, and a crack, once formed, must grow deeper 
before failure can occur. It is reasonable to assume, therefore, that if 
the minimum applied stress for delayed failure increases with temper- 
iture, then either the driving force for concentration of hydrogen as 
sociated with a given stress is diminished or the critical hydrogen level 
is raised. Both factors may contribute to the increased failure times 
btained at elevated temperatures. 

The driving force (stress-induced), far from being independent of 
temperature, would be expected to diminish with rising temperature 
because of the decrease in yield strength of the alloy. Catlin and Wentz 
observed a drop in yield strength for the annealed 4A1-4Mn alloy of 
ipproximately 25,000 psi over the temperature range from 75 to 300 °F 

11). Since the flow stress (yield strength) under triaxial stress con 
litions limits the maximum stress intensity which can be achieved, 
lowering the flow stress will result in a reduced stress gradient and, 
hence, a decreased driving force for diffusion. A second factor which 
probably helps to increase the time required for delayed failure at 
elevated temperatures is the increased hydrogen solubility in the alloy. 
Because of this higher solubility at elevated temperatures, it is expected 
that a greater concentration of hydrogen would be required to initiate 
a crack. 


INTERPRETIVE EXPERIMENTS 


A proper interpretation of the delayed failure process in titanium al- 
loys can be accomplished only if the factors which contribute to the 
process are delineated and placed in their proper perspective with re 
spect to the process as a whole. Two such factors are creep and hydro- 


gen induced crack formation and growth. 

\ccordingly, a series of prestress experiments were conducted to 
letermine the influence of prior stress on subsequent delayed failure 
properties. Notched specimens were prestressed at an applied load just 
below the lower critical stress for approximately 100 hours, then un 
loaded and aged, and finally re-loaded at a higher applied stress to 
determine a failure time. The influence of the prestress and any sub 
sequent aging could then be determined. 


Prestress of Aged and Annealed Material 
The delayed failure curve for a quenched and aged material is pre 
nted in Fig. 13 (Upper). A series of specimens were prestressed be 
low the lower-critical-stress for approximately 100 hours or longer, 
then reloaded at 120,000 psi and the failure time determined. These re 
sults are shown in Table ITI. 
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From the data it is apparent that the failure time was significantly 
reduced by the prestress. This reduced failure time appears to be re 
coverable, however, either through long aging at room temperature 
(13-32 days) or a shorter aging time at 300 °F. There was little or no 
measurable plastic deformation during the prestress. 





Table III 
Prestress Data for Quenched and Aged Material 
170,000 psi Strength Level, 370 ppm Hydrogen 





Prestress Time Deformation Aging No. of Failure Time 
Below Lower Critical During Prestress Time* Specimens at 120,000 ps 
None . ee 4 29 minutes 

None ‘ ‘ 4 days at 300°F 1 18 minutes 

100 hours None 2-30 minutes 6 minutes 

600 hours Not Meas. 4 days 9 minutes 

100 hours None 4 days at 300°F 14 minutes 

100 hours None 13 days 34 minutes 

160 hours None 32 days 25 minutes 


* At room temperature except where denoted. 
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Fig. 13—Delayed Failure Curves for Material Used 
in Prestress Studies, Sharp Notched Specimens, 
4Al-4Mn Alloy. 


Similar data were obtained for annealed material containing 450 ppm 
hydrogen. Failure time in this structure was also decreased by pre 
stressing and was recoverable after prolonged aging. 

The results from prestress experiments on aged and anneaied mate 
rial indicate, first, that some change has occurred in the material during 
the prestress operation as evidenced by the reduced failure time at a 
higher applied stress. Second, this damage is not permanent and may 
be eliminated by aging. In other words, there has been no initiation ot 
cracks. These results strongly suggest that during the prestress cycle 
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hydrogen diffuses under the influence of the applied stress. A critical 
combination of hydrogen !evel and stress necessary for crack initiation 
is not reached at the lower critical stress, but the buildup of hydrogen 
during this prestress reduces the incubation time required to achieve a 
critical combination at the higher applied stress. Prolonged room tem- 
perature aging or high temperature aging would tend to equalize the 
hydrogen distribution, leading to eventual recovery. 

[It is unlikely that precipitation of a hydride rather than mere con- 
centration of hydrogen could be responsible for the reduction in failure 
time resulting from the prestress. A hydride, once formed, would prob- 
ably not dissociate during subsequent aging at room temperature. Hy- 
drides have not, in fact, been detected in any of the structures con- 
sidered in this investigation. 

Although some plastic deformation might be expected at the bottom 
of the notch, in no case was deformation large enough to be measurable. 
\pparently creep played little or no part in the damage associated with 
the prestress. If the damage had resulted from plastic flow, it should 
not be recoverable. 

Prestress of Ouenched Material 

The influence of prestress on subsequent delayed failure character- 
istics of high strength quenched material was also investigated. A repre- 
sentative delayed failure curve for this structure is illustrated in Fig. 
13 (Lower). 

Prestress and failure data for this material are presented in Table IV. 
From these data it would appear that failure time is lengthened slightly 
by those prestress treatments which result in significant plastic strain 


4 


(greater than 1% R.A.). The plastic strain which occurs during the 
prestress treatment may retard subsequent hydrogen induced failure 
by lowering the stress concentration factor of the notch (12). 


Table IV 
Prestress Data for Quenched Material 
170,000 psi Strength Level, 360 ppm Hydrogen 
—_—____—_—— Prestress* - - 

Stress Deformation Failure Time 
Time X10 psi from Prestress at 145,000 psi 
None 1.8 minutes** 

140 hours 130 plus oon Not Measured 12 minutes 

24 hours 140 oon Not Measured 12 minutes 
60 hours 145 2 °F 1.7% R.A. 3.5 minutes 
170 hours 145 0°F 1.0% R.A. 8.9 minutes 
115 hours 115 2¢ ; 0.2% R.A. 0.4 minutes 


* All prestressed specimens were aged at room temperature for 4 days under no load prior 
nal testing 
** Average of two tests 


Delayed Failure at Elevated Temperatures in Quenched Material 


Electrical resistance data obtained during delayed failure tests have 
indicated that low strength material fails by a creep process (see Fig. 3 
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while high strength material fails by a process of hydrogen-induced 
crack initiation and growth (see Fig. 8). An induced crack in the latter 
structure was illustrated in Fig. 9. 

Further evidence of a difference in failure mechanism for high and 
low strength quenched material is indicated by delayed failure data for 
notched specimens at elevated temperatures, Table V. 


able V 
Delayed Failure Versus Temperature for Quenched Material 


Strength Applied Test Failure 
Level Stress Temperature Time 
. 170,000 psi 145,000 psi Room 2 min 
130°F Did not fa 
200 °F Did not fail 
. 140,000 psi 180,000 psi Room 5.4 hours 
140°F 1.3 hours 
185°F 20 second 
310°F 10 seconds 
170,000 psi Room Did not fail 
190°F Did not fail 
250°F Did not fa 
300 °F 10 seconds 





The high strength material (A) exhibits an increased failure time as 
the temperature is raised. This result is in agreement with data ob 
tained for quenched and aged material and is apparently characteristic 
of hydrogen induced delayed failure. The low strength material (B), 
however, fails more rapidly with increasing temperature and will even 
fail at lower applied stresses. These results are consistent with a creep 
failure mechanism. 


SUMMARY AND CONCLUSIONS 


The tendency for hydrogen induced delayed failure in an alpha-beta 
titanium alloy varied considerably with microstructure. A solution 
treated and quenched structure was less susceptible to delayed failure 
than either a quenched and aged or an annealed (furnace cooled) struc 
ture. Susceptibility was amplified as the amount of alpha in the struc- 
ture was increased and as this phase became more continuous. The 
tendency for delayed failure was further magnified by increasing the 
hydrogen content or by strengthening the alloy through heat treatment. 

Hydrogen induced delayed failure occurred by a process of delayed 
crack initiation and controlled crack growth. Delayed failures resulting 
from creep were also encountered, even in notched specimens. Creep 
failures were obtained over a narrow range of stress in material with a 
high hydrogen tolerance. Plastic strain resulting from creep tended to 
retard the hydrogen induced delayed failure process. 

Prestress experiments indicated that whatever changes took place in 
a material under static load prior to initiation of cracks were reversible, 
as long as no appreciable creep occurred. The reversibility of this proc 
ess implies that hydrogen diffuses under the influence of a nonuniform 
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stress state, and if there is hydride precipitation, it apparently does not 
nter into this embrittlement process. 

An investigation of the temperature dependence of delayed failure 
demonstrated that the tendency for failure disappears at both high and 
low temperatures. The low temperature behavior was ascribed to the 
lecreased diffusion rate of hydrogen. High temperature behavior was 
ittributed to the increased solubility of hydrogen in the alloy and to 
the decreased yield strength which tended to reduce the stress intensity 
in the region of triaxiality. Delayed failures attributable to creep oc- 
curred more rapidly at elevated temperatures whereas hydrogen in 
duced failures were retarded. 
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Written Discussion: 
bus, Ohio. 

This paper presents the results of a broad study of hydrogen embrittlement in 
a titanium alpha-beta alloy. Much of the data is in agreement with that reported 
elsewhere. Other parts tend to be in conflict. To assist in a more thorough under 
standing of this work, it would be helpful if the authors would comment further 
on the following points: 

















1) The authors use the term “delayed failure” as synonymous with 
hydrogen embrittlement and define it as failure under static load after 
being exposed to this load for a measurable period of time. This usage is 
misleading, since all materials show delayed failure—as demonstrated by 
the characteristic shape of the stress-rupture curve—but they are not 
necessarily embrittled. Since alloying of titanium with hydrogen would 
probably alter the position of the stress-rupture curve even if no embrittle- 
ment resulted, the assumption that behavior such as illustrated in Fig. 5 
for the quenched alloys or in Fig. 7 for the alloy containing 450 ppm hydro 
gen represents embrittlement appears unwarranted. 

2) Electrical resistance measurements cannot separate cracks resulting 
from embrittlement from cracks resulting from the onset of third stage 
creep. Resistance measurements should only be considered a positive indi 
cation of embrittlement when the stress level is too low for the alloy to have 
shown any third stage creep. Thus, cracking such as observed in an alloy 
containing 450 ppm during stressing at 160,000 psi, reported in Fig. 7, does 
not necessarily imply hydrogen embrittlement. 

3) Both the lower critical stress and the time to rupture of alloys 
showing hydrogen embrittlement would seem to be more related to notch 
sensitivity and strength level of the alloy than to degree of embrittlement 
It does not appear justified to assume on the basis of the data shown in 
Fig. 2, for example, that the annealed samples were more susceptible to 
hydrogen embrittlement than the solution heat treated and aged samples 
The basis for this comparison should be the minimum hydrogen content 
which will result in embrittlement. Thus, Fig. 2 shows solution heat 
treated material to be more resistant to hydrogen embrittlement than the 
other two conditions, but should not be used to compare the relative sus 
ceptibility of the two embrittled conditions. 

4) Analysis of other published data on the effect of strength level on 
susceptibility to hydrogen embrittlement * suggests that no relationship 


*D. N. Williams, “Hydrogen in Titanium and Titanium Alloys,” Titanium Metallurgical 
Laboratory Report No. 100, May 16, 1958 
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exists. Instead, as pointed out earlier in this paper,* a correlation seems 
to exist between final heat treatment temperature and susceptibility to em 
brittlement. Where sufficient information is given to permit comparison, 
the authors’ data also appear to be in agreement with this conclusion. A 
discussion of the authors’ data from the standpoint of a relationship be 
tween hydrogen embrittlement and final heat treatment temperature would 


be of interest. 


Authors’ Reply 


That “delayed failure” and hydrogen embrittlement are synonymous is neither 
stated nor implied. Indeed, one of the primary objectives of this investigation was 
to separate the contributions of creep and hydrogen embrittlement to the ob 


served delayed failures. 

In response to the comments on Figs. 5 and 7: these particular data are intended 
to emphasize the lack of influence of hydrogen on delayed failure propensity un 
der certain conditions (microstructural conditions and hydrogen levels). More 
yer, if the addition of hydrogen did not tend to embrittle this material as Dr 
Williams suggests, then one would expect the creep strength to be raised by the 
addition of hydrogen rather than lowered as indicated in Figs. 5 and 7. 

Changes in the electrical resistance across the notch of statically loaded speci 
mens are not always indications of the initiation of cracks. Of importance in 
nterpreting these resistance changes is the shape of the electrical resistance vs 
time curve. One can eliminate third stage creep as a factor where little first or 
second stage creep is obtained, as in curve “C” of Fig. 3. Where some doubt 
arises in interpretation of resistance curves, as in curve “A,” Fig. 3, then other 
methods of delineation of the failure process are employed, e.g., temperature de- 
pendence of failure time and detection of cracks by metallographic examination. 

Our principal measure of the influence of hydrogen on the properties of the 
alpha-beta titanium alloy was the susceptibility to hydrogen-induced delayed 
failure. On this basis, a valid comparison exists between hydrogen content and 
time to failure, and between hydrogen content and lower-critical-stress (stress 
below which failure will not occur). We have emphasized the influence of strength 
level and microstructure on these hydrogen susceptibility criteria. It is also evi- 
dent that notch sensitivity can influence apparent results, e.g., quenched struc- 
tures, Fig. 5. However, the hydrogen susceptibility criteria are surprisingly in- 
sensitive to notch sensitivity for NTS/TS ratios greater than one, as is the case 
in Fig. 2, and for virtually all annealed and quenched and aged structures studied 
(13). 

With reference to the final heat treatment temperature concept suggested by 
Williams, et al (14), there is conflicting evidence based on sensitivity to 
hydrogen-induced delayed failure. Using lower-critical-stress as a criterion, an 

ealed material at 800 ppm hydrogen (Fig. 2) supports the concept proposed by 
Dr. Williams. On the other hand, data on quenched material indicate that the 
higher the quenching temperature, the lower the lower-critical-stress even out 
side the region of notch sensitivity indicated in Fig. 6 (13). The influence of 
iging temperature on lower critical-stress in quenched and aged material has 
been shown to be negligible where final strengths are equivalent (13), (15) 

*D. N. Williams, F. R. Schwartzberg, and R. I. Jaffee, ‘“‘The Effects of Microstructure 


the Hydrogen Embrittlement of Alpha-Beta Titanium Alloys,” TraNsactions, American 
t r Metals, \V 51, 1959, p. 802 





EFFECTS OF COLD WORK AND QUENCHING ON 
THE MAGNETIC SUSCEPTIBILITY OCF A 
COMMERCIAL TITANIUM ALLOY 


By Y. L. Yao 


Abstract 

The mean susceptibility of Ti-140A measured at room 
temperature increases with cold work and quenching. While 
the annealing of most cold-worked and all quenched sam 
ples, at 300 °C (570 °F) for 4 hours, almost wipes out this 
increase, the identical annealing of lightly deformed sam- 
ples may cause a further increase. It is shown that the ano- 
malous effects of low-temperature annealing may be con- 
nected to strain aging. Tentative explanations as to what 
causes the change of the mean susceptibility have been made 
and some applications are given. (ASM-SLA Classifica- 
tion: P16, 2-64, 3-68 ; Ti-b) 


HE EFFECTS OF cold work on the electrical resistance of a 
metal or on the magnetic properties of a ferromagnetic metal 
have been investigated by a number of workers both theoretically and 
experimentally (1,2).’ In contrast to these, no adequate theory has 


been suggested to predict the effects of cold work on the magnetic 
susceptibility of a non-ferromagnetic metal and the experimental re 
sults of a few workers on cubic metals are contradictory (3). 

In the case of non-cubic metals, the magnetic susceptibilities are, in 
general, anisotropic. A single determination of susceptibility of aniso 
tropic polycrystalline metals in any arbitrary direction will yield litt! 
information. However, it has been shown (4) that the arithmetical 
mean of the susceptibilities measured in any three orthogonal directions 
is a constant for a single crystal or a polycrystalline sample. Thus, the 
mean susceptibility is independent of the degree of preferred orientation 
and any change in value of the mean susceptibility after cold work 
must be ascribed to other causes. 

3y previous experiments in this laboratory (5), it was found that 
the mean paramagnetic susceptibility of commercially pure titanium 
increases about 2% after heavy cold work and this increase is almost 
wiped out after annealing at 300 °C (570°F) for 4 hours. Recent ex 

1 The figures appearing in parentheses pertain to the references appended to this paper. 


This paper is published by permission of the Director, Mines Branch, Department of Mine 
ind Technical Surveys, Canada. 

The author, Y. L. Yao, is Scientific Officer, Physical Metallurgy Divisio 
Mines Branch, Department of Mines and Technical Surveys, Ottawa, Ontari 
Canada. Manuscript received April 14, 1958. 
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periments indicate that the similar increase of a commercial titanium 
illoy, Ti-140A, may be as high as 4%. It was decided that a detailed 
study of this alloy would be carried out. The investigation would cover 
he effects of cold work, quenching and annealing on the mean sus- 
eptibility. 

EXPERIMENTAL METHOD 

The Ti-140A used for this investigation has the following analysis 
in weight percentages: Fe, 2.29; Cr, 2.04; Mo, 1.74; Mn, 0.028; Cu, 
0.011; W, 0.003; C, 0.043; 0, 0.11; N, 0.021; H, 0.0005; Ti, the 
remainder. According to the nomenclature system of titanium alloys 
proposed by Lippert (6), this alloy will be designated as T 96015. 

Throughout this investigation, except for compression tests, the 
starting material was a 14-inch sheet. 

Three kinds of cold work were used: rolling, extension, and com- 
pression. 

For the rolling tests, strips of 2 inch x ™% inch were cut out from 
the 14-inch sheet, wrapped in a thin sheet of the same alloy and an 
nealed in vacuum with a pressure less than 0.1 micron of mercury at 
960 °C (1760°F) for 4 hours followed by slow cooling. This partic 
ular treatment has been found from previous measurements to result 


of 


in the polycrystalline alloy being magnetically isotropic to within 4% 


ind in a uniform grain size of about 0.15 mm. Samples were cut out 
from a region near the center of the cross section of individual strips, 
ifter passing between small rollers to different degrees of reduction. 
The strips were always rolled in the same direction and at room tem 
perature. 

For the extension tests, small tensile specimens of 1-inch gage length, 
after homogenizing treatment, were stretched at room temperature in 
a Hounsfield tensometer. The alloy fractured at 8% elongation. The 
samples were cut from a region near the center of reduced cross sec- 
tion or near the fracture. 

For the compression tests, the sheet was cut into suitable sizes, 
melted in an argon-filled furnace, cast into a small button, hot-swaged 
ind hot-pressed into an approximately 14-inch cube. After the oxi 
dized layer was ground off, the samples were cut out, homogenized 
and compressed between hardened-steel grips at room temperature in 
a compression testing machine. 

For the quenching tests, identical small tensile specimens of 1-inch 
gage length, after homogenizing treatment, were placed in different 

ycor capsules, two in each. The capsules were evacuated, sealed and 
heated at between 300 and 1000 °C (570 and 1830°F) for 4 hours. 
(hen they were quenched in running water near room temperature. 
Samples were cut out from one specimen as quenched and from the 
ther after being stretched at room temperature in the Hounsfield 
tensometer to produce a 2% elongation. 
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Three kinds of annealing were used: The rolled samples, the 
quenched samples, and the quenched and then stretched samples, were 
annealed at 300°C (570°F) for 4 hours. A set of three 50% com 
pressed samples were individually annealed at 300, 400 and 500% 
(570, 750 and 930 °F). The total time of annealing at each temper- 
ature was 24 hours. The annealing was interrupted at different time 
intervals for magnetic measurements. The stretched samples were 
successively annealed from 300 to 800 °C (570 to 1470 °F), the time 
of annealing at each temperature being 4 hours. 

Magnetic susceptibilities were measured by using the Faraday 
method. The experimental arrangement was described before (5). It 
is only necessary to repeat here that special pole-pieces were made (7) 
and fitted to the electromagnet. Such an arrangement gives a reasonable 
volume having a uniform value of H(dH/dy), which satisfies the ey 
perimental conditions under which three orthogonal susceptibilities 
may be determined for polycrystals of arbitrary preferred orientation 
(4). The weight of a sample was from 0.15 to 0.25 gram. The sample 
was always slightly etched in a diluted mixture of nitric and hydro 
fluoric acid and appropriately cleaned. All susceptibility measurements 
were made at a temperature of 25 +2 °C. A Honda-Owen plot of ap 
parent susceptibility against the reciprocal field was made for each 
measurement. All susceptibility values reported were taken as the 
arithmetical mean of three orthogonal susceptibilities. Duplicate meas 


urements from equivalent samples could be reproduced to within 0.2% 


although there may be a constant error of up to 1% in all of the meas 
urements due to the error in measuring the magnetic field intensity. 


EXPERIMENTAL RESULTS 

The effects of cold work on the mean susceptibility are shown in 
Fig. 1. In each type of cold work the deformation curves show a mort 
or less pronounced maximum. It is to be noted that for the same linear 
deformation, stretched samples are characterized by a much mort 
rapid increase of x. 

The effects of quenching are shown in Fig. 2. It is seen that the x 
increases steadily with the rise of quenching temperature up to 1000 °¢ 
(1830 °F) and that the extension following the quenching results in 
a decrease of x. 

After rolled samples, quenched samples, and quenched and then 
stretched samples were annealed at 300°C (570°F) for 4 hours, the 
x had all returned to 0.3% of the original value. 

Compressed samples behaved somewhat differently and in the 50‘ 
compression case the x had not returned to its original value even 
after a 24 hour anneal at 300 °C (570 °F). At higher temperature the 
recovery was more complete. This behavior is shown in Fig. 3. 

The results of successive annealing of stretched samples are shown 
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Fig. 4+. For the slightly stretched samples the susceptibility increases 
toa peak value after the 400 °C (750°F) anneal: while for the larger 
extensions no such increase was detected, and recovery is practically 


mplete in the temperature range of 400 and 500 °C (750 and 930 °F) 
\ll samples show another weaker peak after annealing in the temper 
iture range of 600 and 700°C (1110 and 1290°F), but the original 
value is almost restored after annealing at 800 °C (1470 °F). 





TRANSACTIONS OF THE ASM 


Compressead 50% 


Os 
on 

















m.u. per gram 
7 
L 


e 





16 
4 12 20 


Annealing Time, hours 
Fig. 3—Isothermal Annealing Curves: 50% Com 


pressed Samples Annealed at 300, 400 and 500 °¢ 
(570, 750 and 930 °F). 


No Deformation 


odie agin 


Stretched 2% 
~~ 


x 
Ee nail \ 
gen, x 


Ww W 
Ww 


nite 5 %o 


-—~ 
x Hi, 





Ww WwW 


x———_x 6% 
i a 
x —\ 


a ul ~ 


”, 


OW 


us 


6.5% 


E 
Co 
x 
om 
a 
a 
a 
2 
E 
av 
ve) 
° 
- 
x 


8% 





400 ~=»+| ~~ ~«800 
600 


ng Temperature °C 


Fig. 4—Isothermal Annealing Curves: 

Stretched Samples Annealed Succes 

sively from 300 to 800°C (570 to 

1470 °F), 4 Hours at Each Tempera 
ture. 


wn bet RAI Stet BY =! 


ete tee 





EFFECTS OF QUENCHING A TITANIUM ALLOY 867 


senched at 300°C 
& Then 


a 5 0° 
tretched 2% 


ee 
2{¢ Kone Ye 


ochronal Annealing Curves 


°C (570 to 930 °F), 4 


Samples Anr 
(b) Lightly compressed 


from 
fours at Each Temperature. (a) Lightly 
(c) Quench ind then stretched 2%. 


Successively 
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lo ascertain whether the peak attained after annealing at 400 ° ¢ 


F) is confined to stretching, some light]; 
samples, and some samples quenched from 
1 then stretched 2% 


rolled and compressed 
below 700°C (1290 °F) 
nd were isochronally annealed. The results are 
shown in Fig. 5. It is seen that samples rolled 1 
and 1.5% 


% or compressed 0.9 
all show a slight increase but quenched and then stretched 
samples do not. 


DISCUSSION 


i 


lhe factors which might change x are changes in ferromagnetic 
m, interstitial impurities, hardness and internal strains. As to the 
tamination or precipitation of ferromagnetic iron, the Honda-Owen 
lot was used to estimate the amount of ferromagnetic iron. In spite 
the presence of about 2% of total iron, the amount of ferr« magnetic 
ron varies from 5 to 10 parts per million b 


weight. The variation is 
random even for samples quenched from di 


ferent temperatures. Fur 
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thermore, except for lightly deformed samples, the increase of x may 
be almost wiped out by annealing at 300 °C (570°F) for 4 hours. It 
is unlikely that any ferromagnetic iron would redissolve at this low 
temperature. Because the initial homogenizing and all other heat 
treatments were performed in vacuum, the hydrogen content would 
remain low and there was no contamination of other interstitial im- 
purities. Although there is superficial correlation between hardness 
and x, the annealing out of the Ay at 300°C (570°F), which is well 
below the recrystallization temperature, will rule out any direct con 
nection. 

One reasonable assumption is that the inducement or relief of elastic 
strains will change the value of x. Thus the falling of x after a certain 
degree of cold work (Fig. 1) may be due to the partial relief of stresses 
caused by microscopic fissures. Cracks were observed on the edges of 
heavily rolled strips and on heavily compressed samples. It was also 
observed that stretching after quenching decreases the x ( Fig. 2). The 
explanation of this may be that stretching reduces quenching stresses 
(8). 

The wiping out of Ay after low temperature annealing is due to the 
familiar stress-relief treatment. Indeed, the isothermal annealing of 
50% compressed sample at 300, 400 and 500 °C (570, 750 and 930 °F) 
( Fig. 3) gives some idea about the rate of relaxation of internal stresses 
If we calculate the efficiency of stress relief from one minus the ratio 
of the instantaneous Ay to the original Ay, internal stresses were 81% 
relieved in 1 hour at 500°C (930°F), 56% at 400°C (750°F) and 
33% at 300 °C (570°F). These figures may be compared with those 
of Bernstein (9) on rolled samples of Ti-150A. He used a spring-back 
method to measure the efficiency of stress relief. His figures are as 
follows: 92% relieved in 1 hour at 800 °F (427 °C), 47% at 600 °F 
(316°C) and 22% at 400 °F (205 °C). 

Although the reasons for the development of a weak peak at the 
temperature range of 600 and 700 °C (1110 and 1290 °F) for stretched 
samples (Fig. 4) are not known (this being also observed in a fresh 
sample), the slight increase of x after the 300 °C (570 °F) anneal and 
the peak developed after the 400°C (750°F) anneal appear to be 
associated with strain aging. Strain aging could lead to a suppression 
of low temperature recovery (10). Titanium (11) and some titanium 
alloys such as Ti-150A and RC-130B (12) are susceptible to strain 
aging. To test whether Ti-140A belongs to this category, tensile speci 
mens of 3-inch-gage length were homogenized, stretched to a plasti 
strain of 2% at room temperature, heated in vacuum from 300 to 800 °C 
(570 to 1470 °F ) for 1 hour and then retested in tension at room tem 
perature. The results are shown in Fig. 6. The mild tendency to form 
a yield point after annealing at 300 or 400°C (570 or 750 °F) and 
the strengthening of the room temperature curve after annealing at 
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Effects of Aging Temperature on the Stress 
Strain Curve at Room Temperature 


300, 400 or 450°C (570, 750 or 840 °F) indicate that strain aging 
effects are involved. The maximum temperature of strain aging is 
about 400 °C (750 °F). So far we have shown that strain aging and 
the increase in x occur in the same temperature range and that the in- 
crease in x is suppressed by overstrain. It is known that strain aging is 
suppressed by overstrain (for example, Table II of Rostoker and 
Yamamoto’s article (13) illustrates this for vanadium). Hence we are 
tempted to conclude that these two are related 

Based on thermodynamical principles, it is known that the partial 
differential coefficient of intensity of magnetization with respect to 
stress is equal to that of strain with respect to magnetic field. If the 
assumption that internal strains increase the intensity of magnetization 
is correct, we shall expect that the magnetostriction of this alloy is not 
too small to be measured. 


CONCLUSIONS 
a. The mean paramagnetic susceptibility of solid polycrystals of 
Ti-140A at room temperature is 3.31, & 10° e.m.u. per gram 
b. Cold work and quenching at high temperature up to 1000 °C 
(1830 °F) increase the mean susceptibility measured at room 
temperature. The maximum increase is about 4%. 
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Except for lightly deformed samples, in most cases the ; 
crease is almost wiped out by annealing at 300 °C (570 °F 

4 hours. 

For lightly deformed samples, annealing at 300 °C (570°F 
for 4 hours may bring out an increase in the mean suscepti 
bility and a further annealing at 400 °C (750°F) for 4 hours 
may develop a peak. 

The anomalous effects of low temperature annealing may be 
connected to strain aging. 

A tentative assumption is that the change of the mean suscep- 
tibility is due to the inducement or relief of internal strains 
When the alloy is in the cold-worked or quenched state, the 
measurement of the mean susceptibility offers a quick means 
of detecting intense stress concentrations. If such a sampk 
is annealed, the same measurement indicates the efficiency of 
stress relief. Also, for a lightly deformed sample the same 
measurement after annealing will indicate whether it is sus 


ceptible to strain aging. 
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THE CORROSION, PYROPHORICITY, AND STRESS 
CORROSION CRACKING OF TITANIUM ALLOYS 
IN FUMING NITRIC ACID 


By Joun B. Ritrennoust 


Abstract 
The corrosion, pyrophoric reactions, and stress-corrosion 
cracking of pure titanium and the titanium alloy containing 
% manganese resulting from storage in fuming nitric acid 
FNA) were studied. 
It was shown that the tendency towards ignition sensi- 
tivity depended upon there being present on the metal sur- 
face with FNA a dark coating which was identified as 
finely divided titanium metal. The extent of the dark coat 
ing, the corrosion rates, and the incidence of pyrophoric 
reactions increased with increasing NO, and decreased with 
increasing H,O content of the ternary system* HNO;- 
VO,-H;0. 
Stress-corrosion cracking of hoop-test samples of com 
mercially pure titanium occurred with greater than 6.5% 
VO,** and less than 0.7% H,O in the FNA; however, the 
stress-corrosion cracking of the 8% manganese alloy oc- 
urred with greater than 0% NO, and less than 0.8% HzO 
oncentrations in the FNA. 
The corrosion-time relationships of two titanium alloys 
and iodide titanium in anhydrous FNA (20% NOz) over 
a temperature range from 25 to 71°C (77 to 160 °F) were 
determined. Results of metalloqraphic examinations of the 
corroded samples to ascertain the corrosion mechanism and 
the effects of metallurgical history of the samples on the 
corrosion behavior are discussed 
Chemical and x-ray diffraction analyses of the alloys, the 
FNA used, and the corrosion products developed are 
reported. (ASM-SLA Classification: R6g, R1d; Ti) 
A: OF THE chemistry of the corrosion reactions of ti 
tanium and its alloys in fuming nitric acid (FNA) was under 
ken. Coincidental with the corrosion investigation was a study of the 
A] f research carrie ut at the Jet Propulsion Laboratory 
Contract N AF 33(616)-3066, sponsored bv the 


1 Development Command, United States 


paper presents the results 
rnia Institute of Technology, under 

right Air Development Center, Air esearch ar 

Force, Wright-Patterson Air Force Base, Ohio 

* The symbol NOse designates the NOs and N2Os 


* Percentages of composition are in we ht % tl I t this paper 
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pyrophoricity and stress-corrosion cracking of these materials when 
exposed to FNA. 

The interest in the corrosion of titanium in FNA was influenced by 
the pyrophoric reactions of titanium reported by several investigators 
(1,2,3),? all of whom experienced explosions of titanium and titanium 
alloys after corrosion in red fuming nitric acid, it was also reported 
(4) that titanium and its alloys were susceptible to stress-corrosion 
cracking in red fuming nitric acid. 


EXPERIMENTAL PROCEDURES 
Corrosion Studies 

Some of the data for the corrosion-time curves were obtained by the 
conventional weight-loss method. The samples to be tested at 30°C 
(85 °F) were supported on glass hooks and stored in glass tubes about 
1 inch in diameter equipped to introduce wash water or solvent into the 
apparatus to terminate the experiment and could be operated remotely 
to obviate the hazards of an explosion of the corroded titanium. 

The elevated temperature (54 to 71°C) corrosion tests were con 
ducted in pressuretight vessels constructed of Al 6061 T6 and lined 
with Teflon, the titanium samples were 0.5 inch square and 0.020 inch 
thick with a '¢-inch diameter hole drilled in the center and with iden 


tifying numbers stamped into each piece. The specimens could be 
positioned along a Teflon rod in such a way that exposure of the metal 


to the liquid- or vapor-phase was obtained. The samples were sand 
blasted (500 mesh Al,O3) prior to weighing and storage. After separat 
storage periods (1, 2, 4, 8,... , hours) the pressuretight vessels 
were removed from the constant temperature bath and chilled imme 
diately in an ice bath. The specimens were washed in distilled water 
and acetone, dried in an oven at 110°C (230°F), care was taken to 
retain all the corrosion product on the samples in order that ignition 
tests could be performed. 

An apparatus was used for determining corrosion rates by the change 
in electrical resistance of drawn and annealed titanium tubing 0.065 
inch O.D. with 0.006 inch wall. Potentials were measured at the nul 
point of the galvanometer deflection using a Leeds and Northrup K-2 
potentiometer. The current in the electrical circuit was determined by 
the potential across a standard resistance, the resistance of the sample 
was computed from Ohms Law. 


Ignition and Corrosion Studies 
Apparatus consisting of glass tubes sealed at both ends after titaniun 
samples and F NA was introduced were used to store the samples for 
impact ignition studies. Each impact tube contained two titaniun 
samples and FNA of different concentrations in the range 0 to 2.0' 


1 The figures appearing in parentheses pertain to the references appended to this paper 
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H.O and 0 to 20% NOs. The tubes were attached to horizontal rods 

ich were rotated intermittently by remote control. The rotation 
ibout the horizontal axis of the tubes allowed the samples and FNA to 
fall the length of the tube for impact ignition tests. 

Samples that had been stored in FNA containing 20% NOs, 0% 
H.O, and the remainder H NOs for varying periods of time were sub- 
jected to probing tests for sensitivity to ignition reactions. The cor 
roded samples were moistened with a small drop of FNA, and the 
moistened surface was probed with a jeweler’s screwdriver with a 
small, hardened-steel bit. Other FN A-moistened samples were probed 
with a Tesla coil. Some samples, both dry and moistened with FNA, 
were heated in a glass-working blast burner flame. Some of the dark 
coating was removed from corroded samples by carefully scraping 
under water with a sharp knife. Small quantities of the coating were 
tested in a calibrated-drop-weight impact tester for sensitivity. 


Stress-Corrosion Tests 


Stress-corrosion samples were made from metal strips 0.020 inch 
thick, 2 inches long, and 4 inch wide. The strips were bent 180 degrees 
around a 'g-inch mandrel, and open ends were clamped with a slotted 
piece of titanium of the same chemical analysis as the bent strip. These 


samples were tested in sealed Teflon-lined aluminum-alloy pressure 
vessels. Some of the stress-corrosion specimens were stress-relieved 
under vacuum before storage. 


Metallurgical Treatment of Samples 

Several of the samples were heat treated in vacuum. The commer 
cially pure titanium was stress-relieved at 650°C (1200°F), a 
temperature of 475 °C (875 °F) was used for the titanium-8% man- 
vanese alloy. Typical commercially available titanium sheet alloys were 
used in this investigation (1,5). 

lodide crystal bar procured from Foote Mineral Company was 
double vacuum-melted into small buttons weighing approximately 10 
grams. The small ingots were initially upset by pancaking in a hydraulic 
press, these upset ingots were then cold-rolled to 0.020-inch-thick 
sheets which were cropped and cut into '%-inch squares, and then 
stress-relieved in vacuum at 650 °C (1200 °F). 

Standard specimen-preparation techniques were used ; for the metal 
lography the etchant was 1 part HF and 1 part concentrated HNQs in 
2 parts glycerol, and the magnification of most of the photomicrographs 
was 250 unless otherwise stated. 


Preparation of Fuming Nitric Acid 
Commercial fuming nitric acid contains impurities such as iron or 
uminum nitrates and its composition can vary from the nominal as a 
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result of thermal decomposition. Therefore, the fuming nitric acids us: 
in this investigation were blended from laboratory-prepared nitric acid 
(the vacuum distillate from the reaction between reagent-grade su 
phuric acid and potassium nitrate), purified nitrogen dioxide and dis 
tilled water. 


RESULTS AND DiIscuSSION 


Effect of Composition of FNA on Corrosion of Titanium and 
Titanium Alloys. 

1. Chemistry of HNO;-NO,-H,0 system—The chemistry of FNA 
and the corrosion of metals in the ternary system (HNO:-NOs-H.O 
(Refs. 6 and 7) can be expressed in the following summary of th 
reactions : 

The corrosion reaction 

M + 2nHNO;> nNO: + 2nH:0 + M(NOs)a Equation | 
where M is any metal of oxidized valence n. The corrosion of titanium 
in FNA is perhaps not as simple as shown in Equation 1, inasmuch as 
the literature (8) does not indicate that titanium forms stable solid 
nitrates. 

The ionization of the FNA can be summarized in simplified form 
as follows: 

2HNO:s = NO.* + NOs + H:O Equation 2 
2HNO; = N:O; + H:O Equation 3 
N:.0; = NO,* + NOs Equation 4 


In HNQOs solution NOg ionizes according to the following reaction : 


2NO.:— N:O,. @ NO* + NOs” Equation : 


When H:0 is above 3%, the ionization is predominantly as follows: 


HNOs te H:O 2 H,;0* +. NO;s- Equation 6 


Acid thermal decomposition may be an additional factor in the corro 
sion of titanium in FNA and proceeds according to the following 
reaction : 

4HNO; = 4NO: + 2H:0 + O: Equation 7 


Increasing temperature forces the equilibrium (7) to the right. Pres 
sure during storage in a closed container will increase because of th 
relative insolubility (9) of Og in FNA. With increasing NOx» or Ho! 
in the FNA, the equilibrium (7) will be shifted left resulting in greatet 
thermal stability and therefore lower pressures. 

In Figs. 1 through 3, the average corrosion rates (determined by 
the weight-loss method) at 30 °C (86°F) of some titanium alloys ar¢ 
plotted as a function of the HzO concentration of the FNA. The data 
are separated into a family of curves which depend upon the NO» 
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Fig. 2—Average Corrosion Rates of Commer 
cially Pure Titanium at 30 °C for 1 Week 
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Fig. 3—Average Corrosion Rates of Ti-8% Mn 
Alloy at 30 °C for 1 Week 


concentration of the FNA. It can be seen in these plots that: (a) the 
corrosion rates decrease with increasing H»O concentration in the 
FNA, and reach a minimum at 1% H2O; (b) the corrosion rates in 
crease with increasing N Og: concentrations, the maximum rate observed 
seems to be a function of the alloy composition; and (c) stress 
corrosion cracks occur only in FNA with H2O concentrations below 
1%. 

The average corrosion rates in FNA at 54°C (128°F) of some 
selected titanium alloys are shown in Table I. The corrosion rates are 
generally somewhat higher at 54°C (128°F) than at 30°C (86°F), 
and in the vapor over FNA the rates were lower than in the liquid 
phase. 

The equilibrium of Equation 2 is forced to the left with increasing 
H.O concentration in the acid. This behavior decreases the concentra 
tion of the NO»* ion and therefore the corrosion rate if the NO»* ion 
were the rate determining species in the corrosion reaction. However, 
in anhydrous RF NA it can be noted that corrosion rates increase with 
increasing NOs concentration, a fact which leads to the examination of 
equilibrium relationship (5) and the postulation that the NO* ion 
influences the rate. These considerations indicate the probability of at 
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Table I 
Average Corrosion Rates* of Some Titanium Alloys Stored for One Week 
in FNA at 54°C 


0°% NOz 10% NO 20% NOg 
HeO (%) H20 (‘ H2O (%) 
1 2 0 1 2 1 
Liquid Phase 


0.902 9.10 1.62 74 0.065 0.0417 
1.19 11.35 1.19 0.730 0.673 
2.45 26.62 1.86 2 0.427 0.803 
1.19 22 13.56 1.92 Vi 55 1.68 0.235 
4.32 20.76 5.77 4.32 3.35 


Vapor Phase 


0.954 0.138 0.349 0.847 0.545 58 0.0521 0.0261 
0.282 0.115 0.334 0.446 0.169 0.417 0.128 
1.55 1.06 0.425 0.913 0.104 0.266 0.214 
0.647 0.409 0.644 0.931 1.04 { 0.409 0.115 
1.38 0.876 0.548 2.32 1.36 § 0.988 0.383 


ast a twofold corrosion-rate mechanism for the reactions of titanium 
in FNA. In anhydrous RFNA the NO* ion contributes 1n controlling 
the rate, however, as the H»O concentration is increased, both the 


NO.* ion and the NO* ion decrease in concentration, reducing thi 


rrosion rate. 
When the H2,O concentration of the FNA (20% NOz) reaches ap 
proximately 0.6%, the metal surface takes on a mottled appearance as 
shown in Fig. 4. Microscopic examination (see Fig. 5) of a transverse 
section through a mottled area shows the intergranular corrosion of 
the commercially pure titanium in localized areas. The electrochemical 
nature of corrosion in conducting liquids (10,11,12), results in a change 
in corrosion behavior of the metal with changing conductivity of the 
solution. It has been shown (13) that the electrical conductance of 
H NOxg-NOs-H20O solutions increases with increasing NO. in the range 
} to 28% NOs, probably due to the ionization of NOvz in solution as 
expressed in Equation 5. The electrical conductance (13) of FNA de- 
creases with increasing H2O in the range of 0 to 4% HeO, prebably 
due to the shift in the equilibrium shown in Equation 2. 
Nature of the corrosion products—The vacuum-evaporated resi 

lue remaining after corrosion of titanium in FNA was a white hygro 

opic salt which was found to conform to the formula TiO( NOs)»: 
‘H.O, a hydrated titanyl nitrate, whose decomposition product was 
PiOs, 

The corroded metal darkened perceptibly during the first hour of 
exposure to FNA. It was this dark coating material which reacted 
explosively under impact or friction (see Fig. 6) when wet with FNA 

even when moistened with concentrated nitric acid. 

Chemical and x-ray diffraction analysis of the dark coating removed 
irom commercially pure titanium after storage in anhydrous FNA 
20% NOs) showed that the material was 97.5% titanium metal. The 
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Fig. 4—-Photomacrograph of Commercially Pure Titanium After Storage for 
1 Week at Ambient Temperature in FNA Containing 19% NOs and 0.7% HeO 


4.2. 


remaining 2.50 was probably a mixture of titanium hydrides, nitrides 
and oxides which it is believed had little influence upon the ignition 
reaction. 


Effect of Metallurgical History on Corrosion of Titanium in FNA 
The nature of the attack of FNA on the titanium alloys depends 
somewhat upon the metallurgical history and alloy content of the metal 
The photomicrograph shown in Fig. 7 is a transverse section through 
a piece of commercially pure titanium sheet that had been exposed to 
anhydrous FN.A (20% NOs) for 263 hours. The intergranular cot 


rosion shown could account for the presence of titanium metal found 
in both the chemical and x-ray diffraction analysis of the dark coating 
removed from the commercially pure titanium samples. 

Fig. 8 shows a transverse section through a sample of Ti-8% M: 
alloy that was stored for 47 hours in anhydrous FN A (20% NOs) 
The mottled dark area approximately 1 cm thick on the photomicro 





Ti-Mn Alloy After Four Days in Anhydrous F (20% NOs) Moistened witl 
rop of 69% HNOs, Probed with G 


graph is the dark corrosion product. This alloy has a mixed alpha-beta 
structure in the hot-rolled and annealed condition (14). 


The appearance of the corroded layers of the alpha-beta Ti-8% Mn 


loy samples suggests the possibility of selective or galvanic attack by 
the FNA on one of the phases of the alloy. One can theorize that the 


t 


beta phase, containing most of the manganese in solid solution (15) is 
preferentially attacked ; the alpha phase, being nearly pure titanium, is 
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Fig. 7 Photomicrograph of Transverse Section of Commercially Pure Titanium 
after 263 Hours Storage in Anhydrous FNA (20% NOs) 


50 


Photomicrograph of Transverse Section of Ti-8% Mn Alloy After 
Exposure to Anhydrous FNA (20% NOs). « 250 


possibly cathodically protected in the presence of the beta phase. Th 


titanium-manganese phase diagram (15) shows that the maximun 
solubility of manganese in alpha titanium at the eutectoid temperature 
(550°C) is 0.5%. The eutectoid concentration of manganese in bet 
titanium at the eutectoid temperature is 20%. That selective attack o! 
the manganese rich areas does take place was confirmed by the chemica 
analyses of the FNA for metals in solution. The ratio of titanium t 
manganese in solution in the acid was found to be 5 to 1, whereas th: 
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Photomicrograph of Ti-8* h Alloy eated in Vacuum 
) Quenched into Ice i ) treaking Seal, All-beta Pha 
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ratio of titanium to manganese in the alloy is approximately 12 to 1 
\ piece of the titanium-8% manganese alloy was heat treated so as 
to preserve the beta phase at room temperature. The photomicrograph 
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Fig. 11—Corrosion of Ti-8% Mn Alloy in Liquid-Phase An 
hydrous FNA (20% NOs) at 25, 54, and 71 °C 
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Fig. 12—Electrical Resistance Measurement of Corrosion-Time Behavior of Com 
mercially Pure Titanium in Anhydrous FNA (14.5% NOs) at 30 °¢ 








of Fig. 9 is a longitudinal section of an edge of the sample after storag 
for 24 hours in anhydrous FNA (20% NOsz). It appears that the corro 
sion mechanism was intergranular corrosion of the all-beta phase which 
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mechanism was also true of the all-alpha phase. It is possible, however, 
that the sample may have suffered stress-corrosion cracking in the 
highly stressed material remaining as a result of the drastic quench 
used to preserve the beta phase. 


Corrosion-Time Curves 

1. Weight-loss determinations—It is shown in Fig. 10 that “pure” 
titanium in liquid-phase anhydrous fuming nitric acid (20% NOdze) 
corroded according to a power-function law of the form w = kt” with 
exponent n of average value 0.38 over the temperature range of 25 to 
71 °C. The titantum-8% manganese alloy also corroded according to a 
power law during the first 20 hours of storage over the same temper 
ature range (11), however, the power-law exponent in this case was 
approximately 0.69. In the later stages of corrosion of the 8% Mn 
alloy the linear law was followed at 25 °C. The values of k increase 
with temperature ; however, the change in k per degree change in tem 
perature was not consistent for any one alloy. 

Clark and Walsh (16) have expressed the temperature coefficients 

the corrosion reaction between stainless steel 347 and FNA in 
terms of the Arrhenius equation and obtained an activation energy of 
11.6 keal. A similar treatment was given in the present study to the 
data obtained for the corrosion of titanium in anhydrous FNA (20% 
NOv), and values based on only three temperatures, and therefore 
considered approximate, were obtained. For commercially pure titan 
ium a value of 3 to 4+ kcal was observed, while for the titanium-8% 
manganese alloy a value of 10 to 11 kcal was obtained. These values 
are the same order of magnitude as those of Clark and Walsh for stain 
less steel, but since the mechanism of titanium corrosion is not entirely 
clear, these activation energy values have little significance at the 
present time. 

2. Electrical resistance method for determining corrosion-time 

\ number of investigators (17) have used an electrical re 

sistance method for obtaining corrosion-time curves. The method uti 
lizes the fact that the resistance of a conductor depends upon its cross 
section. In the case where corrosion rates are low, greater sensitivity 
in the resistance measurements is obtained when a tube is used as a test 
specimen. 

extent of corrosion, w (when restricted to the outer diameter of the 
tube), determined by electrical resistance measurements can be ex 
pressed in terms of mils per unit time, which can be evaluated in terms 


of the change in resistance, R, of the tubular test section and its original 


dimensions as indicated below 
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Table Il 
Effect of Removal and Replacement of Samples in FNA 
(20% NO,, 0% H,O) on Corrosion Rate 


Initial Storage Period Removed®* and Replaced in Same FNA 
Average Average Decrease 
Alloy Corrosion Corrosion Corrosion Corrosion in Rate 
mils) Rate (mils) Rate (%) 
mils/yr) (mils/yr) 


75A 0 5.80 0.141 3.73 35.7 0.041 


7! il 

C 110M 1.17 61.74 1.83 48.44 21.5 0.66 
Removed* and Replaced in Fresh FNA 

75A 0.103 5.43 0.159 4.21 22 

C 110M 0.974 51.40 1.78 47.11 8 


0.056 


4 
4 0.806 


*Coating not removed 
166 hrs 
Total time 331 hrs 


where the subscripts refer to the initial and final conditions and wher 
1),, is the original outer diameter, and d is the inner diameter of the tuly 

The extent of corrosion with time as obtained by this technique is 
shown in the log-log plot of Fig. 12. As can be seen, the corrosion-time 
relationship during the first half hour has the form w, 0.0033t°** 
Between the storage period of % to 34 hour there is a transition to 
different corrosion law where w, 0.009t"*, which has an exponent 
comparable to that found by the weight-loss method (i.e., 0.38). The 
exponent during the initial corrosion period is very close to 1, which 
implies a linear corrosion-time law and a constant corrosion rate. After 
2 to 44 hour of corrosion, however, there is a transition to the power 
law with exponent less than 4% which probably implies border-lin 
passivation. The apparent passivation shown by the decreasing corro 
sion rates of the commercially pure titanium is probably due to ce 
pletion of available intergranular sites at the surface by the corrosion 
process, which may be a function of the grain size of the titanium. Th 
larger the grain size, the smaller the number of intergranular sites at the 
surface for intergranular attack. The metal grains are probably passiv 
but the grain-boundary material which contains impurities is not pas 
sive and is readily attacked. 


Effect of Removal and Replacement of Sample in FN A on 
Corrosion Rate 
The effects of removal and replacement of titanium samples for suc 

cessive ]-week storage periods in anhydrous FN A are shown in Tab 
Il. Two groups of samples were employed, both groups were store: 
initially in anhydrous FNA for 1 week. Corrosion rates were com 
puted by the weight-loss method after the initial storage period without 
disturbing the dark coating on the samples. One group of samples was 
returned to the original acid for another 1-week storage period, the 
second group of samples was stored for 1 week in fresh acid. The cor 
rosion rates after the second l-week storage period were determined 
without disturbing the dark coating on the samples. 


| 
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When commercially pure titanium was returned to the same acid 
the corrosion rate decreased approximately 36% during the subsequent 

week storage period, while the extent of corrosion was increased by 
ihout 37% . When the material was replaced in fresh acid, of the same 
composition, the decrease in rate was 22%, while the extent of corro- 
sion was increased 54%. This behavior indicates that the available 
ntergranular corrosion sites were depleted by the earlier attack, and 

it the initial dark corrosion product on the metal was somewhat 
protective. 

When the titanium-8% manganese alloy was replaced in used acid, 
the decrease in corrosion rate was 21.5%, while the increase in extent 
f corrosion was 56%. Replacement of the samples in fresh acid re 
sulted in a decrease in rate of only 8% and an increase in extent of 
orrosion of nearly 83%. If the dark coating offered no protection to 
further corrosion, one would expect no decrease in rate and 100% in 
crease in extent of corrosion upon replacement in fresh acid. That these 
onditions are nearly satisfied in the case of the titanium-8% man 
ganese alloy confirms the observation of the corrosion-time curve that 
| nonprotective coating is produced on the alloyed titanium. The fact 
that the rate decrease is greater and the extent of corrosion increase 
smaller when the previously exposed alloy titanium was stored in used 
acid indicates either that acid decomposition is partly contributory to 
the corrosion behavior of the material, or that the acid was approaching 
saturation with respect to titanium and manganese, thereby slowing 
lown the solution rate. 

If Ff N.\ decomposition plays a role in the reduction of the corrosion 


rates, it is possible that the decomposition could be surface-catalyzed, 


nasmuch as the surface-to-volume ratio of the samples in both liquid 
and vapor phases of FNA was of the order of 0.24 cm™'. Since the 
ratios of metal surface to the liquid volume were small, the thermal 
decomposition may have been a greater factor in determining the con 
hguration of the corrosion-time curve than the effect of the corrosion 
of the metal and saturation of the solution by metal salts on the acid 
composition. This behavior could be applied to the commercially pure 
itanium when the total weight loss due to corrosion at either 54 or 
71 °C was of the order of 0.005 to 0.007 gram compared to a weight 
of FNA of approximately 45 grams. This represents a weight loss to 
KFNA volume ratio of 0.013%. On the other hand, the titanium-8% 
manganese alloy corrosion weight losses were of the order of 0.125 to 
0.165 gram and a weight loss to FNA volume ratio of 0.32%, which 
s higher by a factor of 25 than that of the commercially pure titanium 
In the case of the 8% manganese alloy there is the possibility that acid 
thermal decomposition, corrosion, and saturation of the acid with 
metals in solution play roles in the corrosion behavior. 

It is probable then that during the earlier stages of corrosion when 
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Table Ill 
30-Day Storage Tests of Titanium Alloys in FNA MIL-N-7254A Type III 
Corrosion Rate at Corrosion Rate at ‘orrosion Rate at 
Alloy 30°C Liquid Phase 71°C Liquid Phase 1°C Vapor Phase 
(mils/yr) (mils/yr) (mils/yr) 
ASS 0.0462 13.94 
Ti 75A 0.0475 10.06 
Ti 100A 0.0632 16.9 
C 110M 0.0632 14.75« 
\ 110AT 0.095 4.68 
Ti 140A 0.0475 3.13 
Ti 6A1-4V 0.20 6.66° 


*Rough corroded surface 
>Pitted 
Sparked when probed 


the corrosion rate is high in FNA of low HO concentration most of 
the corrosion damage was done to the titanium. Although the corrosion 
rates were comparatively low over-all, the corrosion damage of an 
hydrous F NA was high because of the production of the ignition sensi 
tive corrosion product, or of the stress-corrosion-cracking suscepti 
bility. 
; Thirty- and Ninety-Day Storage Tests 

1. Thirty-day storage tests of some titanium alloys in thermally 
stable F N A—Storage tests for 30 days at 30 and 71 °C of several 
titanium alloys were conducted using laboratory-prepared FNA of a 
composition conforming to specification Mil-N-7254A Type III, the 


results of which are shown in Table IIT. The Ti 6 Al-4V alloy had the 
highest corrosion rate at 30°C. The results of storage tests at 71 °¢ 
of the same alloys indicate that there is adequate-to-moderate resistance 
to attack by liquid-phase FNA. 

Examination of the duplicate specimens under 10 times magnificatior 


disclosed no stress-corrosion cracking around sheared edges or sten 
ciled identification numbers. Probing tests of the samples after moisten 
ing with fresh acid resulted in no ignition reactions. 

2. Ninety-day storage tests of some titanium alloys in specification 
VWil-N-7254.A FN A—Storage tests of titanium alloys, possibly suitable 
for fabrication in rocket components, in laboratory-prepared FNA of 
compositions sometimes used in rocket propellants at 54 °C were con 
ducted. The results of these tests and the compositions of the FNA 
used are shown in Table IV. 

There was no ignition sensitivity or stress-corrosion cracking of any 
of the samples stored in any of the acids of the range of composition 
used. The corrosion rates show perfect-to-adequate resistance to corro 
sion of the materials. The corrosion rates of the Ti 75A and 6AI-4\ 
materials in the FNA containing HF were high but were not high 
enough to cause concern ; of particular concern, however, is the fact that 
the 6.A\1-4V alloy exhibited pitting in the FNA containing HF. On the 
other hand, the Ti 75A was pitted after storage in Type I FNA. The 
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Mn Alloy fter Ex nin Anhydrous FNA (2 
N Ov) 


fi 75A exhibited low corrosion rates in Type III FNA and there was 
no ignition sensitivity nor stress-corrosion susceptibility. 


j 


mition and Stress-Corrosion Cracking of Titanium and Its Alloys 


1. Impact tests—Ignition of titanium and its alloys can be initiated 


hy impact or friction after exposure to FNA containing from 2.5 to 
28% NOs and 0 to 1.25% HsO for 1 to 4 hours. Fig. 13 shows one 


Table IV 
Average Corrosion Rates of Titanium Alloys Stored in FNA 
Specification MIL-N-7254A for 90 Days at 54°C 


Corrosion Rate 
Vapor Phase 
mils/ yr 


1.64* 
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Fig. 14. -Photomicrograph of Section of Specimen Shown in Fig 


of the samples that was recovered after an explosion in an impact test 
Close examination of the sample showed the presence of interference 
colors, indicative of an oxide film over the surface. .\t a magnification of 
5 or 10 times small globules were observed adjacent to pitted areas. A 
transverse section through one of these globules is shown in Fig. 14 
This material has the appearance of solidified spattered molten metal 

It is postulated that the ignition reaction is one between a finely 
divided metal presenting a large virgin surface area to a strong oxidize1 
FNA, which when brought to a high enough temperature in a smal 


1 
| 


concentrated spot by impact or friction initiates a rapid reaction. The 
ignition reaction product has been found to be TiQs. 
2. Impact tests on coating—aA calibrated drop-weight testing device 


(18) was used to evaluate the explosion sensitivity of the dark coating 
The dry powder was found to be not as impact-sensitive as TNT. How 
ever, when a small quantity of the material was moistened with a drop 
of FNA (14% NOs, 2% HeO) or with concentrated nitric acid the 
impact sensitivity was equal to that of nitroglycerine or mercury ful 
minate. 

Further tests using oxygen-rich compounds such as potassium per 
manganate and ammonium perchlorate resulted in explosicns with 
the dry coating material. When hydrogen peroxide (300 ) was used, 
however, no explosions were obtained. This behavior was probably due 
to the rapid decomposition of the small quantities of hydrogen peroxide 
used, 

The impact sensitivity of commercial powdered titanium was com 
pared with the material in the dark coating. It was found that powdered 
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titanium that had been previously stored in anhydrous FNA (20% 
NOs) would not detonate under impact either when dry or moistened 
with FNA. It is probable that the particle size of the commercial 
powdered titanium was larger than that of the material on the surface 
of the corroded titanium sheet. The finer particle size of the corroded 
material may permit a higher temperature to be generated upon impact 
or friction at a smaller localized area of the material, thereby creating 
i hot spot for auto-ignition. Another possibility is that the commercial 
powdered titanium surfaces were oxidized. A titanium oxide layet 
vould be protective to FNA corrosion limiting the extent of further 
reaction with the FNA and thus reduce the ignition tendency. 

3. Probing tests—Ignition of the titanium that had been exposed to 
inhydrous FNA (20% NOz) 1 to 120 hours could be initiated, after 


Fig. 15 tlectrically Heated Wire Burning Ignition Tests 


removal from the acid and drying, by probing with a hardened steel 


tool or by a piece of glass rod. If there was no nitric acid present, the 


material emitted sparks similar to those of the pyrophoric material used 
in cigarette lighters. When a drop of FN A was placed upon the sample 
prior to the probing, an explosion resulted ; the explosion was accom 
panied by a report similar to that from a .22-calibre-rifle discharge 
ignition could be initiated by sparks from a Tesla * coil, but could not 
he initiated by heating to red heat in a glass-working blast burner flame 

Samples that had been exposed to anhydrous FNA (20% NOs), 
vashed free of acid, and dried have been stored in air for periods of 3 to 
6 months. These samples, when moistened with a drop of fresh FNA or 
concentrated nitric acid, and then probed, gave violent ignition re 
ictions. 

!. Electrical wire burning tests—Some ignition tests were conducted 

electrically heating titanium wires by their own resistance when 
sealed in inverted glass T tubes with FNA of various compositions 
Mig. 15. It was found in these tests that electrically heated titanium 


M ufactured vy Ce 


’ ntral Scientif ( 
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Table V 
Effect of H,O on Corrosion Rate, Ignition Sensitivity, Stress-Corrosion Cracking, 
and Surface Appearance of Some Titanium Alloys Stored in FNA at Ambient 
Temperature for | Week 


Corrosion 
ate Ignition Stress Surface 
(mils/yr) Sensitive Cracked Appearance 
Commercially Pure Titanium 
5.0 Sensitive Ves ompletely 
Dark 
0.174 Slightly Yes Dark 
Sensitive Spots 
0.135 No No Clear 
0.076 Slightly No Clear 
Commercially Pure Titanium Stress Relieved in Vacuum 
0.22 Spots No Dark 
Sensitive Spots 
0.14 Spots No Dark 
Sensitive Spots 
0.14 Slightly No Clear 
Sensitive 
Ti—8% Mn Alloy 
80.0 Sensitive Severely ‘ompletely 
Dark 
10.7 Spots and Yes Dark 
Cracks Spots 
Sensitive 
19.4 Spots Severely Some 
Sensitive Spots 
0.30 Slightly No Clear 
Sensitive 
Ti—8% Mn Alloy Stress Relieved in Vacuum 
2.22 Spots No 
Sensitive 
1.86 Spots No 
Sensitive 
0.53 Slightly No 
Sensitive 


wires would burn in FNA of compositions ranging from 0 to 20% 
NOs and 0 to 5% HO. On the other hand, pure iron and aluminum 
wires of the same size did not burn but merely melted when exposed to 
FNA of identical ranges of composition. The time of exposure of the 
titanium, iron, and aluminum wires in the FNA environment had little 
measurable effect upon their reactions when electrically heated. 

These tests show that titanium can burn in FNA when heated to a 
high enough temperature and that the FN A will support the combus 
tion. The temperature of the electrically heated titanium wires esti 
mated from the time constant of the pulse circuit was approximately 
1200 °C (2190 °F). This estimated temperature is between the melting 
point of titanium (1725 °C) (3135 °F) and orange-red heat (approxi- 
mately 900 °C). The titanium wires were observed to glow orange-red, 
and the FNA was observed to boil prior to the ignition. It is therefore 
believed that the estimated temperature is a reasonable approximation 
of the auto-ignition temperature. The value, however, may be in error 
by several hundred degrees centigrade, principally owing to the esti 
mate of the wire temperature. 

5. Effect of NO, and H2O concentration in FNA on ignition sensi 
tivity and stress-corrosion cracking—The effect of H2O on the ignition 
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Table VI 
Effect of NOz on Corrosion Rate, ignition Sensitivity, and Stress-Corrosion Cracking 
of Some Titanium Alloys Stored in FNA at Ambient Temperature for | Week 


Corrosion Stress 
He2O Rate Ignition Cracked 
o) mils/yr) 


Commercially Pure Titar 
0.29 
0 22 
0.28 
0.22 


0.051 


=e 


ZLZZZ4 


ommercially Pure Titaniun 
0 11.24 
0 3.76 
0 1.21 
0 0.62 
0 0.55 
Ti 
26.2 
18.8 
15.6 


ZALZAZ 


Mn Alloy Stress Relievs 
116.6 
104.0 
48.5 
39.5 
21.4 


sensitivity of the titanium after exposure to F NA of relatively constant 
NOs concentration (1.e., 20% NOs) is shown in Table V in the range 
fO0to0.8% HeO. 

\s can be seen in Table VI, the NO, content of anhydrous FNA in 
which the samples were exposed had some effect on the ignition sensi 
tivity ; all samples were either slightly sensitive or were explosive after 
exposure to anhydrous FNA containing 2.5 to 28% NOs. The tend 
ney was toward more violent explosions after exposure to FNA of 
higher NO, concentration. This behavior was probably related to th 
higher corrosion rates, and consequently the larger accumulation of 
tinely divided titanium on the sample, associated with the higher NO» 
oncentration. 

Pitanium and its alloys stored 1 to 4+ hours in FNA containing 0 to 
1.25% HO and 2.5 to 28% NOs will exhibit some degree of ignition 


sensitivity. The upper limit of the H2O concentration discussed here 


is greater than that shown in the Tables to develop ignition sensitivity. 
Itis believed, however, that the errors inherent in the chemical analysis 
f H,O in FNA produce an uncertainty in the H2O determination. It 
is this uncertainty that makes mandatory, for factor of safety con 
iderations, this higher upper limit, i.e., 1.25% of the HzO concentra 
tion in FNA rather than 0.8% as shown in Table V, if sensitivity to 
pyrophoricity is to be minimized. 

Reference to Table V shows that the tendency towards stress 


orrosion cracking of these metals ceases when the H»O concentration 
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is between 0.7 and 0.8%. Table VI shows that the stress-corrosion 
cracking tendency of the commercially pure titanium was critical], 
sensitive to the NOs concentration, while the 8% manganese allo, 
stress-cracking susceptibility was not critically dependent upon the 
NOsz concentration in the range studied ; commercially pure titanium 
was not susceptible to stress-corrosion cracking in anhydrous FNA 
with NOs concentrations of 6.45% and below, but this alloy did ex 
hibit stress cracking tendencies in anhydrous FNA when the NO, 
concentration was 7.24% or greater. The titanium-8% manganese 
alloy, on the other hand, was susceptible to stress-corrosion cracking in 
anhydrous FNA with NOs concentrations of 2.5 to 28%. 


Effect of Stress Relieving Heat Treatment on Stress-Corrosion 
Cracking and Ignition 

The effects of stress relieving heat treatment as well as NO» and 
H.O content of the FNA on the stress cracking susceptibility of com 
mercially pure titanium and the titanium-8% manganese alloy are also 
outlined in Tables V and VI. Stress relieving heat treatment will relieve 
the stress-corrosion cracking tendencies of commercially pure titanium 
and the titanium-8% manganese alloy. Stress relieving, however, does 
not relieve the tendency of the material towards ignition sensitivity 
This fact is perhaps best illustrated by the effect of stress relieving on 
hoop-test stress-corrosion samples. None of the bent and clamped 
samples that were stress-relieved prior to storage in anhydrous FNA 
(20% NOz) at storage temperature of either 30 or 71 °C were stress 
cracked. However, those stress-relieved samples that had been stored 
for periods exceeding 8 hours were susceptible to ignition reactions 
Samples stored for 120 hours were violently pyrophoric. 

Three conclusions may be drawn from these findings: (a) stress 
relieving will alleviate the tendency toward stress cracking of titanium 
exposed to FNA; (b) stress relieving does not relieve the pyrophoric 
reaction tendencies of titanium that has been exposed to anhydrous 
FNA; (c) titanium that has been stored in anhydrous FNA (20% 
NOs) will be sensitive to ignition reactions whether stress-cracked ot 
not. ‘ 

SUMMARY 

The findings of this study are summarized in the following para 
graphs. 

The corrosion behavior of titanium and its commercially availabk 
alloys at 25, 54, and 71 °C was studied. The corrosion rates increas¢ 
with increasing NQOy in the range 0 to 20% and decrease with increas 
ing H.O in the range 0 to 20%. This behavior is believed to indicat 
that both the NO* and the NOz* ions are the rate determining species 
in FNA, 


The corrosion product removed from commercially pure titanium 
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iiter exposure to anhydrous FNA (20% NOs) was found by x-ray 
diffraction and chemical analysis to be titanium metal. 

\ white residue obtained by vacuum evaporation of FNA after stor- 
ie with commercially pure titanium was found by chemical analysis 
to be of the form TiO (NOxs)o* xHoO. 

Metallographic observations indicate that the probable mechanism 
if corrosive attack of the fuming nitric acid on titanium and titanium 


Wloys is through intergranular corrosion of the all-alpha or all-beta 


material. Similar observations of the mixed alpha-beta alloy indicate a 
possible galvanic or electrochemical mechanism of the attack by liquid 
phase fuming nitric acid. 

Chemical analysis of the F NA for metals in solution after corrosion 
of the 8% manganese alloy indicated a ratio of titanium to manganese 
in the solution of 5 to 1; in the solid alpha-beta alloy the Ti-Mn ratio 
is 12 to 1. This increase in manganese ratio in solution in the acid con- 
firms that there was selective attack by the F NA on the manganese-rich 
beta areas of the alloy. 

The corrosion-time curve of commercially pure titanium in anhy- 
drous FNA (20% NOz) followed a power-function law resulting 
either from a diffusion-controlled corrosion mechanism with an ad 
herent film or from the depletion of intergranular corrosion sites at the 
surface. The time exponent in the power law was less than 0.5 and was 
independent of temperature in the range of 25 to 71 °C. This behavior 
indicates the possibility of border-line passivity of the commercially 
pure material. 

The corrosion-time curve of the titanium-8% manganese alloy in 
the same corrosive medium followed a power-function law for the 
period of 0 to 30 hours. The time exponent was greater than 2, indi 
cating the formation of a semipermeable coating offering limited pro- 
tection to continued corrosion. The time exponent was independent of 
temperature. In the latter stages of corrosion at 25 °C the corrosion 
time behavior was linear indicating a loosely adherent coating which 
offers little protection ; however, at 54 and 71 °C the corrosion behavior 
in the later stages of corrosion was unexplainable by any single mechan 
ism. 

Ignition or pyrophoric reactions of titanium and its alloys can be 
initiated by impact or friction after exposure to fuming nitric acid con 
taining from 0 to 1.25% He2O and from 2.5 to 28% NOs for periods of 
time exceeding 4 hours. 

The ignition phenomenon is associated with a chemical change 1n 
the metal surface, which is observed to darken. This conclusion was 
drawn from the observation that, upon removal from the fuming nitric 
cid and washing, metal can be ignited by probing with a glass rod or 
hardened steel tool after moistening with fresh acid. 

Che metal stored in liquid-phase anhydrous FNA (20% NQOdg) indi 
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cated tentative ignition sensitivity after the first hour of storage. Pyro 

phoric reactions of greater violence were produced with longer storag: 
periods and higher storage temperatures, the most violent ignition r 

actions were developed with the titanium-8% manganese alloy; hoy 

ever, explosions were produced, with all of the commercial sheet alloys 
and iodide titanium sheet after storage periods of approximately 24 
hours or greater in anhydrous FNA (20% NOz) over the temperature 
range of 25 to 70 °C. 

The tendency for stress-corrosion cracking of these alloys increases 
with increasing NOs content in FN A in the range of 0 to 28% and de 
creases with increasing water in FNA in the range 0 to 1%. Stress 
relieving heat treatment will alleviate the tendency toward stress 
corrosion cracking of titanium and its alloys in anhydrous FNA. The 
stress relieving heat treatment will not remove the susceptibility of the 
material toward pyrophoric reactions after storage in anhydrous FN A 
(2.5 to 28% NOs). 

No violent ignition reactions or indications of stress-corrosion crack 
ing susceptibility have resulted when titanium and titanium alloy 
samples were stored in laboratory-prepared FNA of compositions 
sometimes used in rocket applications in the temperature range 25 to 
71 °C. It should be pointed out that there were evidences of pitting cor- 
rosion of some alloys in white fuming nitric acid and in inhibited red 
fuming nitric acid (which contains HF ). Furthermore, mention should 
be made of the fact that the 6Al-4V titanium alloy showed some sparks 
upon probing after 30 days storage in RFNA at 71 °C. 

The corrosion rates in this paper, although expressed in mils per year 
for comparison purposes, are based upon exposure periods of 1 week 
to 90 days and, therefore, the results should not be extrapolated for the 
prediction of long-term behavior of any titanium alloy in FNA of any 
composition. 

It has been shown in 30- and 90-day laboratory storage tests of sheet 


specimens that no ignition reactions or stress-corrosion cracking oi 
samples occurred when the H,O concentration of the laboratory pre 
pared NA was above 1.3% (0 to 20% NOz). The effects of longet 
storage periods or the effects of crevices or fabrication stresses on the 


corrosion, ignition sensitivity, or stress-corrosion cracking of titanium 
alloys in commercial FNA was not investigated in this study. There 
fore, it is suggested that considerable care be exercised in the use of 
titanium alloys in NA applications until the user has satisfied himsel! 
of the suitability of the material by long term testing of fabricaced com 
ponents in the NA of intended use. 
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DISCUSSION 


Written Discussion: By L. L. Gilbert, head, Materials Department, Aerojet 
neral Corporation, Azusa, California 
would like to commend the author on a very thorough investigation and 
excellent paper. We have closely followed this work and consider it neces 
to the clear understanding of this mechanism he inhibiting influence of 
on pyrophoricity and stress corrosion confirms our observations. 
ince FNA is such a useful propellant in liquid rocket systems, the positive 


of this problem must be emphasized in future work. It is necessary to 
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establish conditions under which safe, reliable, engineering performance cai 
established. This should include extended time of exposure in vessels, that n 
allow for deterioration effects of acid in crevices or in blind openings, as 
as of fabrication stresses. It is also desirable to concentrate this work or 
available favorable alloys and usable acid compositions that would be utiliz: 
such systems. 


We believe that we should emphasize that, in our experience, pyrophori 


of titanium results from contact with abnormal acid. The stress corrosion as; 
can be even more severe than that of pyrophoricity 

Written Discussion: By M. E. Komp, supervisor, Process Develop: 
Mallory-Sharon Metals Corporation, Niles, Ohio. 

I would first like to compliment Mr. Rittenhouse and his staff on this excellent 
paper, which shows evidence of very meticulous work. The results are certa 
quite valuable and well worth the effort put forth to achieve them 
Two items which I feel should be brought out for emphasis are 


1. Practically all commercial and military grades of fuming nitric acid 
within the “safe concentration range” as outlined in the paper 
2. Stress-corrosion cracking of titanium in fuming nitric acid can be eliminat 


by use of proper stress-relieving heat treatments. 


Even in view of these items, however, we are in complete agreement wit! 
recommendation that simulated service tests be conducted before titaniun 
specified for use in fuming nitric acid. 

The indication of possible galvanic action between alpha and beta titaniu 
interested us, in that at one time we felt this may be occurring in nitric 
hydrofluoric acid pickling solutions. However, experiments disproved this theory 
Evidently, the alpha and beta phases are both so extremely active in solutions 
containing hydrofluoric acid that galvanic effects are obviated 

The fact that titanium will ignite and burn in fuming nitric acid was rather 
astounding. Of course, the temperature at which this happens (2200 °F) is f 
above the maximum service temperature for any titanium alloy, and thereforé 
the fact is not too important from a practical standpoint. 

The theory of the chemistry of the ignition reaction was most interesting. If 1 
is true that the ignition is due to finely divided titanium at the surface of t! 
metal, perhaps it would be well to determine the actual particle size of this 
material. Also, it would be well to determine if the larger particle size of con 
mercial titanium powders is the reason that they are not ignition sensitive 
if they have an oxide surface layer which prevents the reaction 

Other items which possibly should be investigated are the effect of impurities 
in commercial fuming nitric acid and the effect of surface finish of the titaniur 
either of these items could play a very important part in actual service conditions 

Written Discussion: By G. A. Lenning and E. FE. Millaway, Process Reseat 
Division, Titanium Metals Corporation of America, Henderson, Nevada 

The precise data presented in this paper are of great value in explaining 
action of fuming nitric acid on titanium. 

Regarding FNA decomposition, the surface-to-volume ratio of 0.24 cm” seet 
small to be of much effect in any surface-catalyzed decomposition of FN A 
though a low surface-to-volume ratio exists initially, the surface-to-volu 
ratio would be very large in a layer of finely divided titanium. If surta 
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italyzed decomposition of FNA plays a role in the reduction of the corrosion 
the concentration of the reaction products in the fine titanium layer could 


ecome very high and the corrosion rate would be a function of the diffusion of 


NA into and of the reaction products out of the layer 
rhe absence of ignition sensitivity of titanium fines exposed to FNA is in 
If passivity is due to an oxide film, it might be that a trickle current 


resting 
formation of a pyrophoric layer by the application of a heavy anodized 


te 


ould result in an anodized film sufficient to significantly retard corrosion and 


the 


ting about 3 mils or so in thickness. 
Since a difference was shown in development of pyrophoricity between the 


s-produced and the annealed conditions of commercially pure titanium and 


8Mn alloy, it would be of interest to know the source of the titanium fines 


Ty 
li 
used in the investigation. Titanium fines obtained from the screening of titanium 


educed by sodium reduction and fines obtained from ground titanium hydrides 


ight have significant differences in surface condition 


Written Discussion: By Howard B. Bomberger, supervisor, Fundamental Re 
search, Midland Research Laboratory, Crucible Steel Company of America, Mid 


nd, Pa 
lhe author has done an interesting but difficult piece of research. 
His analysis of the nature of the pyrophoric substance is supported by similar 


rk in which Ti-8Mn alloy and commercially pure titanium were also exposed 


to fuming nitric acid.* In this work the action of the acid was also found to dis 


re 
>. - eaten 


Tey y 


Ti-8% Manganese Alloy After Exposure 
Nitric Acid. x 250 


Ay sgfoob ply - 
. SO hot 


Days to Red Fuming 


1 Inhibiti 


Bomberger, 
O&7 a+ 


5 p 
I 
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Fig. 17—-X-Ray Diffraction Patterns of the Ti-8Mn Alloy Shown in Fig. 16. The bott 

pattern shows the lines of the normal alpha-beta structure for the metal unaffected by tl 

icid, whereas the top pattern indicates that only the alpha phase remained in the corro 
ireas. Also, note absence of asterism (i.e., absence of cold work) in the leached metal 


solve part of the metal away and leave a highly active powder on the surfac« 
shown in Fig. 16. X-ray patterns of this powder are given in Fig. 17. These i 
cate that the action of the acid is to dissolve preferentially the beta phase from tl 
two phase alloy and leave very fine, essentially all-alpha titanium on the surfa 
The commercially pure titanium, consisting almost entirely of the alpha phas« 
had a higher order of resistance under these conditions than displayed by the alloy 
It may be well to note that chemically, titanium is a very active and powerful 


reducing agent. Consequently, it is not surprising that fine titanium powder ex 


posed to a powerful oxidant such as fuming nitric acid needs only a small activa 
tion energy to produce a highly energetic reaction. Similar results can be expecté 
with any active metal in a finely divided state. 


Author’s Reply 


The author thanks Mr. Bomberger for his discussion of the paper and is pleas¢ 
to find that Mr. Bomberger’s experiments agree with our findings of the nature of 
the pyrophoric substance. As was pointed out by the author,* we used the evi 
dence of chemical analysis, powder x-ray diffraction photograms of the material 
removed from the corroded metal surface, and metallographic examination und 
polarized light of the corroded residue in situ for our conclusion that the pyt 
phoric reaction was one between finely divided titanium metal and the strong 
oxidizing agent fuming nitric acid. These techniques were also used to establis! 
the preferential attack of the FNA on the manganese-rich beta phase of the tw 
phase Ti-8 Mn alloy. 

The comments of Mr. Bomberger concerning the chemical activity of fine! 
divided metal powders in the presence of strong oxidizing agents are well take 
It is a fact that solid iron and low alloy steel will burn in pure oxygen when thi 
metal temperature is about 1600 °F. 


* J. B. Rittenhouse, “The Corrosion and Ignition of Titanium in Fuming Nitric A¢ 
Symposium on Titanium, p. 145, ASTM Special Technical Publication No. 204, Se« 
Pacific Area National Meeting, Los Angeles, California, September 17 and 18, 1956 
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[he author wishes to thank the Messrs. Gilbert, Komp, Lenning and Millaway 

their interesting discussions of this paper. 

We are in complete agreement with the comments of Mr. Gilbert with regard 

the necessity for the establishment of safe, reliable, engineering conditions for 
he use of titanium materials in fabrications for fuming nitric acid containers. We 
ilso agree that any future work on this problem should be concentrated on the 
usable titanium alloys and the fuming nitric acid compositions used in rocketry 

In our work, we concentrated our efforts on an understanding of the pyro 
horic and stress corrosion mechanisms and, therefore, used acid compositions 

ich we had found would reproducibly produce these reactions 

We do not quite agree with Mr. Gilbert’s comment concerning abnormal acid 

ce he does not define what an abnormal acid is. If he means by abnormal acid 


mposition high in nitrogen dioxide content (10-20* 


) and low in water con 
entration (0 to 0.5%), then we are reasonably sure that high corrosion rates, 
phoric reactions and stress corrosion cracking behavior of titanium material 
it has been stored in a fuming nitric acid of these concentrations is imminent 
We feel that the comments of Mr. Komp are well taken; the areas of future 
rk which he outlines were all under consideration by the author. We feel 
wever, that the present paper has outlined the boundary conditions for the be 
ivior of titanium materials exposed to fuming nitric acid 
With respect to the wire burning experiments, we wished to establish two 
nts: The first and obvious one—that the nitric acid would support the titanium 
mbustion. The second was to arrive at an ignition temperature for the reaction, 
we have obtained an approximation for the ignition temperature from these 
experiments. 
We appreciate the interesting comments of Messrs. Lenning and Millaway ; 


wwever, unfortunately, a thorough understanding of the stoichiometry of the 


reaction of titanium in fuming nitric acid was not determined in this investigation 
use of the lack of time. The experiments that were conducted with titanium 
der were admittedly incomplete and certainly arrant more work for a 
plete explanation of the mechanism of the corrosion of titanium in fuming 
itric acid and the effects of particle size, protective layers, and surface-to 


lume ratios on the kinetics of the corrosion rea 





THE ACTIVATION ENERGIES FOR CREEP OF 
POLYCRYSTALLINE COPPER AND NICKEL 


By P. R. Lanpon, J. L. Lytron, L. A. Sueparp anp J. E. Dory 


Abstract 

Activation energies for creep of polycrystalline Cu and 
Ni were obtained by the technique involving the effect of an 
abrupt change in temperature on the creep rate. In general 
the activation energy for creep was found to increase with 
increasing temperatures from a low value of about 3,000 
to 5,000 calories per mole at 78 °K to that for self-diffusion 
at the highest temperatures. The experimental results were 
discussed in terms of dislocation intersection, cross-slip, 
solute atom locking and climb mechanisms for creep 
(ASM-SLA Classification: Q3, P13a; Cu, Ni) 


HE CREEP behavior of polycrystalline alloys has been shown t 
depend on time and temperature in accord with the functional r 
lationship (1—6).' 


e—{ (0) for o = constant Equation 
where 

« = the total plastic strain during a creep test, 

f =a function that depends on the stress, 

6 =te*"’*T 4 temperature-compensated time, 

t — time under stress, 

e = base for natural logarithms, 

AH. = the activation energy for creep, 
R =the gas constant, 
T = the absolute temperature. 


When the test temperature exceeds about one-half of the melting ter 
perature, creep of polycrystalline metals is accompanied by subgrat 
formation and tilting (2) suggesting that the rate-controlling mechat 
ism for high temperature creep might be dependent on the rate 
which dislocations climb. This concept is further substantiated by the 
fact that the activation energies for high temperature creep of various 
metals are equal to those for self-diffusion (3—5,7). Preliminary th 
ories based on a dislocation climb mechanism for higher temperatur’ 
creep have been suggested by Mott (8) and Weertman (9). 

When Equation 1 is applied to temperatures somewhat Lelow about 


he figures appearing in parentheses pertain to the references appended to this paper 


\ paper presented before the Fortieth Annual Convention of the Society, he! 
in Cleveland, October 27-31, 1958. The authors, P. R. Landon, J. L. Lytton 
\. Shepard, and J. E. Dorn, are associated with the Department of Engineering 
University of California, Berkeley, California. Manuscript received September 
1957 
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half of the melting temperature, the correlations that are suggested, 

ing activation energies for self-diffusion, no longer correspond with 
experimental facts (1-3). Such failure of Equation 1 may arise 

m two possible causes : First the validity of Equation 1 is predicated 
the concept that the subgrain structure that is produced during 
creep at a given stress depends only on the creep strain, being inde 
pendent of the test temperature. Consequently if different substructures 
re produced for each new low test temperature, Equation 1 will fail 
nd a more general method of obtaining activation energies will have 
to be adopted. Secondly the failure of Equation 1 upon extension to 
peratures below one-half of the melting temperature may arise as 
result of the substitution of other rate-controlling processes for 
reep which have different activation energies from that for a 
lislocation-climb process. A new, universally valid, technique (10) for 
btaining the activation energies for creep was therefore introduced in 
n attempt to determine which of these two possible causes might have 
wen responsible for the apparent failure of Equation 1 when it was 
ipplied below about one-half of the melting temperature. The proced 
ure consisted of determining the creep rate just below and immediately 
ollowing a small abrupt change in temperature. Under these condi- 
tions the effect of temperature alone on the creep rate could be isolated 


since the stress and the structure of the specimen just following a 


change in temperature must be the same as those the instant before 
the temperature was changed. Since creep can only arise as a result of 
thermal activation, 

e,/e ” Sanaa: ene Equation 2 
vhere the symbols have already been defined and where the subscripts 
| and 2 refer to the conditions just preceding and immediately follow- 
ing the small abrupt change in temperature from T, to Ty. By this 
neans the activation energy, AH seep) is easily determined. Extensive 
investigations on high purity polycrystalline aluminum (11-13) have 
shown that the apparent activation energies for creep obtained in this 
vay are insensitive to stress and strain. They depend only on the tem 
perature as shown in Fig. 1. 

Undoubtedly the high temperature creep process characterized by 
he activation energy of 35,500 calories per mole, which is the activa- 
tion energy for self-diffusion in aluminum, arises from a dislocation 
limb process of creep. At lower temperatures an alternate process hav 
ig an activation energy of 28,000 calories per mole is observed. 
‘trom (14) has shown that the same two unique activation energies 
re obtained by isothermal release of stored energy upon annealing 
old worked aluminum. Consequently the 28,000 as well as the 36,000 
alorie per mole process must be associated with unique recovery 
nechanisms in aluminum. 

The calculations by Schoeck and Seeger (15) and Schoeck (16) 
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Fig. 1-—-Activation Energies for Creep of Pure Aluminum as a Function of 
Temperature. 
suggest that creep in the range of temperatures where the 28,000 
calorie per mole process predominates might be controlled by a process 
involving nucleation of cross-slip. This suggestion is partially sub 
stantiated by the fact that the activation energy for cross-slip in alum 
inum is estimated to be about 23,000 calories per mole (15) which is 
only slightly less than the observed value of 28,000 calories per mole 
The rapidly decreasing values of the observed activation energy for 
creep of aluminum with decreasing temperatures over the low tem 
perature range has not yet been satisfactorily rationalized. If a single 
unique process controlled the creep rate, the observed activation ener 
gies would have been constant over this range of temperatures; ob 
viously the observed trends of activation energy witi temperature 
over the low temperature range must arise from the simultaneous par 


ticipation of several processes characterized by different activation 


energies. It has been suggested that the active mechanisms involve dis 
location intersection processes (16) but no definitive proof of this pos 
sibility has yet matured. 

Whereas the dislocation climb model is quite well established as the 
rate-controlling mechanism for high temperature creep, it is not yet 
unequivocally determined that the intermediate temperature process 
arises from cross-slip and that the low temperature processes are due 
to dislocation intersection mechanisms. It was therefore considered 
advisable to study more thoroughly the actual activation energies fot 
creep of several face-centered cubic metals in an attempt to shed moré 
light on the intermediate and low temperature mechanisms of creey 
It was hoped that the activation energies for low and intermediat: 
temperature creep for Cu and Ni in addition to those for Al would 
help to identify the rate-controlling mechanisms that might be active 


MATERIALS FOR TES1 
Two materials were investigated, a commercially available OF H( 
copper and a specially prepared “high purity” nickel. The copper was 
the same as that previously used by Tietz and Dorn (10) while th 
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nickel * corresponds to the vacuum-melted material previously re 
ported by Hazlett, Parker and Nathans (17) having the following 
chemical analysis in weight percent : 
hee SI ) Me . \ Ni 
by difference 
0.030 0.003 0.001 0.020 0.002 99 94 


The magnesium was purposefully added to react with the sulphur and 
reduce the tendency of the nickel to hot-shortness. Both copper and 
nickel were tested in the form of tension specimens prepared from 
annealed rolled sheet having a mean grain diameter of about 0.02 mm. 

Cu was selected as one of the materials for this study because its 
stacking-fault energy, about 40 ergs per square centimeter, is so much 
lower than that for aluminum, over 200 ergs per square centimeter 

15). This difference in stacking-fault energy is reflected in the dis 
tance between the partial dislocations and results in a pronounced dif 
ference in the activation energy for cross-slip. For example, Schoeck 


and Seeger (15) estimate that the activation energy for cross-slip in 


(1 
Cu is about 230,000 calories per mole. This value is so high that creep 


by cross-slip in copper should be highly improbable. 

Nickel was selected as the second material for this study in an at 
tempt to obtain a possible limiting value of the minimum operative 
activation energy for creep at low temperatures. As noted in the case 
of aluminum the activation energy decreases with decreasing temper- 
atures. Undoubtedly below a sufficiently low temperature only the 
single easiest process characterized by the lowest unique activation 
energy should be operative. It was thought that this process could be 
identified for nickel in the vicinity of 78 °K in view of the fact that for 
nickel, 78 °K is a iow temperature relative to the melting temperature. 

The stacking fault energy of nickel has been estimated to be about 
80 ergs per square centimeter, from twinning and slip band observa 
tions (18). Though this value is double that for copper, nickel is ciassi 
hed among the low stacking fault energy metals as contrasted to alumi 
num. 

I.XPERIMENTAL RESULTS 

In view of the extensive proof that the activation energies for creep 
of Al were insensitive to stress and strain (1,2), it was considered un 
necessary to again reestablish this fact for the copper and nickel data 
being reviewed here. Limited verification of the validity of the inde 
pendence of the activation energies for creep of Cu over ranges of strain 
and stress for two temperatures is given in Fig. 2. The observed activa 
tion energies for creep of Cu as a function of the average test temper 
iture are shown in Fig. 3 and these data are compared with those for 
pure aluminum in Fig. 4, in terms of a plot of the activation energy for 


* The vacuum-melted nickel was kindly supplied by Professor T. H. Hazlett. 
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Table I 
Activation Energies for Self-Diffusion 


H Self-Diffusion 
Element Calories per Mole Reference 
Copper 45,000 M.S. Maier & H. R. Nelson; Trans 
49,000 AIME, V. 147,1942, p. 39 
single crystal) 


46,800 C. L. Raynor, L. Thomassen & L. J. Rouse; Trans. ASM 
V. 30, 1942, p. 313 


44.000 K. N. Rhines & R. F. Mehl; Trans. AIME, V. 128, 1938 
p. 185 


57,200 J. Steigman, W. Shockley & F. ( Nix; Phys. Re 
V. 56, 1939, p. 13 


61,400 B. V. Rollin; Phys. Rev., V. 55, 1939, p. 231 

47,000 A.S. Nowick; Jnl. of Applied Physics, V. 22, 1951, p. 1182 

54,000 B. H. Alexander, G. C. Kuczynski & M. H. Daws 
Physics of Powder Metallurgy 1951 McGraw-H 
Book Co 

56,000 G. C. Kuczynski; Trans. AIME, V. 185, 1949, p. 169 


47,120 F. Seitz & D. Lazarus; Progress Rpt.. University 
Illinois, AEC AT (11-1)-67, Project 3 


48,000— Best Value 


61,000--65,000 H. Burgess & R. Smoluchowski; Jnl. of Applied Phys 
V. 26, 1955, p. 491 


66,800 R. E. Hoffman, F. W. Pikus & R. A. Ward; Tra 
AIME, V. 206, 1956, p. 483 


65,000— Best Value 


creep relative to that for self-diffusion as a function of the absolut: 
temperature of test relative to the absolute meiting temperature. The 
activation energy for self-diffusion of copper was selected to be about 
48,000 calories per mole on the basis of the values given in Table I. 
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The high temperature activation energies for Cu were obtain 
from the analysis of published data by Sherby, Orr and Dorn (3) and 


some of the intermediate temperature values were those reported by 
Tietz and Dorn (10) as documented in the figures. 

The experimentally determined variation of the activation energi« 
for creep of nickel with temperature is shown in Fig. 5. The result 
previously obtained by Hazlett, Parker and Nathans (17) as well a 
those obtained by Weertman and Shahinian (19) are also recorded a 
documented in the figure. For purposes of comparison, the results for 
nickel are plotted along with those for aluminum in terms of the rati 
of the activation energy for creep to that for self-diffusion as a function 
of the ratio of the absolute temperature to the melting temperature, as 
shown in Fig. 6. 

DIscUSSION 

As shown in Figs, 1, 3 and 5, face-centered cubic metals generally 
exhibit activation energies for creep that increase with increasing test 
temperatures. Undoubtedly these metals can creep by a series of alter 
nate processes, the lowest activation energy processes being most prey 
alent in determining the creep rates at the lowest temperatures. Al 
though it was anticipated that nickel and perhaps copper might exhibit 
a low value of activation energy for creep that was constant over a 
range of temperatures in the vicinity of 78 °K, this limiting conditior 
was not achieved. Lytton, Shepard and Dorn (20), however, have 
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wn that such a constant minimum value of activation energies for 
eep actually exists, having obtained the unique value of 3400 calories 
per mole in tests on single crystals of aluminum. Consequently it is rea- 
sonable to anticipate that copper and nickel also exhibit definite mini- 
mum activation energies for low temperature creep other than zero. In 
terms of the results reported here the minimum activation energies for 
creep of copper and nickel are somewhat less than 4000 and 5000 cal 
ries per mole respectively. Such low values of the activation energy for 
‘reep of these metals is not easily rationalized in terms of a possible 
dislocation intersection mechanism for low temperature creep. The 
ctivation energies for intersection of dislocations in both copper and 
nickel might be expected to be appreciably greater than that for alumi 
num in view of the greater separation of partial dislocations in these 
metals. Furthermore, the insensitivity of the activation energy of creep 


the applied stress, as documented so completely in the case of high 


purity aluminum at low temperatures, is also at variance to the trends 
that are expected in terms of a dislocation intersection mechanism for 
eep. 
\s shown in Figs. 3 and 4, copper exhibits a unique activation en 
ergy of about 37,000 calories per mole at intermediate temperatures 
corresponding to the 28,000 calorie per mole process obtained in high 
purity aluminum. As shown by Seeger and Schoeck (15), the 28,000 
alorie per mole process in aluminum might well arise from the possi 
bility that the rate-controlling process for creep where this process pre 
dominates is nucleation of cross-slip. In contrast, however, the appar 
ently corresponding 37,000 calorie per mole process for creep of 
opper cannot be ascribed to a cross-slip mechanism since the estimated 
ctivation energy for cross-slip in Cu is about 230,000 calories per 
nole. Evidently new investigations and further review of additional 
possible mechanisms for creep will be required to resolve the questions 
arising from the well-substantiated existence of the 37,000 calorie per 
1ole process for creep of copper 
\s shown in Figs. 5 and 6, the activation energies for the creep of 
ickel (although in general they increase with increasing temperature ) 
show several characteristics distinctly different from those of alumi 
num and copper. First, the observed activation energies for nickel in 
rease more rapidly with an increase in temperature than those for 
uuminum and copper. Second, nickel does not exhibit a unique activa 
n energy corresponding to the 28,000 or the 37,000 calorie per mole 
processes in aluminum and copper. The absence of this activation 
nergy might be expected in view of the much greater activation energy 
lor cross-slip of nickel than aluminum. But on this same basis the 
unique value of 37,000 calories per mole for creep of copper should 
qually have been absent. Finally, the activation energies for creep of 
uckel over the range of temperatures from about 450 to 800 °K ex 
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ceeds slightly that of 65,000 calories per mole for self-diffusion. 
similar but more pronounced effect of this type has been studied in di 
tail in a 3.2 atomic % magnesium alpha solid solution in aluminu 
(21). In this case it has been clearly established that the abnormal 
high activation energies result from solute atom locking. The absenc: 
of such abnormally high activation energies in the data for aluminu 
and copper suggest that these metals were sufficiently pure to avoid 
large locking effects. 

The strain aging of nickel of similar purity to that used here was 
studied in some as yet unpublished work of Hazlett and Parker, pri 
vately communicated. A series of specimens, prestrained 4% at roo 
temperature, were aged for a series of times at a number of constant 
elevated temperatures, and then retested at room temperature. Speci 
mens aged at 473, 573 and 673 °K showed both a definite yield point 
on restraining and an increase in yield strength over the maximum pri 
strain stress. For the 773 °K specimens, a smaller yield was noted wit! 
out an increase in yield strength. For 923 °K and higher aging treat 
ments, no yielding was obtained. These observations correlate ver 
well with the appearance of the activation energy peak in nickel, Figs. 5 
and 6. The presence of strain aging in the nickel confirmed the sugges 
tion that solute atom locking of dislocations are responsible for the 
abnormally high activation energies for creep of nickel over temper 
atures from about 450 °K to about 800 °K. 


CONCLUSIONS 

Face-centered cubic metals exhibit a spectrum of activatiot 
energies. 
In general the more difficult processes having the higher acti 
vation energies become the rate-controlling process for creey 
at the higher temperatures. 
The dislocation climb mechanism leading to an activation 
energy for creep equal to that for self-diffusion is now well 
established as the rate-controlling mechanism for high tem 
perature creep. 
The activation energy for creep can exceed that for sel! 
diffusion under conditions where locking of dislocations by 
solute atoms can occur. 
Although the dislocation intersection and cross-slip mechan 
isms for creep of face-centered cubic metals are interesting 
possibilities, more definitive experimental confirmation is r 
quired before these mechanisms can be accepted without quali 
fications. 
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THE APPLICATION OF TIME TEMPERATURE 
PARAMETERS TO ACCELERATED CREEP- 
RUPTURE TESTING 


By S. S. Manson, G. Succop, anp W. F. Brown, JR. 


Abstract 


A procedure is outlined for the application of time- 
temperature parameters in developing isothermal creep rup- 
ture curves when no previous data exists. The parameter 
constants and the master curves are determined over a wide 
stress range with a minimum expenditure of testing time. 

Employing the described method isothermals are devel- 
oped for the ferritic “17-22—A”’S and the austenitic 16-15-6 
alloy, using the parameters proposed by Larson and Miller, 
Manson and Haferd, and by Dorn. For both materials, the 
calculated isothermals are extended approximately two time 
cycles beyond the longest tests necessary to develop the 
master curves. The results of the calculations are com- 
pared with isothermal data established by conventional test 
procedures. 

The tsothermals developed on the basis of the Linear 
parameter proposed by Manson and Haferd agreed very 
well with the experimentally determined isothermal data 
both in the interpolated and extrapolated time ranges. Cal- 
culations based on the other parameters resulted in con- 
siderable errors depending on the material and stress range 
considered. On the basis of tests on these two widely differ- 
ent alloys, it is concluded that by the use of the correct 
time-temperature parameter isothermal rupture curves can 
be established with a very great reduction in the required 
testing time. (ASM-SLA Classification: Q3, 1-54; SS) 


INTRODUCTION 


VER THE PAST several years a number of different relations 
have been suggested for extrapolation and interpolation of creep 
rupture data. In this country particular attention has been given to 
the parameters proposed by Larson and Miller (1),1 Manson and 
Haferd (2) and by Dorn (3). The first two of these are particularly 


ittractive from an engineering point of view since they place no restric- 


The figures appearing in parentheses pertain to the references appended to this paper. 


\ paper presented before the Fortieth Annual Convention of the Society, held in 
Cleveland, October 27 to 31, 1958. The authors, S. S. Manson, G. Succop and W. 

Brown, Jr., are associated with National Advisory Committee for Aeronautics, 
Lewis Flight Propulsion Laboratory, Cleveland, Ohio. Manuscript received April 
1, 1958. 
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tion on the structural stability of the alloy. The relation suggested by 
Dorn was developed from experiments on pure metals or dilute solid 
solutions and is presumably restricted to absolute temperatures above 
about 0.50 of the melting point. However, because of its relative sim 
plicity, it has been applied to engineering materials. 

A number of papers have appeared (2,4,5,6) which compare these 
parameters regarding their ability to correlate creep rupture data for 
heat resistant alloys. Based on these investigations and experience with 
a wide variety of alloys, the authors feel that the linear parameter 
(Manson and Haferd) most closely represents the true rupture be- 
havior over wide ranges of time and temperature. In contrast it has been 
demonstrated that large errors in extrapolated or interpolated rupture 
times may result from the use of the Larson and Miller or Dorn 
relations. 

In these prior studies the purpose was to investigate the validity 
of parameters. Therefore, extensive experimental data were needed, 
covering wide ranges of the variables. If, however, the practical useful- 
ness of a parameter is accepted then there is a possibility for a drastic 
reduction in the magnitude of the test program necessary to describe the 
creep rupture behavior of a material over a wide range of stress and 
temperature. Thus, only a relatively small test program should be nec 
essary to determine the parametric constants and the master curve. The 
master curve permits not only extrapolation but the generation of any 
desired isothermal within the experimentally established stress range. 

The object of the present investigation is to describe a procedure 
designed to minimize the amount of testing required to establish the 
parametric constants and to develop the master curve. Specifically, the 
general form of the parameters will be examined for their implications 
regarding material behavior and therefore the type of tests required to 
determine the master curve. A procedure will be described designed 
to minimize the factors of human judgment in the data analysis. The 
results of the suggested procedure will be checked against conven 
tionally determined isothermal data for a ferritic and an austenitic alloy 
with particular emphasis on the savings in test time when using the 
parametric approach. 

Although the present study is not specifically designed to compare 
the relative merits of the various parameters, a brief discussion is in 
cluded of the results obtained using both the Larson and Miller and 
Dorn relations. 


FoRM OF THE PARAMETERS AND IMPLICATIONS OF 
MATERIAL BEHAVIOR 


The three parameters have distinctly different forms and require 
different assumptions regarding material behavior. The forms are as 
follows: 
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(T + 460) (C + log t) f(o) Larson and Miller Equation 1 
texp — AH/RTx« = f(¢) (Dorn) Equation 2 
(T—T,) (log t — log t.) =f(¢) (Linear) Equation 3 
where T is the test temperature in °F; Tx the absolute temperature 
in °K;t the rupture time ; C,* T,, log t,, and AH are material constants 
assumed to be stress independent; R is the gas constant and f(o) is a 
single valued function of the applied nominal stress. It will be recog- 
nized that Equations 1 and 2 require that at a constant nominal stress. 
a plot of log t versus the reciprocal of the absolute temperature be a 
straight line. In the case of Equation 1 the slope of the line is stress 
dependent and the intercept is at the point —C on the 1/T + 460 = 0 
axis. Equation 2 requires the slope AH/R to be constant but the inter- 
cepts on the 1/T = 0 axis to be stress dependent. Equation 3 requires 
a plot of log t against temperature to be linear at a constant nominal 
stress. The slope will be stress-dependent and lines at various stresses 
converge to the point T,, log tg. 

It is now evident that the master curve for the Larson and Miller 
parameter and the linear parameter represent the stress dependence of 
the slopes on a plot of log t versus 1/(T + 460) and T, respectively. 
In the case of the Dorn parameter, the master curve represents the 
stress dependence of the intercepts on a plot of log t as 1/Tx. 

To obtain the master curve for the linear parameter it is necessary 
to experimentally establish two constant nominal stress lines on a plot 
of log t against T. The coordinates of the intersection for these two lines 
are the constants T,, log t,. The slopes of these lines establish two points 
on the master curve. Ideally a point at any other stress can be estab- 
lished by a single test in the intermediate time range. The correspond- 
ing point on master curve is then simply obtained by substituting the 
temperature and rupture time into Equation 3. To obtain the master 
curve for the Larson and Miller or Dorn parameters a similar pro- 
cedure is indicated. Thus, a series of tests at a constant nominal stress 
will establish a single line on a plot of log t versus 1/Tx. The slope of 
this line will yield AH/R in the Dorn parameter and the intercept at 
1/Tx = 0, the constant C in the Larson and Miller relation. Then, 
in order to cover the stress range required, a few additional tests are 
conducted, each at a different stress level in the intermediate time range. 
The coordinates of these points on the master curves are established 
using Equations 1 or 2. 


EXPERIMENTAL PROCEDURE FOR DETERMINING THE MASTER CURVE 
From the foregoing discussion it is evident that isostatic tests offer 
the most direct means of evaluating the constants as well as serving as a 
check on the assumptions regarding material behavior. If nothing is 


* Frequently C is taken as 20. However, as pointed out by Larson and Miller (1) better 
results are obtained in many cases if C is considered to be a materia! constant 
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Table I 
Alloy Composition and Heat Treatment 


————_————— Composition, percent —————— 
Alloy Heat no Cc Mn P Ss Si Cr Ni Mo Fe Other Heat treat 
“17-22-A"S Timken 31158 0.32 0.60 0.02 0.005 0.70 1.32 0.14 0.48 bal. V —0.22 1725 °F, thr 
1200 °F, 6 hr 

*16-15-6" Timken 02400 0.67 7.10 0.016 0.009 0.42 16.16 15.60 6.10 bal. N —O.15 2150°F, M6 hr 


known about the creep behavior of the material, several questions arise 
as to the best procedure for conducting the isostatic tests. 


(a) What stress or stresses are selected for the determination of 
the constants AH /R, and T,, log t,. 

(b) How are the temperatures of these tests chosen so that un- 
duly long rupture times are avoided. 

(c) How are the temperatures for tests at various additional 
stresses selected to avoid either extremely long, or very 
short rupture times. 


These questions may be answered by the following demonstration of 
a rational procedure designed to obtain the linear parameter master 
curve for a particular alloy. It will be recognized that the main features 
of such a procedure are also adaptable to obtaining the Larson and 
Miller or Dorn parameter master curves. In order to check the validity 
of the procedure, the master curve will be used to compute isothermal 
curves which extend well beyond the time range of the parameter tests 
These isothermal curves will then be compared with those established 
experimentally. 

The material chosen was the Cr-Mo-V steel “17—22—A”’S having the 
composition and heat treatment shown in Table I. All creep rupture 
tests were conducted using the specimens and testing techniques pre 
viously described (7). 

The selection of nominal stresses for determination of the parametric 
constants is not critical. In the case of the linear parameter it is 
well to have the stresses as widely separated as possible in order to 
achieve the greatest differences in slopes on the log t versus T plot. As 
an aid, reference is made to the tensile strength as a function of tem 
perature, Fig. 1. For the purposes of first approximation these values 
can be considered as the 0.1 hour rupture strengths. The low stress is 
chosen as the tensile strength at as high a temperature as is practical 
Referring to Fig. 1, 10,000 psi was selected for “17—22—-A”S. This 
corresponds to about 1450°F. Higher temperatures would be very 
close to the a-y transformation. For other alloys the upper temperature 
may be limited by extremely rapid oxidation or loss of constituents by 
vaporization or grain boundary melting. In selecting the higher stress 
care should be taken that rupture times are not so sensitive to temper- 
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ature change that excessive scattering is encountered. This difficulty 
may be avoided if the stress is not too high. Again a suitable selection 
may be made by reference to the trend of tensile strength with increas 
ing test temperature. Attention should be given to the temperature 
range in which the strength decreases rapidly. In the case of “17—22- 
A”S, Fig. 1, this occurs between about 800 and 1300 °F. A stress cor 


responding to a temperature well within this range should be selected. 
In the present case 80,000 psi (1150 °F) was chosen. 

[sostatic tests at these two stresses are started at the temperatures 
about 50 °F less than that corresponding to the tensile strength. These 
tests will fail in approximately 1 hour. The next point on the isostatic 
is then obtained by reducing the temperature 50°F. A line joining 
these two points then gives an approximate slope. For the next test 
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the temperature is selected with the aid of this line, and the slop 
again corrected. By this method the isostatics for “17—22—A’’S, Fig. 2 
were extended to about 100 hours. 

The number and duration of these isostatic tests depends on severa| 
factors. For some alloys curvature may be noted at very short rupture 
times. If this is the case the tests must be continued to sufficiently hig! 
times to establish clearly the slopes of the linear portion. In any event 
these isostatic data should extend within two time cycles of the longest 
desired extrapolation (i.e., 10,000 hours in this case). No experience 
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has been obtained to substantiate the validity of more extensive ex 
trapolations. Finally the scatter must be considered in determining the 
number of tests. In the case of a very uniform alloy such as “17—22—A”’S 
four tests on each line may suffice. 

In order to eliminate the factor of human judgment in selecting the 
point of intersection, a least squares fit of a straight line is made for the 
two sets of isostatic data. The point of intersection is then determined 
analytically (see Appendix I). The lines and constants shown in Fig. 2 
were so determined. 

The final step is to determine the master curve. This may be accom 
plished as follows : Two extreme points (at 80,000 and 10,000 psi) are 
already available from the above-described series of isostatic tests 
These are plotted on coordinates of log « versus (T-T,) /(log t—log ty 
and joined by a straight line as shown in Fig. 3, yielding an “idealized” 
master curve. It is then necessary to conduct a sufficient number o! 
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Nominal Constant Stress Data on ‘‘16-15-6" 
Determination of Linear Parameter Constants 


tests at stresses between these extremes to determine the true shape of 
the master curve. Ideally these tests should have rupture times equal 
to the longest test of the isostatic series. However, since in most cases 
the object is to reduce the testing time, shorter rupture times are used. 
\ practical approach is to use the idealized master curve to calculate 
temperatures necessary to yield rupture in a time equal to \/tite 
where t, is the lowest time in the linear range of the isostatic data, not 
less than one hour and te is the upper time limit of the isostatic tests 
For the present example 10 hours was selected. Eight tests conducted 
at temperatures calculated in this manner failed at times between 10 
and 70 hours, Fig. 2, since the actual master curve exhibits negative 
curvature over a considerable stress range. These eight points plotted 
in Fig. 3 define the true master curve.* In a similar manner the master 
curve may be extended to either lower or higher stresses. Thus, a 
10,000 and 80,000 psi point has been added to Fig. 3. 

\ further check on this procedure is possible using previously pub 
lished isostatic data for an alloy of widely different composition (see 
Table I) namely, Timken “16-15-6”’. These data were obtained several 
years ago (4) in an attempt to predict the results of long time iso 
thermal tests for the same heat of alloy. These tests were conducted at 
the University of Michigan under sponsorship of The Timken Roller 


* Other procedures may be used to define the master curve r example, a point at a stress 
approximately one half way between 10,000 and 80,000 psi ld be « i d and a second 
approximation made to the true master curve. This approximate curve ould then permit 


control of the rupture times at other stresses 
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Bearing Company. The results have recently become available (8). In 
conducting the isostatic tests essentially the same procedure was fol 


lowed as described above for “‘17—22—A”’S. In this case, however, the 
test times were extended to several thousand hours* because it was 
anticipated that isothermal data well over 10,000 hours would be avail 
able. The isostatic data are shown in Fig. 4 along with the results of a 
few tests at additional stress levels necessary to define the master 
curve illustrated in Fig. 5 


DEVELOPMENT OF THE ISOTHERMALS 


Once the master curve has been obtained, isothermals may be easily 
calculated. However, extrapolation of the master curve should not be 
attempted. Theoretically, the isothermals may be extended to any de 
sired time within the established stress range. However, to date our 
experience has not involved extrapolations beyond two time cycles 
and it is recommended that further extrapolation not be attempted unti! 
additional experience is available. 

Calculated isothermals for ““17—22—A’’S based on the master curve in 
Fig. 3 are shown in Fig. 6. These are compared with actual exper! 
mental data at 900 and 1100 °F. In addition, one 24,000 hour 40,000 
psi data point was available at 940 °F and this is shown in comparison 
with the calculated isothermal at this temperature. 


* Inspection of Fig. 4 reveals the isostatic data very closely conform to the requirement ¢ 
linearity over the entire time range covered. It is therefore evident that essentially identica 
results would hz ave been obtained if the tests were confined to times less than about 100 hours 


as in the case of “17-22-A"S 
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The isostatic data shown in Fig. 2 may also be used to obtain the 
constants in the Larson and Miller or Dorn parameters. Theoretically, 
only one of the constant stress lines would be required to obtain C or 
AH. However, in the following analysis, use is made of both, and this 
should provide a better representation of the true material behavior 
over a wide range of stress and temperature. The first step in this 
procedure is to plot the “17-—22—A”S isostatic data on a reciprocal 
absolute temperature scale as shown in Fig. 7. It will be noted that the 
least squares straight lines drawn through the data points are not 
parallel as required by the Dorn parameter nor do they converge to a 
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negative point on the ordinate axis as required by the Larson and Miller 
relation. In fact, the lines diverge with decreasing rupture time and as 
shown the value of C determined by the 10,000 psi tests is 18 while 
32 is obtained using the 80,000 psi data. These parameters can therefore 
only approximate the alloy behavior. To obtain the constant, AH, the 
slopes of the two lines were averaged. The value of the constant C was 
determined by averaging the intercepts on the ordinate. The master 
curves were developed making use of all the isostatic data given in 
Fig. 2. These curves are shown in Figs. 8 and 9 for the Larsor and 
Miller and Dorn parameters, respectively. A master curve for C=20 
is also shown in Fig. 8. Isothermals at 900, 940 and 1100 °F calculated 
from these master curves have been added to Fig. 6. 

Proceeding in a manner similar to that described above isothermals 
for ““16—15-6” were calculated at 1100, 1200, 1300 and 1400 °F. These 
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are shown in Fig. 10 along with independently determined isothermal 
data (8).* 

The comparisons between calculated results and isothermal data 
shown in Figs. 6 and 10 permit conclusions both as to the validity of 
the proposed procedures for applications of parameters as well as to 
the relative ability of the various parameters to represent true material 
behaviors. For both “17—22—A”S and “16—15-6” the isothermals cal- 
culated from the linear parameter master curve agree very well with 
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Fig. 9—Dorn Parameter Master Curve for ‘17-22-A’’S. 


the experimentally determined data. It should be noted that in the 
case of “17—22—A”’S, Fig. 6, data at times well over a 1000 hours and 
at 940 °F to 24,000 hours have been predicted accurately from tests 
having a duration of not over 100 hours. Thus, it may be concluded 
that the basic procedure outlined for obtaining the parametric con 
stants and master curve is valid for this material. 

Regarding a comparison of the parameters, reference to Fig. 6 indi- 
cates both the Larson and Miller and the Dorn relations compromise 
the true material behavior. If a value of C=20 is chosen the 1100 °F 
data is fitted well within the experimental range. However, poor re- 
sults are obtained at 900 °F, the rupture time at 85,000 psi being in 
error by approximately a factor of five. The predicted 1000 hour stress 
is about 20% low. If C is taken at 25 then the results at 900 °F are 
mproved. However, large errors now result at 1100 °F at the longer 
rupture times. For example, the 20,000 psi predicted rupture time is 


* The 1200 °F, 20,000 psi data point given in Ref. 8 is misplotted and this has been cor 
rected in Fig. 10 in accordance with information received from Freeman (9) 
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high by a factor of about four and the predicted 1000 hour stress is 
high by approximately 30%. At 940°F the predicted 24,000 how 
stress is 40% too high. The Dorn parameter yields much the same re 
sults as the Larson and Miller parameter with C=25, the 900 °F data 
being represented fairly well but large errors occurring at 1100 °F. 
Examination of Fig. 6 for “16-15-6” shows that at the higher tem 
peratures rupture times calculated using the Larson and Miller para 
meter (C=20) are considerably too high. With this exception, there 
are relatively small differences between the predictions of the various 
parameters in the range of experimental data. Other cases of such 
behavior have been noted (4), however agreement within a given time 
range does not necessarily imply agreement at longer rupture times 
To illustrate this point the calculated isothermals have been extended 
to 100,000 hours. This was not done in an attempt to establish the true 
100,000 behavior but only to emphasize deviations between the various 
parameters at very long rupture times. It will be noted that beyond 
about 1000 hours the linear parameter predicts the most rapid decrease 
in strength with increasing rupture time. In this respect it agrees best 
with the downward trend of the long time data at 1300 and 1400 °F. 
At rupture times in excess of 10,000 hours the differences between the 
parameters becomes continuously more pronounced and at 100,000 
hours large differences exist in both slope and absolute strength values 


PRACTICAL IMPLICATIONS OF THE RESULTS 


A procedure has been outlined for the use of the linear time tem 
perature parameter in obtaining isothermal creep rupture data, on an 
alloy for which no previous creep information exists. This procedure 
is free from the complexities of cross plotting and involves no more 
human judgment than is required in drawing curves through isothermal 
data. Furthermore, it is evident that a great savings in both time and 
equipment is possible through use of such a method. 

Referring to Fig. 2, the 18 tests used to describe the master curve 
have consumed a total of only 550 hours. The longest test time is 100 
hours and the average time was about 30 hours. To this effort must be 
added the tensile data. A portion of this (say up to 1200 °F) would be 
obtained in any event and only 4 or 5 additional tests are required to 
extend the curve to 1400 °F. This total rupture test time can be com 
pared with that required to establish one isothermal, say the 1100 °F 
in Fig. 6 between 10 and 10,000 hours. To obtain good accuracy this 
will require at least seven tests having a maximum duration of about 
7000 hours and an average duration of approximately 1200 hours. The 
reduction in total testing time is therefore by a factor of about 12." 
X * It might be argued that this factor could be reduced by extrapolation of isothermal data 
log-log plots. However, unless considerable data are available over wide ranges of temperature 
such extrapolation can lead to serious errors. Thus, the slope of a given isothermal may in 


crease rather abruptly in the extrapolated range leading to overly optimistic strength pre 
dictions 
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Using the parametric approach and considering the average test time 
to be 30 hours, two machines could do the job in one month. Deter 
mining the isothermal directly with two machines would require the 
full length of the longest time test, nearly 10 months. Additional ma 
chines would not shorten the program since over half the testing time 
would be consumed in obtaining the longest time data point. It is evi 
dent that even larger savings can be achieved if more than one iso 
thermal is required. 

While the Larson and Miller and Dorn parameters theoretically re 
quire the determination of only one isostatic the time saved is not in 
itself appreciable (only about 127 hours for “17-22-A”S) and this 
in no way compensates for the large errors which may be introduced 
by the use of these relations. 

Regarding the use of parametric data for design purposes the au 
thors have been frequently questioned regarding the reliability of the 
extrapolation. As was stated previously, no extrapolations beyond two 


time cycles can be recommended since this represents the upper limit 
of the author’s present experience. The linear parameter has been 
shown to closely represent true material behavior for a number of 
alloys (2,4) of widely different compositions. However, no blanket 
claims are made that all materials fit such a relation. Fortunately, the 
use of isostatic tests at two widely separate stresses is to some extent 
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self checking regarding conformance of material behavior to the param 
eter. Thus, the assumption of linearity is checked at widely different 
temperatures and the convergence may be examined directly. It should 
be mentioned that for some very strong heat resisting austenitic alloys 
such as Inconel 700 (5), a change in temperature produces nearly 
the same percentage change in rupture time over a relatively wide 
range of stress. In such cases a plot of o against T will consist of nearly 
parallel lines resulting in very large values of log t, and negative values 
of T,. This does not invalidate the approach and as has been shown 
(5) advantage may be taken of the behavior by simplifying the param 
eter to the following form: 


AT + logt = f(c) 


where A is the slope of the lines. 

On the other hand, if the data points do not define straight lines above 
about 10 hours on the log t against T plot, then the parameter can at 
best only approximate the actual material behavior. 


Appendix 
The following table gives the actual rupture times obtained for the 
two series of isostatic tests shown in Fig. 2: 


Stress Temperature Rupture Time 
and psi °F hours 


80,000 1080 0.43 


80,000 : 
80,000 Y 
80,000 
10,000 
10,000 


10,000 
10,000 
The equations obtained by fitting least squares straight lines to this 
data are: 
log t. — 0.93/T, — 1021 = — 0.2196 Equation 1 


log t. — 1.12/T. — 1325 = — 0.1094 Equation 2 
Solving these equations simultaneously yields : 


T.=7014& log te = 7.95 
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DISCUSSION 


Written Discussion: By W. Betteridge, The International Nickel Company, 
Inc., Mond Research and Development Division, London, England. 

The authors will doubtless be interested in the examination of the applicability 
of various time-temperature parameters to nickel-base creep resisting alloys of 
the Nimonic class which was reported earlier this year.* The conclusions reached 
were essentially the same as those now reported for ferritic and austenitic steels, 
and increasing confidence may now be felt that the Manson and Haferd parameter 
provides a reasonably accurate method of correlating the stress-rupture char 
acteristics for a range of high temperature alloys. As is pointed out by the present 
authors the relationship must not be pushed to extremes of time or temperature, 
and extrapolation of the master curve beyond the range of the experimentally 
determined stress/parameter relationship has no justification. It is perhaps of 
interest to note that the form of the Manson and Haferd parameter lends 


itself to the construction of a simple calculating rule relating corresponding 


values of temperature, time and rupture stress. The value of the parameter 
(T — T.)/(log t — log t.) is derived from logarithmic scales of the numerator 
and denominator on the fixed and moving parts of the rule respectively ; these are 
marked directly in terms of T and t. The result is read from the position of an 
index on the moving part in relation to a third scale on the fixed part. This third 
scale may be marked, in accordance with the shape of the master curve, to read 


* W. Betteridge, Journal, Institute of Metals, Vol. 8¢ 
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stress instead of the value of the parameter. Such rules have been constructed for 
the stress-rupture properties of Nimonic 80A and Nimonic 90 on the basis of the 
master curves given in reference * and are proving useful for the quick deduction 
of approximate properties. 

Written Discussion: By James Miller, Thomson Laboratory, General Electric 
Company, West Lynn, Massachusetts. 

The method proposed by the authors for predicting long time rupture data is 
no doubt somewhat more accurate than other methods once their material con 
stants have been established. 

The paper, however, tends to minimize the utility of the method using the 
parameter T (C + log t). For example, it is usually not necessary to evaluate 
“C” since this has already been done for most high temperature alloys and has 
been found to be 20 for the majority. Also, the statement is made on Page 921 
that “the predicted 1000-hour stress is about 20% low.” Reference to Fig. 6 
shows that it is actually only about 10% low using C = 20. 

In using the authors’ method, it would be interesting to know whether the ma- 
terial constants T, and log t. are changed by differences in heat treatment or 
small changes in chemical composition. 

Written Discussion: By R. M. Goldhoff and R. F. Gill, Materials and Processes 
Laboratory, General Electric Company, Schenectady, New York. 

The authors have contributed another fine paper in their continuing work in 
this field. Our own inquiries into the use of parametric methods to correlate 
high temperature rupture data tend to substantiate the authors claim. This is to 
say that for a given set of rupture data, the linear parameter does correlate the 
data better than either the Dorn or Larson-Miller parameters. Even so there are 
still some questions concerning the practical use of the linear parameter. 

Assuming that high temperature data can be correlated by a parameter tech 


Table Il 
Rupture Data for Low Alloy Cr, Mo, V Steel 


Test Temp., °F Stress, psi x 10-* Rupture Time, Hours 


900 
900 
900 
900 


1000 
1000 
1000 
1000 
1000 
1000 
1000 
1000 


1100 
1100 
1100 
1100 
1100 
1100 


1200 
1200 
1200 
1200 


1350 
1350 
1350 


“Ww BRetteridge, Journal, Institute of Metals, Vol. 86, 1958, p. 232. 
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P=(T+460)(logt + 2¢ 
Larson-Miller Master Curves for Low Alloy Cr-Mo-V 
Steel (( 20) 
nique then there are two primary considerations to the problem of determining 
design strength: 
a. What is the best technique for determining the strength properties of a 
“typical” heat ?, and 
b. What is the best technique for determining the scatter of rupture 
strengths possible within a given material specification? 


We believe in answering question (a) that it has been amply demonstrated that 


the linear parameter is superior to the Dorn or Larson-Miller parameters. How- 


ever, for the case of question (b) above, it must be recognized that economic 
onsiderations preclude the testing of each heat to a sufficient degree to permit 
evaluation of the constants in the linear parameter. Therefore, to explore the 
variation in rupture strength from heat to heat, a given set of constants must be 
used to analyze limited data obtained from each production heat. The question 
now is how sensitive the set of constants used will be to the minor variations in 
hemistry and processing which are common to various heats of metal made to a 
given specification, and indeed what set of constants is to be used originally. 
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\lluy Cr, Mo, V Steel Determination of Constants in Manson-Haferd 
Parameter. 


To illustrate the point, several typical results are shown. In Fig. Li 
master curves based on the Larson-Miller parameter method with constant ¢ 
are shown for four different heats of a low alloy steel of the Cr, Mo, V type 
These heats are all made to the same specification, and it is well to note the 
scatter of master curves so obtained. The curve marked heat A was derived from 
sufficient data (see Table II) to permit the evaluation of constants for correlation 
by the linear parameter. Here it was necessary to cross plot to obtain constant 
stress data, and in the process it was observed that these lines on a plot of log t 
vs. 1/T were neither parallel as required by the Dorn method nor did they con 
verge to a point on the log t axis as required by the Larson-Miller parameter 
In fact, the lines had considerable curvature. However, the constant stress lines 
on a log t vs. T plot also show considerable curvature. This is shown in Fig. 12, 
and perhaps the authors will comment on this. Based on the data points between 
100 and 1000 hours, the constant stress lines converge to a point represented by 
Ta = 725 and log ts = 8. Based on data points at longer times, a set of constants 
Ta = 100 and log ta = 18 has been obtained. The master curves based on bot! 
these sets of constants are shown in Figs. 13 and 14. Comparison of these curves 
suggest that the linear parameter also compromises the data which of course is 
to be expected when the constant stress lines are curved. 

The single set of constants shown was used to correlate all the data of Fig. 11 
and the master curves so obtained are included in Fig. 13. We note the distinct 
differences between the methods, in that at the lower stresses the four heats con 
cerned are ranked differently and also that the derived 100,000 rupture strengths 
at temperatures of 1000 and 1050 °F are significantly lower for the linear param 
eter. 

While the authors have made no claims for strength extrapolations to 100,000 
hours, the designer must estimate such a figure. Under the conditions stated above, 
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Fig. 13—-Manson-Haferd Master Curves for Low Alloy Cr, Mo, 


Steel (Ta = 725, log ta = 8) 


one wonders if the linear parameter gives a clearer picture of the true situation 
than do other available methods. 

Written Discussion: By A. Graham and K. F. A. Walles, National Gas Turbine 
Establishment, Farnborough, Hants, England. 

By providing a systematic method for applying the several time-temperature 
parameters, the authors have met a need, felt by many who have studied the 
literature, for some method of assessment and use that avoids personal judgement. 
It now appears to be generally agreed, however, that although parameters have 
their uses and the Manson-Haferd parameter is better than others, there is none 
that can be relied upon in every instance. 

The present writers have been engaged for some time on a systematic study 
f creep, and were led, after rejecting first the McGregor-Fisher (10) and then 
the Larson-Miller (11) parameter to the conclusion that, when stress and strain 
have given values and the stress and temperature histories are given, time and 
temperature are related by the parameter (12,13) 


t(T’ — T)-* = 4, const Equation (a) 
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Fig. 14—-Manson-Haferd Master Curve for Low Alloy Cr, Mo, 
V Steel (Ta = 100, log ta = 18) 


Both T’ and A are determined to fit the data, but A is not critical and a value 
of 20 has so far met every requirement. The agreement with the favored valu 
of the Larson-Miller constant C is coincidental. It is not, however, sufficient 
apply this or any other parameter to the data as a whole. 

The differences between the various parameters are especially important in th 
physical circumstances associated with the approach of T to T’ in Equation (a 
but more often the reason that any one of them fails is less that its form is i 
correct than that the implied assumption breaks down that the various met 
lurgical factors responsible for creep are all affected by a change of temperatu 
to exactly the same extent. 

The structural complexities of commercial alloys do not encourage an attem| 
to disentangle the many factors in order to treat them separately. However, t! 
creep and rupture data for well-developed alloys do not display the same con 
plexity, and only a moderate number of factors appear to require attentior 
Several lines of evidence point to the conclusion (14) that the creep strain con 
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prises a number of additive components of the form Ce*¢* in which « takes values 
from the sequence .. . %, 1, 3, .. . and the ratios */8 takes values from the 
sequence 1, %, %4, %, . . . so that only the constants C and T’ need adjustment 
to suit the data. A set of rupture data offers the simplest example, for then the 
only terms that are significant are those with a single value of «x, either 1, or 3 
or more, according to material. For practical purposes, rupture may be repre 
sented by the condition of constant strain, so that the formula concerned is 


Cio", “ + Creo, = const Equation (b) 


in which the ratios */8 are standard and @¢ido . may involve different values 
of T’. When the appropriate value of «x is 3 or more, the terms of this series 
represent the well known linear segments on graphs of log stress/log rupture 
time, and the different values of T’ represent that the displacements of the dif 
ferent segments with change of temperature are not usually the same. In general, 
from two to four values of T’ require attention. These principles have been con 
firmed by study of a large number of sets of rupture and creep data for a variety 
of materials, and some of the evidence has been set out in extenso in Reference 15 
[he T’ appear to be temperatures near which significant metallurgical changes are 
likely to be observed 

So far as extrapolation is concerned, provided that the working temperatures 
do not approach these temperatures too closely, it appears less important to choose 
the ideally correct parameter than to split up the data into separate components 
in respect of the different effects of temperature, i.e., of the different constants 
in the chosen parameter. The reason for the probable superiority of the Manson- 
Haferd parameter when only a single parameter is used, is that, by representing 
that the log stress/log time slopes vary with temperature, it approximately repre 
sents the differing relative displacements with change of temperature of the 
different segments of the log stress/log rupture time graphs. The parameter 
appears to lie within the uncertainties of most sets of data (provided that critical 
temperatures are remote) when no more than two segments are concerned. 

\ paper on extrapolation according to these principles is being prepared by 
the present authors 
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Authors’ Reply 
lhe authors wish to thank Messrs. Betteridge, Miller, Goldhoff, Graham and 
Walles for their interesting comments 
Betteridge has called attention to his analysis of rupture data for both Nimonic 
830A and Nimonic 90 alloys (21). A considerable portion of these data extends 
well over 10,000 hours and a few points are available at times in excess of 20,000 
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hours. It is most gratifying to see that he was able to obtain good correlation of 
all data using linear parameter master curves derived from tests having maximum 
duration of 3000 hours. 

Miller grants that the linear parameter is more accurate than the others 
examined. However, apparently he feels that we have minimized the utility of 
the Larson- Miller parameter. As the authors have pointed out repeatedly (16-20) 
the prime criterion of utility is the accuracy which may be expected in extra 
polation of creep rupture data. By this standard we cannot consider the T(C 4 
log t) parameter to have general utility. Considerable evidence is now availabk 
(16) (17) (20) that for some materials the use of this parameter can lead t 
extrapolated rupture lives in error by several orders of magnitude. Further evi 
dence of this nature has been presented by Betteridge (21). It is important to 
note that the degree of accuracy varies with the material and no generalizations 
regarding utility can be made on the basis of alloy classes. Therefore, one is 
never certain whether or not the parameter will truly represent the long time 
behavior of the particular alloy in question. 

Contrary to the opinion expressed by Miller, the authors’ experience (16) 
indicates that for many materials a constant other than 20 will improve the 
accuracy obtained using the T(C + logt) parameter. This experience is con 
firmed by both Betteridge (21) and Goldhoff (22) who report variations in C 
ranging from 16.9 to 22 depending on the alloy. Another observation which has 
been frequently reported (16) (21) (22) is that there is no unique value of C for 
many materials. Thus, a plot of log t vs 1/T yields lines having different inter- 
cepts on the -log t axis. Even assuming a unique value of C exists, it has been 
shown in the present paper that the total testing time necessary to establish this 
value is only slightly less than that necessary to obtain both constants in the 
linear parameter. 

Miller is correct in his criticism of the 20% error in the 1000 hour, 900 °F stress 
quoted from Fig. 6 of the present paper. The actual error is somewhat less than 
10%. However, it should be remembered that the corresponding time error is 
500%. 

Regarding the constants T, and log t. in the linear parameter, the authors wish 
to again emphasize that they are material dependent. Small changes in heat 
treatment or chemical composition are often quite potent in their influence on the 
time dependent strength properties and therefore on the linear parameter con 
stants. 

Goldhoff has set forth some questions which are very important to the designe: 
of large steam turbines. He agrees that the best method of determining thy 
strength properties of a single (or typical) heat is by use of the linear paramete: 
However, he points out that alloys are bought to specifications which permit 
variation in the chemistry and fabrication processes. Thus, the rupture properties 
will vary from heat to heat. Of course, the constants in the linear parameter wil! 
also vary with the chemistry. Ideally, these constants and a master curve should 
be accurately determined for each heat. The authors have presented a simp! 
and economical method for accomplishing this purpose. It would seem that th 
design of such a costly item as a large steam turbine would amply justify the 
relatively small expense necessary to determine the properties of the material 
actually used. On the other hand, the designer is faced with a real problem of 
time. Frequently it would be impossible to meet reasonable delivery dates if 
10,000 hour data were obtained on each heat to permit accurate predictions of 
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e 100,000 hour properties. The authors therefore wish to suggest the following 
rocedure: Upon receipt of the first heat ordered to a given specification, a sub 
tantial quantity of material should be set aside for test purposes. Using this 
material, the procedures outlined in the present paper should be employed to 
establish a master curve for this heat. The purpose of this first series of tests is 
to see how accurately any given parameter will correlate data for material to 
this specification. The tests used to establish the parametric constants should have 
urations of 10,000 hours. Additional tests having durations up to 100,000 hours 
should be set up in the stress range of interest. The first design, of course, can 
e predicated on only a small part of these data or on more remotely related 
nformation. This would, however, be true for any other procedure. When the 
next heat of material is received the same procedure is used except that the 
test durations are cut down as required by time limitations. New constants are 
letermined and a new master curve constructed. This curve is taken to represent 
the properties of the second heat. In addition, the data from the initial series of 
tests are examined with a view to establishing first, how accurately the selected 
irameter is correlating long time data. Secondly, by graphically comparing th« 
predicted and experimental data for the first heat, the designer has a basis for 
using judgment in modifying his extrapolations for subsequent heats. This pro 

dure produces a progressively increasing store of data on material made to a 


given specification and should result in increasingly accurate predictions of 100,000 


hour life. It does involve one reasonable assumption, namely that the accuracy of 
prediction using a given parameter may be usefully judged from the behavior of 
a first or “typical” heat. 

Goldhoff has asked the authors to comment on the curvature of the isostatics 
in his plots of log t vs T for the Cr-Mo-V steel. It should be noted that the 
points in his Fig. 12 are not experimental but were obtained by crossplotting the 
isothermal data. The authors have pointed out in the present paper that such 
crossplotting methods can sometimes be misleading because of the factors of 
human judgment entering the procedure. The authors have recently developed 

23) an analytical method based on least squares which permits direct determi 
nation of the constants from isothermal data. Using this method, the data in 
Goldhoff’s Table II were analyzed and a master curve constructed. From this 
master curve the isothermals were calculated and from Fig. 15 it can be seen 
that agreement between the experimental data points and the calculated curves 
is generally quite good. The two longest time data points at 1000°F, however, 
show a downward deviation from the calculated isothermal. Such a deviation is, 
however, not observed for the other isothermals. It may be that these two points 
in some way generally influenced the crossplotting and resulted in downward 
urving isostatics at all stresses 

Graham and Walles make the point that the various metallurgical changes in a 
reep test are affected differently by temperature. The authors agree that such 
must be fundamentally true. However, it does not necessarily follow that the 
effect of these processes on the mechanical behavior will exclude the validity of a 
single parameter over a wide range of stress and temperature. 

Graham and Walles propose another parameter in the form t(T’ — T)~™. 
Further they propose that the constant T’ be fit separately to various stress ranges 


1 an isothermal. This tailoring procedure certainly complicates the analysis and 
can increase the test time. The authors have not examined the work of Graham 
and Walles in detail but wish to refer to an examination of this parameter re- 
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Fig. 15—-Comparison of Isothermals Calculated Using the Linear Parameter with 
Experimental Data for a Cr-Mo-V Steel. 


ported by Betteridge (21) who attempted to fit Nimonic 80A and Nimonic 90 
data using the procedures outlined by Graham and Walles. The results of extra 
polation using this parameter were shown to be less accurate than obtained by 
using the linear parameter. 
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EFFECT OF STRAIN RATE AND TEMPERATURE 
ON THE COMPRESSIVE FLOW STRESSES OF 
THREE TITANIUM ALLOYS 


By A. J. Griest, A. M. Sasrorr, AND P. D. Frost 


Abstract 


Compression studies were conducted on unalloyed titan- 
ium, 11-OAl-4V, and T1-4Al-4Mn alloys at temperatures in 
the range 1450 to 1725 °F, and at strain rates in the range 
0.0002 to 0.01 inch per inch per second. The data showed 
that at hot working temperatures the flow stresses of ti- 
tanium alloys were markedly sensitive to strain rate. It was 
found that the increase of flow stress with increasing strain 
rate was greater for the Ti-6Al-4V and Ti-4Al-4Mn alloys 
than for unalloyed titanium. (ASM-SLA Classification: 
O28, 2-61, 3-68 ; Ti-b) 


INTRODUCTION 


A THE TREND toward fabricating structures from large forgings 
increases, it becomes necessary to utilize the existing press capac- 
ity to the fullest extent. Consequently, it is important to have a knowl- 
edge of the forging temperature and deformation rate which will 


require the lowest flow stress, yet are consistent with obtaining the de- 
sired mechanical properties in the forging. This is especially true for 
the newer materials, such as titanium alloys. 

Previous studies have fairly well defined the magnitude of strain rate 
effects on the hot working pressures required for steel and aluminum 
alloys. These include the works of Siebel (1),! Hennecke (2), Siebel 
and Fangmeir (3), Nadai and Manjoine (4), Manjoine (5), Zaikov 
(6,7), and Alder and Phillips (8). Data from the foregoing studies 
are not strictly comparable, since some of the data were obtained from 
compression tests, while other data were obtained from tension tests. 
Nevertheless, there is general agreement on the magnitude of the strain 
rate effects for steel and aluminum. In the hot working range for steel 
(1700-2200 °F), the flow stress is increased by a factor of approxi- 
mately 2.5 by a thousand-fold increase in the strain rate in the range 
0.1 to 100 inches per inch per second. A similar factor was observed 
for aluminum in its hot working range. 


1 The figures appearing in parentheses pertain to the references appended to this paper 


\ paper presented before the Fortieth Annual Convention of the Society, held 
in Cleveland, October 27 to 31, 1958. Of the authors, A. J. Griest is Assistant 
Consultant; A. M. Sabroff, Assistant Chief; P. D. Frost, Chief, Light Metals Di- 
vision, Battulle Memorial Institute, Columbus, Ohio. Manuscript received April 
21, 1958 
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However, relatively few quantitative data have been reported on the 
hot workability of titanium alloys. Maltz and Depierre (9) reported 
that a commercial purity titanium containing 0.78% carbon “flowed 
more readily” than mild steel at the same temperature. Sutton, et al 
(10) presented qualitative evidence of the temperature dependence of 
the forgeability of a similar titanium alloy. Likewise, the work of Soko 
lov, Elyutin, and Zalesski (11) in Russia was on high carbon titanium 
Modern arc melting techniques have reduced the carbon content of 
titanium alloys to very low levels and, therefore, the data of these 
earlier investigators are not applicable to present-day titanium alloys. 

According to Bradford (12), “the power requirements (for titan 
ium) are above those for steel because of the metal’s compressive 
strength in hot working.” However, Fentzlaff (13) noted that titanium 
alloys require approximately the same forging capacity as 7075 alumi 
num alloy. Wentz (14) has remarked that, although elevated 
temperature compressive yield strength data are not available, the rela 
tive forgeability of various titanium alloys has been determined over 
the temperature range 1400 to 2000 °F. 

Thus, the literature has indicated a need for more quantitative data 
on the strain-rate and temperature dependence of the stresses required 
for hot working titanium and its alloys. Studies to obtain such data 
were conducted as part of a broad research program sponsored at 
Battelle by the Air Force on forging and extruding processes for fer 
rous and non-ferrous materials (15). Data were obtained on the effect 
of strain rate and temperature on the flow resistance of three titanium 
alloys through the use of compression tests conducted over a temper 
ature range of 1450-1725 °F and a strain rate of 0.0002—0.01 inch per 
inch per second. 


EXPERIMENTAL PROCEDURE 


The interpretation of compression test data is complicated by the 
marked effect which certain conditions, such as the height/diamete: 
ratio of the specimen and the lubrication at the compression surface, 
may have on the measured deformation forces. Compression experi 
ments used in evaluating hot working characteristics are further com 
plicated by the high temperatures required and by the fact that the large 
reductions desired generally make it impossible to avoid barreling of 
the specimen. Calculations of the true flow stresses are thus subject to 
uncertainty. In addition, when tests are to be conducted at high tem 
peratures and high strain rates, the actual measurements of load, strain, 
and strain rate require highly specialized techniques. The work of 
Polakowski (16) and Alder and Phillips (8) point up the problems 
of compression testing. 

In general, the flow stress is considerably less sensitive to strain 
rate than to temperature. Thus, if it is desired to determine the effect 





1959 COMPRESSIVE STRESSES OF TITANIUM ALLOYS 


Table I 
Data on Titanium Alloys Used in Compression Studies 


Ultimate 
Tensile Approximate 
Composition, weight %— Strength, Beta Transus, 
Alloy V Mn H Cc N psi 
illoyed titanium - 0.0088 <0.10 0.03 88,300 1625 <Tg<1650 
6Al1-4V 6.0 4.1 0.0071 <0.10 0.02 147,000 1800 <T,2<1850 
4Al-4Mn 4.3 4.1 0.0105 <0.10 0.02 151,000 1800 <Tg < 1850 


*) Mill-annealed condition 


of a relatively narrow range of strain rate, the temperature control 
must be adequate to insure that the effect of strain rate on flow stress 
is not masked by accidental temperature variations. In the present work 
it was desired to obtain data for strain rates comparable to those en- 
countered in press forging. Equipment considerations limited the range 
of strain rate which could be obtained to a fifty-fold variation. 


Matertals 
The compression studies were made on unalloyed titanium and on 
the Ti-6Al-4V and Ti-4Al-4Mn alloys. The materials were obtained in 
the form of hot rolled 14-inch rounds, annealed, and pickled. The 
chemical analyses and properties of these alloys in the as-received con- 
dition are given in Table I. 


Compression specimens, 1.000 + 0.005 inch in diameter by 1.250 + 
0.005 inches high, were machined from the as-received stock. The top 
and bottom surfaces of the specimens were ground flat and parallel to 
within 0.0002 inch. 


Range of Variables 
The temperatures and platen speeds used in the research were as 
follows for the various alloys: 
Deformation 
Temperatures Platen Speeds, 
Alloy of inch/min 
Unalloyed titanium 1450, 1600 0.01, 0.1, 0. 
Ti-6Al1-4V 1600, 1725 0.01, 0.1, 0. 
Ti-4Al-4Mn 1600, 1725 0.01, 0.1, 0. 


The temperatures for the unalloyed titanium were in the alpha phase 
range (hexagonal structure) while the temperatures for the Ti-6AI-4V 
and Ti-4Al-4Mn alloys were in the alpha-beta field. The range of platen 
speed, 0.01 to 0.5 inch per minute, corresponded to an approximate 
strain rate range of 0.0002 to 0.01 inch per inch per second for the size 
of specimen studied. The average strain rate over any interval of strain 
was calculated from the relation : 


(Ae/At) atta ™ Ah/hi;At Equation 1 
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where 


Ae/At = the average strain rate in the interval of strain €: to «;, 
Ah = the change of specimen height in the time At, and 
hiy = the average height of the specimen in the interval 


EXPERIMENTAL APPARATUS 
The apparatus for the elevated temperature compression tests is 
shown in Fig. 1. The specimen, previously coated with a glass lubri 
cant,* was centered vertically with respect to the split-tube furnace and 
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Fig. 1—Apparatus for Hot-Compression Tests on Titanium Alloys 


radially with respect to the compression rams. Sintered titanium car 
bide** disks, 2 inches in diameter x 114 inches high, were used as the 
compression platens. Four such blocks were used, arranged with two 
at each end transmitting the load from the upper and lower rams, re 
spectively. The rams were made of Type 304 stainless steel. The upper 
compression ram was mounted in the cross-head of a 60,000 pound 
universal testing machine, while the lower ram and base of the com- 
pression rig were mounted on the moving table of the test machine. 


* Glass powder in alcohol, applied by dipping and air drying. Fused at 1300 °F during heating 
to temperature. 


** Kentanium, Grade K-162B (titanium carbide with nickel binder). 
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Che lower ram was heated by an independently controlled resistance 
element as shown in Fig. 1. Two thermocouples, spring loaded to hold 


them in contact with the specimen, were used to control independently 


the temperature at two points on the specimen. Through the use of 
separate potentiometer-type temperature controllers, the upper thermo 
couple regulated power to the split-tube furnace, while the lower ther 
mocouple performed the same function for the heating element on the 
bottom ram. In addition, a small manually adjusted furnace was placed 
around the upper ram. With this arrangement, the temperature could 
he held to within about +8 °F of the desired value throughout the 
specimen. Water-cooled jackets were placed around the head and the 
base of the apparatus to prevent overheating of the testing machine. 


Testing Procedure 

In making a run, the specimen was heated with the furnace, held for 
about 30 minutes at the test temperature, and then compressed at the 
desired nominal platen speed. The reduction of specimen height was 
measured with a dial indicator gage stationed between the cross-head 
and platen. For the platen speeds of 0.01, 0.1, and 0.5 inch per minute, 
load readings were taken at reduction intervals of 0.020, 0.050, and 
0.100 inch, respectively. All specimens were compressed a total of 0.4 
inch, which corresponded to a nominal compressive strain of about 
32% (natural strain 39% ). The time between successive readings 
of the load and reduction of height was measured with a stopwatch. 

After deformation, the specimens were examined for barreling and 
other evidence of nonuniform compression. In general, barreling was 
slight. Most of the tests were conducted in duplicate. 
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Fig. 3—Compression Flow Curves for Ti-6Al-4V Alloy at 
1600 and 1725 °F at Various Platen Speeds 
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Fig. 4—Compression Flow Curves for Ti-4Al-4Mn Alloy at 
1600 and 1725 °F at Various Platen Speeds. 


EXPERIMENTAL RESULTS 


Compression flow curves are presented in Fig. 2 for unalloyed titan 
ium, in Fig. 3 for the Ti-6AI-4V alloy, and in Fig. 4 for the Ti-4Al-4Mn 
alloy. The slight amount of barreling which occurred in the specimens 
during compression was not considered enough to introduce serious 
error into the calculation of the average instantaneous cross sectional 
area, A, from the relationship Ay = V/h;, where V is the specimen 
volume and h, the instantaneous height. The ‘calculated flow stress’ 
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Fig. 5—Effect of Strain Rate and Tempers on Deformation 
Resistance of Unalloyed Titanium and Ti-6AI-4V Alloy for 25% 
Compression 


s equal to L/A, where L is the load. The natural strain, In (h/ho), is 
plotted as the abscissa. 

\lthough the exact values of flow stress in a compression test are 
difficult to obtain, the curves of Figs. 2, 3, and 4 show the marked 
effects which deformation speed and temperature have on the resistance 
to deformation. The duplicate data points for the curves indicated that 
reproducibility of the test procedure was not a problem. 

None of the alloys showed significant work hardening at the temper- 
atures studied. However, at platen speeds of 0.5 inch per minute, the 
Ti-6Al-4V and Ti-4Al-4Mn alloys showed a small amount of softening 
as the test progressed. Since the specimens were loaded at a relatively 
rapid rate, the high initial stress is probably of a transient nature. This 
effect was less pronounced at 1725 °F than at 1600 °F, which indicates 
that it is a reflection of the relative initial rates of work hardening and 
annealing. Comparison of Figs. 2, 3, and 4, for the 1600 °F curves, 
shows that deformation resistance is least for unalloyed titanium, and 
greatest for the Ti-6AI-4V alloy. 

The dependence of flow stress on strain rate is shown in Figs. 5 and 
6. Flow stress values were calculated for a strain of 0.25, and the aver- 
age strain rate over the corresponding interval of strain was calculated 
from Equation 1. Fig. 5 shows the marked strain rate sensitivity of 
Ti-6AI1-4V alloy as compared to unalloyed titanium. At 1600 °F, in- 
creasing the strain rate from 0.0002 to 0.0080 (a 40-fold change) ap- 
proximately quadrupled the deformation resistance of Ti-6AI-4V al- 
loy, while only doubling that of unalloyed titanium. A comparison of 
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Fig. 6—Effect of Strain Rate and Temperature on Deformation 
Resistance of Ti-4Al-4Mn Alloy for 25% Compression. 


Fig. 5 with Fig. 6 indicates that at 1600 °F, the Ti-4Al-4Mn alloy is 
even more strain rate sensitive than the Ti-6AI-4V alloy, although the 
absolute values of flow stress are lower. 


DiIscUSSION 


The high deformation resistance of titanium alloys containing alumi 
num has been qualitatively reported by many investigators. The present 
data confirm, in a quantitative way, these earlier observations. 

It is interesting to compare the flow resistance of the titanium alloys 
with that of mild steel at the same temperature and strain rate. By 
replotting and extrapolating some data of Hennecke (2), or by using 
the tensile flow data of Nadai and Manjoine (4), an approximate 
value can be obtained for steel. The comparison is shown in Table II. 


Table Il 
Comparison of Approximate Flow Stresses of Titanium Alloys 
and Mild Steel at 1600°F 


Flow Stress, 
Alloy psi 
Mild steel 8500 
Unalloyed titanium 4000 
Ti-6Al-4V 14000 
Ti-4Al-4Mn 7500 


As will be noted from the above, the pressures required for working 
titanium alloys fall in the range used for steel, a circumstance which, 


of course, has permitted the steel mill facilities to be used for forging 
and rolling titanium alloys. 
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More data are needed on the effects of high strain rates on the flow 
stresses of titanium alloys at hot working temperatures. The present 
investigation has been rather limited in extent; however, the data 
ybtained indicate that press speed effects warrant serious considera- 
tion in the press forging of titanium alloys. Although slow forging 
rates and frequent reheating are economically undesirable, certain parts 
may have to be forged at low strain rates because of insufficient press 
ipacity. 
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DISCUSSION 


Written Discussion: By C. D. Dickinson, manager, Fundamental Researe} 
Mallory-Sharon Metals Corporation, Niles, Ohio. 

We feel that the authors should be congratulated on their contribution of basic 
information on the fabrication of titanium alloys, and would like to encourag 
them to extend this work to other alloys and metals. 

We have tried to correlate the authors’ results with current production practice 
using as an arbitrary base the temperature for a stress of 6000 psi at a strain 





iF 


ngot 


r kcown 
Breokd « — 


Pie Rolling 


<< y Sheet 

Pi a 
x rf 6AI-4V 
Pai 


4Al-4Mn 


Temperature ° 


s1Ng 


Ces 


Unalloyed 





J 
000 1400 1800 2200 


Temperatures for 6000 psi at 0.2 in./in. Strain 
at 0.5 in./min °F 





Fig. 7--Comparison of Temperature of Authors’ Com 
pressive Tensile Results with Fabrication Temperatures 
for Three Titanium Alloys 


rate of 0.5 in/min at a strain of 0.2 in/in from the present test results. If the 
temperature so selected from these test results is plotted against the temperature 
urrently used in the forging and rolling of the same three alloys, one might 
expect a continuous relationship. In fact, blooming temperature and the final bar 
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ling and sheet rolling temperatures of the three alloys were so plotted in Fig. 7 


ind resulted in three straight lines—one for each production process. 


If this correlation were extended to other alloy systems, it might be possible to 
set up a technique for predicting the temperature at which a new alloy could be 


forged or rolled with the same facility as alloys currently being worked. This 
technique could become a very important metallurgical tool 


Authors’ Reply 

Dr. Dickinson's correlation of forging and rolling temperatures (as currently 
used at Mallory-Sharon) with data presented in this paper is very interesting 
lhe authors wish to thank him for contributing these data to this discussion. 

The authors believe, along with Dr. Dickinson, that data of this kind could 

useful in predicting the optimum hot working range for new alloys, especially 
those compounded of the more expensive and refractory metals, where the cost 
if development of in-plant hot working processes may be excessive. It is hoped 
hat other investigators, will be stimulated by this paper and Dr. Dickinson's 
liscussion to obtain similar flow stress data on other alloys in the hot working 
range 





TEMPERATURE AND RATE DEPENDENCE OF 
STRAIN HARDENING IN THE ALUMINUM 
ALLOY 2024-0 


By D. S. Fietps, Jr. AND W. A. BACKoFrEeN 


Abstract 


The strain hardening characteristics of the aluminum 
alloy 2024-0 have been studied over a range of constant 
shear-strain rates from 0.06 to 24 per minute, and at tem- 
peratures from —195 to 500°C (—320 to 930 °F). Gen- 
erally high rates of strain hardening are found at the low 
temperatures. Little or no strain hardening occurs at the 
higher temperatures. At intermediate temperatures, the 
shape of the stress-strain curve is strongly dependent upon 
strain rate. Temperature dependence of the flow stress and 
of the strain-rate sensitivity at fixed strains is low in the 
temperature range from 28 to 200°C (390°F) because of 
strain aging during deformation. Correlations of tempera- 
ture and strain rate for fixed levels of flow stress, using the 
Zener-Hollomon parameter, are obscured by the strain 
aging. (ASM-SLA Classification: N7e, 2-61, 3-67; Al) 


HE RESULTS of relatively few systematic studies of the tem 
perature and rate dependence of strain hardening are available for 
reference. In this paper, strain hardening characteristics in shear oi 
the aluminum alloy 2024-0 are presented for a wide range of tempera 
ture and strain, and at strain rates approaching those encountered in 
some plastic-working operations. Published data for pure aluminum 
and its binary alloys (1—4),' with which test results on the commercial 
alloy can be compared, are summarized in Table I. The tensile and 
compressive stress (o), strain (¢€), strain-rate (€) data of the previous 
work were converted to those relating shear stress (+), strain (y), and 
strain rate (j) with the equations: r = ¢/2; y =(3/2)e; y =(3/2)é. 
Experiments were made using the technique of differential torsion 
testing. With such a testing procedure, constant strain-rate data can 
This paper is based on a portion of a thesis submitted by D. S. Fields, Jr. in partial fulfi 


ment of the requirements for the ScD. degree to the Department of Metallurgy at the Massa 
chusetts Institute of Technology. 


1 The figures appearing in parentheses pertain to the references appended to this paper 


\ paper presented before the Fortieth Annual Convention of the Society, held 
in Cleveland, October 27-31, 1958. Of the authors, D. S. Fields, Jr. is Research 
Metallurgist, Aluminum Company of America, New Kensington, Pennsylvania ; 
W. A. Backofen is Assistant Professor of Metallurgy, Metals Processing Labora 
tory, Department of Metallurgy, Massachusetts Institute of Technology, Cam 
bridge, Mass. Manuscript received May 6, 1957. 
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Table I 
Published Stress- Strain Data for Aluminum Alloys 
at Constant True Strain Rates 


Alloy Temperatures, °C >Min— Test Method 
e aluminun 195 to 540 10—4 to 15 Tensior 
-~320 to 1005 °F) 
195 to 540 60 to 2400 
320 to 1005 °F 
0.177 


0.177 
—320 to 840°F 
—195 to 500 0.06 to 24 
—320 to 930°F) 


be obtained, over a broad range of strain and rate, without complica 
tions arising from end effects and mechanical instabilities 


MATERIAL AND PROCEDURES 

Vaterial—The alloy was tested in the annealed, or “—O”’, temper. 
\ll specimens were taken from 1-inch diameter rod fabricated from 
a single ingot. The melting temperature was determined to lie between 
510 and 520°C (950 and 970 °F). 

Procedures—Analysis of torsion data is complicated by the variation 
of shear strain from center to surface in a twisted solid specimen. Two 
methods have been used for obtaining stress-strain curves from torque 
twist records. One follows the conventional analysis described by 
Nadai (5). The method is laborious, requiring graphical constructions, 
and if applied to a rate-sensitive material, it does not provide for the 
effect on flow stress of the strain-rate gradient accompanying the 
twisting. The other involves twisting thin-wall tubes in which strain 
may be considered uniform. In such specimens, the shear stress is 
~j Equation 1 
while the shear strain is 


Equation 2 


and the shear-strain rate is 


Y ’ , Equation 3 


where a; and a, are the inner and outer radii, respectively; M is the 
torque; @ is the twist in radians per unit length; and 6 = d@/dt is the 
twist rate. 


The testing of tubular specimens to high strains poses experimental 
problems. Equally significant data may be obtained, however, by differ- 
ential torsion testing, in which two solid specimens of radii a; and a» 
are used. The torque difference between the two, (Ms — M;), is taken 
to be that on the tube, and may be substituted for M in Equation 1. This 
method was adopted for the present investigation 
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Testing was carried out in a specially constructed machine. Spec 
mens were held in a vertical position, and, for tests from 200 to 500 °¢ 
(390 to 930 °F), were immersed in a controlled-temperature salt bat! 
containing approximately equal parts of sodium nitrite and of sodiun 
and potassium nitrate, with an addition of potassium dichromate. A 
liquid nitrogen bath was used for tests at —195°C (—320°F). Tem 
perature differences in the gage section were measured to be less than 
0.25 °C. 

Design of the specimen is shown in Fig. 1. Very close tolerances were 
maintained in machining the gage section to insure that twisting would 


a* + 0.002" 














Diameter *0.001" 
(Uniform to 90,0002") 


” 
_ 1 - = 


S = (Gage Dia. +0.200") + 0.005" 


Fig. 1—-Specimen Design 


he uniform, and that specimens to be compared according to Equations 
1, 2, and 3 would be of identical gage length. 

The torque-meter design was based on a wire resistance strain-gag¢ 
bridge. Dead-load calibrations were made periodically, and internal 
calibration was made before and after each test. At all levels, torques 
could be measured to within +0.5%. Angle of twist was determined 
from the rotation of the upper grip with an accuracy of 0.003 revolution 

Typical torque-twist curves transcribed from the autographic records 
are shown in Fig. 2. The estimated average reproducibility of such 
records is +1%. The records varied only slightly with increased hold 
ing time before test, so that one hour was selected for all tests above 
room temperature. 

Three specimens of different radii were tested at 500, 350, 200, 28, 
and —195°C (930, 660, 390, 82, and —320°F), and, for the three 
highest temperatures, at shear-strain rates of 24, 4, 0.96, 0.16, and 0.0¢ 
min, At 28 and —195°C (82 and —320°F) three specimens wer¢ 
tested at a strain rate of 0.96 min", and single tests were made at rates 
of 24 min and 0.06 min“. Specimen diameters at 200 °C (390 °F 
and higher were 0.550, 0.500, and 0.450 inch. The diameters were 0.450, 
0.420, and 0.390 in. at 28 and —195 °C (82 and —320 °F). Curves re 





ALLO) 














lating + and y were determined with the torque-twist records of the 
largest and smallest specimens. The torque-twist record from the inter- 
mediate specimen allowed calculation of two more r — y curves for each 
set of test conditions. With the latter curves, reproducibility of the shear 
stress-strain data presented was estimated to be +3%, averaged for all 
test conditions according to procedures given in the Appendix. 


EXPERIMENTAL RESULTS 


Temperature and rate dependence of strain hardening: All shear 
stress-strain curves are shown in Figs. 3 and 4. In Fig. 5 flow stress at 
i strain of 1.5 is plotted on a logarithmic scale as a function of test 
temperature for all rates. Since the fraction strain at —195 and 28°C 

320 and 82°F) is approximately 1.5, plots at larger strains could 
prepared only for the higher temperatures. Such plots, however, 
vere virtually identical with Fig. 5 except for a broadening of the stress 
range at 200 °C (390°F) which can be seen in Fig. 3. Another plot 


T 


n Fig. 6 has been prepared for a shear strain of 0.15, so that compari 


sons can be made with data from previous work, at much lower strain, 
on pure aluminum and binary alloys with copper and magnesium 


(1,3,4). 
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The logarithmic plots of flow stress versus strain rate in Fig. 7 may 

be described by the equation : 
T)t.y¥=ky™ 

where m is the strain-rate sensitivity. The value of m proved to be 
relatively insensitive to strain at any temperature. The temperatur 
dependence of m for the aluminum alloy 2024-0 is compared in Fig. & 
with that for pure aluminum from the work of Alder and Phillips (2 

Ductility—Fracture strain in torsion at elevated temperatures can 
not be defined precisely, inasmuch as some very shallow surface crack 
ing often appears at a strain lower than that at which the abrupt drop 
in torque occurs with complete separation of the specimen. No corre 
lation between the incidence of surface cracking and torque maxima 
existed at 200 or 350 °C (390 or 660 °F) ; at 500 °C (930 °F), surface 
cracking was apparent after straining beyond the torque maximum 
Average values of y for complete specimen failure are listed in Table 
II. There was no significant effect of strain rate within the range under 
consideration, 

It is interesting to note the maximum strain to fracture at 350 °C 
(660 °F), approximately the recommended temperature for hot work 


Table Il 
Influence of Temperature on Strain-to-Fracture 


Temperature (°C) —195 28 200 350 400 450 500 


275 
Temperature (°F) —320 82 390 525 660 750 840 930 
Fracture strain 1.6 1.6 47 15 39 15 65 4.0 


ing ; twisting bars over a range of temperatures to determine the tem 
perature of maximum revolutions to failure has been suggested as 
a method of establishing the hot working temperature (6,7,8). Plas 
ticity at 350°C (660°F) appeared unlimited. As an illustration, a 
0.500-inch diameter specimen twisted to a shear strain of 30 exhibited 
shallow surface cracking which would have led to failure with relatively 
little additional straining. After machining a 0.035-inch thick layer 
from the surface, it was possible to twist further at 350 °C (660 °F) t 
a total shear strain of 80 before the specimen broke. Also, the torque 
twist record of the remachined specimen, adjusted for the small change 
of diameter, was simply a continuation of the original record. Such a 
finding indicates that the softening at large strains is characteristic of 
the material, and is not caused by surface effects. 

Instability—The pronounced maximum in the 200°C (390 °F) 
curve for the highest rate, y = 24 min™ (Fig. 3), is the result of a 
mechanical instability with deformation concentrating near the center 
of the gage length ; accordingly, this curve has little significance beyond 
the maximum. Each of the three specimens exhibited the instability. 
Heat generated by deformation resulting in a slight temperature 
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3—Shear Stress-Strain Curves at —195, 28, 
390 and 660 °F). 


gradient along the gage length is considered responsible. An approxi 
mate calculation indicates a possible temperature rise of about 2 °C near 
the center. From Figs. 5 or 6, a small temperature rise is seen to cause 
a relatively large drop in flow stress near 200°C (390°F), which 
would promote the localized straining. Instability does not occur 


at lower test temperatures where the temperature rise would be larger, 
because flow stress is less temperature dependent, and, in addition, the 
beginning of instability would be suppressed by local strain hardening. 
Neither does the instability occur at higher test temperatures with 
lower levels of flow stress, and, consequently, smaller temperature 
changes ; further, the greater rate sensitivity would tend to maintain 
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Fig. 4--Shear Stress-Strain Curves at 350 and 500 °C (660 and 9 


uniform straining, inasmuch as the higher strain rates accompanying 
local deformation would result in higher flow stress. 

Initial yield effect at high temperatures—Fig. 4 illustrates an initial 
yield effect at 500°C (930°F) at all strain rates, and additional 
torque-twist curves in Fig. 9 show the behavior to occur at tempera 
tures as low as 425°C (795 °F). Further tests at 500°C (930 °F 
were undertaken to determine factors influencing the effect. No definite 
conclusions were drawn, however, and the need for additional stud 
is clear. Since the finding is not incorporated in the discussion to follow 
the pertinent results are summarized here : 

1. After torsional straining at any temperature of an amcunt suffi 
cient to pass the initial yield region at 500°C (930°F), tne effect 
is not observed in subsequent tests: at 500°C (930°F). It is also 
absent after room temperature prestraining by small, equal amounts 
of forward and reverse torsion. 

2. The effect is not lessened by small amounts of tensile prestrain, up 
to 10%, at room temperature. It is absent, however, if the tensile strain 
follows twisting at 500 °C (930 °F). 
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DiscussION OF RESULTS 

Over a small range of strains for which comparable data are avail- 
ible, the strain hardening characteristics of the 2024-0 alloy resemble 
those of other aluminum alloys. As seen in Fig. 6, the temperature 
dependence of flow stress is much like that of Al-5% Cu and AI-1.5% 
Mg; consistent with its different composition, flow stress is higher for 
2024-0. 

lhree observations revealed the action of strain aging over the tem 
perature range from 28 to 200 °C (82 to 390 °F): 


Discontinuous yielding, indicated by serrations in the torque- 
twist records, which was most pronounced at the lowest rate at 
28°C (82°F), and was least marked at 200°C (390°F) ; 
Low strain-rate sensitivity, falling to a negative value at 28 °C 
(82°F) (Fig. 8); 

A gradual drop, or “plateau,” in flow stress persisting to 
200 °C (390°F), before an abrupt decrease occurred with 


higher temperatures ( Figs. 5 and 6). 
dS Ss 


arly findings of discontinuous deformation were made by Portevin 
and LeChatelier (9), and by Elam (10), while the phenomenon has 
heen studied in detail by others (11,12). Diminished rate sensitivity 
associated with strain aging has been observed by Lubahn (13), and 


by Sherby, Anderson, and Dorn (3) who have shown also that the 


stress-temperature plateau, absent in pure aluminum, is introduced 
by the addition of only slight amounts of most alloying elements in 
solid solution. Such observations are all considered to result from strain 
aging according to the Cottrell mechanism of solute-atom, dislocation 
interaction (14). Direct application of the theory to Al-Mg alloys has 
heen made (3). The limited temperature range over which strain aging 
is a consideration is consistent with the Cottrell theory. At low tem 
peratures, solute atoms possess insufficient mobility to form the neces- 
sary atmospheres around dislocations. At higher temperatures, thermal 
agitation tends to disperse atmospheres formed, while at the same time 
the solute atoms are sufficiently mobile that little force is required to 
move them with the dislocations. 

\s a phenomenological explanation, the temperature and rate de- 
pendence of strain hardening have been attributed to opposing trends 
with respect to strain hardening and thermal softening (15). As a gen 
eral statement in terms of shear stress, r, and shear strain, y, 


de = loa fOu}. L(2 bind Equation 5a 


Equation 5b 


where dr/dy is the observed slope of the stress-strain curve; (é7/¢y), 
is the slope in the absence of recovery ; (0r/ét), is the rate of softening 
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due to recovery processes; and y = dy/dt is the strain rate. Results 
of the present work are well suited for analysis on such a basis, for 
reasons of the large strains, substantial variations in temperacure and 
strain rate, and freedom from complication by adiabatic tendencies in 
testing at the higher rates. The data in Fig. 3 from tests at —195, 200, 
and 350 °C (—320, 390 and 660 °F) provide three cases which may be 
rationalized with Equation 5b. At —195 °C (—320 °F), the slopes of 
the r — y curves are essentially equal to (0r/éy), while the very smal! 
value of (é7/ét)., results in only a slight strain-rate effect. At higher 
temperatures, such as 350 °C (660 °F), the rate of recovery equals that 
of strain hardening, so that flow occurs at essentially constant stress 
determined only by strain rate and temperature. An intermediate be 
havior is found at 200 °C (390 °F). The balance between (07/0y)_ and 
(1/y)(ér/ét), is precarious, so that flow stress may or may not reach 
a maximum value with strain depending on the strain rate. The tem 
perature and rate dependence of flow stress at fixed strain presented in 
igs. 5 and 6, may also be rationalized on this basis if another term 
similar in form to the recovery term, is added to Equation 5b to pro 
vide for the contribution of strain aging to the hardening rate. 

If the temperature dependence of the softening rate in Equation 5) 
is expressed as 


(Or/ot), = —ce"e*™* Equation 6 


where © is the activation energy for recovery, the recovery term 
becomes 
1/4 (6r/et),= — -~ a = —c/Z Equation 7 

with 7 = ye? ®T being the expression of the Zener-Hollomon param 
eter (16). Under restricted conditions, this parameter has been applied 
successfully in describing the temperature and rate dependence of 
strain hardening in many metals and alloys (1,16,17). Recent work 
by Trozera, Sherby, and Dorn (1) on pure aluminum has shown for 
deformation at elevated temperatures that the activation energy in the 
Zener-Hollomon parameter is equal to that for self-diffusion. Such 
a finding supports the argument that the temperature and rate depend 
ence of strain hardening at higher temperatures are determined by 
recovery occurring simultaneously with deformation. 

The previous work has shown that a given value of Z may define 
various temperature-rate combinations for fixed stress-strain relation 
ships (1,16,17). When such a finding holds, a constant Z must also 
determine the combinations of temperature and rate for fixed relation 
ships between dr/dy and y. Then Equation 5b becomes functionally 
equivalent to the Zener-Hollomon formulation : 

r(y, ¥, T) = 7, ye®*™) = r(y, Z) 
Application of the Zener-Hollomon parameter to data from the pres 
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Torque-Twist Records at High T 
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ent study is made in Fig. 10. The various temperature-rate combina 
tions resulting in several constant values of r were determined from a 
plot similar to Figs. 5 or 6, but for y = 1.0. If the parameter is generally 
applicable, the plots of In y versus 1/T °K for different levels of + 
would be linear and of slope equal to —Q/R. Clearly, linear relation 
ships are not found in Fig. 10, nor are they to be found for other values 
of y. The slopes of straight lines joining the extreme points for each 
level of + show the calculated value of © to vary from approximately 
33,500 calories per gram-atom, at the lowest stress level, to infinity near 
room temperature where rate sensitivity vanishes. The high tempera- 
ture (and low stress) value is in accord with the 35,000 calories de 
duced by Trozera, Sherby, and Dorn from a similar treatment of data 
for pure aluminum (1). In the latter work, ( was observed to decrease 


at the lower temperatures and higher stress levels. However, the find 


ing of a high temperature value of Q essentially equal to that for self 
diffusion does support the concept embodied in Equation 5b for ra 
tionalizing the temperature and rate dependence of strain hardening 
at elevated temperatures. 

Both the increase in © with falling temperature and the non 
linearity of the plots in Fig. 10 are understandable from the metallurgi 
cal character of the alloy. First, a strain aging term not included in 
Equation 5b influences the temperature, strain rate relationships by 
acting so as to increase the apparent values of Q. As seen in Fig. 5 or 6 
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binations for Constant Values of Flow Stress 
at a Strain of 1.0. 


the selection of strain rates and temperatures at constant flow stress is 
affected by the plateau resulting from strain aging even at the lowest 
stress levels for which the cross-plots may be made. Furthermore, the 
marked variation with temperature of the solubility of alloying elements 
might lead to correlations less satisfactory than those obtained for the 
unalloyed aluminum. 


SUMMARY AND CONCLUSIONS 
Strain hardening characteristics in shear of the aluminum alloy 
2024-0 have been determined at constant shear-strain rates 
ranging from 0.06 to 24 min“, and at temperatures from —195 
to 500 °C (—320 to 930°F). Data were obtained with the 
method of differential torsion, which made possible constant 
strain rates to large values of strain. 
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2. At —195 and 28 °C (—320 and 82 
sists until fracture. Deformation at 3 


'), strain hardening per 
0 °C (660 °F) proceeds 
at fairly constant values of flow stress to extremely large 
strains. Strain hardening at 200 °C (390 °F) is of an interme- 
diate nature, being pronounced at small strains, but tending to 


J. 


lessen or vanish at larger strains depending upon the strain 
rate. Behavior at 500°C (930°F) is obscured by an unex- 
plained initial yield effect. 

The temperature dependence of flow stress at fixed strain and 
strain rate is relatively slight from 28 to 200°C (82 to 
390 °F), above which a marked decrease in stress occurs. Such 
behavior is attributed to strain aging. 

The temperature dependence of strain rate sensitivity also re 
flects the action of strain aging, being lower at 28 °C (82°F) 
than at —195 °C (—320°F), and increasing most rapidly as 
temperature is increased above 200 °C (390 °F). 

If the temperature and rate dependence of strain hardening are 
rationalized on the basis of competing tendencies towards 
strain hardening and thermal softening, a simple formulation 
of such a concept is shown to incorporate the Zener-Hollomon 
parameter. Correlations of equivalent temperature, strain rate 
combinations according to this parameter are obscured in the 
aluminum alloy, however, by the action of strain aging. 
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APPENDIX 

Estimate of Reproducibility—An indirect method was used to esti 
mate the reproducibility of shear stress values from differential testing. 
lor most of the test program, shear stresses were determined from the 
torque differences between specimens of 0.550- and 0.450-inch diame- 
ters. The torque on the larger specimen was always about twice that on 
the smaller. Therefore, if +x is the fractional reproducibility of a 
torque measurement, and the torque on the smaller specimen is 
M(1 +x), the torque at the same twist on the larger specimen will 
be 2M(1+ x). Since variations of both material and experimental 
origin may be additive, the torque difference is 

AM, = M(1 + 3x 


which, according to Equation 1, is proportional to the shear stress. 

To estimate x, a third specimen of 0.500-inch diameter was twisted. 
Torque for the given amount of twist was approximately (3/2) M 
(1 + x), so that the torque differences between this specimen and the 
other two are 


AM; (M/2) (1 27x) and AM M/2) (1 + 5x) 
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Next, shear stress values were determined with Equation | from AM, 
and AMs. Then, the fractional differences in these values at various 
strains for each temperature-rate combination were computed and 
averaged. The quantity so determined lay in the range of 5x to 7x; 
by assuming an extreme of 5x, the maximum value of x was determined 
to be 1%. Since all differential shear stress-strain curves presented in 


this paper were computed using AM,, reproducibility is reported to be 
+ 3 t 
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MICROSTRUCTURE AND MECHANICAL PROPERTIES 
OF Ti-Cu-Al AND Ti-Cu-Al-Sn ALLOYS 


By R. F. Bunsuan AND H. Marcotin 
Abstract 

Time-temperature-transformation diagrams and me- 

chanical properties have been studied for active eutectoid 

Ti-Cu-Al and T1-Cu-Al-Sn alloys. The best combination of 

properties ts obtained for the Ti-5Cu-3Al-2Sn and Ti-8Cu 

3Al-2Sn alloys. Microstructural correlations of the me 

chanical properties are presented, from which means to 

avoid brittleness are deduced. The results show promise 

for the development of stable alpha +- compound titanium 

alloys. (ASM-SLA Classification: N9, M27, O23p, Q27a; 

Ti) 
NUMBER OF alloying elements form eutectoid diagrams with 
titanium. In some systems, such as Ti-Cr and Ti-Fe (1), eutec 
toid decomposition of beta does not go to completion even after hun 
dreds of hours below the reported eutectoid temperature. In others 
the eutectoid reaction may be completed within 20 seconds (2). The 
latter are known as active eutectoid systems and include among them 
the Ti-Ni and Ti-Cu systems. Active eutectoids are of interest because 
of the probable thermal stability of an alpha + compound structure, 
and further, because regulation of the size and distribution of the com 
pound particles as well as matrix composition should permit controlled 
variations of strength properties. 

The data of Holden et al. (2) on binary Ti-Cu alloys and of Hera 
symenko and Margolin (3) on Ti-Cu alloys with ternary and quar 
ternary additions showed that a combination of high strength and good 
ductility could not be obtained. The best ductility in both cases was 


obtained by heating high in the alpha +- TisCu field. Herasymenko and 


Margolin found that alloying elements soluble in alpha increased the 
strength and improved ductility over that of binary Ti-Cu alloys. 

This investigation is concerned with the microstructure and mechan 
ical properties of Ti-Cu alloys with additions of the alpha-strengtheners 
\l and Sn. 

I.XPERIMENTAL PROCEDURI 
Materials and Alloy Preparation: 

Sponge titanium of BHN 128, 99.99% pure aluminum, 99.9% pure 
tin and OFHC copper were used to make the following alloys: 

\ paper presented before the Fortieth Annual Convention of the Society, held 
in Cleveland, October 27-31, 1958. Of the authors, R. F. Bunshah is Associate 
engineering Scientist, Research Division; H. Margolin is Associate Professor, 
| 


Jepartment Metallurgical Engineering ; College of Engineering, New York Uni 
versity, New York, New York. Manuscript received July 17, 1957 
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1. Ti-5Cu-3Al 
2. Ti-8Cu-3Al 
3. Ti-5Cu-3Al-2Sn 
4. Ti-8Cu-3Al1-2Sn 


Fifty-gram compacts of these alloys were arc-sintered and melted 
in a flowing helium atmosphere to form 50 gram buttons. The buttons 


were subsequently consolidated to ingots of 2% and 5 pounds by per 
4 


manent electrode arc melting in a 2% inches in diameter water-cooled 


copper crucible under partial pressure of argon. Table I gives the nomi 
nal composition and the chemical analysis of these ingots. 


Table I 
Chemical Composition of Alloys Used 


Alloy No Heat No Nominal Composition Analysis Results 
1 A* Ti-SCu-3Al ~u-5.28%: Al-3.62° 
B Ti-5Cu-3Al “u-5.02%: Al-3.40% 
[ Ti-SCu-3Al u-4.86%: Al-3.30% 
A*® Ti-8Cu-3Al u-7.55%: Al-3.35% 
Cc Ti-8Cu-3Al “u-7.96%: Al-3.28% 
Aft Ti-SCu-3Al-2Sn “u-5.09%: Al-3.27% 
Sn-1.83% 
( Ti-SCu-3Al-2Sn Cu-4.96%: Al-3.28% 
Sn-1.76% 
At ri-8Cu-3Al-2Sn Cu-7.89%: Al-3.48°% 
Sn-1.83% 
Cc Ti-8Cu-3AI-2Sn Cu-7.95%: Al-3.31% 
Sn-2.01% 


NOAAADAL 


Note: Analysis carried out by Lucius Pitkin Inc... New York. Samples marked with * checked for 
copper by polarographic method at NYU 


The ingots were scalped and forged to % inch and '4 inch square 
rods, the former to be used as tensile specimens and the latter as TTT 
specimens. Ingots were heated at 1100 °C (2010 °F) for forging in the 
beta field. Forging in the alpha + beta field was done by heating the 
ingots to 927 °C (1700°F) and cooling into the alpha + beta field 
before forging. 

Homogenization Treatment for TTT Studies: 

After a number of trials it was found that one-half hour at 1000 °¢ 
(1830 °F) provided a satisfactory treatment in terms of structural 
homogeneity on transformation. This treatment was therefore used as 
the standard homogenizing treatment. 


Metallography 


Specimens were polished electrolytically and were etched with Rem 
ington A etch (50% glycerine, 25% HNOs, 25% HF). 


/ 


RESULTS 
TTT Diagrams: 


Figs. 1 to 4 represent the TTT curves determined for Alloys 1 to 4. 
The numbers on the TTT curves represent Vickers hardness values 
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‘eaction temperatures investigated extends 
1560 °F) in steps of 50°C (120°F). 


The range of isothermal 1 
from 550 to 850°C (1020 to 
Reaction times from 2 seconds to 24 hours were employed. The Tee 
curves show that the rate of transformation in these alloys is very rapid 

( nly in Alloy 2 at reaction temperatures above 800 °C (1470 °F 


ind in Alloy 4 at reaction temperatures above 850 °C (1560 °F) was it 
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Fig. 4--TTT Diagram for a Ti-8Cu-3Al-2Sn Alloy 


possible to delay the initial appearance of alpha beyond the shortest 
reaction time, viz., 2 seconds. 

In the 5% copper alloys (1 and 3), the structural sequence on iso 
thermal transformation is: 


heta — alpha + beta — alpha + beta 4+ TigCu— alpha + Ti.Cu: 
whereas in the 8% copper alloys (2 and 4), it is: 


beta > (beta + TizCu) — alpha + beta 4- TigCu > alpha + TisCu 





TI-CU-AL AND TI- 


Alloy 2—1000 °C (1830 °F)—30 minutes/750 (1380 °F)—10 seconds/Water 
quenched, Eutectoid Plus Beta Transformed to m Cooling. x 250 
Alloy 2--1000 °C (1830 °F)—30 minutes/75 1380 °F)—5 minutes/Wate1 
quenched, Eutectoid 5 
Alloy 2-—-1000 °C (1830 °F)-—-30 minutes/750 (1380 °F)—2 hour/Water 
quenched, Eutectoid with Recrystallized Alpha Grains + Compound. x 250 


The beta + TisCu stage is not readily discerned due to the rapidity of 
the reaction and the small quantity of the proeutectoid compound 
Consequently it is not shown on the TTT diagrams. 


Microstructures 


The microstructures of Alloys 1 and 3, and of 2 and 4 are almost 


identical, and thus only representative microstructures of each group 
are used. 


a) Alloys 1 and 3, containing 5% Cu: 

Phe alpha plates are nucleated both at the prior beta grain boundaries 
and also intragranularly. Beta is entrapped between the alpha plates 
ind decomposes to alpha + compound, the beta and compound thus 
appearing in discrete particles between alpha plates. Prolonged heating 
at high temperature produces considerable coarsening of the compound. 

b) Alloys 2 and 4, containing 8% Cu: 





ot* 


10** 
11** 
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The structural sequence on isothermal transformation is quite dif 
ferent from the 5% Cu alloys. The beta decomposes to a fine eutectoid 
whose lamellar characteristic can only be resolved by electron micro 
scope techniques, as shown by Holden et al. (4). The eutectoid r 
action is nucleated at prior beta grain boundaries, in most instances, but 
may also be nucleated intragranularly. Fig. 5 shows the eutectoid 
reaction partially completed. It may be noted that in some areas, alpha 
plates grow from advancing beta-eutectoid interfaces with a subsequent 
“filling-in” by the eutectoid reaction and consequent elimination o 
the alpha platelets. Similiar phenomena have been reported in Ti-Cr 
alloys (5). Fig. 6 shows the transformation of beta completed at 750 °C 
On further holding at 750°C (see Fig. 7) fine recrystallized alpha 
grains are formed with discrete compound particles mostly at th 
alpha grain boundaries. It may also be noted that in one area where 
the eutectoid reaction occurred by the initial advance of alpha platelets 
into the matrix, no recrystallization of the alpha has occurred and the 
evidence of compound precipitation between alpha platelets is stil! 
visible. 

Mechanical Properties 

The four alloys used in this investigation showed very similar be 
havior. Hence a detailed discussion is presented only for Alloy 3 
Ti-5Cu-3Al-2Sn. However, appropriate comparisons will be made for 
all four alloys. The data are most conveniently discussed with reference 
to prior history : 


1. Forging and heat treatment in the beta field 
2. Forging and heat treatment in the alpha + beta field 


Tables II and III respectively show the room temperature mechanical 
properties of Alloy 3 produced by these treatments. The mechanical 


Table Il 
Ti-5Cu-3A1-2Sn. Alloy 3 Mechanical Properties of Quenched 
and Tempered and Isothermally Reacted Samples 


Prior Treatment: Samples 1 to 9: 1000°C-30 min./ice brine quench 
Samples 10 & 11: 1000°C-—30 min./Transferred to lead bath directly 


Yield Str. Tensile Str. 
in in 
Treatment Structure 1000 psi 1000 psi 


Acicular a + B (+w) 180.0 213.5 
100°C-2hr/IBQ Acicular a + 8 ( +w) 180.0 212.0 
100°C-—16hr/I BO Acicular a + 8 (+w) 178.8 208.0 
250°C-—2hr/IBQ Acicular a + 8 (+w) 178.0 204.7 
250°C -16hr/IBO Acicular a + 8 (+w) 180.2 201.5 
450°C-2hr/IBQ Acicular a + B (+w) 
550°C-—-16hr/I BO Aciculara+8 (+w) + 146.7 
signs of fine transformation 
between plates 
750°C-7hr/WO Long tempered martensite 
plates + compound 
750°C-24hr/WQ Long tempered martensite 
plates + compound 
—7hr/WQ Basketweave a + compound 
*—24hr/WQ Basketweave a + compound 


*Broke in Threads 
**Duplicate Specimens. 
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properties are single values or an average of duplicate samples as indi 
cated. 


Figs. 8, 9, and 10 show the mechanical properties of all four alloys 


Beta Treatment (see Table I1) 

Alloys water-quenched from the beta field showed high strengt! 
(YS = 180,000 psi, TS = 213,500 psi), high hardness (441 VHN 
and poor ductility (El = 1.99, RA = 3.5% ). Tempering at tempera 
tures of 100 250 °C (210—480 I) for times up to 16 hours produced 
a little loss in strength but no improvement in ductility. Tempering at 
$50 and 550 °C (840 and 1020 °F) caused severe embrittlement suc! 


Legend 
— As-Forged + 750°C -24hrs./WQ 
--- As-Forged 





srornmn hr 
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Temperature °C 


Fig. 10-—-Mechanical Properties vs Temperature of Test 


that the specimens invariably broke in the threads. Tempering at 
750 °C (1380°F) produced a sharp drop in tensile strength (from 
213,000 to 132,000 psi) with some improvement in ductility (irom 3% 

to 12% RA). Specimens isothermally transformed at 750 °C (1380 °F ) 
subsequent to a betatizing treatment, showed some improvement in 
ductility over the quenched and 750°C (1380 °I) tempered speci 

mens, with some loss in strength. 


Alpha + Beta Treatment 


For alloys forged in the alpha + beta field, the best combination ot! 
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trength (YS = 130,400 psi, TS = 134,000 psi) and ductility (E! 
16.6%, RA 10.1% ) is obtained by annealing the as-forged material 
t 750°C (1380°F) for 24 hours. 


Influence of Composition 

Fig. 8 is a plot * of the tensile strength and reduction in area vs 
composition for sponge titanium-base alloys. The data for the 3Al and 
341+ 2.5Sn alloy are taken from the work of Finlay et al. for a 
850 °C (1560 °F) anneal (6). The data used from the present inves 
tigation are for the as-forged + 24 hours at 750°C (1380 °F) treat 
ment. It is seen that the addition of 5% copper to Ti-3A1 considerably 
strengthens the all-alpha alloy with a small loss in ductility. The addi 
tion of 8% copper considerably lowers ductility without increase in 
strength. The addition of tin to both 5Cu-3Al and 8Cu-3Al1 alloys im 
proves ductility, particularly in the latter case, and also increases the 
strength by a small amount. 

Fig. 9 compares the properties of iodide-titanium-base Ti-Cu 
alloys (2) with the four alloys investigated for four corresponding 
structural conditions. It is seen that the effect of microstructure on 
properties is the same for the binary iodide-titanium-base alloys as for 
the more complex sponge-base alloys. With the exception of the beta 


quenched condition, the strength increases in the order 


1. Ti-5Cu-. 


3 
2. Ti-8Cu-3 
3. Ti-5Cu-3 
4. Ti-8Cu-3 


Thermal Stability 

The thermal stability of the Ti-5Cu-3A1-2Sn alloy was evaluated b: 
Lt. D. A. Wruck at the Materials Laboratory, Wright Air Develop 
ment Center, in Report No. WCRT-L56-125. The results are reported 
below. 

The bar stock was annealed at 750 °C (1380 °F) for 24 hours in atts 
prior to machining into creep specimens. After the as-annealed tensile 
data were obtained, specimens were exposed to various stresses at 600, 
800 and 1000 °F (316, 427 and 538°C) for 500 hours. Subsequent 
tensile testing at room temperature indicated that the microstructure 
was completely stable at exposure temperatures, as shown in Table IV 
In view of the low aluminum content, the 40,000 psi stress at 800 °¢ 
(1470 °F) to produce 0.5% deformation in 500 hours indicates that 


this type of alloy holds promise as a creep-resistant material. 


:levated Temperature Properties 
Short-time tensile tests were carried out on all four alloys at 350 and 


considered to indi 
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Table Ill 
Ti-5Cu-3A1-2Sn. Alloy 3 Mechanical Properties of Samples Treated in the 
Alpha + Beta Field 
Prior Treatment: Forged in Alpha +4- Beta Field, Air-Cooled 


Treatment 
As Forged 
750°C-30 min/WQ 
750°C-—24hr/WQ 
850°C-7hr/WQ 
900°C-—30 min/LB 
600°C-30 min/IBQ 
900°C-—30 min/LB 
700°C-—30 min/IBQ 
850°C—4hr 
750°C-24hr/WQ 
As-Forged 
750°C-—24hr/WQ 
As-Forged 


Temp. of Yield Str. Tensile Str 


Test 

Structure ~~ 
Alpha + Compound 25 
Alpha + Compound 25 
Alpha + Comp. 25 
Alpha + Comp. 25 


Alpha + Compound 


Alpha + Compound 

Fine alpha grain + 
compound 

Alpha + Compound 

Alpha + Compound 

Alpha + Compound 


25 


in 
1000 psi 


in 
1000 p 
147.4 
134.8 
134.5 
134.5 
167.0 


145.3 
120.8 


117.8 
98.4 
85.3 


si 


Elong. 
10.4 
7.6 
16.6 
17.1 


or 


750°C-—24hr/WQ Alpha + Compound 81.4 


*Single Value. 


Tabie IV 
Exposure Conditions Tensile Properties after Exposure 
Permanent 
Deformation 


(%E1) 


UTS 

(psi) % R.A. 
134,500 37.0 
133,500 37.8 
135,500 38.6 
Failed in stress rupture 
132,500 39.0 


Time 
(Hr) 


Stress Temp 
(psi) °F) 
No Exposure 
60,000 
40,000 
20,000 
15,000 


% Elong 
15.0 
13.0 
13.0 


600 
800 
1000 
1000 


500 0.. 

500 0.5 

468 69. 
6 


500 12.5* 


*Single test 
550 °C (660 and 1020 °F). The prior treatments of the alloys were: 


Forged in the alpha + beta field 
Forged in the alpha + beta field and annealed at 750°C 
(1380 °F) for 24 hours. 


1. 
2. 


The results are plotted in Fig. 10 and are shown in Table III for Alloy 3 
The tensile strength drops with increasing temperature of test at the 
rate of about 10,000 psi per 100 °C rise in temperature for the 750 °C 
(1380 °F )-24 hour specimens. The reduction of area shows an in- 
crease of 5% per 100 °C rise in temperature. The alloys in the as-forged 
condition show higher strengths but they tend to approach the annealed 
alloys at 550 °C (1020 °F), thus showing the thermal instability of the 
as-forged structure. 
Discussion OF RESULTS 
Correlation of the mechanical properties with microstructure gives 
prominence to several factors, enumerated and discussed below, which 
appear to influence the ductility of active eutectoid alloys : 
a. transition phase—omega 
b. semi-continuous compound paths 
c. amount of compound 
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minutes ater-quenched, Martensite Plus Beta 
Prime. x 600 
Alloy 3—1000 °C (1830 °F)—30 minutes/Water-quenched/750 °C (1380 °F) 
urs/Water-quenched, Tempered Martensite Plus Compound Particularly Coarsened 
at the Prior Beta Grain Boundaries. » ( 
Alloy 3—1000 °C (1830 °F)—30 minutes/750 ‘ 1380 °F)—7 hours/Water 
quenched, Basketweave Alpha Plus ( ind. x 600 
14—Alloy 3—Forged in Alpha Plus Beta Field Plus 75( (1380 °F)--24 hours/ 
Water-quenched, Alpha Plus Coarse Comy 600. 


a. Influence of Omega—There is a considerable body of evidence 
which indicates that the presence of appreciable amounts of omega, a 
transition phase, is accompanied by an increase in hardness and tensile 
strength and a decrease in ductility. The presence of the omega phase 
has previously been reported in Ti-Cu alloys (2b). The evidence for 
omega phase in these alloys is based on the apparent generality of the 


effect of omega on mechanical properties. 

When quenched from 1000°C (1830°K), the microstructure of 
\lloy 3 shows martensite Fig. 11, and, as evidenced by the high Vickers 
hardness of 441, probably contains omega. The high strength of the 
as-quenched alloy also is accompanied by low ductility, Table II. Tem- 
pering at 450°C (840°F) probably produces further decomposition 
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of the beta to omega, thus causing, if anything, increased embrittlement 

(mitting for the moment tempering at 550°C (1020 °F), one ca: 
see from Table II that at 750 °C (1380 °F) the alloys regain ductilit 
at the expense of strength. Omega probably does not form at this ten 
perature and any omega formed on quenching no doubt has decomposed 
This interpretation is in good agreement with the known behavior of 
the omega phase in other sysiems, viz., omega forms readily in a tem 
perature range of 300 to 500 °C (570 to 930 °F) but above that rang: 
either does not form or decomposes very rapidly (7,8). 

b. Semi-continuous compound path—Tempering at 50 °¢ 
(1020 °F) (omitted in the discussion of section a) does not restor 
the ductility but the hardness drops markedly as compared to thi 
450 °C (840 °F) treatment. For example on going from 450 to 550 °¢ 
(840 to 1020 °F) in the case of Alloy 1 hardness drops from 422 to 333 
VHN and for Alloy 3 from 425 to 337 VHN. This behavior suggests 
that omega embrittlement is being replaced by the embrittlement whic! 
would be caused by long almost continuous films of compound formed 
along prior martensite plate interfaces. Similar growth of Ti,Ni along 
prior martensite interfaces has been reported by Polonis and Parr (9 
ina Ti-7.2% Ni alloy tempered at 450 to 550 °C (840 to 1020 °F). 

Tempering at 750 °C (1380 °F) would be expected to agglomerat: 
the compound and restore some ductility and comparison of sample 7 
with 8 and 9 of Table II confirms this expectation. 

When the compound is agglomerated, the length of the semi 
continuous compound path appears to be the major factor controlling 
ductility but not the only factor. This is illustrated by comparing 
sample 9 and 10 of Table II with sample 3 of Table II]; the respective 
photomicrographs are shown in Figs. 12, 13 and 14. All specimens have 
approximately the same tensile strength. It is seen that the beta treated 
samples, Figs. 12 and 13, show a much longer compound path, and 
corresponding lower ductility than the alpha plus beta treated sample 
Fig. 14. 

A comparison of samples 9 and 10 of Table II (Figs. 12 and 13) 
shows that the isothermally reacted sample has greater ductility than 
the quenched and tempered sample. This may be attributed to the rela 
tively large areas of alpha free of compound. 

c. Amount of compound—The 8% copper alloys contain a much 
larger amount of compound than the 5% copper alloys. Alloys 1 and 3 
containing 5% copper showed consistently higher ductility than Alloys 
2 and 4 containing 8% copper. However, alpha + beta forged Alloys 3 
and 4 (5 and 8% copper respectively) for long time treatments high 
in the alpha plus compound field showed the same ductility. 

Thus in the absence of tin, increasing amounts of TisCu appear to 
reduce ductility. The reason for this beneficial effect of tin on ductility 
may be attributed to its effect on the properties of the matrix in lieu of 

any information to the contrary. 
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SUMMARY AND CONCLUSIONS 

Microstructural observations, TTT diagrams and mechanical prop 
erties have been obtained for the following active eutectoid titanium 
allovs: 
1-5Cu-. 
1-5Cu-< 
1 Cu . 
1-8Cu-3. 

The decomposition of beta to alpha + TisCu occurs very rapidly, and 
i stable structure is readily attained. 

The strength properties of the alloys increase in the order shown 
above. The best combination of tensile strength and ductility, about 
135,000 psi and 40% RA, can be obtained for Allovs 3 and 4 forged 
in the alpha + beta field and annealed at 750°C (1380°F) for 24 
hours in the alpha + compound field. 

A somewhat lower yet still a good combination of strength and duc 


( copper | \lloys ] 


( 


tility is obtained for beta forged alloys containing 5 
and 3) by betatizing followed by an isothermal anneal high in the 
ipha + TisCu field. However, beta quenched and tempered or iso 
thermally reacted material shows inferior ductility as compared to 
a-+ 8 forged material given the same treatment, for treatments pro 
ducing the same strength level 

In order to obtain good ductility it is necessary to avoid the omega 


phase or long continuous or semi-continuous compound paths. When 


the compound is in the agglomerated state the presence of primary 
] £s | ; 
alpha appears to be beneficial to ductility. In the amount added, 2% 
tin appears to be beneficial to ductility. 
Che results show promise for the development of similar allovs 
| ; 


aving better properties. 
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DISCUSSION 


Written Discussion: By H. I. Aaronson, Ford Motor Company, Dearborn 
Michigan; W. B. Triplett, Carnegie Institute of Technology, Pittsburgh; and 
G. M. Andes, E. I. duPont de Nemours & Company, Inc., Wilmington, Delawar 

The authors’ interesting studies of transformations in “active” titanium-bas 
eutectoid alloys raise several questions concerning the mechanisms of thes¢ 
transformations. 

In the hypoeutectoid alloys (Ti-5% Cu-3% Al and Ti-5% Cu-3% Al-2% Sn 
the eutectoid reaction is of the nonlamellar type. Are the TisCu crystals formed 
in this reaction nucleated in alpha (thus indicating a bainitic transformatior 
mechanism), in beta, or in both phases? Metallographic evidence in support of 
the authors’ reply to this question would be of especial interest. 

With regard to the establishment of general trends in the mechanisms of the 
eutectoid reactions in titanium-base alloys, it is interesting to note that the patter: 
in Ti-Cu-base alloys is similar to that observed in Ti-Cr alloys. The eutectoid re 
action produces nonlamellar structures in hypoeutectoid Ti-Cu-base alloys and ir 
Ti-Cr alloys containing less than 12% Cr (1-3).* (The eutectoid composition of 
the Ti-Cr system lies at about 15% Cr (4)). In hypereutectoid alloys, the 
eutectoid reaction appears to yield fully lamellar structures in Ti-Cu alloys (5 
and at least partially lamellar structures in Ti-Cr alloys (1,6). 

The authors’ observation of proeutectoid alpha in their hypereutectoid alloys 
(Ti-8% Cu-3% Al and Ti-8% Cu-3% Al-2% Sn) appears to be the first of this 
type in titanium-base alloys. Similar observations have been previously made in 
hypereutectoid steels. Lyman and Troiano (7) found that proeutectond ferrit: 
forms at low temperatures in 1% C steels containing from 3% to 9% Cr. The 
(presumably) ferrite-nucleated bainite which develops at temperatures below 
the knee of the TTT-diagram in plain carbon hypereutectoid steels can also be 
considered as a manifestation of the same phenomenon. 


* The figures appearing in parentheses pertain to the references appended to this discussion 
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Thermodynamically, the formation of alpha or ferrite in a hypereutectoid 


itanium or ferrous alloy requires only that the isothermal reaction temperatur¢ 


lower than the temperature of the extrapolated beta transus or Ae3 curve 
m the viewpoint of kinetics, the replacement of proeutectoid intermetallic 
mmpound by proeutectoid alpha or ferrite should occur when the rate of nuclea 
ion of the latter phase appreciably exceeds that of the former. The mechanism of 
this “kinetic inversion” may be the following. The rate of nucleation is an 
exponential function of the second power of the volume free energy change 
associated with a transformation and is an inverse third power exponential func 
tion of the interfacial free energy between the precipitate and the matrix (9) 
Smith (9) has shown that the specific interfacial free energy of austenite 
ementite boundaries considerably exceeds that of austenite: ferrite boundaries 
\lthough comparable experimental data on titanium alloys are lacking, the 
physical analogies involved (crystal structure, types of binding and differences in 
omposition) suggest that the specific interfacial free energy of beta: TieCu 
boundaries is similarly larger than that of beta: alpha boundaries. Accordingly, 
interfacial free energy factor will favor the nucleation of alpha or ferrite 
Since the volume free energy change increases with increased undercooling below 
he transus or Ae3 temperature, however, this factor should be so highly favor 
able to more rapid nucleation of the intermetallic compound at temperatures just 
low the extrapolated transus or Ae3 that it should readily outweigh the inter 
facial energy factor despite the higher exponential dependence of the latter facto 
\t lower temperatures, on the other hand, a different situation may obtain. If the 
lifference in interfacial free energies is substantially favorable to alpha or ferrite 
nucleation, and if the latent heat of transformation of the intermetallic compound 
is not too much higher than that of the competing phase, the rate of nucleation of 
ilpha or ferrite may overtake that of the intermetallic compound before the under 
oling below the transus or Ae3 temperature becomes so large that a martensite 
reaction intervenes or rates of diffusion become too slow to permit transforma 
tion to occur at an appreciable rate 
Two other points concerning transformations in hypereutectoid Ti-Cu-base 
illoys should be briefly noted. The authors have concluded that alpha plates 
grow from advancing beta: eutectoid interfaces.” It would appear more likely 


' 


that the alpha plates form first and that the eutectoid nodules then grow into th 
heta remaining between them. Do the authors have any metallographic evidenc: 
hich might decide this question : 
In describing the changes which take place in pearlite structures after con 


nued holding at the temperature at which they formed, the authors suggest that 


the alpha component of the pearlite undergoes recrystallization. Another explana 
tion for these structural changes is spheroidization of both alpha and Ti.Cu 
with considerable grain growth within the alpha phase accompanying the dissolu 
tion of many of the smaller TisCu crystals. This type of mechanism is generally 
onsidered to be responsible for the changes observed in ferrous pearlites aftet 
prolonged annealing. Spencer and Mack (10) have observed recrystallization of 
the pearlite formed in a eutectoid Cu-In alloy, but in this case a coarser lamellar 


structure replaces the structure originally formed 
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Written Discussion: By D. N. Williams, Battelle Memorial Institut 
Columbus, Ohio. 

Studies of dispersion hardening of metals and alloys have tended to show that 
improvements in strength or creep resistance require the attainment of a meat 
free path in the alloy of less than 1 micron. A rough measurement of the micro 
structure shown in Fig. 12 suggests a mean free path of 2 to 3 microns. Do the 
authors think they can produce and maintain a sufficiently fine dispersion of 
TisCu in these alloys, and, if so, what method is proposed ? 

The authors concluded on the basis of the results reported in this paper that 
dispersions of Ti,Cu are stable. Have any additional results been obtained whic! 
would tend to modify this conclusion? In view of the finite solubility of copper 
in alpha titanium, one might expect growth of TieCu particles to occur, whicl 
would tend to cause a loss of dispersion strengthening as the mean free path h 
came greater. Have any studies been made of the stability of the dispersion size it 
the temperature range from 800 to 1000 °F ? 

In view of the anticipated difficulties in developing and maintaining a dispersiot 
of effective size in titanium alloys containing copper, I wonder whether the final 
statement in this paper is not overly optimistic. I have seen no data that would 
suggest that the properties of an alloy containing a TisCu dispersion are superior 
in any respect to an all-alpha alloy having equivalent amounts of alpha strengthen 
ing additions. Moreover, copper-containing alloys should be inferior to all-alp! 
alloys in both welding properties and ease of handling by the fabricator. Hav 
the authors been able to demonstrate any advantage for the copper-containing 
alloys? 


Authors’ Reply 
We would like to thank Dr. Aaronson and co-workers for their interesting and 
stimulating discussion. In answer to their questions, TisCu crystals formed 1 
the hypoeutectoid alloys are nucleated in the beta phase. As per their request 
Fig. 15 shows a Ti-5Cu-3Al alloy isothermally transformed at 800°C (1470 °F 
for 51% hours. It is clearly seen that TieCu crystals are nucleated and grow in the 


beta phase entrapped between the large alpha plates. They have postulated a 


mechanism for the observed formation of alpha in a hypereutectoid alloy base: 
on interfacial free energy considerations. We find their thesis entirely logical 
However, the proof awaits measurements of beta: TieCu and beta: alpha inter 
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Ti-5Cu-3Al: 1000 °¢ 30 
hrs/I BQ. ‘A’ etch. X 3 

Ti-8Cu-3Al: 1000 °C—30 

hrs/IBQ. KOH + H20Os2 etch 


facial free energies. We might add that the presence of aluminum and/or tin 
might shift the “eutectoid composition” to higher copper contents, thereby chang 
ing the relative proportions of a + TisCu in the eutectoid mixture as well as the 


degree of supersaturation with respect to the extrapolated new 8/8 +a and 
3+ Tis “boundaries.” This might raise the nucleation rate of alpha in these 
corresponding binary Ti-Cu 


; 


ternary or quaternary alloys as compared to the 
alloy. In answer to their third query, it is entirely possible that instead of our 
postulate of alpha plates growing from advancing beta: eutectoid interfaces 


alpha plates form first and eutectoid nodules grow into the beta remaining be 
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tween them. Due to the extreme rapidity of the transformation, it is difficult | 
readily obtain metallographic evidence to decide this question. 

Their last question is perhaps best answered with reference to Fig. 1) 
which shows a Ti-8Cu-3Al alloy reacted at 750°C (1380°F) for 24 hours 
comparison of this with the 750°C (1380°F) 2-hr reacted specimen (Fig. 7 of 
the paper) shows that considerable grain growth of the recrystallized alpha phas: 
has occurred. In addition, the agglomeration or growth of the TisCu phase or 
prolonged holding at 750°C (1380°F) exhibits two morphologies—(a) coars 
spheroids and (b) lamellae similar to Spencer and Macks’ observations in Cu-I; 
alloys. 

In his thought-provoking discussion, Dr. Williams makes several pertinent 
statements and questions which are examined and discussed below. 

The first sentence of his discussion states—“studies of dispersion hardening 
of metals and alloys have tended to show that improvements in strength or cree; 
resistance require the attainment of a mean free path of less than 1 micron.’ 
This is, to the best of our knowledge, an over simplification of the effect of “mear 
free path length” on the strength or creep resistance. The effect of this variabl: 
depends not only on which strength property (short time tensile or creep re 
sistance) is being measured but also on the test temperature and the metal or 
alloy. There is a fair amount of evidence in the literature on Al-base, Cu-base 
and Fe-base alloys that elevated temperature creep resistance increases wit! 
increasing “mean free path length” even though short time room temperatur: 
tensile strength increases with decreasing “mean free path length.” On the other 
hand, in some other alloys only submicroscopic size dispersions (particle siz 
of the order of .01 micron) have any strengthening effect. To answer the first 
question posed by Dr. Williams, we do not claim that dispersion of TisCu is th: 
only strengthening mechanism in these alloys, since solid solution strengthening 
by Cu, Al and Sn must also make its contribution. Further, if as Dr. Williams 
implies, that only fine dispersions are the cause of strengthening, these would 
be beyond the resolution of a light microscope and would not be recorded on the 
photomicrographs. (For an objective of N.A.=1, at x 600 magnification for 
green light, only particles separated by a distance of 0.159 mm or more will be 
resolved.) No electron micrographs were made in this investigation 

The stability of a dispersion at elevated temperature depends not only on th 
solubility of the components of the dispersed phase in the matrix but also on thei 
diffusion rates. Qualitatively in the temperature range 800-1000 °F for times up 
to 500 hours, we have not observed any appreciable growth of the TixCu phase 
and consequently would not expect and did not observe any loss of strength. This 
lack of particle growth would be expected in view of the initial anneal of 24 
hours at 750°C (1380 °F). Obviously, the diffusion rate of Cu in Ti is quite low 
at these temperatures. Further, these are complex alloys and it is possible that 
other solutes, Al and/or Sn, substitute for Cu in the TisCu lattice to form a 
complex compound phase. This would increase the stability of the dispersed phase 
as is well known for alloy steels and other complex high temperature alloys. 

Dr. Williams “anticipates difficulties in developing and maintaining a dispersiot 
of effective size in titanium alloys containing copper.”’ Our experience in this and 
subsequent research shows no such difficulty, although what the “effective size” 
for strengthening is not known at this time. His next statement reads—‘“I have 
seen no data that the properties of an alloy containing TisCu dispersion are 
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uperior in any respect to an all alpha alloy containing equivalent amounts of 
Ipha strengthening additions.” The veracity of this statement can be tested by 


omparing the properties of an alloy containing the a phase and TisCu dispersion 
vith that of an alloy corresponding to the composition of the a phase alone. A 
ri-5Cu-3Al alloy when converted to atom percent (A/o) corresponds to a Ti-3.7 
\/o — Cu-5.3 A/o Al alloy. Making the worst possible assumption, let us assume 
that all the Cu is combined with titanium as TisCu. This means that the alpha 
natrix has the composition Ti-5.93 A/o Al which corresponds to a Ti-3.47 W/o 
\l alloy. This comparison of properties is shown in the table below. The prop- 
erties of a Ti-3.47 W/o Al alloy are taken from the paper by Finlay et al (Ref. 6 
of the paper). 


Tensile Properties 


0.2% Ult 
YS Tens. Str. 
Ti-5Cu-3Al 117,650 126,500 
Ti-3.5Al (alloy of composition 82,000 92,000 
equivalent to matrix of above) 
Ti-SCu-3Al-2Sn 130,700 134,500 
91,000 98,400 
74,200 81,400 
110,600 120,000 
55.000 64,000 
45.000 55,000 


39 
> 


Test 
Temp 
Room 
Room 


Room 
350°C 
550°C 
Room 
350°C 
550°C 


het et teh 5 Se ta 
“NOF OS ao 
COONMe OC 


! 


omparison of alloy 1 — Ti-5Cu-3Al with its equivalent matrix composition 
illoy 2 — Ti-3.5Al, shows that the addition of Cu does produce a substantial in 

ease in strength 

In the table above, room and elevated temperature tensile properties of alloy 3, 

Pi-5Cu-3A1-2Sn alloy, and alloy 4, the Ti-5AI-2.5Sn are listed. The latter alloy 
has considerably higher Al content than the alpha matrix of alloy 3. In spite of 
his, alloy 3 shows significantly higher strength at both room and elevated 
mperatures. No creep or stress-rupture data are available for the equivalent 
ilpha matrix compositions to make a direct composition. However, the following 

mparisons can be made. 


Temp Stress Time Permanent (%El 

(°F psi) (Hrs Deformation 
5Cu-3Al-2S: 600 60 000 500 03 
SAI-2.5Sn 600 41'000 500 


5Cu-3Al-2S1 800 40,000 500 
5AI-2.5Sn 800 36,000 500 


5Cu-3A!-2Sn 1000 15,000 500 
5Al-2.5Sn 1000 15,000 783.7 


*"M. W. Mote, R. B. Hopper, P. D. Frost, “The Engineering Properties of Commercial 
Titanium Alloys,’"” TML Report 492, June 4, 


5A1-2.5Sn alloy has a higher Al content than the alpha matrix of the Ti- 
5Cu-3A1-2Sn alloy. Yet the stress to produce the same deformation at 600 and 
800 °F is higher for the Ti-5Cu-3A1-2Sn alloy. At 1000 °F under -15,000 psi the 
alloys are approximately equivalent. The addition of Cu does appear to con 
tribute significantly to creep resistance. 


Che 


Admittedly, welding of these alloys will be more difficult than the all alpha 
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alloys but not impossible, since post-weld heat treatments can be used. No « 


alloy in any alloy system is the answer to all problems. 

The object of this study was to explain the feasibility of obtaining desiral 
combinations of strength and ductility in a + compound alloys over a range 
temperatures. The data show that the objective is possible. Further work 
necessary to select optimum compositions and treatment to develop maximu 
property combinations. Such work is in progress and will be reported at a late: 
date. 





THE EFFECT OF HEAT TREATMENT ON THE 
ELEVATED TEMPERATURE STRESS STABILITY 
OF TITANIUM ALLOYS 


By M. L. GreeNLEE, G. A. LENNING, W. M. Parris, 
AND H. D. KESSLER 


Abstract 

The effect of heat treatment on unnotched and notched 
tensile properties, notch-bend impact strength, and elevated 
temperature stress stability were investigated for three com- 
mercial titanium alloys. Strength increases obtained by heat 
treatment were of the order of 65,000 psi for the T1-140A 
alloy, 75,000 psi for the Ti-155A alloy, and 25,000 psi for 
the Ti-6Al-4V alloy. No decrease in notch ductility or indi- 
cation of instability was observed at the maximum strength 
level obtained for the Ti-6Al-4V alloy. The major portion 
of the strength increases for the Ti-140A and Ti-155A al 
loys could be realized without impairing notch ductility or 
stress stability. (ASM-SLA Classification: Q27a, 2-62, 
2-64 ; Ti-b) 


INTRODUCTION 
| HAS BEEN known for some time (1)! that significant improve- 
ments in the strength of titanium alloys can be obtained with duplex 
heat treatments of the solution treat and age type. However, at the 
time this investigation was initiated, no general study of the possible 
detrimental effects of heat treatment on notch ductility and elevated 
temperature stress stability had been made. 

Three alloys, Ti-140A (Ti-2Fe-2Cr-2Mo), Ti-155A (5AI-1.5Fe 
1.5Cr-1.5Mo), and Ti-6Al-4V were chosen as representative of the 
urrently available alpha-beta types. Ti-140A is a beta-rich alloy; 
fi-155A is also rich in beta stabilizers but contains aluminum; 2nd 
Ti-6Al-4V contains a small amount of beta stabilizers with high alumi- 
num. 


Because of the broad scope of this investigation, test results were 


obtained in the following sequence: 


1. Unnotched and notched tensile results were obtained for 
eighteen conditions of heat treatment for each alloy. The eight- 
1 The figures appearing in parentheses pertain to the references appended to this paper. 


\ paper presented before the Fortieth Annual Convention of the Society, held 
in Cleveland, October 27 to 31, 1958. The authors, M. L. Greenlee, G. A. Lenning, 
W. M. Parris and H. D. Kessler, are associated with Titanium Metals Corpo 
ration of America, Henderson, Nevada. Manuscript received April 23, 1958. 
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een conditions consisted of a total of nine aging treatments 
for each of two solution temperatures for each alloy. 

. Thirty-two conditions were selected for all three alloys fo: 
elevated temperature tensile testing on the basis of the roon 
temperature properties in 1. 

. Thirty-six conditions were also selected for notch-bend impact 

testing on the basis of room temperature properties. 
Results from 1, 2, and 3 were used to select six conditions of 
heat treatment for each alloy for elevated temperature stress 
stability testing. Three stress-stability exposures which in 
cluded three temperatures were used for each condition of 
heat treatment. To investigate the effect of stress, two addi 
tional stress levels were used at the highest exposure temper 
ature for the highest strength condition for each alloy. 


MATERIALS 

The Ti-140A (Ti-2Fe-2Cr-2Mo), Ti-155A (Ti-5AI-1.5Fe-1.5Cr 
1.5Mo), and Ti-6Al-4V alloys were selected for this investigation be 
cause of their wide acceptance and the considerable amount of expe 
rience which has been accumulated for these materials in the annealed 
and heat treated conditions. The materials from commercial heats were 
received as 5¢-inch diameter centerless ground rods although Ti-140A 
and Ti-6A1-4V are also commercial sheet products. Chemical analyses 


as reported by the mill and mechanical property data obtained in the 
laboratory for the three alloys are given in Table I. 


EXPERIMENTAL PROCEDURES 
Heat Treatment 
The 54-inch rod was cut to appropriate lengths and heat treated in 
electrical-resistance type tube furnaces. The solution treatments for the 
three alloys were as follows: 


Ti-140A 1400 and 1480F for 1 hour, water quench. 

Ti-155A 1600 and 1700F for 1 hour, water quench. 

Ti-6Al1-4V 1550 and 1750F for 1 hour, water quench. 
Each solution treatment was followed by aging for 2, 8, or 24 hours at 
900, 1000, and 1100 °F to give a total of eighteen conditions of heat 
treatment for each alloy. The bars were then descaled by sandblasting 
or Virgo descaling prior to machining into specimens. 


Mechanical Testing 
Tensile Testing Specimens for room and elevated temperature ten 
sile testing had an 0.250-inch diameter by 1.25-inch long reduced sec 
tion with a l-inch gage length. Tensile tests were conducted on a 
Riehle screw-type tensile machine at a strain rate of 0.005 inch per 
inch per minute through the 0.2% offset yield strain. The crosshead 
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Table I 


Chemical Analyses and Tensile Properties of the Ti-140A, Ti-I55A, and 
Ti-6A1-4V Alloys in the Mill Annealed Condition 


Chemical Analyses 
Element Ti-140A Ti-iSSA Ti-6Al-4V 
0.179 


Iron 1 

Chromium 2 1.27 

Molybdenum § 1.2 
5 


Aluminum ( 6.97 
Vanadium 4.13 
Carbon 0.025 0.013 
Nitrogen 0.020 0.044 0.024 
Hydrogen 0.012 0.009 0.007 
Tensile Properties 
——- ——Unnotched——— - Notched Ratio 
Tensile 0.2% Yield Elongation, Reducti Tensile Notch to Un 
Strength, Strength, % in Ar Strength, notch Tensile 
psi psi in 1-inch % psi Strength 
138,000 127,000 20 60 219,000 
138,000 129,000 20 60 223,000 
152,000 147,000 15 49 224,000 
149,000 143,000 15 50 225,000 
141,000 140,000 15 50 210,000 
142,000 141,000 14 41 214,000 


—_ 


speed was then increased to 0.2 inch per minute. Autographic stress- 
strain curves were made using a microformer-type extensometer. Ele 
vated temperature test specimens were heated in electrical-resistance 
tube furnaces and held 10 minutes at temperature prior to testing. 
Temperatures were measured with a thermocouple fastened to the 
center of the reduced section of the specimens. The maximum tem 
perature gradient over the length of the reduced section was +5 °F, 
as determined in prior testing. Extension arms fastened to the reduced 
section of the specimen actuated the extensometer. 

Notched tensile specimens had a 0.250-inch diameter by 0.75-inch 
long reduced section. The notch at the center of the reduced section 
had a 60 degrees included angle with a 0.005-inch root radius. The 
diameter at the base of the notch, as measured with an optical compara 
tor, was such that the area was one-half the total cross sectional area of 
the 0.250-inch reduced section. This notch configuration has a calcu- 
lated stress concentration factor of 3.8. Maximum load values were 
obtained with the tensile machine, described earlier, at a crosshead 
speed of 0.05 inch per minute to fracture. 

Notched-Bar Impact Testing The V-notch Charpy impact speci- 
men, conforming to ASTM specifications, was used in this investiga- 
tion. A Sonntag Universal impact machine, with energy ranges of 100 
and 240 foot-pounds and impact velocities of approximately 11 and 17 
feet per second, was used in this testing. Temperature control media 
were as follows: 

Temperature Media 


—65F Mixture of dry ice and acetone 
205F Boiling water 

300F Quenching oil 

500F Silicone (Dow Corning 550 fluid) 
700F Electric muffle furnace 
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Laboratory thermometers were used to indicate temperatures of -65 °F 
and 205 °F, and thermocouples fastened to control specimens wer 
used for the higher temperatures. Specimens were allowed to soak 15 
minutes at temperature, then were broken within 5 seconds after re 
moval from the temperature control media. 

Stress-Stability Testing Specimens for stress-stability testing had a 
0.250-inch diameter by 1-inch long reduced section. Vickers hardness 
impressions on the shoulders of the specimens served as gage marks 
for measuring total plastic deformation resulting from exposure to 
stress-stability conditions. Total plastic deformation was measured to 
the nearest 0.01%. The tests were conducted in conventional stress 
rupture machines equipped with electrical-resistance tube furnaces 
Temperatures were controlled to +5 °F throughout the 500-hour ex 
posures by means of thermocouples attached to the surface of the speci 
mens. Subsequent room temperature properties were obtained using 
the same procedures as described for tensile testing. 


RESULTS 
Room Temperature Unnotched and Notched Tensile Properties 


Solution treated and aged tensile properties for the Ti-140A allo) 
solution treated at 1480 and 1400 °F are shown in Fig. 1. The 900 °F 
2 hour aging treatment gave the maximum tensile and yield strengths 
for both solution temperatures. The 1480 °F solution treatment fo! 
lowed by this aging treatment gave 207,000 psi, whereas the 1400 °F 
gave 186,000 psi. Increasing the aging time and/or temperature de 
creased strength, and the 1100°F-24 hour age produced a tensile 
strength of approximately 138,000 psi. 

Although the material heat treated to the highest strengths showed 
rather low reduction in area and elongation values, reasonable com 
binations of strength and ductility were obtained with 900 °F-8 hour 
aging for both solution temperatures. The notched to unnotched tensile 
strength ratio was 1.3 or higher with all heat treatments except for the 
900 °F-2 hour aging treatments. Aging at 900 °F for 2 hours resulted 
in notched to unnotched tensile ratios approaching 1.0. 

Fig. 2 shows the tensile properties for the Ti-155A alloy solution 
treated at 1600 and 1700 °F and subsequently aged. This material was 
similar to the Ti-140A alloy in that the higher solution temperature, 
1700 °F in this case, resulted in higher strengths for a given aging 
treatment. Again, 900°F-2 hour aging gave maximum strengths of 
228,000 psi for the 1700 °F, and 207,000 psi for the 1600 °F solution 
treatments. Increasing the aging time and/or temperature reduced 
tensile strengths to minimums of 174,000 and 155,000 psi, respectively, 
for the 1700 and 1600 °F solution temperatures. 

The unnotched reduction in area values for the Ti-155A alloy re 
mained above 30% for tensile strengths up to 185,000 psi. For tensile 
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Fig. 2—Tensile Properties of the Ti-155A Alloy Solution Treated at 1600 and 
1700 °F and Aged as Shown. 
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Fig -Ultimate Tensile Strength vs. Test Temperature for Short-Time 
Aging Treatments of the Ti-140A Alloy. 


strengths up to this 185,000 psi level, the notched to unnotched tensile 
strength ratio remained above 1.3. At higher strength levels, unnotched 
ductility and the notched to unnotched strength ratio decreased below 
these levels. 

Properties of the Ti-6Al-4V alloy, solution treated at 1750 and 
1550 °F and subsequently aged, are shown in Fig. 3. This alloy also 
had higher strengths when solution treated at the higher, 1750 °F, 
temperature. However, variation of aging treatments had little effect 
on tensile strengths. The maximum strength level, 165,000 psi, was 
obtained with the 1750 °F solution treatment foilowed by aging at 900 
and 1000 °F for times of 2, 8, and 24 hours. Unnotched ductility and 
notched/unnotched strength ratios remained high for this material in 
all the conditions of heat treatment investigated. 
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Elevated Temperature Tensile Properties 
\ total of thirty-two heat treatments which resulted in good com 
binations of strength and ductility for the three alloys were chosen for 
elevated temperature tensile testing. Figs. 4, 5, and 6 are illustrative 
of the trends observed for the respective alloys regarding their ele 


vated temperature strengths. Each figure includes data for the highest 
ind lowest heat treated strengths and mill annealed strengths. 
levated temperature tensile strengths of the Ti-140A alloy in the 
ire shown in Fig. 4. The 
all heat treatments wet 


annealed and several heat treated conditions 
increases in elevated temperature strength for 
generally proportional to room temperature increases and ranged uy 


ward to a maximum for the 1480 °F solution treatment followed by the 
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Fig. 6—Ultimate Tensile Strength Versus Test Temperature for Short 
Time Aging Treatments of the Ti-6Al-4V Alloy. 


900 °F -8 hour age. Up to 850 °F the increase in strength obtained with 
this treatment was approximately constant at 50,000 psi. Between 850 
and 1000 °F, this beneficial effect of heat treatment decreased so that 
at 1000 °F the increase was of the order of 5000 to 10,000 psi. Ele 
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vated temperature ductility values were not significantly changed by 
any of the heat treatments. 

Fig. 5 shows the elevated temperature tensile strengths of the 
Ti-155A alloy in the annealed and several heat treated conditions. This 
material was similar to the Ti-140A alloy in that elevated temperature 
strength increases were proportional to room temperature increases. 
Maximum strengths for this material were obtained with the 1700 °F 
solution treatment followed by the 1000 °F-8 hour age. This condition 
showed an increase in strength over the annealed strength of more than 
40,000 psi up through 850 °F and of about 20,000 psi at 1000 °F. No 
loss in ductility was encountered at elevated temperatures as a result of 
this, or any other, heat treatment. 

As shown by the curves for the 1700 °F solution treatment, there 
was a tendency for an increase in strength with increasing temper 
ature for this material in the 500 to 800 °F temperature range. This 
may have resulted from additional aging which occurred during the 
test. 

\s shown in Fig. 6, the elevated temperature strengths of the Ti-6A1 
{V alloy were significantly affected by the solution treatment temper- 
ature. The 1750°F treatments resulted in approximately 20,000 psi 
strength increases over the annealed strengths up through 850 °F, 
while the 1550 °F treatment showed only about 5,000 psi increases. At 
1000 °F the 1750 °F solution treated material showed about a 10,000 


psi strength increase over the annealed material. The reduction in 
area values were increased somewhat at elevated temperatures by heat 
treatment, but elongation values remained about the same as for the 
annealed condition. 


Notch-Bend Impact Strength 

A total of 36 heat treated conditions for all three alloys were selected 
for Charpy impact testing. The impact energies for several representa- 
tive conditions of heat treatment for each alloy are plotted as a function 
of testing temperature in Figs. 7, 8, and 9. Since these selected values 
are representative of the trends observed, they will be used in the dis- 
cussion to follow. 

The impact energy-testing temperature relations for the three alloys 
were similar to those observed previously for titanium materials in that 
the ductile-to-brittle transition temperatures were not sharply defined 
but occurred over a relatively broad temperature range. 

The results for the Ti-140A alloy, Fig. 7, show an appreciable effect 
of heat treatment on 500 and 700 °F impact energy. The effect of heat 
treatment on room temperature and -40 °F impact energy was rela- 
tively smaller. For example, the 1480 °F plus 1000 °F-2 hour treat- 
ment produced a 700°F impact energy of 61 foot-pounds and a 
-40 °F impact energy of 10 foot-pounds, as compared to a 700 °F 
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Fig. 8—Impact Energy Versus Temperature for the Ti 155A Alloy in Several Solution 
Treated and Aged Conditions. 


energy of 115 foot-pounds and a -40 °F energy of 14 foot-pounds fot 
the annealed condition. 

The results for the Ti-155A alloy, Fig. 8, show trends similar to 
those discussed above for the Ti-140A alloy. The room temperature 
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impact energy was 16 foot-pounds for the annealed condition. Increas 

ing the tensile strength to 175,000 psi by heat treatment had the effect 
of decreasing room temperature impact energy to 12 foot-pounds. At 
the 196,000 psi strength level, the impact energy had decreased 

8 foot-pounds. 

The results for the Ti-6AI-4V alloy, Fig. 9, show a higher level of 
impact energies at room temperature than for the Ti-140A and Ti-155A 
alloys. In the annealed condition, the room temperature impact energy 
was on the order of 18 foot-pounds. The relation between heat treated 
tensile strength, impact energy, and temperature was not as well de 
fined in the case of the Ti-6AI-4V as for the Ti-140A and Ti-155A 
alloys. In fact, the impact energy versus test temperature curves might 
be considered to fall within a wide scatter band. 


Stress Stability 

In the investigation of stability of the three alloys, specimens having 
the desired heat treatments were exposed to stress at elevated temper- 
atures for 500 hours. Room temperature tensile tests were then con 
ducted to detect instability as indicated by a change in tensile proper 
ties, such as a loss in ductility or a change in strength. Stress-stability 
and total deformation results for the six conditions of heat treatment for 
each of the three alloys are shown in Figs. 10, 11, and 12. 

The results for the Ti-140A alloy, Fig. 10, indicated that the alloy 
was completely stable in all of the conditions of heat treatment investi- 
gated through the 750 °F-30,000 psi-500 hour exposure with two ex 
ceptions. The exceptions were the 1480°F plus 900 °F-8 hour and 
1480 °F plus 1000 °F-2 hour treatments where a trend toward insta 
bility was indicated. For equivalent strength levels, the 1400 °F solu- 
tion temperature resulted in better stability than the 1480 °F temper 
ature. Some improvement in creep resistance with heat treatment was 
indicated by total deformation values at 550°F, while considerable 
improvement was evident at 750 °F. Increasing the exposure stress at 
750 °F from 30,000 psi to 45,000 and 60,000 psi for the highest strength 
heat treated material did not decrease stress stability. 

Results for the Ti-155A alloy are shown in Fig. 11. The annealed 
material was stable for all conditions of exposure, and stability was 
indicated through the 850 °F-20,000 psi exposure for the 1600 °F plus 
1000 °F-8 hour and 1700 °F plus 1100 °F-8 hour heat treatments. The 
loss of ductility for the 750°F exposure of the material treated at 
1600 °F plus 1100 °F-2 hours does not appear to be true metallurgical 
instability. Since the 1000 °F-8 hour age produced a stable condition, 
this loss of ductility may have resulted from some surface phenomenon, 
such as observed by Jaffee and co-workers (2). A careful examination 
of the fracture did not reveal any material defects which could have 
been responsible. Also, some surface phenomenon may have been re- 
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sponsible for the low ductility after the 650 °F exposure of the 1000 ° F- 
2 hour aged material since the strength and ductility after the 750 and 
850 °F exposures did not show any change. However, for the material 
solution treated at 1700 °F, the indications are that the 1000 °F-8 hour 
and 1100 °F-2 hour aging treatments were not sufficient to produce 
complete stability. 

A definite improvement in creep resistance of the Ti-155A alloy 
when heat treated can be observed from the total deformation values 
The heat treatment selected for the study of the effect of stress, 1700 °F 
plus 1000 °F-8 hours, unfortunately showed instability at the lowest 
stress investigated. Increasing the stress at 850 °F to 35,000 and 50,000 
psi, however, did not produce further loss in ductility to indicate any 
adverse effect on stress stability and little, if any, loss in strength. 

Stress-stability results for the Ti-6A1-4V alloy are shown in Fig. 12. 
This alloy was completely stable through the 850 °F-30,000 psi-500 
hour exposure in the annealed and all heat treated conditions. No indi 
cations of a decrease in strength were obtained for exposures which 
produced total deformations up to 1.0%. Improved creep resistance 
resulted from heat treatment as was observed for the Ti-140A and 
Ti-155A alloys. Increasing the stress on the 1750 °F plus 900 °F-2 hour 
treated material to 40,000 and 50,000 psi at 850 °F did not affect stabil- 
ity even though a total deformation of 14.37% resulted from the 50,000 
psi stress. 


DISCUSSION 


This investigation has shown that appreciable increases in room and 
elevated temperature strength and creep resistance can be realized 
from heat treatment without impairing stress stability, notched to un- 
notched tensile strength ratio, or notch-bend impact strength. Maxi 
mum room temperature strength increases obtained with heat treatment 
of the 54-inch round were approximately 65,000 psi for the Ti-140A, 
75,000 psi for the Ti-155A, and 25,000 psi for the Ti-6A1-4V alloy. 
The results obtained indicate that notched and unnotched ductility and 
stability considerations may impose limits on the amount of strength 
increase desired for the Ti-140A and Ti-155A alloys, depending on the 
application. 

The relation between unnotched ductility and tensile strength were 
described in Figs. 1 and 2. A summary graph of the relationship be 
tween notched to unnotched tensile ratio and unnotched tensile strength 
is shown at the top of Fig. 13. The data points follow the 1.5 ratio line 
up to a strength level of about 165,000 psi. At higher unnotched ten 
sile strengths, the ratio decreases until at about 200,000 psi the ratio 
falls below 1.0. 

It is interesting to compare the notch tensile results obtained here 
with those reported for 4340 alloy steel by Sachs, Weiss, and Klier (3) 
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At a notch tensile ratio of 1.3, the tensile strength fo. the Ti-140A and 
Ti-155A alloy was in the range from 170,000 to 185,000 psi. On an 
equivalent strength-weight ratio, 170,000 psi in titanium corresponds 
to approximately 290,000 psi in steel, and the notch tensile ratio ob- 
tained by Sachs, et al., was about 1.3 for this strength level. 

A graph of notched to unnotched tensile strength ratio versus re- 
duction in area is shown at the bottom in Fig. 13. For the Ti-140A and 
Ti-155A alloys, the ratio decreases below 1 at approximately 15 to 20% 
reduction in area. 

On the basis of the conditions of heat treatment and properties 
studied in this investigation, no definite advantage was indicated for 
high or low temperature aging treatments. In regard to solution tem- 
perature for the Ti-140A, better stress-stability characteristics were 
obtained with the lower, 1400 °F, temperature; whereas, a slightly 
more favorable relation between notch tensile ratio and tensile strength 
was obtained with the higher, 1480 °I*, temperature. No similar effect 
of solution temperature was observed for the Ti-155A and Ti-6AI-4V. 
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THE INFLUENCE OF FORGING TEMPERATURE ON 
MECHANICAL PROPERTIES OF AI-V TITANIUM 
ALLOYS 


By L. S. Croan anp F. J. R1zzitano 


Abstract 

An investigation to determine the effects of forging tem- 
perature on the mechanical properties after heat treatment 
of several heats of 6%AlI-—4A%V and 7% Al—4%MV titan- 
tum alloys was conducted at Watertown Arsenal. As a re- 
sult of the study, a high-temperature production forging 
technique involving press forging from above the beta 
transus temperature and water quenching from the press 
has been developed. Toughness, as measured by V-notch 
Charpy impact resistance at —40 °F, may be increased by 
as much as 50% without any significant effect on strength. 
Although a gradual loss in ductility results from the use of 
increasingly high forging temperatures, the loss is insigni- 
ficant at the working temperatures recommended. By apply 
ing these techniques, advantages of improved forgeability, 
optimum combination of the more important mechanical 
properties, and reduced costs may be realized. The forging 
techniques developed have already been applied in process- 
ing more than 10,000 pounds of closed-die forgings at 
Watertown Arsenal. (ASM-SLA Classification: F22, 2-61, 
Q27a, Q23p; Ti, Al, V) 


N THE production of many Ordnance end items designed for use 
throughout the range of anticipated combat temperatures, major 
concern lies with the development of light-weight alloys having high 
strength and maximum toughness. Attention at Watertown Arsenal 
has been focused for some time on alloys of titanium to fulfill this re- 
quirement. Of the titanium alloys studied and evaluated up to the 
present time, the Al—V type alloys are the most satisfactory of those 
commercially available. These alloys, however, have generally been 
considered difficult to forge because of an inherent high resistance to 
hot work. This condition is apparent in the forging temperature range 
of 1650 °F to 1750 °F commonly used in industry. It results in high 
forging costs because of difficulty in filling dies readily, use of addi 
tional material, high capacity equipment, extra blocking and heating 
operations, high forging rejection rate, and excessive die wear. 
To obviate these conditions, a metallurgical investigation is being 
A paper presented before the Fortieth Annual Convention of the Society, held 
in Cleveland, October 27-31, 1958. Of the authors, L. S. Croan is physical metal- 
lurgist and F. J. Rizzitano is mechanical engineer associated with the Materials 
Engineering Laboratory of Watertown Arsenal, Watertown, Mass. Manuscript 
received September 3, 1957. 
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conducted on the Al—V titanium alloys to determine the effect on 
mechanical properties of such variables as forging or extrusion tem 
perature, reduction ratio, cooling rates after hot work, and various 
heat treatments. This report covers the phase of this investigation con 
cerned with the effects of forging the 6% AlI—4%V and 7% Al—4%\ 
titanium alloys in the temperature range of 1650 °F to 2200°F. 


MATERIALS AND PROCEDURE 


Two commercial heats of the 6% Al—4%V titanium alloy and one 
heat of the 7%Al—4%V titanium alloy, produced by two separate 
facilities, were evaluated. Billets were forged in both open and closed 
dies with varying reduction ratios. Forgings were water quenched 
from the press immediately after the forging operation was com 
pleted. 

Tensile and impact tests are normally used as a basis for predicting 
performance characteristics of Ordnance components. Tensile tests are 
conducted at room temperature and toughness determined by V-notch 
Charpy impact tests at —40 °F to insure satisfactory shock properties 
of finished components in sub-zero weather. Test specimens are ma 
chined transverse to the direction of major working so as to evaluate 
the mechanical properties under the most adverse conditions as re 
quired under the applicable specifications. Photomicrographs are 
taken to show the various structures resulting from the different forg 
ing temperatures and heat treatments used. 

In order that test results would provide conclusions as valid and 
broad in scope as possible, many processing variables were studied 
The material evaluated was processed from both 16-inch and 24-inch 
diameter ingots by the producing facilities. In some instances, further 
hot reduction of the barstock was accomplished at this Arsenal before 
upsetting in order to obtain a convenient billet diameter. Reduction 
varied from 62% to 87%. Billets were upset forged to section sizes 
ranging from 54” to 1%” in thickness, and in both open and closed 
dies. The effect of forging temperature was also evaluated after em- 
ploying four different heat treatments commonly used by various pro 
ducers and processing facilities. 


EXPERIMENTAL WorK 
Three commercial heats of Al—V titanium alloy were received in 
the “mill-annealed” condition. The original ingot sizes and chemical 
compositions as obtained by the manufacturer are as follows: 


Ingot Diameter 
Heat No. Size as-rec’d Al V Fe > H 
24038 16” 8%” 28 04 27 j .0050 
M2811 24” Y 0 1 14 } .004 
21164 16” 4y,” .26 94 31 : .0032 
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At the time that test results were being obtained for this report, the 
specification in use required a strain rate of .002”/”/min and this 
strain rate was used up to 0.2% offset. In using the foregoing strain 
rate rather than the standard rate of .005”/’”/min, yield strength re- 
sults would be lowered by two or three thousand psi (1). 

The material used for the compilation of data presented in Tables | 
and II was from a heat received as “mill-annealed” 814” diameter 
barstock. Short lengths were selected at random and drop forged 
from 1800°F to 214” diameter. The as-forged billet stock was 
then machined to 2” diameter and cut to the desired lengths for 
the upsetting operation. The sharp corners at either end of all billets 
were machined to a smooth radius to avoid rapid cooling in this 
area during the upset operations. After machining to proper size, 
billets were selected at random and numbered for identification pur 
poses. 

The 2” diameter 414” long billets, prepared as indicated above, 
were upset press forged in a closed die (die temperature 450 °F) from 
1700 °F, 1900 °F, and 2200 °F. The section thickness of the finished 
forgings was approximately 114”, involving a reduction of 67% in this 
operation. Two billets were forged at each of the above temperatures ; 
one after a half hour total time in an oil-heated, direct fired, production 
furnace already at temperature, and the other after two hours in the 
same furnace. These and all subsequent forgings were quenched in 
agitated water immediately after the forging operation. The two hour 
soaking time was employed to determine the advantages or disadvan 
tages, if any, of using long soaking times. Following the forge and 
quench operations, the forgings were sandblasted to remove surface 
scale and then subjected to the following heat treatment: 1725 °F 
1% hours—water quench; 1100°F—2 hours—air cool. Standard 
V-notch Charpy impact and 0.252” diameter tensile specimens wer: 
machined from the heat-treated forgings at the locations indicated in 
lig. 1. Charpy impact specimens were tested at —40°F+1° on a 
Mouton Pendule Charpy machine, single purpose, 217 ft-lbs capacity. 

Billets 2” diameter 5” long from the same heat (#24038) were 
upset press forged in a similar manner at closer temperature intervals 
These tests were conducted in order to determine more closely the 
effect of forging temperature on mechanical properties, and to evaluate 
the effects under different forging conditions and at a higher strength 
level resulting from the heat treatment of a thinner section. The disks 


were quartered and the quarter sections heat treated as indicated in 
lable II. These particular heat treatments were chosen as being repre 
sentative of those commonly used by various producers and processing 
facilities. Following heat treatment, test specimens were machined as 
2 and tested. Results are given in Table II and 


indicated in Fig 


The ‘ures appearing in parentheses pertain to the references appended to this paper 
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Table I 
ocmes Le rature Survey 
Closed Die Forging 6%A Titanium Alloy Heat No. 24038 
2” D x 414" Barstock U pset Press "Forged Reduction 67% (114" Section) 
4ll Forgings Heat Treated at 1725 °F—1\% Hrs—-W.Q.* Reheated to 1100 °F—2 Hrs A.C.** 
(Water Quenched From Forging Press) 
V notch 
Specimen Forging Time at Vield Strength Tensile Charpy 
Number Temp. Temp. (PSIX 1000) Strength Elon d ( —40 °F 
38-75 Ft. (°F) (Hrs.) (.1%) (.2%) = (%) / (ft.-Ibs.) 
1A 1700 2 137 140 150 16.0 13.0 
1B : 138 150 16.0 12.7 


2A 1700 K 139 150 15.0 13.6 
2B : 139 151 16.0 13.0 


3A 1900 d 139 152 13.0 
3B ‘ 137 152 14.0 


4A 1900 2 142 152 10.0 
4B 141 154 13.0 


5A 2200 d 139 152 
5B : 137 152 


6A 2200 $ 138 151 
6B 145 156 


Average Values 1700 - j 139 150 
Average Values 1900 1 152 
Average Values _2200 z ) 153 


*Agitated Water Quench 
**Air Cool 


NOTE: Tensile and Charpy specimens located as shown in Fig. 1 


ie “Table I 
The Effects of Working Temperature and Heat Treatment on the Mechanical 
Properties of 6%Al—4%V Titanium Alloy 
2" Dx 5* Long Billets Upset Press Forged to %" Plate—Heat No. 24038 
Water Quenched From the Press— Reduction =87 &% 


Specimen Forging Yield Strength Tensile 
Number Temp (PSIX 1000) Strength Elon R 
38 Ft °F) (.1%) (.2%) (PSIX1000) —(%) o 
Heat Treatment A‘ 1725—1 hr—W.Q.,* 1050—14 hrs—A.C.** 
1650 146 149 159 14.0 48.6 
1750 150 154 162 13.0 48.6 
1850 144 149 164 13.5 29.4 
1950 146 151 164 13.0 36.6 
2200 148 154 171 12.0 16.2 
Heat Treatment “* B’ 1550—1 hr —W.0., 900—24 hrs—A.C 
1650 144 146 155 16.0 42.4 
1750 152 153 164 14.0 39.8 
1850 145 149 161 10.9 32.6 
1950 139 142 157 14.0 30.8 
2200 141 144 158 12.0 19.2 
Heat Treatment “*C" 1550—1 hr—W.Q., 1725—1 hr—W.Q., 1050—1'%4 hrs—A.C. 
1650 147 151 160 16.0 52.0 
1750 149 153 163 14.0 474 
1850 147 151 166 13.0 30.2 
1950 148 152 162 13.0 37.2 
2200 146 150 163 12.0 20.5 


Heat Treatment *D"’ 1600 —1 hr--W.Q., 900—24 hrs—A.C. 
1650 146 148 158 17.0 
2D 1750 154 156 166 14.0 
3D 1850 144 148 162 15.0 
4D 1950 141 146 164 15.0 
_$D_ 2200 143 147, 160s 120 
*Agit ated Water Quench 
**Air Cool 


NOTE: Tensile and Charpy Specimens located as shown in Fig. 2. 
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0.252 Tensile 
V-Notch Charpy (Standard 


I—Transverse Specimen Locat 
Forged Bar, Upset Press Forge: 


Dy | 








Note 
T-0.252 Tensile 
C- V-Notch Charpy (Standord Square - 0.394) 


Fig. 2—-Transverse Specimen Location, 2” D x 5” Forged 
Bar, Upset Press Forged to 5%” Plate 


igs. 4 through 7. Broken tensile specimens were sectioned trans 
versely through the threaded ends for microexamination. 
Heat No. M2811 was received in the “mill-annealed” condition as 
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2” diameter barstock having been processed to that size from 24’ 
diameter ingot by the producing facility. Four-inch-long billets were 
upset press forged to 5¢” plate in open dies and water quenched from 
the press. Forging temperatures were the same as those used for the 5” 
long billets above, and transverse test specimens were machined and 
tested as before. All plates were heat treated as indicated in Table II] 
These tests provided information on additional commercial material 
(specimens again taken at random) having lower strength character 
istics in the same heat treated section size. 

In order to obtain limited substantiating data on a similar alloy of 
higher Al content, upset press-forging tests were carried out at 1750 °F 
and 1950°F on one heat (No. 21164) of 7%AlI—4%V titanium 
alloy using the water quenching technique after forging. Billets 412” 
diameter 4” long were prepared and heated for 1% hours before 
forging. Specimen location was as shown in Fig. 2. 

RESULTS AND DiIscuSssION 
MECHANICAL PROPERTIES 


Yield Strength—Tests conducted on two commercial heats of 
6% Al—4% V titanium alloy and one commercial size heat of 7% Al 
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Table Il 
Effect “ Forging Temperature on Mechanical Properties 
6%Al—4%V Titanium Alloy Heat M2811 
” Dx 4" Long Pi. Upset Press Forged to %" Plate—Water Quenched From Press 
Heat Treatment 1725°F—1 hr—W.0.*—1050°F —1\% hrs A.C.**— Reduction=84% 


Forging Vield Strength Tensile 
Temp (PSI X 1000) Strength 
(°F) 1%) (.2% PSIX 1000 
1650 136 139 151 
1650 136 139 152 
1650 135 138 151 


135 138 151 


135 139 152 
135 139 151 
138 151 
138 150 


138.5 ' 151 


142 155 
1850 141 154 
1850 142 156 
1850 141 155 


141.5 155 


1950 : 142 156 
1950 141 155 
1950 140 155 
1950 f 141 157 


141 155.7 


143 156 
142 156 
141 156 
142 155 


F s, 142 155.7 


*Agitated Water Quench 
**Air Cool 


Table IV 
Forging Temperature and Heat Treatment Survey 
~V Titanium Alloy Billets 444” D time 2” Long I et Press Forged to 144%” Plate Heat 
No. 21164 Reduction=62% Water Que tched From Press 


: V notch 
Forging Yield Strengt Tensile Charpy 
Temp. Heat Treatment (°F) PSIX 1000 Strength Elon (—40°F) 
(°F) Solution Age % PSIX1000) (%) / (ft-lbs) 
1750 1750-1-WQ* 1050-1%- 158 10.7 11.5 
1750 1750-1-WQ* 1100-14% 2 7 155 10.6 
1750 1750-1-WQ* 1150-114 7 10.0 
1750 1750-1-WQ* 1200-14 2 2 10.3 
1950 1750-1-WQ* 1050-1% 
1950 1750-1-WQ* 1100-14 
1950 1750-1-WQ* 1150-1% 


1950 1750-1-WQ* 1200-1%- 


*Water Quenched 
**Air Cool 
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Fig. 4—-Mechanical Properties Vs. Forging Temperature 
6% Al—4% V Titanium Alloy (Table Il). Heat treatment 
“A” 1725 °F—1 Hr.—W.Q., 1050 °F—1% Hrs.—A.C 


4% \V, where the technique of water quenching from the forging press 
was employed and where the high solution temperature plus short-time 
high-temperature aging treatment had been used, revealed that forging 
temperature has no appreciable effect on yield strength under these 
conditions and in the wide temperature range investigated (Tables I, 
II, II] and Figs. 3, 4, 5, and 11). It will be noted that the long-tim« 
aging type of heat treatment resulted in decreasing yield strength with 
higher forging temperatures (Table II, Figs. 6 and 7). 

Ductility—Under all conditions investigated, the elongation in the 
tensile test varied inversely as a straight line function of the forging 
temperature, evidencing a gradual loss as forging temperature was in 
creased. 

The percent reduction of area followed the same general decreasing 
trend of values with increasing forging temperature, but apparently not 
as a straight line function. Although a fairly wide scatter of percent 
reduction of area test results would normally be expected, the general 
shape of the curves, as drawn, seemed persistent, evidencing a decline 
in value in the temperature range of 1750 °F to 1850 °F (approximate 
beta transus temperature) followed by a short rise and then a further 
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5—Mechanical Properties Vs. Forging Temperature 

Al—4% V Titanium Alloy (Table II eat treatment 

1550°F—1 Hr.—W.Q., 1725 °F—1 Hr.—W.Q., 
1050 °F—1™% Hrs A 


lrop in value. The reason for these phenomena is not evident at the 
present time. 

l'oughness—For all materials tested, a marked increase in V-notch 
Charpy impact resistance was obtained after forging at temperatures 
ibove the beta transus temperature of approximately 1800 °F. This in- 
crease in toughness persisted even though forgings were subsequently 
heat treated at temperatures below the beta transus and despite the heat 
treatment used. It may be readily seen from the data of mechanical 
properties versus forging temperature (Figs. 4-7, 11 and Table II) 
that two distinct levels of toughness are obtained; one for forging 
temperatures below 1750°F and a substantially higher level after 
forging at temperatures above 1850 °F. It will be noted in Table I that 
in raising forging temperature from 1700 °F to 2200 °F, a gain in im 
pact r- -istance of as much as 50% was obtained. Examination of all of 
the curves indicates that the increase in toughness may actually vary 
from approximately 20% to 50%. 

A limited investigation was conducted on a 7% Al—4%V titanium 
alloy. The results in Table 1V indicate that improved toughness may 
also be expected after forging this alloy at temperatures above the beta 
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Fig. 6—Mechanical Properties Vs. Forging Temperature 
6% Al—4% V Titanium Alloy (Table I!). Heat treatment 
“B” 1550 °F—1 Hr.—W.Q., 900 °F --24 Hrs.—A.C. 


transus. The average increase in impact resistance represents a gain 
in toughness of 25%. It must be noted that this particular heat of 
material evidences poor response to heat treatment in a 114” section 
as indicated by the constant level of mechanical properties after aging 
at various temperatures. It will also be noted that this material evi 
denced a relatively low level of ductility and toughness. The ability of 
high temperature forging techniques to increase toughness of such a 
material becomes highly significant, particularly if there is no loss in 
ductility as was the case in this test. 


MICROSTRUCTURE 

The microstructures present after various combinations of forging 
temperatures and heat treatment applied to one heat of the 6% Al 
4%V alloy (Heat No. 24038) were independent of the heat treatment 
employed and varied with forging temperature only. Typical micro 
structures are shown in Figs. 8, 9, and 10. It will be noted that the 
microstructures of plates forged from 1650°F and 1750°F (below 
the beta transus) are essentially the same, consisting of primary alpha 
globules in a matrix of transformed beta. Forging from temperatures 
above the beta transus, results in an acicular structure with a banded 
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appearance and the primary alpha globules are noticeably absent. It is 
the latter type of structure that, according to the test results obtained, 
appears to be associated with a high level of toughness and slightly 


lower ductility. 

\t X1000 magnification, the N.Y.U. “R” etch (2) employed reveals 
the presence of a fine precipitate or compound which has a globular 
appearance at X2500, and is present in large amounts in all specimens 
examined. This constituent has not yet been identified. 

Soaking Time for Forging—The data of Table I do not indicate any 
significant differences in mechanical properties resulting from varying 
the soaking time for forging from /% hour to 2 hours. The data for both 
soaking times were therefore averaged at each of the three temperatures 
employed and the averages plotted in Fig. 3 


GENERAL CONSIDERATIONS 
It is apparent from the data presented that either of two levels of 
toughness may be realized by proper selection of forging temperature. 
lhe higher level of toughness resulting from the use of forging tem 
peratures above the beta transus is associated with somewhat lower 
ductility. However, inasmuch as ductility, as measured by percent 
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Fig. 9—Microstructures After Heat Treatment—1725 *F—1 Bea De 1050 °*F— 
- , om? ae 


1% Hrs.—A.C. Etchant—Modified N.Y.U. “R.” Time—60 sec. (a) 38 F A—Forged 
1650 °F, (b) 38 FT 2A—Forged 1750 °F, (c) 38 FT 3A—Forged 1850 °F, (d) 38 FT 
4A—Forged 1950 °F, and (e) 38 FT 5A—Forged 2200 °F. x 1000. 





TRANSACTIONS OF THE ASM 


Fig. 10—-Microstructures After Heat Treatment—1725 °F—1 Hr.—W.Q., 1050 °F 
1% Hrs._-A.C. Etchant—Modified N.Y.U. “*R."” Time—60 sec. (a) 38 FT 1A 


: d Forge 
1650 °F, (b) 38 FT 2A—Ferged 1750 °F, (c) 38 FT 3A—Forged 1850 °F, (d) 38 FI 
4A—Forged 1950 °F, and (e) 38 FT 5A—Forged 2200 °F. x 2500 
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elongation, decreases gradually with increasing forging temperature, 
while V-notch Charpy impact resistance remains at a constant high 
level after forging at temperatures in the range of 1850 °F to 2200 °F, 
it is recommended that the lowest practical forging temperature at or 
above 1850 ° I be employed. In this way, maximum ductility consistent 
with the high level of toughness of which the material is capable, will 
be obtained. 

It will be noted that the data presented are based on the technique 
of water quenching from the press immediately after hot working is 
complete. All of the closed die forgings processed at this Arsenal at 
high forging temperatures, to date, have been quenched from the 
press. Data are not available at the present time substantiating the 
necessity for the above quench operation; however, it would appear 
to be a safe precaution to avoid possible beta embrittlement and grain 
coarsening. 

In addition to improvement in the optimum combination of the more 


important mechanical properties, it must also be recognized that forge 


ability is increased measurably by forging at higher temperatures. It is 
the relatively poor forgeability of the 6% Al--4%V titanium alloy in 
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the commonly used temperature range of 1700 °F to 1750 °F that re 

sults in high processing cost due to forging difficulties, such as poor 
flow, and high rejection losses. The production of intricate forging 
shapes at higher temperatures would, in many cases, reduce the num 
ber of blocking operations necessary, reduce the number of reheats, al 
low more reduction to be accomplished without reheating, and in some 
instances make the production of the forging possible for the first time 
One of the most intricate of the closed dies in use at Watertown Ar 
senal has produced over 125 parts at a forging temperature of 2000 °F 
without rejections or noticeable die wear. 


CONCLUSIONS 

1. Forging Ti-Al-V alloys above rather than below the beta 
transus temperature, results in a significant increase in V-notch 
Charpy impact energy. 
The impact energy remains at a constant high level after forg 
ing at all temperatures investigated above the beta transus (up 
to 2200 °F). 
Forging at a minimum temperature above the beta transus, 
consistent with good forgeability, results in acceptable ductility 
at the high impact level. 
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DISCUSSION 


Written Discussion: By R. P. Daykin, research metallurgist, Ladish Company, 
Cudahy, Wisconsin. 

Watertown Arsenal’s contribution to the literature is appreciated since it 
furthers our understanding on the property effects of hot plastic deformation. 

Supplementing this work, an experiment performed at Ladish is presented 
herewith. This investigation studies effect of forging temperature on the annealed 
room temperature tensile properties of 6AI—4V titanium alloy. Much of this 
material used is in the annealed condition with specified minimum room temper 
ature tensile properties. 

Hot plastic deformations in this study were executed isothermally. Through 
isothermal deformations, the information derived may be more easily extrapolated 
to commercial forging manufacture. Variables are introduced through forging 
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Fig. 12—Effect of Isothermal Forging Te mpera 


ture on Annealed Room Tempera Tensile 
Properties of 6A1-4V Titanium Alloy. 


in air which are difficult to precisely assess. These include temperature drop of 
location of chilling through di 
contact, amount and rate of reduction in any given temperature increment be- 
tween temperatures at start and finish of forging operation. 

In the experiment l-inch diameter X 14 inch long specimens from Heat No 


M4897 were upset to ¥% inch thickness between heat resistant alloy dies extend- 


specimen through cooling in air, amount and 


ng into a No. 505140 Marshall Furnace positioned between upper and lower 
platen of a BLW 300,000 pound tensile machine. Duplicate specimens were de- 
formed at 1400, 1600 and 1800 °F. A thermocouple was imbedded in each speci- 
men to measure temperature variation during deformation. Temperatures were 
observed to be controlled to within 10 °F at 1400, 5 at 1600 and 20 at 1800 °F. All 
variations were minus. 

The chart attached (Fig. 12) shows with increases in forging temperature, 
continuous decreases of ultimate strength, yield strength (0.2% offset), elastic 
limit, and reduction of area. Properties were determined on diametral 0.125-inch 
diameter tensile test specimens removed from disk forgings produced by the 
above procedure. Specimens were tested in the annealed condition: 2 hours at 
1300 °F, air cooled 

Metallographic examination of the various specimens revealed a fine “peppery” 
equiaxed structure in the specimens deformed at 1400 °F. Somewhat coarser 
equiaxed structure was found in the 1600°F deformed specimens and small 
Widmanstatten platelets were beginning to form. Specimens deformed at 
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1800 °F contained a coarse Widmanstatten structure with heavy alpha rejectior 
at the grain boundaries. 

The Watertown paper describes the effect of forging temperature on roon 
temperature tensile and minus 40°F V-Notch Charpy values of 6AI—4\ 
titanium alloy in the solution treated and aged condition. The little experiment 
described above presents the effect of forging temperature on room temperatur: 
te.sile values of the same alloy in the annealed condition. 

It is concluded that forging reduction must be programmed to emphasize spe 
cific properties as required by individual users. 





A CONTRIBUTION TO THE HARDENABILITY 
PROBLEM IN TITANIUM ALLOYS 


By R. P. ELLiotrt aNnp W. RosTOKER 


Abstract 

Analysis of cooling curves of unalloyed titanium and two 
alloys containing 5% and 20% Vanadium, respectively, 
demonstrates that thermal diffusivity cannot be considered 
constent for all alloys. Two methods are described which 
permit the determination of thermal diffusivity, a, and 
quench severity, H, from quenching experiments. Some 
characteristic values of a and H are given. (ASM-SLA 
Classification: J5; Ti-b) 


HE GENERAL subject of hardenability is separable into two 

basic topics, the relationship between alloy chemistry and ideal 
critical diameter of round bar and the system of conversion of depth of 
hardening from the ideal critical diameter to bars of greater diameter 
quenched under less severe conditions. It should be noted that the use 
of hardenability concepts is applicable equally to systems where full 
hardening is developed by any post treatment, as well as to systems 
where full hardening is the direct result of quenching. In the case of 
titanium, the product of the quench is a structure which is capable of 
age hardening on post heat treatment. Some critical rate of quench is 
necessary to develop the structure capable of fullest age hardening. 


This paper is concerned primarily with the problem of conversion of 
intrinsic hardening ability to sections of nonideal size and to quenches 


of nonideal severity. 

Graphical systems have been devised to make hardenability calcula- 
tions for steel. In devising such systems, two basic assumptions other 
than those required to solve the differential equation of nonsteady 
state heat transfer are required—that the thermal diffusivities of all 
hardenable steels are essentially the same and that heats of transfor 
mation (recalescence) may be neglected. Experience has shown these 
assumptions to be warranted in the case of low alloy steels. They may 
not be taken for granted in other hardenable systems. In fact, it is 
known that, with increasing total alloy content, thermal diffusivity 
cannot be treated as constant. Since titanium alloys differ rather sub- 
stantially in total alloy content (up to about 20% ), constancy of ther- 
mal diffusivity is a serious question. 


\ paper presented before the Fortieth Annual Convention of the Society, held 
in Cleveland, October 27-31, 1958. The authors, R. P. Elliott and W. Rostoker, 
are associated with the Metals Research Department, Armour Research Foun 
lation of Illinois Institute of Technology, Chicago. Manuscript received October 
24, 1957. 
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TITANIUM JOMINY Bars 


To illuminate this issue, cooling curves have been measured along 
standard Jominy bars quenched under carefully controlled standard 
conditions. Data have been developed for three titanium alloys contain- 
ing 0, 5, and 20% vanadium. Alloys were all produced from titanium 
sponge of 120 BHN using a double arc melting procedure to insure 
homogeneity. 

During standard Jominy end-quench experiments temperatures at 
eleven stations on the Jominy bar and at three reference voltage sources 
were continuously monitored. This was accomplished by a magnetic re 
cording device. The potential outputs of all stations were connected to 
a commutator switch capable of registering each five times every 
second. These signals were suitably amplified and recorded on a stand 
ard magnetic tape. 

A special modulater-head playback apparatus (1)! was used to tran- 
scribe the results at a speed much slower than the original transcrip 
tion. This modulator head is sensitive to flux density and so may be 
used to read the intensity of magnetization of the tape even when the 
tape is stopped. Ordinary tape playback mechanisms are sensitive to 
the rate of change of magnetization only and hence are not suitable for 
the present purpose. The signal from the modulator playback head 
was fed to a Sanborn hot stylus recorder and transcribed as a perma 
nent record. The reference potentials intermixed with the data were 
used to convert the scale of the recording to true millivoltages. One of 
the thermocouple stations was established at the quench end. By noting 
when this thermocouple millivoltage dropped to zero, the instant of 
quenching could be established to within one fifth of a second. 

Considerable difficulty was encountered in attaching thermocouples 
to titanium. A No. 30 gage chromel and alumel thermocouple was used 
throughout. The procedure found most satisfactory involved a welding 
operation using condenser discharge from two 200-microfarad, 3000- 
volt oil-filled condensers connected in parallel and charged to 810 volts 
The arrangement permitted control of the welding current to cause 
welding without melting of the wire. 

Thermocouples were welded to the base of wells drilled into titanium 
bars. The bases of these wells were on the axis of the Jominy bar with 
the exception of the few nearest the water jet which were physically 
impossible to so position. A two-hole ceramic insulator was used to 
position the thermocouple in the well. The ends of the wires were 
twisted together. One of the electrical leads from the condenser 
discharge welding apparatus was connected to these two wires, the 
second to a metal plate. The twisted thermocouple junction was held 
firmly against the plate, while the switch was thrown to the discharge 


1 The figures appearing in parentheses pertain to the references appended to this paper. 
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N 


Fig. 1—Test Bar in Quenching Fixture. (Air shield is closed in actual quenching 
experiments.) 


position. A bead was formed at the twisted junction. The thermocouple 
so produced was welded to the base of the well in the titanium bar by 
the same procedure. 


As will be discussed later, cooling curve measurements were also 
made on round bars totally immersed in the quenching medium. In the 
total immersion quenches, frequent breakage of the thermocouple 
welds was encountered. The frequency of this event was reduced by 
binding the thermocouples firmly against the bar. 

The quenching system is illustrated in Fig. 1. An arrangement of 
fingers kept the Jominy bar vertical and a shield kept out air currents. 
\s discussed by Birtalan et al. (2), these devices aid in reproducibility 
of Jominy tests. The water pressure was adjusted to 2'% inches free 
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Fig. 3—Cooling Curves for Positions in a Pure Titanium Jominy 
Bar Quenched from 1000 °C (1830 °F) 


height of rise. Preheating was performed in an electrically heated tul 
furnace dynamically purged with helium. The bars were attached to 
stainless steel rods for ease of handling. 

To minimize errors arising from defective thermocouples and posi 
tion variation, observed millivoltages were plotted against the thermo 
couple position for various elapsed times as a parameter. Such “thermal 
profiles” were then used to construct the cooling curves for the various 
positions. 

Typical thermal profiles are given in Fig. 2 for a 20% vanadium 
alloy quenched from 700 °C (1290 °F). As can be seen, two cooling 
phenomena are occurring simultaneously, viz., axial heat extraction 
from the water-cooled end giving rise to a thermal gradient along the 
bar, and cooling by radial heat transfer to the air. The latter is evi 
denced by the decrease in temperature with time in the linear portion 
of the thermal profiles. 
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Fig. 6—Cooling Curves for 
Jominy Bar Quenche 
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A series of cooling curves constructed from thermal profiles is pre- 
sented in Figs. 3 to 6. A comparison of these curves illustrates the fol- 
lowing points: commercial titanium and the 5 and 20% vanadium 
alloys differ appreciably in thermal diffusivity. This is strikingly 
demonstrated by comparing the times required for a point 4¢-inch 
from the water-cooled end to reach half temperature. As expected, the 
alloy addition decreases the thermal diffusivity. None of the cooling 
curves give evidence of recalescence effects. Inasmuch as the latent heat 
of transformation for the bec to hep structure occurs isothermally for 
pure titanium, the fact that anomalous shapes of the thermal profiles 
of pure titanium were not detected is indicative that recalescence can 
be ignored. As would be expected, the quenching temperature has a 
considerable effect on the cooling curves. This latter point is of im 
portance inasmuch as all titanium alloys are not solution-treated at the 
same temperature. 

Ideally, the Jominy test was designed to provide by uniaxial cooling 
a complete range of cooling curves. The poorer thermal diffusivity of 
titanium and its alloys as compared to steel is demonstrated by the 
departure from ideal uniaxial cooling, indicated as radial cooling in 
Figs. 3 to 6. Such an effect has not been noted for steel.* Since such 
an effect is noted, it is indicative of a thermal gradient across the 
diameter of the Jominy bar. Care must therefore be exercised to corre- 
late physical and mechanical properties of quenched specimens with 
the similar properties in the center only of the Jominy test bar. 


METHODS FOR CALCULATION OF a AND H 


The fact that thermal diffusivity may not be assumed constant for 
practical purposes means that the simple graphical system for harden 
ability computation developed by Grossmann, Asimow, and Urban (3) 
cannot be used. It remains, therefore, to return to the fundamentals of 
heat transfer. A system is needed for the simple derivation of the 
thermal diffusivity of an alloy and the severity of quench. Secondly, a 
system is needed to translate these into depth of hardening as a function 
of section diameter. 

The differential equation for nonsteady state heat flow in infinite ** 
cylinders and infinite plates has been solved in tabular form by Russell 
(4) using generalized dimensionless variables : 


1. A surface coefficient, HL, which relates the rate of heat trans 
fer across the surface. L is the half thickness or the radius of 
the specimen; H is the factor which can be called quench 
severity and is dependent on the quenching medium, surface 


* See published cooling curves of Reference (2). 


** The term “infinite” implies that the specimen under consideration is sufficiently long 
that heat transfer is perpendicular to the infinite surface. A length five times the half thick 
ness is usually sufficient to satisfy the infinite condition without appreciable error. 
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conditions, and chemistry of the material undergoing quench. 
A relative temperature, U, which may be defined 

U = (Tx — Tr)/(T: — Tr) Equation 1 
where Tx = instantaneous temperature 

Tr = final temperature 
T: = initial temperature 
A relative position, X/L, which defines the position with 
respect to center. X/L = 0 at the center; X/L = 1 at the 
surface 
A relative time ratio, r, which is defined : 
r=et/L* Equation 2 
where a = thermal diffusivity 
t = time elapsed since quenching 
L = half thickness or radius 
Since two physical characteristics are to be determined—the thermal 
diffusivity, a, and the quench constant, H— it is apparent that at least 
two cooling observations must be made for a mathematical solution. 
This may be done in several ways; either by comparing cooling at 
various radial positions in a single bar, or by comparing cooling at 
similar relative positions in bars of different diameters, but of the same 
alloy chemistry and quenched in identical fashion 
The condition selected for comparison in determination of a and H 

by a two-bar technique was the time to cool to one-half temperature 


(time at U = 0.5), at the center (X/L = 0), of two cylinders one and 
two inches in diameter, respectively. The selection of temperature and 


position is of course arbitrary so far as a mathematical analysis is con 
cerned and represents a matter of convenience 

From the tables provided by Russell (4), graphs have been plotted 
of rvs U for X/L = 0 for all values of HL. From these plots r and HL 
coordinates were read at U = 0.5. These values are plotted in Fig. 7.* 
For the two cylinders (one and two inches diameter, respectively) of 
the same material, the thermal diffusivity is the same, therefore: 


Equation 3 


Equation 4 
The curve of Fig. 7 is used to compute the data in Table I from which 
the curve in Fig. 8 is derived. 
In practice, the method of determining a and H by the two-bar 
method is as follows: 
(a) Quench the two cylinders (one inch and two inches diam- 
eter) and determine the time to reach one-half temperature 
for each bar. 


* In a separate publication (5) Russell has given such tables of 7 as a function of HL for 
1 2 ; 


.5 at X/L of 0.0, 0.5, 0.6, 0.7, 0.8, and 0.9. The method discussed here enables similar 


tables to be calculated for other relative temperatures 
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Table I 
Ratio r:/n for X/L=O, U=0.5 


Assumed Val for 2 in. bar for 1 in. bar 
for H rT? HL r2/ri 
0.05 0.05 7.15 0.025 - 
0.10 0.10 3.68 0.05 7 0.515 
0.20 0.20 1.95 0.10 0.530 
0.30 0.30 1.37 0.15 q 0.539 
0.50 0.50 091 0.25 0.565 
0.70 0.70 0.705 0.35 0.583 
1.00 1.00 0.565 0.50 0.621 
2.0 2.0 0.384 1.00 0.680 
30 3.0 0.327 1.50 0.735 
5.0 5.0 0.278 2.50 0.794 
7.0 7.0 0.256 3.50 0.826 
10.0 10.0 0.240 5.0 0.863 
120 12.0 0.234 6.0 0.883 
15.0 15.0 0.228 7.5 0.905 
20.0 20.0 0.222 10.0 0.925 
30.0 30.0 0.215 15.0 0.943 
50.0 50.0 0.208 25.0 0.959 
70.0 70.0 0.204 35.0 0.962 


Pare ee ee ee ee 


aa Table II 
Calculation of Thermal Diffusivity a and Quenching 
Constant H by Two-Bar Technique 


Specimen 

Type of Diam t® a 
Quench in sec HL r in.?/ se 
Water 0.565 5 0.0174 
1.130 2 0.0176 
Water 
Water 0.01227 
0.01220 
Water 


0.00833 
0.00831 


Brine 
Brine 


0.00914 
0.00932 


Brine 


Brine 


Oil ** 


Oil 0.222 3 0.0282 
0.0292 
0.430 0.0168 
0.0176 
0.970 0.0089 
0.0090 


Oil 
Oil 


320 _** 
580 
320 nied 
440 


Air 
Air 


Re NeEN eK Ne Ne Ne NEN Re N en en e Ne Nee 


*Time to cool to one-half temperature 
**Out of range of Fig. 8 


(b) Take the ratio of ty to t; and read H from Fig. 8. 
(c) HL for each bar may be calculated and r read from ‘ig. 7 


Te) 


(d) Since r= at/L?, “a” may be calculated. 


Basically, the derivation of a one-bar technique for the calculation 
of a and H is similar to that for the two-bar technique. First, graphical 
plots of r versus U are made for all values of HL. In this case, however, 
all values of X/L must be considered. From these, the value of r at 
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U = 0.5 is read for each of the HL values at each relative position 
X/L. The ratio of r at various relative positions to 7 at the center of the 
bar is then calculated. By Equation 3 it is seen that r;/r2 = t;/te. These 
calculations are presented in graphical form in Fig. 9. By plotting the 
ratio of times to reach half temperature at various positions compared 
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Fig. 9—Ratio of Time to Cool to One-Half Temperature 
it Various Positions the Time 
to Cool to One-Half Temperatt I enter Position 


to the center of the cylinder on Fig. 9, HL may be interpolated. H can 
then be calculated directly. By use of Fig. 7, r is obtained enabling a to 


be calculated. 

Pertinent cooling curve data on 1- and 2-inch diameter rounds of 
unalloyed titanium are analyzed in Table II. Since all data apply to the 
same unalloyed titanium, the thermal diffusivity a should be the same 
for all calculations. Actually a threefold variation was encountered 
which is indicative that errors in measurement can have serious con 
sequences. The reproducibility of half-temperature cooling times was 
of the order of 10-25%. Unless more accurate cooling curve measure 
ment methods are used, an average of several quenching runs will be 
necessary. 

The thermal diffusivity, a, may be calculated by independent means. 
It will be remembered that a is defined as k/pC,. Data on these param 
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Table Ill 
Calculation of Thermal Diffusivity* 





Density Specific Heat Conductivity Diffusivity 
Cp . a=k/Cyp 
Temp » 3 Cal Cal cm? in? 
*C J Cc °C-gm cem-sec °C sec se 
25 0.1248 0.04539 0.08073 0.01251 
100 0.1288 0.03822 0.06601 0.01023 
200 0.1346 0.03584 0.05938 0.009204 
300 0.1405 0.03536 0.05627 0.00872? 
400 0.1466 0.03584 0.05481 0.008496 
500 0.1526 0.03607 0.05316 0.008240 
600 0.1584 0.03655 0.05205 0.008068 


| NNNNNN SY 


*Based on data from (6). 


‘Table IV 
Calculation of Thermal Diffusivity for Two Titanium Alloys* 


Specific Heat Conductivity Diffusivity 
> k a 
Temp Density BTU BTU it 

Alloy °F lb/ft? °F-lb ft hr °F se 
Ti75A 100 283* 0.125 13.5 0.382 0.0153 
900 283° 0.158 12.5 0.280 0.0112 
TilsoA** 100 283° 0.130 8 0.217 0.0087 
900 283* 0.163 9 0.195 0.0078 


*Based on data from (7) 
**Alloy containing 2.7% Cr and 1.4% Fe 
*Density of pure titanium. 
eters are reported in (6). Calculations of a, made from these data, ar 
shown in Table III. As may be expected, thermal diffusivity decreases 
as the temperature increases. The maximum value (at room tempera 
ture) is 0.0125 square inch per second. Since the temperature of a test 
bar has a thermal gradient across it, the thermal diffusivity as deter 
mined by the two-bar technique most probably represents a time 
average for the entire bar from the instant of quenching until the ba: 
reaches one-half quenching temperature at the center. This time-average 
diffusivity would have to be less than 0.0125 square inch per second, 
the room temperature value. On this basis, data for runs A, J, and K 
should be rejected. Deleting these results, the best estimates for th 
quench severity, H, on unalloyed titanium for brine, water, and oil ar 
5.2-8.6, 2.3, and 0.97, respectively. In a recent publication, Loewen (7 
has given sufficient data to calculate the thermal diffusivities of tw: 
commercial titanium alloys (Table IV ). The results indicate qualitativ: 
agreement with the present work. 
No satisfactory data were obtained to calculate a and H by the singl 
bar technique. 
SUMMARY 
It has been shown that thermal diffusivities of titanium alloys cannot 
be considered constant in the derivation of operational graphs for th« 
conversion of critical diameters. Two simple methods are given for the 
calculation of the thermal diffusivities and quench constants for any 
alloy and quench. 
The work described in this paper is only the initial step of work that 
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must be done if the concept of critical diameters is to be applied in 
routine heat treatments of titanium-base alloys. Four basic problems 
remain : 

(a) Measurements of the variation of thermal diffusivity and 
quenching efficiency with alloy additions. It is possible that 
equal atomic per cent additions of various elements have 
the same effect on these thermal constants. If a and H are 
functions of the alloy species, the relative effect of the various 
alloy species must be determined. 

The correlation of thermal diffusivity and the quenching 
efficiency. If H is constant for various titanium alloys, or a 
linear function of a, the calculation of tables relating critical 
diameter with Jominy positions will be greatly simplified. 
Quenching constant for Jominy bars. Jominy cooling can be 
approximated by the radial air cooling of a 1-inch diameter 
infinite round and the water jet cooling of an 8-inch thick in- 
finite plate. The quench constant, H, for Jominy cooling 
must be established to correlate position equivalent to 
quenched rounds. 
Determination of the correlation parameter. Parameters 
such as the time to cool to one-half temperature or the cool- 
ing rate at one half temperature (or any other relative tem 
perature) have been used in the past. Which of these param 
eters gives the best correlation can only be determined by 
experiment. 
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DISCUSSION 


Written Discussion: By J. L. Chinn, research & development coordinato: 
Northrop Aircraft, Inc., Hawthorne, California. 

This paper by Elliott and Rostoker is most interesting. Their scientific ap 
proach to the subject, and the clever methods which they devised and employed 
in their experiments are most commendable. For purposes of this discussion 
hardenability has been interpreted as the ability to be strengthened by thermal! 
processing. Although the possibility of strengthening certain titanium alloy ma 
terials by thermal processing, i.e., aging of all-beta material, is possible, the most 
familiar type of strengthening by thermal processing is normally restricted to 
the alpha + beta titanium alloys containing both alpha and beta stabilizing alloy 
additions. 

This discussion presents a few general problem areas relating to hardenability 
and response to heat treatment which were encountered at Northrop in titaniun 
alloy parts production research and development. The majority of this work was 
with heat treated high strength, high quality aircraft fasteners and fastener ma 
terials which include the following alloy designations : 


4% Aluminum—4% Manganese 
6% Aluminum—4% Vanadium 
7% Aluminum—4% Molybdenum 


The gual of each fastener project was the development of progressively bette: 
titanium alloy fasteners, therefore, thermal processing to achieve hardness ot 
strength became increasingly important. Since Northrop is not a fastener pro 
ducer, over 99% of the heat treatment was accomplished by sub-contracting 
fastener producers. The small amount of work done in our laboratories did ré 
veal that much was to be desired in thermal processing, particularly with respect 
to hardenability. As long ago as 1954, we recognized the correlation betweet 
proper heat treatment (arrived at by trial and error methods) and achievement 
of optimum static and dynamic mechanical properties. 

For example, we found on numerous occasions that desired or ‘target’ prop 
erties could be achieved in a given fastener diameter by a specific quench and 
age sequence while fasteners of larger dimensions, made from the same titanium 
alloy ingot and processed identically, exhibited fatigue and static property deg 
radation in proportion to diameter increase. It is believed that this behavior can 
be attributed to the authors’ “concept of critical diameters.” 

A second problem which we have recognized for some time is the difference in 
response to thermal processing of titanium alloys within a specified composition 
range. A number of our subcontractors reported that, in order to achieve mini 
mum required properties in a given titanium alloy part, it is often necessary to 
vary the temperature from which the parts are quenched. This is to compensate 
for the effects of variations in alloying element content within specified compo 
sition limits. 

The thermal processing difficulties encountered in titanium alloy fastener pro 
duction are probably much less in magnitude than problems confronting industry 
in adequately heat treating parts such as relatively large forgings and large sheet 
metal components. 
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Heavy demands being placed on materials by rapidly changing flight vehicle 
technology require that all structural metals yield the greatest strength efficiency 
for every pound of structural weight. Solution to the problems encountered in 
the hardening or strengthening of titanium alloys would permit their application 
at considerably higher design allowables without an increase in weight. 

We believe that industry, and particularly that segment in the aircraft business, 
would benefit greatly from the research recommended by the authors. This 
would provide us with a scientific rather than trial and error approach to the 
existing problems. 

Written Discussion: By S. R. Seagle and D. Evers, Mallory-Sharon Metals 
Corporation, Niles, Ohio. 


In order to estimate heating and cooling rates in metals, the severity of quench, 
H, and the thermal diffusivity must be known. The authors have presented a 
good method to determine both the severity of quench and thermal diffusivity. 
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Fig. 10—Cooling Curves at 1/16 Inch from the Water- 
Quenched End of Jominy Bars of Ti-5% V, Ti-20% V, 
and Commercially Pure Titanium 


[he authors also pointed out that the thermal diffusivity is dependent on the 
chemical composition of titanium alloys. Other data presented in this paper indi 
cate that the thermal diffusivity might be dependent on other factors. 

As the authors pointed out, the difference between the cooling curves of 
Ti-5% V and Ti-20% V at 1/16 inch from the end of a water quenched Jominy 
bar indicates that the two alloys have different thermal diffusivities. The Ti-5% 
V has the greater thermal diffusivity as shown by the different cooling curves in 
Fig. 10. The cooling rate at this particular position of the Jominy bar was very 
fast since it was only 1/16 inch from the water quenched end. 

If, as Fig. 10 seems to indicate, there is a difference in the thermal diffusivity 
of the two alloys, it would be expected that this difference would increase the 
difference in the cooling curves of the two alloys at slower cooling rates. Actually, 
as the distance from the water-quenched end increases, and hence the cooling 
rate decreases, the time difference between the curves decreases and their po- 
sitions may actually reverse. At the slower cooling rate, 1 inch from the quenched 
end, the cooling curves shown in Fig. 11 indicate the two have almost the same 
thermal diffusivity. 
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Fig. 11—Cooling Curves at 1 Inch from the Water 
Quenched End of Jominy Bars of Ti-5% 
Ti-20% V 


and 














Time, seconds 


Fig. 12—Cooling Curves from Two Positions in Oil 
Quenched 1 Inch Diameter Ti-5% V and Ti-20% ; 
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Fig. 13—Cooling Curves from Center of 1 Inch 
Diameter Air-Cooled Ti-5% V and Ti-20% V Bars 
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Cooling curves of 1 inch diameter bars * show a similar shift in the position of 
the curves. Fig. 12 shows the cooling curves of the center of oil-quenched 1-inch 
diameter bars. Near the outside of the bars where the cooling was more rapid, 
the cooling rate of the Ti-5% V was the more rapid. This would be expected 
from the results obtained at 1/16 inch from the water quenched end of the Jominy 
bar. Near the center of the bars where the cooling was slower, the cooling rates 
of Ti-5% V and Ti-20% V were nearly the same. This cooling rate was nearly 
the same as the cooling rate at 1 inch from the water-quenched end of the Jominy 
bar, thus the positions of the curve should be nearly the same. When the cooling 
rate was further reduced by air cooling 1 inch diameter bars, (See Fig. 13), the 
cooling rate of the Ti-20% V was greater than that of the Ti-5% V as might 
have been predicted from the results of the Jominy bar 

If the thermal diffusivities are constant, the relative positions of the Ti-5% V 
and Ti-20% V cooling curves would be expected to be the same at both fast and 
slow cooling rates. Since they are not, another factor must be causing the change 
in the positions of the curves. 

One cause for the difference could be transformations during cooling. Phases 
present in these alloys would be dependent on cooling rates. The thermal dif- 
fusivity is dependent on the phases present, thus the shift in relative position 
of the cooling curves probably is due to phase changes occurring during cooling. 

In order to determine if the differences in these cooling curves are due to phase 
changes, alpha alloys such as Ti-2Al, Ti-8Al could be studied. These alloys 
would not have phase transformations at either fast or slow cooling rates. 

Elliott and Rostoker have pointed out that the thermal diffusivity is dependent 
of chemical composition. Their data also indicate that the diffusivity will vary 
due to phase changes which are caused by various cooling rates. 

Written Discussion: By T. H. Gray, senior group engineer, Boeing Airplane 
Company, Seattle, Washington. 

The authors are to be congratulated for their excellent start on a difficult 
problem. Solution of the problem of predicting titanium hardenability will be an 
interesting variation of the usual history of developing an analytical method after 
1 process has been already well established. If hardenability prediction can be 
established successfully for titanium alloys, such a contribution will be in advance 
of any appreciable usage of heavy sectioned titanium alloys heat treated to 
strengths much greater than their annealed properties 

It remains to be seen whether hardenability concepts for titanium alloys will 
prove as useful as they have for steel alloys or as useless as they are for 
aluminum alloys. It is suspected that until we learn how to heat treat titanium 
alloys to useful high strength levels in thick sections, determinations of harden 
ability and hardenability indices will serve only as interesting academic exercises 

Steels are normally heated to above their transformation temperatures for 
hardening. They are also essentially either all gamma or all alpha at their two 
significant temperature levels (solution temperatures and room temperature 
after quenching and after tempering). Titanium reactions are somewhat more 


omplex in that hardening may occur during the quench as well as during subse 


quent aging. Also the quenching may be accomplished from temperatures pro 


ducing various alpha-beta relationships. Alloy chemistries may produce a range 


Heat Treatment of Large Sections of Titanium Alloys,” final report from Armour Re 
irch Foundation to Watertown Arsenal Laboratory, December 1 1955. 
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of room temperature structures ranging from all alpha to all beta. The authors 
make a point that “all titanium alloys are not solution treated at the same 
temperature.” It can also be said that any one titanium alloy need not be solutio: 
treated always from the same temperature. 

The above raises the following questions : 


1. What are the proportions of alpha and beta in the 5% and 20% va 
nadium titanium alloys at room temperature after quenching and after 
aging? 

. Was more than one solution temperature used with these alloys during 
the investigation of thermal diffusivity ? 

. Can the thermal diffusivity variations found be ascribed to the pro 
portions of alpha and beta structures? 


It might be expected that the average thermal diffusivities of titanium alloys 
having varying proportions of mixed structures would differ. It would be in 
teresting to determine whether the ratios of alpha to beta vary from the center 
to the surface of a bar or block of different sizes and with different compositions 
and what effect this would have on hardenability. It might be in order to pro 
vide the reader with a definition of thermal diffusivity which is the ratio of 
thermal conductivity to specific heat times the density. 

Written Discussion: By S. F. Urban, director of research, Titanium Alloy 
Manufacturing Division, National Lead Company, Niagara Falls, New York. 

It is commendable that the authors have found some merit in the use of 
hardenability concepts originally developed for steel to be applicable to a non 
ferrous system. Their being unhappy with the original assumptions that thermal 
diffusivity is constant, is completely in order for the reason that at the time 
Dr. Grossmann was equally unhappy insofar as high hardenability steels are con 
cerned. The crux of the matter was that it seemed more important to get that new 
technique in the hands of many people with the knowledge that the proposed 
technique had a few flaws. Because of the difficulties of diffusivity determina- 
tions, the authors are to be complimented on determining how it varies in a 
titanium base alloy with variable vanadium content. 

The authors and others might be interested in a small note on the matter of 
welding thermocouples to the type of assemblies that the authors employ. A 
number of years ago one of my colleagues found that placing a very small piece 
of carbon paper between the tip of a thermocouple and the metal in the bottom 
of the cavity, yielded a very high incidence of satisfactory welds compared to a 
similar technique in the absence of carbon paper. The technique described allows 
for a higher voltage build up before discharge. 

Written Discussion: By Rocco P. Robelotto, Latham, N. Y. 

It was noted that considerable difficulty was encountered in thermocouple 
weldments. Studies were conducted by Dr. Savage, Dr. Nippes, and the writer 
under an Atomic Energy Commission contract to determine weld thermal cycles 
in % inch titanium plate. During these studies similar difficulties were en 
countered. Investigation of this effect led to the conclusion that a low melting 
point (approximately 1850 °F) alloy was formed in the chromel-alumel-titanium 
weld prohibiting the use of chromel-alumel thermocouples in this temperature 
range. Therefore, further work was conducted using platinum-platinum rhodium 
(10%) thermocouples. The low melting point alloy formed in these weldments 





1959 HARDENABILITY IN TITANIUM ALLOYS 1035 


had a melting point somewhat above 2200°F. These thermocouples could be 
successfully used up to 2200°F without serious difficulties. It may also be of 
value to note that the alloys formed when welding the thermocouples (both 
chromel-alumel and platinum-platinum rhodium (10%) ) to titanium are brittle. 
Therefore, bending of the thermocouple in the vicinity of the weld should be 


kept to a minimum. 


Authors’ Reply 

The authors appreciate the discussions prepared for this paper. 

Che suggestions of Dr. Urban and Mr. Robelotto concerning the use of thermo- 
couples in the measurement of cooling data are very helpful. Similarly, a valid 
suggestion was made by Mr. Seagle and Mr. Evers in the use of all-alpha alloys 
for the determination of the effect of alpha-beta mixtures on the thermal dif 
fusivity. 


In reply to Mr. Gray, 

The alloys of titanium with vanadium were selected only to demonstrate that 
thermal diffusivity was sufficiently variable with alloy content that it could not 
be neglected in any analytical treatment. Equilibrium conditions indicate that a 
twenty per cent vanadium alloy is stable to about 650 °C (1220 °F). Hence, com 
parison of the Jominy curves of pure titanium with the 20% vanadium are for 
two alloys of homogeneous composition. The variation in cooling therefore must 
be ascribed to the alloying effect. Below 650°C (1220°F), alpha may or may 
not precipitate depending on the cooling rate at any given point in the Jominy 
bar. Obviously, if alpha precipitates, the cooling would be dependent on a mean 
thermal diffusivity of the aggregate. Since the beta will be enriched in the 
alloying element as alpha precipitates, the mean thermal diffusivity would not be 
expected to be too different than for the original homogeneous alloy. 

The effect of alpha-beta mixtures on the diffusivity is an interesting problem 
and would be the subject of fruitful investigation if the methods outlined in this 
paper are put to practical use by users of titanium alloys 

In the determination of thermal diffusivity, all samples were quenched from 
1000 °C (1830°F). As pointed out by Mr. Seagle and Mr. Evers, the cooling 
curves as presented in their Fig. 10 do indicate that other factors must be con 
sidered. The Jominy bar design which has been successfully used by the steel 
industry is not ideally suited for titanium alloys as is evidenced by the pro 
nounced radial cooling effect. Inasmuch as the inconsistencies referred to are 
manifest in those positions where radial cooling is of significance, it seems rea- 
sonable to associate these phenomena. That the cooling curves approach a 
common value in positions removed from the water cooled end might be explained 
by an oxide film on the diameter of the bar being the controlling factor to radial 
cooling. Such an oxide film would possibly be unaffected by alloying additions 
to the base material. 

Because of faulty thermocouples, the authors feel that the cooling data for 


round specimens quenched in air, oil and water brine are subject to gross experi- 
mental error. For this reason these data which appeared in the report to the 
sponsor were not incorporated into this presentation. Before such data are cited 
as evidence for other factors on which thermal diffusivity is dependent, the re 

liability of these curves would have to be substantiated unequivocably. 





THE EFFECT OF STRESS ON THE EUTECTOID 
DECOMPOSITION OF TITANIUM. 
CHROMIUM ALLOYS 


By A. W. Go-tpensTeINn, A. G. METCALFE, AND W. RosToKER 


Abstract 


Three titanium-chromium alloys have been forged in the 
a-B range to give six systems with controlled amounts of 
each phase. The isothermal transformation at 400, 500, and 
600 °C (750, 930 and 1110 °F ) of each of these systems was 
followed by resistivity, x-ray diffraction, elastic modulus 
measurements, and metallography. The reactions occurring 
in the transformation were identified where possible. This 
transformation study was repeated under a stress which pro- 
duced 1% creep in 1000 hours. An acceleration of four to 
seven times in the rate of transformation occurred under the 
action of this stress. Complete tensile test data were obtained 
at all stages of the transformation and plotted on the T-T-T 
diagrams. These reveal that the formations of omega and 
TiCr, are the embrittling reactions. 

The eutectoid temperature in the Ti-Cr system has been 
determined to be 670 + 5 °C (1240 °F). (ASM-SLA Clas- 
sification: N7c; Ti, Cr) 

INTRODUCTION 
HE PURPOSE of this work was to investigate some of the cause 
of embrittlement of certain heat treatable titanium alloys in elevated 
temperature service. Stressing for long periods of time under nonsteady 
state temperatures is a common condition encountered. The determina 
tion of TTT diagrams under stress-free and stressed conditions ap 
peared to offer the best chance of analyzing the causes of this embrittle 
ment. Arbitrary choices had to be made of a suitable stress and of a 
suitable alloy system, to restrict the number of variables. Stresses ade 
quate to cause 1% creep in 1000 hours were chosen. The titanium 
chromium alloy system was selected after consideration of many of the 
variables and is believed to be representative of one type of titanium 
alloy. 
Earlier studies of the transformation of titanium-chromium alloys 
(1,2)! have been concerned with the transformation of 100% beta 


1 The figures appearing in parentheses pertain to the references appended to this paper 


Research performed under Contract No. AF 33(616)-3394. 


A paper presented before the Fortieth Annual Convention of the Society, held 
in Cleveland, October 27 to 31, 1958. The authors, A. W. Goldenstein, A. G 
Metcalfe and W. Rostoker, are associated with the Metals Research Department 
Armour Research Foundation of Illinois Institute of Technology, Chicago. Manu 
script received April 23, 1958. 
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rather than alpha-beta mixtures. In one study iodide titanium was used 
(1), and in the other low quality titanium with a Brinell hardness of 
160 was employed. No studies appear to have been made on the impor 
tant alpha + beta structures, nor could any work on the effect of stress 
be found. 

The stability of the beta phase is one of the important factors in deter- 
mining the rate of transformation, and hence, presumably, the onset 
of embrittlement in titanium alloys. The mode of decomposition of the 
beta should be representative, because the formation of the intermediate 
phases, alpha prime and omega, as well as the eutectoid decomposition 
to alpha phase plus compound, are all encountered in these alloys. The 
range of stability of the beta phase must also be representative. Suitable 
characteristics in the decomposition of the beta phase seemed to be ful 
filled best by the titanitum-chromium alloys. 

The alpha-beta ratio and the beta composition were recognized to 
be additional factors which might play some part in the embrittlement ; 
these variables were included in the present study using 4 beta composi 
tions and 3 alpha-beta ratios 

The progress of embrittlement was studied by means of tensile tests 
on alloys after various stages of transformation. 


MATERIALS AND PROCEDURES 
Alloy Preparation 


Titanium-chromium alloys containing 3, 7% and 12% chromium 
were prepared by double melting sponge of less than 100 BHN and 


chromium metal. The melting operations were performed in a cold 


crucible nonconsumable arc furnace flushed with argon. Higher purity 
chromium was used for the 12% chromium alloy so that the interstitial 
contents of all the alloys were similar. The ingots were forged to 114 
inch rounds between melting operations to improve homogeneity. 

Forging of the final ingot was done at controlled temperatures in 
order to produce an equiaxed alpha-beta structure. This was followed 
by a vacuum anneal at 700 °C (1290 °F) for 16 hours to reduce hydro- 
gen to about 50 ppm. In view of the segregation of hydrogen to the beta 
phase (3) it appeared to be likely to affect the beta transformation more 
than the other interstitials which segregate to the alpha (4). The final 
heat treatment consisted of an equilibration at an appropriate tempera- 
ture to produce the required ratio of alpha to beta. Table I shows the 
analysis of the alloys after vacuum annealing. 


Equilibration Heat Treatments 
A redetermination was made of the B/a+ 8 transus and of the 
eutectoid temperature in order to select the correct heat treatment tem 
peratures, The transus temperature was determined on small samples 
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Table I 
Chemical Analysis of Alloys 


Nominal analysis, % Cr - Actual Analysis 
% C %O %N 
3 2 0.073 0.009 
74g ; 0.070 0.024 
12 : 0.062 0.013 


annealed in Vycor bulbs followed by water quenching. Metallographi: 
examination revealed the temperature by which the isothermal alpha 
had disappeared. The following results were obtained: Ti-3% Cr 
855 + 10°C (1570 °F) ; Ti-7% Cr, 785 + 10 °C (1440 °F) ; Ti-12' 
Cr, 720 + 10°C (1330°F). The transformation temperature of tita 
nium was determined to be 890 + 10 °C (1635 °F), providing a chec! 
on the technique used. The eutectoid temperature was determined on 
the Ti-7'%29% Cr alloy by studying the temperature at which the com 
pound TiCr, begins to disappear. The particles of TiCrs were coarsened 
by hot rolling just below the eutectoid temperature followed by vacuun 
annealing for 24 hours at 600 °C (1110 °F). Specimens were annealed 
for 72 hours at 10 °C intervals through the eutectoid range and wate: 
quenched. The eutectoid temperature was 670 + 5°C (1240 °F), in 
good agreement with several previous determinations (5-8), although 
in disagreement with recent work by McQuillan (3). This method 
avoids the interpretive difficulties associated with etching effects on an 
incipient precipitate. 

These determinations permit the selection of equilibrium heat treat 
ments. According to Van Thyne, Kessler, and Hansen (5) the maxi 
mum solubility of chromium is less than 0.5%, so that the chromium in 
the alpha has little effect on the beta composition. Table II gives the 
heat treatments used. 


Determination of TTT Diagrams 
The quenched specimens with controlled ratios of alpha to beta were 
reheated at temperatures of 400, 500, and 600°C (750, 930 and 
1110°F) for various lengths of time to permit the decomposition of 
beta to occur. The progress of this decomposition was followed by 


Table Il 
Heat Treatments to Produce Controlled Ratios 
Of atog 


Alloy % Cr a:B ratio —-Heat Treatment*—— 8 Composition, 
Temperature, °C Time, hr % Cr 
840 3 3.8 
810 3 6.0 
685 15 15.9 
Le : 750 3 0.5 
le ; 685 15 5.0 
: 685 15 15.0 


* Followed by water quench 
** In these systems the 8 transforms martensitically to a'on quenching. 
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Table Ill 
““d"’ Spacings from 7%% Cr Alloy 
After Transformation of One Hour at 400°C 


a a reflecting 8 reflecting 
74%% Cr Alloy planes planes 
2.87 
2.558 100 
2.382 002 
2.236 101 
1.750 102 
640 
484 


.332 


quenching after various times and examination by the following 
methods. 

1. Metallography—The main use of metallography was to reveal the 
beginning of the separation of the compound TiCre with greater sensi 
tivity than could be obtained by any other method. 

2. Elastic modulus—The procedures and equipment used for this 
measurement have been described by Graft, Levinson, and Rostoker 
(9). The elastic modulus determinations involve the application of a 
periodic stress of variable frequency and the measurement of the re 
sonant frequency. The elastic modulus of beta is lowest (~13 10° 
psi) with a similar value for alpha prime. Omega and TiCre cause 
markedly higher values in the modulus, reaching values for mixed phase 
structures as high as 20 & 10®* psi and 18 * 10° psi, respectively. 

3. Electrical resistance—The method described by DeLazaro and 
Levinson (10) was adapted to follow the transformation. The alpha 
phase has lower electrical resistance than beta at room temperature. 
Omega phase cannot be detected, but the eutectoid reaction B > a4 
TiCrs can be followed. 

+. X-ray diffraction—The Debye-Scherrer method was used to de 
tect omega and TiCre. A considerable overexposure of the film with 


respect to alpha and beta improved the sensitivity of detecting these 


phases, although several per cent were required before identification 
was certain owing to the overlap of alpha and beta lines. Typical results 
are shown in Table III for omega phase. The main use of this method 
was to relate changes in resistance and elastic modulus with the pres 
ence of one of these phases. 
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Table IV 
Stresses to Give 1% Creep in 1000 Hours 





: Stress in psi at transformation temp..——— 
Alloy % Cr Alpha:betaratio 400°C (750°F) 500°C (930°F) 600°C (1110°F 


15,000 10,000 2,000 
17,500 9,500 2,500 
17,500 10,000 3,000 
12,500 10,000 5,000 
15,000 10,000 2,500 
15,000 11,000 5,500 


Determination of TTT Diagrams for Stressed Specimens 


The TTT diagrams determined for the six heat treatment conditions 
of three alloys (Table II), were redetermined for specimens under 
stress. The stress was chosen to give 1% creep in 1000 hours so that 
the stress increased by a maximum of 1% in 1000 hours due to the re 
duction of cross-sectional area. Preliminary creep studies on alloys 
in the six conditions were made and used to establish the stresses given 
in Table IV. 

The small variation in stress with composition and structure is re 
markable, particularly in view of the differences in transformation 
mechanism discovered later. The short times of transformation could 
not be studied in detail because standard creep machines were used for 
this work and required at least two hours to reach a steady-state condi 
tion before measurements could be taken. In view of this the completion 


of transformation was the principal basis of comparison for transforma 
tion in the stress-free and stressed conditions. 


EXPERIMENTAL RESULTS 

The effect of stress on transformation will be discussed by present 
ing the results for the test bars transformed under stressed and stress 
free conditions. Six conditions of alpha-beta ratio and alloy composition 
were studied for three different transformation temperatures. It is not 
proposed to report in detail the experimental results in each case, but to 
illustrate by the use of the results on the 742% chromium alloy forged 
and heat treated to give an alpha: beta ratio of 1:4. 

Fig. 1 shows a typical resistivity curve for this alloy transformed un 
der stress-free and stressed conditions. The resistivity is plotted against 
time for both conditions, as well as for the bars used for elastic modulus 
The purpose of these bars was not the determination of the rates of 
transformation, but rather the identification of the reactions occurring 
These bars had been forged in the 8 field and subsequent heat treatment 
of 3 hours at 750°C (1380°F) had been used to obtain the correct 
ratio of alpha to beta; hence, the equiaxed structure obtained in the 
tensile and creep test bars was not reproduced in the bars used for 
elastic modulus measurements. This structural difference must explain 
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Fig. 1—Resistivity of 7 


brated at 750 °¢ 
400 


the markedly slower transformation and indicates that structural effects 
may influence transformation rates as much as stress does. The curves 
labeled “‘stressed” and “stress-free” were obtained from bars forged 
under the same conditions in the alpha-plus-beta field so that structural 
differences must be small. Fig. 1 shows that the effect of stress is to 
increase the rate of transformation by a factor of ten, using completion 
of transformation as a criterion. Later work has interpreted the stages 
on the “stress-free” curve as follows: 


1. Omega forms from the beta on quenching resulting in a struc- 
ture of (a + 8 + w). More omega forms on holding at 400 °C 
(foo °F )s 
After 10 to 20 hours at 400 °C (750 °F), the compound TiCr. 
begins to separate with an increase in the rate at which the 
resistance falls due to the formation of low resistance alpha by 
the eutectoid reaction 


B>a-+ TiCre 


Decomposition by these stages fits the resistivity curves shown in 
Fig. 1; Table V gives the time for the completion of the reaction as 
indicated by constancy of the resistivity. The elastic modulus results 
shown in Fig. 2 show the decomposition of the 1 :4 alpha: beta alloy at 
three temperatures under stress-free conditions. As pointed out earlier, 
the purpose of these measurements was to identify reactions and phases 
rather than to determine the rate of transformation. The high elastic 
modulus of the 400°C (750°F) transformed bars (19.6 & 10® psi) 


indicates large amounts of omega are formed by quenching with further 


amounts formed isothermally. Less omega is formed during transfor- 
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Elastic Modulus Versus Transformation Time of Ti—7.5% Chromiu 
Alloy Equilibrated at 750 °C (1380 °F) 


mation at 500°C (930°F) so that the maximum value of the elasti: 
modulus is only 17.7 « 10® psi reached in 10 minutes. At 100 minutes 
a minimum value of 16.2 & 10® psi is reached. This must correspond 
with the maximum amount of beta so that the decomposition of omeg1 
to beta must be more rapid than the loss of beta by the eutectoid trans 
formation. When omega is absent (as at 600 °C), the elastic modulus 
has a value of about 15.5 & 10° psi, indicating that even at the minimum 


Table V 
Completion Time of TiCr: Precipitation for Stressed and 


Time to End of Transformation, hr 
Stress-free Stressed 


Transformation 
Temp., °C Temp., °C 
3% Cr Alloy 


Equilibration 


685 (1265°F) 400 ( 750°F) > 1000 1000 


685 (1265°F) 
685 (1265°F) 


810 (1490°F) 
810 (1490°F) 
810 (1490°F) 


840 (1545°F) 
840 (1545°F) 
840 (1545°F) 


685 (1265°F) 
685 (1265°F) 
685 (1265°F) 


750 (1380° F) 
750 (1380°F) 
750 (1380°F) 


685 (1265°F) 
685 (1265°F) 
685 (1265°F) 


500 ( 930°F) 
600 (1110°F) 


400 ( 750°F) 
500 ( 930°F) 
600 (1110°F) 


400 ( 750°F) 
590 ( 930°F) 
600 (1110°F) 


744% Cr Alloy 


400 ( 750°F) 
500 ( 930°F) 
600 (1110°F) 


400 ( 750° F) 
500 ( 930°F) 
600 (1110°F) 


12% Cr Alloy 


400 ( 750°F) 
500 ( 930°F) 
600 (1110°F) 


400 
100 


> 1000 
60 
10 


> 1000 
100 
100 


> 1000 
300 
200 


> 1000 
130 
100 


> 1000 
300 
100 


65 
30 


70 
20 
< 10 
50 


50 
30 


256 


30 
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Microstructures of 7.5% omium lloy Equilibrated at 685 °C 
I'ransformed at 6 1 Showing Two Stages of TiCre 


in the 500°C (930°I) transformation curve, some omega remains. 


The rise in elastic modulus after long times reflects the separation of 
the high elastic modulus phase TiCra. The fall in the elastic modulus 
at 1000 hours for transformation at 400 °C (750 °F) indicates that the 
omega decomposition is proceeding rapidly, but the eutectoid reaction 
is far from complete. 


The metallography and x-ray diffraction results supplemented the 


Table VI 
Initiation of TiCr: Precipitation 
From Metallographic Examination 


Equilibration l'ransformation till Initiation of 
Temp., °¢ I ip., °¢ Precipitation, hr 
685 (1265° F 400 ( 750°! 20-50 
500 ( 930° 

600 (1110°F 

810 (1490°F 400 ( 750° 
500 ( 930°! 

600 (1110°F 

840 (1545°F 400 ( 750°! 
500 ( 930° 

600 (1110°F 

685 (1265°F 400 ( 750°F 
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I 
I 
I 
I 
I 
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600 (1110°F 
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Ta 
Stability R 


ange of Omega 


Equilibration Transformation ——— Time of ———___, 
Temperature, °C Temperature, °C Appearance, Disappearance, 
minutes hours 
400 (750° F) <5 > 1000 
400 (750° F) <5 100 


685 (1265 °F 
685 (1265 °F 


750 (1380 °F 
685 (1265 °F 


500 (920° F) On quenching 2 
<5 100 
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Fig 5 -TTT_ Diagram of 3% Chromium Alloy Equilibrated at 685 °C 
(1265 °F). The dashed line represents the displacement of the End of 
Transformation due to stress. a:8 = 4:1; 8 composition, 15% Chromium 


resistivity and elastic modulus results. The metallographic examination 
was most effective in revealing the presence of the compound TiCr» 
which etches dark in the standard glycerine-nitric acid-hydrofluoric 
acid etchant. It was observed that this phase separated at certain alpha 
beta grain boundaries at short times. The amount remained constant, 
however, until some later time when the increase in the amount of TiCr. 
corresponded to some marked change in the resistivity or elastic modu 
lus. This general transformation was not resistricted to grain bound 
aries but occurred by general growth into the beta grains. Figs. 3 and 
4 show the two stages of the TiCrz separation. Table VI gives the 
results of the metallographic examination. 

The x-ray diffraction analysis was used to detect omega as shown in 
Table III. The low angle reflection—due to the (210) planes with a 
separation of 2.8 A—was the most useful in the detection of omega. The 
4.00 A spacing of the TiCrg lattice due to the (111) planes was charac 
teristic of this compound. The TiCrg could not be detected when separa 
tion in alpha-beta grain boundaries was observed in the microscope, but 
only when the microscope showed general precipitation. Probably 5% 
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1490 °F). The dashed line represents the splacement of the end of 

ransformation due to stress. a’ structures almost certainly contain small 

imounts of w which would probably revert to 8 on reheating to 500 °C 

(93 F) or above. The presence of these phases is not detected, how 
ever, and are therefore not indicated 


Fig. 6—TTT Diagram of 3% Chromium Alloy Equilibrated at 810 °¢ 
( } i 





Fig. 7—TTT Diagram of 3% Chromium Alloy Equilibrated at 840 °C 

(1545 °F). The dashed line represents the displacement of the end of 

transformation due to stress. a’ structures almost certainly contain small 
amounts of w. Presence of w or 8 was not detected 


of either omega or TiCr2 need to be present to be detected in a powder 
pattern. In view of the superior accuracy of the metallography for the 
detection of TiCrg, the x-ray diffraction analysis was restricted to the 
detection of omega phase with the results shown in Table VII. These 
represent the mean of the x-ray and elasticity results, although greater 
weight has been given to the x-ray diffraction results because these were 
representative of structures of the tensile and creep test bars. 
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Fig. 8—-TTT Diagram of 7.5% Chromium Alloy Equilibrated at 685 °C 


(1265 °F). The dashed line represents the displacement of the end of 
transformation due to stress. a:8 = 1:1; 8B composition, 15% Chromium 
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Fig. 9—TTT_ Diagram of 7.5% Chromium Alloy Equilibrated at 750 °C 
(1380 °F). The dashed line represents the displacement of the end of 
transformation due to stress. a:8 = 1:4; B composition, 9.3% Chromium 


Tue TTT DraGrRams 


Time-temperature-transformation diagrams were plotted to show 
the phases existen: at any time and temperature. These diagrams are 
presented for the six conditions in Figs. 5 to 10. Only the completion 
of the eutectoid reaciion could be determined for the stressed specimens 
because it was impcssible to obtain useful data for times of less than 
12 hours. 
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Fig. 10—TTT Diagram of 12% Chromium Alloy Equilibrated at 685 °( 
(1265 °F). The dashed line represents the displacement of the end of 
transformation due to stress. a:8 1:4; B « position, 15% Chromium 
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Fig. 11—Tensile Results at Various Stages of Transformation of 3% 
Chromium Alloy Equilibrated at 685 °C (1265 °F). Data to the left of each 


point are for stressed transformation. Data on right are for unstressed trans 
ormation 


The appearance of alpha prime in the 3% chromium alloy when the 
chromium content of the beta is less than 7% is expected (12). The 
presence of omega in small quantities was expected but was not detected. 

The line separating the time-temperature conditions where omega is 
present from the higher temperatures and longer times where it is un 
stable could not be plotted accurately because only three transformation 
temperatures were used. This leads to doubt with regard to the inter 
sections of thea + B:a+ B+ TiCreand of a+ B+ TiCre:a + TiCre 
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Fig. 12—Tensile Results at Various Stages of Transformation of 3% 

Chromium Alloy Equilibrated at 810°C (1490 °F). Data to the left of each 

point are for stressed transformation. Data on right are for unstressed trans 
formation. 
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Fig. 13—-Tensile Results at Various Stages of Transformation of 3% Chromium 


Alloy Equilibrated at 840 °C (1545 °F). Data to the left of each point are for 
stressed transformation. Data on right are for unstressed transformation 


boundaries. The sequence of phase fields at low temperatures may take 
several forms as a result. 

A.a+8+w:a+8+w-+ TiCre:a + 8+ TiCra:a + TiCrs (eg., Fig. 5 

at 400 °C) 
B.a+8+w:a+8+wo-+ TiCro:a + w+ TiCrs:a + TiCr, 
C.a+8+w:a+fB:a+ 8+ TiCre:a + TiCre (eg., Fig. 5 at 450°C). 
Cases A and B differ in the order in which omega and beta disappear 

Fig. 9 shows a case where the disappearance of omega precedes the 
disappearance of beta by a short interval ; further delay in the decom 
position of omega would produce case B. It was not possible to decide 
between cases A and B in every situation, particularly where the times 
for the disappearance of beta and omega were similar. Cases B and (¢ 
could not be separated where the times for the disappearance of omega 
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Fig. 15 Tensile ult us of Transformation of 7.5% Chromium 

Alloy Equilibrated at 75( 13 ‘ ita to the left of each point are for 

stressed transformatic Oo right are for unstressed transformation. Dashes 
brittleness. 


and the first appearance of TiCr. were similar. Thus, the 500 °¢ 
(930 °F) transformation curve in Fig. 2 might be taken to indicate 
that omega has completely disappeared before TiCre appears, but more 
detailed examination showed that both phases coexisted at the minimum 
point in the elastic modulus curve, leading to the construction used in 
Fig. 9, 

The TTT curves furnish one part of the data required for an anal 
ysis of the causes of embrittlement of these alloys. Tensile data were 
determined for each condition after transformation for periods of 1, 10, 
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Fig. 16—Tensile Results at Various Stages of Transformation of 12% 
Chromium Alloy Equilibrated at 685 °C (1265 °F). Data to the left of each 


point are for stressed transformation. Data on right are for unstressed trans 
formation, Dashes indicate premature failure of test bar due to brittlen¢ 


100, and 1000 hours, both stress-free and stressed. The embrittlement 
analysis can be made most readily by superimposing the tensile data on 
the TTT curves, as shown in Figs. 11 to 16. 


DISCUSSION OF RESULTS 
The TTT Curves 

The separation of TiCr2 at special sites was observed by metallog 
raphy before any effect was noticed in the resistivity or elastic modulus 
data. This precipitation at the interfaces of grain boundary allotrio 
morphs (1) ceased after a short time with no further precipitation 
until the general formation of TiCrg which could affect the physical 
properties. The sensitivity of detecting the start and finish of reactions 
differs from case to case ; in general, it cannot be claimed that the lines 
represent 0 and 100% of the phase, and values of 5 and 95% may be 
more accurate. 

The persistence of omega is affected by the beta composition and 
alpha : beta ratio. A comparison of Figs. 9 and 10 shows that for a com 
mon alpha:beta ratio of 1:4, the omega is more persistent when the 
beta composition is less rich in chromium. For the same beta composi 
tion, Figs. 5, 8, and 10 refer to alloys with beta containing 15% chro 
mium. Although there is a tendency for omega to persist to the longest 
time when the alpha :beta ratio is 4:1, the marked similarity of these 
curves points to the beta composition as the principal controlling factor 

The three cases discussed earlier for the sequence by which omega 
and beta disappear imply different mechanisms for the reactions. If beta 
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disappears before omega (case B) then omega must decompose: 
w>a-+ TiCr 


In view of the fact that omega is a transition phase in the formation of 
alpha and would very likely contain less chromium than the beta from 
which it formed, the existence of case B (and of the eutectoid decom 
position of omega) does not seem likely. Only the 7.5% chromium alloy 
equilibrated at 750 °C and transformed at 400 °C (750 °F) approached 
the conditions for case B, but the weight of evidence favored the de- 
composition of all of the omega before the beta had decomposed fully 
(Fig. 9). 
Relationship of Structure and Ductility 

The four phase regions (a+ 8 +-+ TiCre) for the alloys equi 
librated at 685 °C (1265 °F) are small and represent the time interval 
over which the omega disappears and the TiCre begins to appear. The 
amount of TiCrs formed at first is very small, so that the total amount 
of the embrittling phases, omega + TiCro, is actually decreasing. This 
was shown by the fall in elastic modulus for an alloy transformed at 
500 °C (930 °F) in Fig. 2. A corresponding rise in the ductility occurs : 
Fig. 11 shows that the strength remains almost constant for transforma- 
tion at 400 °C (750 °F), but the ductility rises from 11.5% reduction 
of area at 1 hour through 39% at 10 hours to 49% at 100 hours as the 
amount of omega decreases, in spite of the presence of TiCrs after 100 
hours. When much TiCre is formed at 1000 hours, the reduction of 
area falls to 6%. Fig. 15 shows how transformation at 500 °C (930 °F) 
causes a rise in reduction of area from 1% as-quenched, to 9% at 1 hour 
when the omega is largely decomposed. The onset of the eutectoid re 
action at about 2 hours lowers the reduction of area to 3.5% (10 and 
100 hours) with a subsequent rise in the reduction of area to 7.5% on 
holding in the alpha + TiCrz field. It is believed that coagulation of the 
TiCrs occurs during the annealing. A recovery of ductility on holding 
the fully transformed a+ TiCre structure at the transformation tem 
perature is observed in most cases. At the same time a loss of strength 
occurs. Fig. 13 illustrates this well for the transformations at 500 and 
600 °C (930 and 1110 °F). 

The amount of TiCrs formed at full transformation 1s given in Table 
VIII. 

These amounts are small and are probably exceeded by the peak 
amounts of omega present. From this it can be stated that omega is 


> 


Table VIII ; 
Equilibrium Percentage by Weight of TiCr: 


Alloy Composition, % Cr Amount of TiCre, wt% 


1 
1 
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probably less harmful to the ductility than TiCr2, when present in the 
same amounts. This difference is to be expected in view of the origin 
and morphology of each of these phases. The contribution of the mor 
phology is supported by the recovery of ductility on annealing the fully 
transformed structure at the transformation temperature. 


Effect of Stress on Transformation and Ductility 

A comparison of the times for the completion of the eutectoid reaction 
shows that an acceleration of the transformation rate by a factor be 
tween 4 and 7 is observed when the specimens are stressed. There ap 
peared to be no correlation with either the alpha: beta ratio or with the 
beta composition. 

The ductility and structure were related in the same way in spite 
of the acceleration in transformation due to stress. The recovery in 
ductility of the a+ TiCrz after the completion of the transformation 
occurs more rapidly when the specimen is stressed than when it is 
stress-free (e.g., compared data for stressed and stress-free tensile duc 
tility on transformation at 500 and 600 °C (930 and 1110 °F) for the 
3% chromium alloy equilibrated at 810 °C). This is expected because 
the stress leads to 1% creep in 1000 hours, during which time break-up 
and coagulation of grain boundary films of TiCrz would occur rapidly. 

The maximum degree of embrittlement was not markedly greater 
for specimens transformed under stress. The restricted data do not 
permit an exact analysis to be made on this point. 
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DISCUSSION 


Written Discussion: By H. I. Aaronson, Ford Motor Company, Dearborn, 
Michigan; W. B. Triplett, Carnegie Institute of Technology, Pittsburgh; and 
G. M. Andes, E. I. du Pont de Nemours & Company, Inc., Wilmington, Delaware 

The authors’ investigation of transformations in titanium-chromium alloys 
under complex conditions of stress and initial structure has provided information 
which is of interest in the general field of the mechanisms of phase transforma 
tions as well as in the more specific area of the principles of the heat treatment 

titanium alloys. 


The observation that the remaining beta decomposes more rapidly when the 
alpha initially present has been largely recrystallized than when it has been 
allowed to retain its as-transformed morphologies (Fig. 1, unstressed trans 
formation curves) provides a good illustration of the effects of the structure 
and energy of interphase boundaries upon transformation processes. On the basis 

, 


of results obtained during a recent investigation (13,14) a considerable proportior 


of the alpha in the structures formed by reaction of the 714% chromium alloy at 


750°C (1380°F) (after forging in the beta, rather than in the alpha + beta 


field 


) can be safely assumed to have appeared in Widmanstatten form. The broad 
faces of Widmanstatten crystals, which comprise most of the interfacial area of 
these crystals, are considered to have dislocation structures (15,16). Boundaries of 
this type migrate slowly and have low specific interfacial free energies. When give 
the opportunity to migrate further by reheating to a lower temperature (after 
quenching from 750 °C), these interfaces will continue to move slowly and thus 
to reduce the overall rate of the beta-to-alpha transformation. Their low inte 

facial energies will also serve to inhibit the progress of the eutectoid reaction by 
furnishing a relatively small per-unit-area contribution of interfacial energy 
toward the nucleation of TiCrs crystals (13) 

In the specimens in which most of the alpha was formed by the further growth 
or by the partial dissolution of recrystallized alpha, on the other hand, virtually 
all of the interphase boundaries should have disordered structures (17). When 
specimens of this type are further transformed by reheating to a lower temperatur« 
(after quenching from the equilibration annealing temperature), the disordered 
boundaries will be able to migrate freely, at rates controlled only by such non 
structural factors as the ambient diffusivities and activity gradients. These 
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boundaries will also provide large areas with high specific interfacial free 
energies, and will thus accelerate the rate of nucleation of TiCre. 

The discussers would be interested to learn if the authors were able to detect 
microscopically any specific effects of creep strain upon the mechanism and 
kinetics of the eutectoid reaction. The appearance of some of the initially formed 
TiCrz crystals at sites other than beta: proeutectoid alpha boundaries, changes 
in the morphology of the eutectoid structure, and alterations in the rates of 
nucleation and growth of eutectoid nodules are of especial interest 


Authors’ Reply 


The purpose of this work was to investigate the progress of embrittlement 
under stress-free and stressed conditions. For this reason, the structural changes 


occurring early in the transformation were not followed in detail, and, indeed, 


in the case of the stressed specimens the experimental technique did not allow 
examinations at less than ten hours. However, we can offer the following com 
ments on the metallographic changes occurring during the transformation 

All of the completely transformed structures showed some degree of spheroidi 
zation. A comparison of the structures should not be made at equal times, because 
the transformation is completed in one-fourth to one-seventh of the time under 
stress, so that more time is available for subsequent coalescence of the TiCr 
Certainly, the greater recovery of ductility in the stress-transformed specimens 
supports this. 

It is regretted that the detailed type of information along the lines reported by 
Dr. Aaronson and co-workers in recent years is not available from this work for 


the effect of stress. 
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THE CONSTITUTION OF RHENIUM-MOLYBDENUM 
ALLOYS 


By J. M. Dickinson anv L. S. RICHARDSON 


y Lhstrac t 


The rhenium-molybdenum system has been investigated 
and a constitutional diagram has been proposed. Two inter 
mediate phases, a ( Res Vo.) and X Re;Mo), were found. o 
undergoes a peritectic decomposition at 2645 °C (4795 °F) 
and x undergoes a peritectoid decomposition at 2080 °C 
(3775 °F). There is a eutectic at 2505 °C (4540° F) at 65 
weight per cent rhenium. Molybdenum dissolves up to 59 
weight per cent rhenium ; rhenium dissolves up to 12 weight 
per cent molybdenum. Work performed under the auspices 
of the Atomic Energy Commission. (ASM-SLA Classifica- 
tion : M2 lh Py Re, Mo } 


A? PART of a general study of the refractory metals and their alloys, 
F i a number of phase diagrams of these metals have been investi 
gated. The rhenium-molybdenum diagram is reported here. 

Geach and Hughes (1)! reported that molybdenum alloys contain 
ing 50%* rhenium were easily worked at room temperature. They 


al 


so reported that the solubility of rhenium in molybdenum was about 
50%. McHargue and Maynor (2) reported the presence of a face 
centered cubic structure at 25% rhenium (not confirmed by the present 
investigation). Greenfield and Beck (3) investigated a number of 
alloys at 1200°C (2190°F) and found intermediate phases isomor 


phous with the « and x phases found in some iron-base alloys. 


PREPARATION OF ALLOYS 

The rhenium used in this investigation was procured as powder from 
Varlacoid Chemical Company. Spectrochemical analysis of the rhenium 
showed traces of silver and silicon. The rhenium powder was pressed 
and arc-melted in a zirconium-gettered helium atmosphere at an abso 
lute pressure of approximately 50 mm of mercury. Molybdenum was 
prepared by arc-melting molybdenum rod in the same manner. Spectro 
chemical analysis of the molybdenum so prepared showed traces of 


All percentages 
rhe figures ay ring in parenth s pertain to the references appended to this paper 

Of the authors, J. M. Dickinson is associated with the Los Alamos Scientifi: 
Laboratory of the University of California, Los Alamos, New Mexico, and L. S 
Richardson is employed by the Westinghouse Research Laboratory, Pittsburgh, 
Pennsylvania, and is on loan to the Los Alamos Scientific Laboratory. Manu 
script received August 30, 1957 
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aluminum, silicon, and titanium, and a faint trace of beryllium. The 
metals were then crushed and used as charges for arc-melting. 

Alloys of molybdenum and rhenium were made as buttons weighing 
from 10 to 40 grams by arc-melting in a water-cooled copper crucible 
using a non-consumable tungsten electrode. The alloys were normally 
melted 4 times (the buttons were turned over after each melting opera- 
tion), removed from the furnace, crushed, and remelted 4 times as 
before. Homogeneous alloys were usually produced by this procedure. 


ANNEALING, METALLOGRAPHIC, AND X-RAY TECHNIQUES 


Annealing and quenching operations were carried out in the tube 
furnace (4) shown in Fig. 1. Using seamless tantalum tubing for the 
heater, temperatures up to 2650 °C (4800 °F) were obtained. A me 
chanical shutter, not shown in the drawing, was inserted to protect the 
top sight port. The three temperature measuring ports were displaced 
in the vertical as well as the horizontal direction so that a measure of 
the temperature gradient was possible. The gradient over the center two 
nches of the ten inch long heater tube was less than 10°C (18°F). 

The heater tube and radiation shields were held in place by the 
tantalum electrode which was bolted between two water-cooled copper 
electrodes (only one is shown in the drawing ). These were welded to 
the top plate. The heater tube was held in alignment and allowed to 
expand during heating by the flexible tantalum electrode. This was 
connected to water-cooled copper electrodes which were insulated from 
the top plate with Teflon gaskets. The top plate was electrically in- 
sulated from the furnace shell by a Teflon gaske t. The entire furnace 
assembly could be removed from the furnace shell for easy maintenance 


Specimens were annealed in a vacuum ranging from 5 x 10° mm of 
mercury at room temperature to 6 x 10° mm at 2600 °C (4710 °F 
At 2000 °C (3630°F) the pressure normally ranged between 8 and 
20 x 10° mm. The pressure was measured three inches from the fur 


nace, in the main vacuum line, using an untrapped NRC ionization 
gag 

\fter annealing, the specimens were either allowed to furnace cool 
(the specimen cooled to less than 600 °C (1110 °F) in approximately 


e. 


10 minutes), or were quenched by melting the fuse wire causing the 
specimen to drop into a pot of molten tin held at 250 °C (480 °F). The 
ler vacuum. The adherent tin was re 
moved from the specimen by pickling in concentrated hydrochloric acid. 


entire treatment was done un 


During annealing, molybdenum was preferentially lost from the 
surface by evaporation. This effect was noticed after annealing treat 
ments above 2000 °C (3630 °F). It was necessary to remove approxi 
mately 0.004 inches of metal to get below the depleted layer after 
annealing one hour at 2400 °C (4350 °F). 

Temperatures were measured with an optical pyrometer by sighting 
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through holes drilled in the radiation shields and the furnace tube. At 
equilibrium, reached in minutes at temperatures of 2000 °C (3630 °F ) 
or above, no temperature difference between the sample and the walls 
of the furnace could be seen, indicating that very nearly black body 
conditions were reached. The same Leeds and Northrup optical py 
rometer, calibrated against a standard lamp, was used for all tempera 
ture measurements. Correction was made for the sight glass absorption. 
The accuracy of temperature measurements was probably better than 
25 °C (45 °F). 

Normal metallographic methods were employed in most instances to 
prepare the specimens for microscopic examination. Severe pitting was 
encountered and considerable care was necessary to produce a good 
surface. A method combining the final polishing and etching operations 
was found to be the most successful for the preparation of all the two 
phase alloys. A slurry of alumina, potassium ferricyanide, and potas- 
sium hydroxide in water was used as an abrasive etching medium. The 
specimen was polished on a Forstmann cloth with the slurry until 
satisfactorily etched. A concentration of approximately 6 parts potas- 
sium ferricyanide, 2 parts potassium hydroxide, and 92 parts water 
was used for etching. When no etching action was desired, a slurry con- 
taining 15 parts potassium ferricyanide, 1 part potassium hydroxide to 
300 parts water was used. 

Single phase £8 alloys were successfully electropolished and etched 
in a 1 part sulphuric acid to 4 parts methyl alcohol mixture. o phase 
alloys were electropolished in 1 part chromium trioxide, 4 parts acetic 
acid, and 1 part water at 80 volts. It was necessary to electropolish these 
alloys between each mechanical polishing step to prepare satisfactory 
surfaces. The o phase alloys were etched by dipping in 9 parts hydro- 
fluoric acid and 1 part nitric acid. x phase was polished using the dilute 
slurry described above. This phase was very difficult to etch. A brief 
etch using the abrasive etching medium, followed by a dip etch of sev 
eral seconds in the acid mixture, gave satisfactory results. a phase alloys 
were also difficult to etch satisfactorily due to excessive pitting and 
extensive twinning. A few minutes polishing in the dilute slurry gave 
a satisfactory polish. Electroetching in a mixture of equal parts of 
phosphoric acid, glycerin, and acetic acid was found to give a satis 
factory etch. 

The determination of the single phase boundaries by measurement 
of lattice parameters proved impractical for three reasons: (a) The 
structures of both rhenium (hexagonal close packed) and molybdenum 
(body centered cubic ) underwent only minor changes in lattice param 
eter upon addition of the second element, (b) the a and 8 alloys were 
very difficult to powder, and (c) the annealed samples had too large a 
grain size for accurate parameter measurements. As a result, the use of 
x-ray diffraction was limited to phase identification. Determinations 
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Table I 
Analyses of Rhenium-Molybdenum Alloys 

Rhenium % Molybdenum > Rhenium % Molybdenun 

5.0 95.0* 32.9 

14.5 85.5* 69 30.4 

27.6 72.4 75 25.0* 
40.0 60.0* 
45.1 55 
50.3 49 
52.5 47 
56.0 43 
58.9 40 
64.7 35 


a? 

R5 

R78 
1 


95 


Nae we 


inal compositions—these samples were not analyze 


One Phase 
Two Phase 


hree Phase (Non-Equ 


Melting Observed 


Rhenium Phase Diagram 





1060 TRANSACTIONS OF THE ASM Vol. 51 


of the crystallographic structures were made with a Norelco x-ray 
diffractometer. The structures of o and x phases were identical with 
those reported by Greenfield and Beck (3) except for slight differences 
in lattice parameter. 

RESULTS 

The molybdenum-rhenium diagram constructed from this investi 
gation is shown in Fig. 2. Chemical analyses of the alloys studied are 
listed in Table I. The extensive solubility of rhenium in molybdenum 
(body-centered cubic, 8 phase) was not unexpected in view of the rela 
tive atomic sizes of rhenium and molybdenum. (The atomic diameter 
of rhenium is 2.740 A and that of molybdenum is 2.725 A (5)). 

The solubility of rhenium in molybdenum varied with temperature 
from about 46% at 1200°C (2190 °F) to 59% at the eutectic tem 
perature, 2505 °C (4540 °F). Figs. 3 and 4 show the 52.5% rhenium 
alloys after annealing at 1860 and 2025 °C (3380 and 3675 °F). The 
matrix in both photomicrographs was 8. The second phase shown in 
Fig. 3 was determined by x-ray diffraction to be o phase, a tetragonal 
(Dey,'*) structure isomorphous with the o phase found in iron 
chromium alloys. In this alloy system o phase corresponded to the 
approximate formula Res Mog. The 56.0% rhenium alloy was two phase 
(8+ oc) after heat treatment at 2140°C (3885 °F), Fig. 5, and was 
one phase, Fig. 6, (8) after heat treatment at 2225 °C (4035 °F). Fig. 
7 shows the 58.9% rhenium alloy quenched from 2395 °C (4345 °F). 
Again the structure was B+ oe. Fig. 8, 45.1% rhenium at 2420 °C 
(4390 °F), is an example of the extensive twinning found in the 8 
phase at rhenium contents above 40%. 

The eutectic structure is shown in Figs. 9 and 10, 58.9% and 64.7% 
rhenium. The 58.9% rhenium alloy was melted and furnace cooled, 
Fig. 9. The 64.7% rhenium alloys consisted entirely of eutectic both as 
originally arc-melted, Fig. 10, and again after quenching from the 
eutectic temperature, 2505 °C (4540 °F). Fig. 11 shows eutectic in 
the 66.9% rhenium alloy after heating to 2510°C (4550°F) and 
quenching. The 69.6% rhenium alloy was o phase after all heat treat 
ments. The rhenium end of the eutectic line was set at 69%, on the basis 
of the amount of eutectic present in the 66.9% rhenium alloy. 

A typical o phase alloy, 69.6% rhenium quenched from 2030 °C 
(3685 °F), is shown in Fig. 12. The surface was very badly cracked 
as was usual with the o phase alloys. Numerous etch pits were also 
present. o phase was stable between 70% and 80% rhenium at tem 
peratures below 2500 °C (4530 °F). It decomposed peritectically to 
a + liquid at 2645 °C (4795 °F). The peritectic temperature was de 
termined by the microscopic observation of incipient melting. An 87.8% 
rhenium alloy quenched from 2595 °C (4705 °F), the o +a field, is 
shown in Fig. 13. The same alloy quenched from 2650 °C (4800 °F ) 
the a + liquid phase field, is shown in Fig. 14. 
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Table Il 
X-ray Structures of Alloys in the Peritectoid Region 


Annea mperatt Phases Detected 

> fe 82.9% Rhenium 85.9% Rhenium 87.8% Rhenium 
2140* 3885 a+a +a 

2060* 3740 a+a 
1990* 3615 a+x+a 
1815* 3300 

1600* 29010 

1990** 3615 

2030** 3685 

20900** 3795 

2140** 3RRS 


o+xta 


+x +a 


+a 


*Previous heat treatment at a higher 
**Previous heat treatment at a lower ten 
nd in the region of 86% 


\ body-centered cubic phase, y, was fe 
775 °F). This phase was 


u 
rhenium at temperatures below 2080 °C (3 
isomorphous with a-manganese and the y phases found in some complex 
iron-base alloys and corresponded to an approximate composition of 
ResMo. The metallographic structure of y phase is shown in Fig. 15, 
The x phase decomposed by 

5 


85.9% rhenium at 1795°C (3265 °F). 
F). The peritectoid 


a peritectoid reaction into o + a at 2080 °C (377! 
temperature was based on metallographic and x-ray evidence that x 
decomposed at higher temperatures and was detected at lower tempera 
tures. The formation of y from « + a was sufficiently slow that 3 hours 
at 2060 °C (3740 °F) resulted in a nonequilibrium three phase struc 
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ture. The x-ray evidence for the peritectoid is summarized in Table IT. 
Fig. 16 shows the 85.9% rhenium alloy which had decomposed to o + a 
during a 6 hour heat treatment at 2090 °C (3795 °F). There was very 
limited solubility of either rhenium or molybdenum in the y phase, as 
both the 82.9% and 87.8% rhenium alloys were two phase at all tem- 
peratures. Fig. 17 is a photomicrograph of the 87.8% rhenium alloy 
after quenching from the y + a field. 

The solubility of molybdenum in rhenium (a) ranged from less than 
3% at 1600 °C (2910 °F) to about 12% at the peritectic temperature, 
2645 °C (4795 °F). Fig. 18 shows the two phase 96.8% rhenium alloy 
after 71 hours at 1610 °C (2930 °F). The second phase was present in 
minor amounts and was not detected by x-ray examination, but pre- 
sumably was x phase. The matrix was a (hexagonal close-packed). A 
considerable amount of second phase was present in the 91.5% rhenium 
alloy heat treated at 1630 °C (2965 °F), Fig. 19, while the same alloy 
quenched from 2395 °C (4345 °F) was all a, Fig. 20. Fig. 20 also 
shows the large amount of twinning observed in the single phase a 
alloys. 

SUMMARY 

The rhenium-molybdenum phase diagram has been presented. The 
solubility of rhenium in molybdenum ranges from 46% at 1200 °C 
(2190°F) to 59% at the eutectic temperature, 2505 °C (4540 °F). 
The solubility of molybdenum in rhenium ranges from less than 3% 
at 1600°C (2910°F) to about 12% at the peritectic temperature, 
2645 °C (4795 °F). There are two intermediate phases, o and x. o is 
isomorphous with the iron-chromium o phase and decomposes peri- 
tectically at 2645°C (4795 °F). The compositions at the peritectic 
were not determined precisely. x is isomorphous with a-manganese and 
decomposes peritectoidally at 2080 °C (3775 °F). The composition at 
the peritectoid point is 86% rhenium. There is a eutectic between o 
phase and molybdenum (8 phase) at 2505°C (4540°F) and 65% 
rhenium. o phase can dissolve about 5% of either molybdenum or 
rhenium at temperatures below 2500°C (4530°F). x has virtually 
no solubility for either rhenium or molybdenum. 
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DISCUSSION 


Written Discussion: By A. G. Knapton, Research Laboratory, Associated 
Electrical Industries Limited, Aldermaston, Berkshire, England. 

rhe findings of Dickinson and Richardson on the molybdenum-rhenium system 
igree with results to be published * from this Laboratory. Our version of the 
diagram is given in Fig. 21, and a comparison of the principal features of this 
with the data of Dickinson and Richardson in Table III 

Significant solubility differences occur only in the extent of the rhenium solid 
solution. However, the maximum solubility given by Dickinson and Richardson 
was determined from two alloys widely spaced in composition, viz. 8.1 and 12.2 
weight % molybdenum (14.7 and 21.3 atomic %), which bracket the maximum 
solubility, 15 atomic %, indicated by our work 

Liquidus temperatures in our work were measured by an optical pyrometer 
technique in the argon-arc alloy preparation furnace. It must be conceded that 
the tantalum tube furnace results given by Dickinson and Richardson for the 
eutectic and peritectic temperatures are probably the more accurate. 

Evidence from annealing supersaturated molybdenum base solid solutions and 
from attempts to synthesize sigma from mixed molybdenum and rhenium powders 

licates that the sigma phase in the system is stable only at temperatures of 
1150 °C and above. In Fig. 21, sigma is shown as decomposing eutectoidally at 


1100-1150 °C (2010-2100 °F) 


Table Ill 


The Molybdenum-Rhenium System 
Dickinson and 


Richardsor Knapton 


43 atomic % rheniurn 
29 atomic % rhenium 


2440 °C (4525 °F) 


c 


52-71 atomic % rhe: 


Peritectic 

mperature 2520 °C (4566 °F 

76-79 atomic 
1200 °C 


Homogeneity Range y// 
Peritectoid 
temperature 2080 : 1850 °C (3360 °F 


c 


~ molybdenun 


Max 21 atomic ™ molybder 15 atomic 
t 6 atomi > me nur 9 atomic % molybdenun 


Solid 
1600 % 
2910 °F 


* To be published in Journal, Institut 
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Fig. 21—The Molybdenum-Rhenium System 


Written Discussion: By O. N. Carlson, Institute for Atomic Research, lowa 
State College, Ames, Iowa. 

The authors have done an excellent piece of work on a difficult system and 
are to be congratulated for their contributions to the techniques of studying alloys 
in this extremely high temperature range. 

I would like to inquire whether the authors intend to report their x-ray data 
elsewhere. If not, a few more details such as “d” spacings and intensities of dif- 
fraction lines would possibly be of value to the scientific literature. Furthermore, 
I would like to ask whether any investigation was made of the ductility of alloys 
in the high 8 region and, if so, what results were observed. 

Written Discussion: By Chester T. Sims, materials engineer, Knolls Atomic 
Power Laboratory, General Electric Company, Schenectady, New York. 

The authors of this paper, Dickinson and Richardson, are to be congratulated 
on selection of this particular alloy system for their excellent study. Although 
rhenium is a relatively scarce element, the extremely interesting behavior of cet 
tain molybdenum-rhenium alloys is of considerable importance to physical metal 
lurgists. Accurate knowledge of the phase relations in this system is of the 
greatest importance. 

In our recent experimental work with alloys in this system, no serious at 
tempt has been made to identify phases or place phase boundaries. However, 
about 25 different alloy compositions across the binary system have been pre 
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pared as small button ingots by nonconsumable-inert-atmosphere arc-melting fol 
lowed by homogenization at 1000 °C (1830°F) for 3 days. Study of the micro 
structure of these alloys shows generally good agreement with the diagram given 
in the present study. The position of the solvus delineating the limit of the 
molybdenum-base solid solution is particularly important, since alloys in the 
range Mo-25Re* to Mo-35Re are of special interest. Fabrication and heat 
treatment of a large number of alloys in this composition range confirm the 
single-phase limits as shown by the authors. 

In the course of our studies, a hardness survey of the molybdenum-rhenium 
system was conducted which is of value to discuss here for comparison with the 


a 
= 


phase diagram of Fig. 2. The hardness profile is shown in Fig. 22, with the phase 
boundaries given by Fig. 2 at 1000°C (1830°F) included for reference. The 
predominating feature of the curve is the extremely high hardness of o-phase, 
W Res, which is of the same order of magnitude as tungsten carbide. No corre 
lations between hardness and the alpha-manganese-type structure, x-phase, ap 
pear possible, although data are scarce in this regior 

Hardness data through the BCC molybdenum solid solution and into the two 

se region with o-phase are complete and significant. As initial rhenium addi 


are made to molybdenum, a hardness decrease is noted in cast alloys 


1 alloy compositions in this discussion are given in at 
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reaching a minimum at 5% rhenium. The reason for this decrease, which has 
been reaffirmed several times in our work, is not fully understood. It is probably 
an interstitial impurity effect. At first glance, removal of oxygen from solid 
solution in molybdenum by formation of a rhenium oxide, might be suspected 
However, —AF of rhenium oxides are less than corresponding molybdenun 
oxides at all temperatures so that this explanation seems unreasonable on a 
thermodynamic basis. It may be that some other effect with oxygen is responsible 
or it may be a carbon effect. Rhenium does not form carbides. 

As more rhenium is added to molybdenum, solid-solution hardening occurs 
uniformly and moderately. In the two-phase region with o-phase, hardening 
levels slightly, then as appreciable amounts of the extremely hard o-phase form 
hardness increases very sharply to the high values found for single-phase ¢ 

As noted initially by Geach and Hughes ¢ and confirmed and broadened in our 
recent work 77 cast alloys in the solid-solution range from about Mo-20Re up 
to the onset of the high hardening rate caused by second-phase sigma are very 
workable, while alloys with less rhenium are not. Maximum workability occurs 
where the hardness inflects near Mo-35Me. The latter alloys can be cold rolled 
to strip at room temperature; warm or hot workability is also excellent and 
occurs over a wider range. This exceptionally ductile behavior extends to low 
temperatures ; for instance, the ductile-to-brittle bend transition is depressed from 
about room temperature (unalloyed molybdenum) to about 19 K (Mo-35R: 
alloy) as measured on hot-cold-worked and recrystallized strip. Also, effects 
noted on varying oxygen content are startling. While as-cast unalloyed molyb 
denum must have an oxygen content of <5-10 ppm to be fabricable by hot-cold 
working, Mo-35Re alloy can be rolled to strip at 1250°C (2280°F) with at 
least 300 ppm oxygen. As might be expected, the mechanical properties of these 
alloys are excellent. They have higher room- and elevated-temperature strength 
than Mo-0.5Ti alloy with very satisfactory ductility. This ductility is retained in 
the presence of moderate amounts of o-phase which can add a precipitation 
hardening effect to the solid-solution strengthening effects. 

Reasons for the behavior of these alloys are not yet fully understood, but some 
positive ideas can be expressed. Lack of ductility in unalloyed molybdenum is 
caused by excessive MoOn:, at the grain boundaries, a compound with very low 
surface tension. Investigation of high-oxygen Mo-35Re alloys by the microprob: 
analyzer and by conventional metallographic techniques indicate that a more 
complex oxide exists when rhenium is present in major quantities. This is 
probably an oxide with a formula such as ReMoO,. It has a high surface tension 
and agglomerates, leaving large areas of clean grain boundaries so that inter- 
granular fracture is reduced or eliminated, markedly increasing the workability 

Another effect of equal importance is also known to occur. The critical stress 
for twinning in molybdenum is lowered markedly by rhenium additions at room 
temperature and below. Thus, twinning occurs as a major deformation mechan- 
ism in the alloys of interest. At higher temperatures such as those used for hot 
cold-working, twinning is absent and only the oxide effect is important. Our 
attention is now being directed toward the effects of rhenium on slip, which 
could be a third major factor on the exceptional ductility observed. Deformation 


+ G. Geach, and J. Hughes, “The Alloys of Rhenium With Molybdenum or With Tungsten,” 
Plansee Proceedings, 1955. 

+t R. I. Jaffee, and C. T. Sims, “The Effect of Rhenium on the Fabricability and Ductility 
of Molybdenum and Tungsten,” Plansee Proceedings, 1958 
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in both molybdenum and molybdenum-rhenium alloys occurs by slip, which is 
augmented by twinning for the alloy. 

In general, we feel that a more complete understanding of the behavior of 
these alloys will eventually lead to much better understanding of the character- 
istics of other alloys and possibly the development of improved behavior in other 
systems. Tungsten-rhenium alloys behave in a similar fashion and it is hoped 
that an investigation of this system will be started soon, if it is not under way 
ilready 

Authors’ Reply 


lhe authors wish to express their thanks to the persons who have submitted 
vritten discussions to this paper 

The close agreement between the diagram to be published soon by Knapton 
and our diagram was gratifying. The authors did not examine any specimens 
heat treated at temperatures below 1200°C (2190°F) and therefore cannot 
comment on the eutectoid proposed by Knapton. We hope he will be able to 
ontinue his work in this region and verify the existence of the eutectoid. At 
temperatures below 2000 °C (3630 °F) equilibrium was established rather slowly 

this alloy system and it is possible that the differences that do exist between 
the two diagrams may be due to the use of different heat treating times. We 
found it necessary to heat treat specimens for several d 


1 
I 


uys in the region of the 


peritectoid in order to approach equilibrium. Shortened heat treating times ofter 


resulted in three phase alloys 

No tabular x-ray data was included in this report since our data was in good 
agreement with that reported by Greenfield and Beck (3) and already available it 
the literature. 

While no extensive study of the effect of rhenium on the ductility of molyb 
denum was made as part of this investigation, we were able to confirm the 
reported increase in the ductility of molybdenum due to the addition of rhenium 
Mr. Sims has made several interesting comments on this subject in his discussi 


to this paper and we are in agreement with the results he has reported 











THE SOLUBILITY OF HYDROGEN IN MAGNESIUM 
By J. KogENEMAN AND A. G. METCALFE 


Abstract 

The solubility of hydrogen in magnesium between 550 
and 775 °C (1020 and 1425 °F) has been determined using 
a modified Sieverts apparatus. The magnesium is contained 
in a thin-walled envelope of iron to prevent evaporation 
and consequent attack on the silica tube. It has been shown 
that small pressure differences develop across the iron en- 
velope; these have been measured and used to correct the 
solubility readings to 1 atmosphere pressure. The corrected 
solubilities in cubic centimeters of hydrogen per 100 gram 
of magnesium are 31 at 640°C; 46.5 at 675°C; 60 at 
725°C; and 63 at 775°C. (1185, 1245, 1335, 1425 °F) 
(ASM-SLA Classification: N15d; Mg, H) 


sempre RESULTS for the solubility of hydrogen in mag- 
nesium show considerable disagreement on the value although they 
do agree in placing the solubility limit at a higher value than for most 
other common metals. This high solubility in both the liquid and solid 
states makes the metal less sensitive to casting defects due to this cause. 
On the other hand, the high reactivity of magnesium may cause the 
hydrogen pickup to result from many corrosive processes, particularly 
if water is present. Consequently, reliable information on this question 
was thought to be very desirable, and this work was undertaken to 
attempt to resolve the differences in published data. 


Previous Work 

A review of the literature showed that there had been three deter- 
minations of the solubility of hydrogen in molten magnesium. Only 
Sauerwald (1)! attempted to analyze at temperature by converting all 
of the hydrogen-saturated melt to magnesium chloride with chlorine. 
The hydrogen was converted to hydrogen chloride. Subsequently, all 
of the hydrogen-containing gases were converted to water vapor by 
passage over hot copper oxide. The method has been criticized by 
Bobalek and Schrader (2) because of errors due to inadequate pre- 
cautions to guard against moisture introduced in the flux, sampling 
spoon, and refractories, and due to the poor efficiency of chlorine with 
regard to hydrogen removal from the melt. An efficiency of 90% was 
estimated. 


1 The figures appearing in parentheses pertain to the references appended to this paper. 


The authors, J. Koeneman and A. G. Metcalfe, are associated with the Metals 
Research Department, Armour Research Foundation of Illinois Institute of 
Technology, Chicago. Manuscript received October 11, 1957. 
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foth Winterhager (3) and Busk and Bobalek (4) cooled the 
hydrogen-saturated magnesium and attempted to retain all of the hy 
drogen. The difficulty which Winterhager experienced with blowholes 
in quenched samples makes this method suspect immediately. Busk and 
Bobalek modified Winterhager’s method by performing the operations 
in one vessel. After saturation was complete, cooling and solidification 
under a stream of helium was used to release the hydrogen for gas 
analysis. There are several problems with this method including the 
difficulty of releasing all of the hydrogen from the magnesium in the 
solid state. Busk and Bobalek found a solubility of 22 cubic centimeters 
per 100 grams at 650°C (1200°F) increasing to 23-25 cubic centi- 
meters per 100 grams at 800 °C (1470 °F). These results may be com 
pared with Sauerwald’s value of 41 cubic centimeters per 100 grams 
at 760 °C (1400 °F). 


EX PERIMENTAL PROCEDURE 
Apparatus 


A modified form of Sieverts’ apparatus (5) was constructed bearing 
in mind the precautions outlined by McQuillan (6). The principle 
behind the method is to release a known quantity of the soluble gas 
into the system containing the heated magnesium specimen and to com 
pare this pressure with that of a known quantity of an insoluble gas 
(helium) released into the system at the same temperature. Any differ- 
ence between the pressures (after correction for any difference in the 
quantities of gases used) must be caused by the removal of some of 
the soluble gas by solution in the metal. The assumption is made that 
hoth gases behave ideally, but this is acceptable for helium and 
hydrogen. 

Fig. 1 shows the equipment schematically. The pumping system 
shown in Section I was used to remove foreign gases and to remove 
hydrogen from a magnesium sample after a run. Sections III and IV 
were used to measure the pressure and volume of helium and hydrogen 
gas, prior to their release into the evacuated reaction chamber shown 
in Section VI. The pressure was followed by means of the mercury 
manometer in Section V. The space not at the sample temperature was 
restricted by the use of narrow bore tubes between the mercury in the 
final pressure measurement manometer and the reaction chamber, as 
well as by a sealed tube fitting closely inside the reaction chamber, This 
sealed tube reduces the amount of heat transfer in the gas by restricting 
the temperature gradient in the gas to a small annular volume between 
this tube and the reaction chamber. 

The purification of helium was by passage over hot titanium chips 
directly into the calibrated bulbs. The hydrogen was generated by heat 
ing titanium hydride formed previously in situ 
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Fig. 1—-Schematie Diagram of Modified Sieverts’ Apparatus 
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EXPERIMENTAL TECHNIQUE 


The major problems associated with the determination of the solu 
bility of hydrogen arise from the high vapor pressure of magnesium 
For example, a typical 100-gram sample of magnesium was found to 
lose 1.5-gram per hour on holding at 550°C (1020 °F). Secondary 
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problems arise due to the attack of the magnesium on most containers. 
(Vycor and silica are good with respect to hydrogen leakage but are 
rapidly attacked by magnesium, whereas iron is excellent in its resist 
ance to attack but highly permeable to hydrogen.) It was proposed to 
extend this study up to 800 °C (1470°F) so that it was necessary to 


find a solution to this dilemma. This was achieved by interposing a 


permeable iron membrane between the Vycor container tube and the 
magnesium specimen. At first it was thought that this container would 
have to be fairly thick to resist the additional internal pressure due to 
the evaporation of magnesium, particularly when the hydrogen was 
pumped away from the outer Vycor tube. A spun Armco iron container 
of 0.030 inch thickness was used, with a lid welded in place. At 550 °C 
(1020 °F) the time to reach equilibrium was 100 hours, with the final 
approach to equilibrium attaining the leak rate of the Vycor tube at 
a very indefinite point. (A leak rate corresponding to a pressure drop 
of 0.017 centimeters of mercury per hour at a pressure of 25 centi 
meters was found.) To decrease the time taken to reach equilibrium, a 
palladium “window,” 0.001 inch thick, was welded into the cap of the 
\rmco iron container. The time to reach equilibrium was reduced to 
+ hours by this change. At 600 °C (1110°F) both the 0.001 inch and 
a 0.006 inch palladium window burst. The cause was not thought to 
be due to a high internal pressure but to the brittle nature of the 
palladium-hydrogen alloy and to the stresses set up. Hence the next 
step was to try a thin steel cover of 0.004 inch thickness. Overlapping 
spot welds in the C1010 steel shim stock were adequate to seal the mag 
nesium inside. An enlarged detailed schematic drawing of this portion 
of the reaction tube is included in Fig. 1. Equilibrium periods of 30-60 


minutes were attained with this technique using a sample weight of 
90 grams of magnesium. A typical pressure-time curve is shown in Fig. 
2 for the temperature of 775 °C (1390 °F 

There were good reasons to believe that the partial pressure of hy- 
drogen might not be the same inside the iron capsule as outside. These 
are discussed later. Additional experiments were made with the equip 
ment shown schematically in Fig. 3. A steel tube with 0.062-inch walls 
and 0.187-inch bore was welded into the 0.004-inch thick shim stock 
capsule around the magnesium specimen. Magnesium vapor condensed 
in the cooler parts of this tube so that the differential manometer would 
read only the difference in the pressure of hydrogen across the iron 
membrane. Adequate stopcocks were provided so that both the Vycor 
reaction tube and the iron capsule could be evacuated or filled with 
hydrogen. The usual method of performing an experiment was to in 
troduce the hydrogen into the Vycor tube only, because this simulated 
the earlier experimental technique. Mercury was used in the differential 
manometer. 
The method of making solubility determinations was as follows. The 
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Modification. 


encapsulated specimen containing “‘m” grams of magnesium was placed 
in the reaction chamber together with the sealed Vycor tube to reduce 
the free volume. The system was evacuated to better than 10° mm of 
mercury and heated to reach equilibrium. Helium was led into the 
calibrated bulbs (Section IV of Fig. 1) until the mercury was dis 
placed. The calibrated volume of these bulbs was v = 165.52 cubic 
centimeters. The pressure of this helium at a temperature of Ty.° K was 
measured in the Octoil-S manometer (Section III) to be Py. before 
the two-way stopcock was opened to cut off the manometer and open 
the calibrated volumes to the reaction chamber. All of the helium could 
be driven out by forcing the mercury into the calibrated volumes and 
up into the mercury manometer (Section V ). When the pressure dif 
ference in the mercury manometer became constant, the difference was 
read after the level in the limb connecting the reaction chamber had 
been brought to a fixed value. This pressure difference was pye. The 
helium was evacuated and the procedure repeated with hydrogen when 
an initial pressure of Pye at Tyo°K became pe on expulsion into 
the reaction chamber. Then it can be shown from the ideal gas laws 
that : 








ee ee 
— R m Tre Pue Tue 


where V is the solubility in ce of hydrogen per gram at NTP. (The 
number of cubic centimeters of 1 gram-molecule of an ideal gas is 
22,413; and R is the gas constant.) This solubility refers to a reaction 
chamber pressure of pye, to which some correction must be applied to 
correct for any pressure of difference across the iron membranes. This 
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was determined directly on a differential manometer in a subsidiary 
series of experiments using the apparatus shown in Fig. 3. Solubility 
determinations were made at a series of increasing pressures by mul 
tiple chargings of the calibrated volume and expulsion of these charges 
into the reaction chamber 
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b 
Solubility of Hydrogen in Magnesium Encapsulated in 0.004 Inch Iron Capsule 


Temperature, Pressure, Pressure, Solubility 
a % F mm Hg (mm Hg)* cc/100 gm 
640 1185 62.15 7.88 7.45 
133.05 11.51 12.03 
236.35 15.37 18.29 
675 1245 23.9 4.89 7.32 
77.3 8.79 14.68 
139.3 11.80 20.59 
279.0 16.70 26.83 
725 -Run I 33.5 5.80 11.83 
1335 77.0 8.77 17.91 
125.3 11.18 24.03 
174.3 13.20 29.70 
226.0 15.03 34.20 
-Run Il 774 8.80 18.36 
123.7 11.14 23.61 
172.0 13.11 28.25 
219.7 14.83 33.19 
267.4 16.34 37.68 
775 1425 31.5 5.61 12.16 
74.1 §.61 14.27 
120.9 11.00 24.88 
167.1 12.93 29.80 
214.5 14.65 34.41 


289.0 17.00 40.51 


SOLUBILITY DETERMINATIONS 


Figs. 4 and 5 show the results of the pressure differential study and 
of the solubility determinations. In Fig. 5 the small corrections obtained 
from Fig. 4 have been introduced. 

Sieverts’ Law, relating the solubility and the square root of the pres 
sure, appears to be applicable to these results although the values at 
725 °C (1335 °F) show a tendency to depart from a linear relationship 
at the highest pressures studied. A repeat determination was made at 
this temperature and appeared to confirm this upward curvature (see 
Table I). The best line was drawn through the points in accordance 
with Sieverts’ Law. 

A correction was calculated for the error due to the amount of hydro 
gen dissolved in the iron capsule. Table II shows a typical calculation. 
In view of the small magnitude of the correction it has not been applied 
to individual results but to the final values. Table III gives solubilities 
corrected for this source of error. 


DISCUSSION OF RESULTS 


In the determination of the volume of the free space in the reaction 
chamber, the assumption is made that helium and hydrogen will behave 
identically. The departure from the ideal gas law is small for both gases, 
but the specific heat is nearly twice as great for the diatomic gas hydro- 
gen than for monatomic helium (c, = 4.87 calories per °C for hy- 
drogen against 2.98 for helium at 15 °C). However, in view of the large 
mass of Vycor glass and in view of the nearly equal thermal conduc- 
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Table If 
Correction for Hydrogen Solution in Iron Capsule at 1 Atmosphere Pressure 
Amount of hydrogen dissolved, cc at NTP Corrected 
Temp In 100 gm In Fe Capsule In Magnesium Solubility in Mg 
°C °F Fe* Specimen cc /100g 
Weight of iron capsule~15 
Weight of magnesium specir 
640 1185 1.8 0.27 7.9 30.7 
675 1245 1.95 0.29 42.1 46.5 
725 1335 2.2 0.38 544 60.1 
775 1425 25 0.37 57.1 63.1 
*ASM Handbook, 1948, p. 1208 
Table Ill 
Solubility of Hydrogen in Magnesium 
Temperature, Solubility in cc/100 gn t various pressures 
( °F 200 mm Hg 400 mm Hg 600 mm Hg 760 mm Hg 
640 1185 15.6 22.4 27.3 30.7 
675 1245 23.8 33.8 41.4 46.5 
725 1335 30.6 43.3 53.2 60.1 
775 1425 32.1 45.7 56.1 63.1 


tivities of the two gases, the distribution of temperature in the reaction 
chamber should not be affected significantly due to this cause. Errors 
from this source are minimized, of course, by the sealed tube which 
restricts the gas-filled space to a small annular volume in the portion 
of the reaction chamber where a temperature gradient exists. 

The neglect of the free volume inside the capsule, which is not filled 
yy helium but is occupied by hydrogen (helium does not diffuse 
through iron), is not believed to be significant. It is observed that the 


} 


thin iron capsule tends to collapse on the magnesium: this appears to 
occur on the first heating and may be due to the removal of any air left 
inside to form traces of magnesium oxide and nitride. The resultant loss 
of considerably less than 1 milligram of magnesium (assuming con- 
siderably less than 1 cubic centimeter of air remains inside) is also in 
significant and did not appear to warrant sealing the capsule under 
vacuum. 

The transfer of hydrogen through the walls of the iron capsule de 
pends on dissociation of molecular hydrogen on the external iron 
surface, diffusion through the iron, and association at the inner surface. 
At dynamic equilibrium, this process will be balanced by the reverse 
process, viz., dissociation at the inner wall, diffusion through the iron, 
and association at the outer iron surface. If both surfaces are equivalent, 
then no pressure difference should exist. However, below the melting 
point of magnesium, the vapor will condense on the inside surface of 
the iron capsule, forming a metallic envelope with iron at the outer face 


and magnesium on the inner face. This could lead to a pressure differ- 
ence due to a difference in the dissociation constant of molecular hydro 
gen at the two surfaces. On the other hand, a 


bove the melting point of 
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magnesium, the condensed magnesium will be liquid and run down to 
the melt so that a complete inner skin of magnesium will never be 
formed. 

The results shown in Fig. 4 demonstrate that much smaller pressure 
differences exist when the magnesium is above its melting point 
(650 °C). The small pressure differences persisting may reflect factors 
such as the relative areas of iron and magnesium-covered iron exposed 
inside the capsule, and the effects of pressure and temperature on the 
association and dissociation constants. 

In the pressure differential study it was considered that any loss of 
magnesium to cooler parts of the steel connection tube would not affect 
the results so long as sufficient magnesium remained in the capsule to 
create the internal surface conditions experienced in the solubility ex- 
periments. Actually, it was found after a series of experiments that the 
amount of magnesium condensed in this pipe was small, so that the pipe 
was little constricted. The transfer of hydrogen through the walls of 
this pipe was considered but the smaller surface area and much greater 
wall thickness compared with the capsule, in addition to the lower tem- 
peratures along most of the pipe, ensured that errors from this source 
would be small. 

SUMMARY 

A method has been developed for determining the solubility of hy- 
drogen in magnesium up to 775 °C (1425 °F). This method avoids the 
problem of evaporation by containing the magnesium sample in a mem 
brane permeable to hydrogen but not to magnesium. Iron was shown to 
be a suitable material for the membrane. The physical-chemical method 
developed by Sieverts has been used for the solubility measurements. 
Higher solubilities than previously reported were found, reaching 63 
ce of hydrogen at NTP per 100 gm of magnesium for the highest 
temperature of 775 °C (1425 °F). 
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DISCUSSION 


Written Discussion: By R. S. Busk, director, Metallurgical Laboratory, The 
Dow Chemical Company, Midland, Michigan 

The authors are to be congratulated on a very good paper. The results re 
ported represent a careful and accurate piece of work. Data on the solubility of 
Hz in Mg have been needed for some time so that these results are very welcome 

I am sorry that they did not extend their measurements to lower temperatures 
so that the effect of temperature on the solubility of He in solid Mg could be de 
termined. Perhaps they will find the time to do this in the future. 

I have one small correction to their literature survey. Busk and Bobalek re 
ported a hydrogen solubility at 800 °C (1470 °F) of 33 to 34 cc/100 gms rather 
than 23-25 as stated by the authors. Busk and Bobalek also pointed out that the 

lower limit to the solubility. This 
correction of course has no effect on the authors’ comments on the literature 


technique used was crude and simply set a 


Written Discussion: By Manley W. Mallett, consultant, Ferrous Metallurgy 
Division, Battelle Memorial Institute, Columbus, Ohio. 

This is a worthwhile investigation since data on the solubility of hydrogen in 
magnesium are needed for proper evaluation of a number of commercial metal 
reduction processes. The results reported appear to be approximately correct 
However, a major weakness in interpretation of the data appears in the cor 
rections based on gas pressures within the capsule. This is presented largely in 
the section, Discussion of Results. First, it should be recognized that at equilib 
rium, the pressure of gas phase hydrogen within the capsule will be the same as 
the pressure of hydrogen surrounding the capsule 

At one point, the authors were concerned that the pressure of magnesium 
vapor might distort the iron capsule, but they do not state the value for this 
pressure so that it can be used to settle several points of argument. For example, 
the vapor pressure of magnesium at 775 °C (1425 °F) is about 20 mm. Assuming 
the absence of foreign vapors or gases, the total pressure in the capsule should 
become 780 mm Hg at equilibrium with an external pressure of 760 mm Hg of 
hydrogen. At all temperatures where there is a sensible vapor pressure for 
magnesium, the total internal pressure will exceed the external hydrogen pres 
sure. The experimental scheme to show difference in pressure across the iron 
nembrane will show difference in total pressures but not differences in hydrogen 
pressures. This becomes clear when one realizes that the pressure in the capsule 
is of both hydrogen and magnesium and that pressure at the manometer end ot 


the small connecting iron tubing is entirely that of hydrogen 
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It appears that the data in Fig. 4 show only that equilibrium was not reached. 
The measured pressures are about 30 mm Hg low at 640 °C (1185 °F) and about 
15 mm low at 775 °C (1425 °F), and one atmosphere external hydrogen pressure. 
Delay in reaching equilibrium may be due in part to interaction of magnesium 
and iron. Was there any metallographic evidence on this point? Were chemical 
analyses made for iron content of the magnesium after equilibration? Incidentally, 
it is not clear whether the final capsule or only the cover was made of shim stock. 

Magnesium vapor will not condense on the capsule walls at any temperature 
under isothermal conditions. It may, however, react. 

The arguments regarding differences in dissociation constants of molecular 
hydrogen in contact with iron and magnesium do not hold. The kinetics of 
reaching equilibrium might be affected, but not the equilibrium. Also, a change of 
several millionfold in the dissociation constant of hydrogen would not be de 
tected by the manometer used in the experiments. 


Authors’ Reply 

The authors appreciate the discussion by Drs. Busk and Mallett on this paper, 
and thank Dr. Busk for drawing attention to the error in reporting the results of 
Busk and Bobalek. Certainly, it would have been interesting to have extended 
the results to include more data on the solubility of hydrogen in solid magnesium, 
but the evolution of the method of preventing vapor attack on the Vycor vessel 
restricted the time available for the solubility determinations. 

Although the authors agree with Dr. Mallett that theoretical grounds might 
suggest that there should be no difference in the partial pressure of hydrogen on 
either side of the iron interface, the complexity of the system is such that a 
simple test seemed more appropriate than continued theorizing. Of course, it can 
be seen from Fig. 5 that the magnitude of the correction is smaller than the 
scatter of results so that this discussion is largely academic. However, it is be- 
lieved that the pressure differences observed are real. In the case of the solubility 
determinations, some experiments were held at temperature for as long as 
100 hours when the rate of drop of pressure equaled the leak rate of the equip 
ment for most of this time. The leak rate through the Vycor was so slow that 
the pressure appeared constant unless observations were made at least 10 hours 
apart. Hence, equilibrium must be assumed to have been reached. Similar times 
were allowed in the pressure difference studies so that there is no reason to as 
sume that equilibrium was not reached here. In addition, the readings at dif 
ferent pressures at the same temperature show consistent results. However, if 
such a pressure difference exists, the authors agree with Dr. Mallett that it 
cannot be explained readily. 

































SUBAQUATIC CASTING OF ALUMINUM INGOTS 
By Icn1y1 OBINATA AND Hirosui TANAKA 


Abstract 


’ 


Asa result of observations of the process of solidification 
of molten aluminum droplets in water, a method of making 
ingots by casting molten aluminum and its alloys in thin- 
walled metal molds set in hot water has been introduced b) 
the writers and the method is called the SAC process. 

It is herein shown that by this SAC process sound ingots 
of fine and homogeneous equiaxed structure are obtained. 
While there exists no marked difference between SAC and 
chill ingots in the physical and chemical properties, the me- 
chanical properties of the former are somewhat superior 
to those of the latter. 

’ By subaquatic continuous casting method (SACC), cylin- 
drical 2S ingots of practical size have been obtained and 
their macrostructures are compared with those of ordinary 
continuous casting ingots. (ASM-SLA Classification: C5; 


; {/, 5-59 


A THE METHOD of casting aluminum ingots for subsequent 
working, either batch casting of pouring molten metal in perma 
nent molds or continuous or semicontinuous casting in water-cooled 
molds is widely adopted. In either method, the solidification of the 
molten metal in the mold starts at the side wall and progresses inward) 


Therefore, in the case of metals with high velocity of crystalization, 
such as aluminum, large columnar crystals are apt to develop in th 
structure of the ingot along the direction of the thermal flow and it is 
difficult to prevent the inverse segregation phenomenon. Such a tend 
ency makes it difficult to obtain structurally and analytically homo 
geneous ingots so desirable for facilitating subsequent working. 

The present writers, while studying the solidification of aluminum 


droplets in water (1,2)! have succeeded in establishing a method of 
casting molten aluminum in thin-walled metal molds set in hot water, 
by which it was found that sound ingots structurally and analytically 
homogeneous may be produced. This method is called the SAC (sub 


aquatic casting ) process by the present writers (3,4). 


The figus pearing in parent pertain t ippended to this pay 
Of the authors, Dr. Obinata is associated with the Research Institute for Iror 

Steel and Other Metals, Sendai, Japan; Dr. Tanaka is associated with the Furu 
kawa Electric Works, Nikko Copper Refinery, Nikko, Japan. Manuscript receiv 


April 30, 1957. 
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Fig. 1—Effect of Temperature of Water on the Shape of Aluminum Granules Solidified 
in Water. (a) 50—85 °F; (b) 105 140 °F; (ec) 150 212 °F. > 


SOLIDIFICATION OF MOLTEN ALUMINUM Droplets 1N WATER 

The shape of aluminum droplets formed by dropping a few grams 
each of molten aluminum into water depends chiefly on the temperature 
of water, the temperature of the molten aluminum drops or their fall 
ing distance having only small effect. In Fig. la, lb and lc are shown 
the changing shapes of the droplets formed according to the change in 
the temperature of water. 

When the temperature range of water stands between 50 and 85 °F, 
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the drops of molten aluminum, by the surface tension and the rapid 
cooling effect of water, take the form of irregular shells as shown in 
Fig. la. When the temperature of water rises to 105-140 °F the molten 
aluminum drops are kept for some time in the molten state, finally to 
solidify into nearly spherical granules as shown in Fig. 1b. The spheres, 
however, are mostly hollow within. Here the solidification of the sur 
face of the droplets is relatively rapid, so that the outer crust, it seems, 
is plastically deformed by the pressure of the gas liberated by the molten 
metal of the inner part to form hollow, roughly globular granules 
When the temperature of water exceeds 140°F, nearly no hollow 
globules but compact droplets with metallic luster and of tadpole-form 
as shown in Fig. le are produced. Upon measuring the specific gravity 
of these granules, the values from 2.700 up to 2.717 averaging 2.708 
were obtained, values coinciding with that of samples solidified in air 
and proving that the granules are sound masses without voids in them 

It is common sense to avoid the existence of moisture in the processes 
of melting and casting. If moisture is present, the reaction 


M+H2O> MO+H 


causes generation of hydrogen, which is first absorbed in the melt and 
then liberated at solidification, thereby causing voids to form in the 
casting. The oxide produced by the above reaction also engenders the 
problem of contamination. 

When the temperature of water is not high, say, between 105 °F and 
140 °F, large voids or hollows are formed, as mentioned above, but 
when the temperature is sufficiently high, say, 175 °F, a compact mass 
without voids in it is produced—a fact suggesting that a sound ingot 
can be obtained if the water bath is hot enough. When the temperature 
of water is appropriately high, even if the above illustrated reaction 
takes place, the generated hydrogen will separate out into the surround 
ing water and will not remain in the solidified mass. 


PRELIMINARY EXPERIMENT OF MAKING ALUMINUM INGOTS 
IN WATER 

\ cylindrical mold of copper plate 0.08 inch in thickness, 1.77 inch 
in inner diameter and 7.86 inch in height was set in a round water tank, 
20 inch in diameter and 16 inch in depth, as shown in Fig. 2a, and 
molten aluminum was poured into it through a tapping crucible from 
ibove the water surface for casting. 

Fig. 3a and 3c show the macrostructure of the longitudinal sections 
ut ingots produced by casting molten aluminum of 99.5% purity in 
molds set in 160 °F and 194 °F water baths, respectively, while Fig. 3) 
and 3d the same of ingots produced by casting aluminum of the same 
purity in atmosphere in cylindrical molds of 1.57 inch inner diameter, 
11.8 inch height and 1.2 inch wall thickness and kept at 160° and 
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Fig. 2—-Explanatory Drawing for Subaquatic Casting Process. 
Batch process; (b) Continuous casting process. 


Fig. 3-—Macrostructures of the Longitudinal Section of Aluminum Ingots. (Pouring 

temperature: 1255 °F.) Aqua regia. X 1/2. (a) SAC ingot. Temperature of water: 

160 °F; (b) Chill ingot. Temperature of mold: 160 °F; (c) SAC ingot. Temperature 
of water: 195 °F; (d) Chill ingot. Temperature of mold: 195 °F. 
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Table I 
Physical and Chemical Properties of the Ingots of Aluminum Obtained by 
SAC Process and by Chill Cast 


Temp Chemical Analysis 
Ingot Casting* Pouring of Water Specific Electric 2 AkOs 
No Method Temp or Mold Gravity Resistance cc/ 100g % 
F F x 10-6cm 
1 SAC 1290 167 2.718 3,089 2.2 0.0034 
2 Chill 1290 Room Temp. 2,714 3,093 3.3 0.0061 
3 SAC 1380 167 2,693 3,118 3.3 0.0026 
4 Chill 1380 Room Temp 2,700 3,127 3.3 0.0038 
*Size of Mold for SAC process=Inner Diameter 1.77 inches, Height 7.86 inches, Thickness 0.08 
inch of copper plate 
Size of Mold for Chill Cast =Inner Diameter 1.57 inches, Height 11.8 inches, Thickness 1.2 inches 
f Cast Iron 


194 °F, respectively. The pictures show that while large columnar 
structure is in evidence in the ingots (b) and (d) cast in air, the struc- 
ture of the ingots (a) and (c) cast in hot water is fine and homogeneous 
and their surface shows little difference from that of ingots produced by 
ordinary permanent-mold casting. 

The physical and the chemical properties of aluminum (99.5% ) 
ingots obtained by this experiment are shown in Table I. The specific 
yravity is given in the mean value of that of 3 samples of 0.39 inch 
cubes cut out from the central portion of so many ingots, calculated 
from the results of weighing in air and in distilled water. The electric 
resistance was determined by trisecting each ingot longitudinally, ma 
chining the pieces into round bars of 0.2 inch in diameter and about 5.9 
inch in length and measuring the difference in electric potential at the 
gage length of 3.94 inch on it. There is almost no difference between 
SAC ingots and chill ingots in respect to specific gravity and electric 
resistance, as shown in Table 1. 

The hydrogen content in the ingots shown in the table was deter 
mined by vacuum extraction by micro-Orsat method with the samples 
used in the measurement of electric resistance suitably cut up. For de- 
termining the AlgO3 content, the hydrochloric acid process was fol- 
lowed. As seen in Table I, no perceptible difference is found between 
SAC ingots and chill ingots in hydrogen and AlgO; contents. In Table 
II are illustrated the results of tensile strength tests of samples cut out 
from SAC process ingots and chill ingots of aluminum and its alloys. 
The samples for the tests consisted of 4 rods each cut out per ingot of 
0.28 inch diameter and 1-inch gage length, the figures in Table II show- 
ing the mean values of the test results. In the case of aluminum alloys, 


the mechanical properties show no marked difference by the method of 
casting, but in the case of pure aluminum ingots, the tensile strength 
and the elongation are both obviously larger in the SAC ingots than in 
chill ingots. The hardness, however, is nearly equal in the two kinds of 
ingots. 

It is well known that aluminum alloy ingots containing copper are 
subject to inverse segregation (5,6). Under SAC process, as might 
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Fig. 4—Distribution of Copper in the Al-3Cu Ingots 
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Table Il 
Mechanical Properties of Aluminum Ingots Obtained by 
SAC Process and by Chill Casting 


Temp 
Casting Casting of Water Tensile Elongation* Hardness 
Alloy Method Temp or Mold Strength in 1 inch Vickers 
F F psi o// 
99.9% Al SAC 1256 198 9,480 55.5 20.7 
SAC 1256 160 8,820 53.0 
Chill 1256 Room Temp 7,140** 50.5** 20.8 
99 5% Al SAC 1256 194 10,990 38.3 25.4 
SAC 1256 163 12,040 37.6 
Chill 1256 Room Temp 10.470** 33.2** 26.0 
99 0°, Al SAC 1292 158 15,220 32.3 
Chill 1292 Room Temp 13,790 31.0 
3s SAC 1292 167 15,500 34.2 37.0 
Chill 1292 Room Temp 15,360 31.7 37.4 
45 SAC 1256 158 26,590 3.0 
Chill 1256 Room Temp 25,600 3.9 
56S SAC 1256 158 32,850 13.5 
Chill 1256 Room Temp 30,720 14.3 
75S SAC 1256 158 37,400 2.8 
Chill 1256 Room Temp 36,970 2.8 


*Mean value of measurement on four specimens 
**Mean value of measurement on eight specimens 


be inferred from the structure of the ingots, the soliditication being 
presumably accomplished under relatively uniform cooling in all parts, 
it is expected that little segregation comes forth in such ingots. Fig. 4 
shows the results of measurements of the distribution of copper in 
Al-3% Cu ingots obtained by SAC process and by chill casting. As 
foreseen, segregation of copper was less apparent in SAC ingots than in 
chill ingots. 


CASTING EXPERIMENTS IN PRACTICAL SIZE 


The molds used for the batch process were of steel plates 0.12 inch 
in thickness and 3.94 x 3.94 x 12.6 inch in dimension. The aluminum 
ingots produced weighed about 18.7 pounds each. The casting condi- 
tions were as shown in Table III. The surface condition of the ingots 
becomes the better, the higher the pouring speed, but in the macro- 
structure of the sections of the ingots, development of columnar crystals 
resembling those in chilled ingots was found in the side walls of the 
ingots cast at high pouring speed (Fig. 5b), while in ingots cast at 


low pouring speed only equiaxed grains are found (Fig. 5a). In Fig. 6a 


Table Ill 
Casting Conditions for Obtaining Aluminum Ingots of Practical 
Size by SAC Process and Mechanical Properties of the Ingots 


Specimens taken from Specimens taken fro: 
Central part of Ingot Peripheral part of Ingot 


* Casting Temp. of Diameter No. of Time of Tensile Elongation Tensile Elongatior 
Metal Temp Water of Tapping Tap Tapping Strength in l inch Strength in 1 inch 
k “ Hole ping Sex t psi 
inch Hole 

99.7 Al 1330 175 0.25 2 §2 10,395 44.6 10,850 49.0 

12 ACSR 1330 175 0.48 1 25 10,270 41.8 10,030 32.4 

13 ACSR 1310 185 0.25 2 50 10,420 40.6 11,480 45.2 

14 ACSR 1275 192 0.20 5 30 9,900 46.6 9,000 39.4 


*Size of Mold—4 x 4 x 12.8 inches, thickness 0.4 inch of Copper Plate 
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Fig. 6-—Distribution of Hardness of the Ingots 
shown in Fig. 5a and 




















and 6b is illustrated the hardness distribution of SAC ingots shown 
in Fig. 5a and 5b. In the cases when the pouring speed is low (Fig. 
6a), the hardness distribution is also homogeneous. 

In Table III are shown also the mechanical properties of SAC ingots 
thus obtained. As seen from these results, the mechanical properties 
are generally little different in the central and the peripheral parts, but 
when the pouring speed had been high, that is, in the ingots with 
columnar crystals in their outer sides (No. 13), there was some differ 
ence, the tensile strength and the elongation showing somewhat lower 
values in the outer sides. 

With the apparatus shown in Fig. 2b, subaquatic continuous casting 
(SACC process) was experimented (4). Here the molds used were 
of copper plates 0.2 inch in thickness, their inner diameter measuring 
5.3 inches and their height 7.9 inches. The casting temperature of the 
aluminum melt (99.5% ) was 1260 °F and that of water, 158 °F. Upon 
experimentation under various casting conditions, we succeeded in 
obtaining the ingot shown in Fig. 7, 5.3-inches in diameter, 20-inches in 
length and 44 pounds in weight. The macrostructure of the longitudinal 
and the transverse sections of this ingot is shown in Fig. 8 and 9. The 
pictures (a) in these photos show the macrostructure of the continuous 
casting ingot produced by ordinary continuous casting method, for 
comparison’s sake, in which large columnar crystals are seen developed, 
while the structure of the ingots produced by SACC process consists of 
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almost homogeneous and fine grains, no columnar crystals being de 


veloped. 
On THE IXpPLosION HAZARDS IN ACTUAL OPERATION OI 
SAC Process 


The following two possible causes of explosion when applying SAC 
process in practice may be foreseen: 
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Fig. 8—Macrostructures of the Longitudinal Section of 2S 
Ingots Cast Continuously by SAC Process (b) and by 
Ordinary Method (a). Aqua regia. 1/2. 


1. Pouring a large amount of molten aluminum into a small amount 
of water rapidly or in a very short time; explosion may be caused by 
sudden evaporation of water. 

2. Abrupt occurrence of the following reaction between molten alu 


minum and water: 
3H:O + 2AlI——-Al.O, + 3H: 


The generated hydrogen may come into explosion. For preventing 
the explosion hazard 1 above, the present writers took care to use 
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Fig. 9—Macrostructures of the Cross Sectio f 2S Ingots 
Cast Continuously by SAC Process (b) and by Ordinary 


1 


Method (a). Aqua regia. X 1 


always an adequately large quantity of water when pouring aluminum, 
namely, more than 300 parts of water were used per part of molten 
aluminum throughout the present experiments. Thus, they were never 
under the hazard of explosion. 

The present writers also considered the risk of explosion by cause 
2 above, but at least in an operation in open room, there is no danger 
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of hydrogen accumulating in a quantity so large as to cause explosion. 

In short, when applying SAC process in practice, care should be 
taken to use an open vat and copious water (at least 300 times as large 
as quantity of the molten aluminum to be cast). When casting metals 
and alloys other than aluminum, say, brass (Cu-Zn alloy), some re- 
action may occur between brass and water, and caution against ex 
plosion is required in these cases. 


SUMMARY 


1. As the result of observations of the process of solidification of 
droplets of molten aluminum in water, the possibility of pro- 
ducing sound ingots of fine and homogeneous equiaxed struc- 
ture by the method of casting molten aluminum and its alloys 
in thin-walled metal molds set in hot water has been detected : 
This method is called the SAC process. 

The physical, chemical and mechanical properties of small 
sized aluminum ingots produced by this SAC method were 
studied in comparison with the same of ordinary chill ingots, 
and it was found that there exists little difference between these 
two kinds of ingots in their physical and chemical properties, 
but the tensile strength and the elongation of the former were 
found somewhat larger than those of the latter. 

The inverse segregation of copper in the ingots of aluminum 
alloys containing copper produced by SAC process was found 
to be smaller than that in chill cast ingots. 

Aluminum ingots of practical size of about 18 pounds in 
weight were obtained by SAC process and their surface condi- 
tion, macrostructure and mechanical properties were ex- 
amined. The results showed that, by selecting suitable casting 
conditions, fine and homogeneous equiaxed-grained sound in 
gots of this order of size may be produced by SAC process. 

5. By acontinuous process of SAC (SACC), in which the bottom 
plate of the thin-walled metal mold for casting the molten alu 
minum was lowered to comply with the solidifying speed, 
cylindrical 2S ingots of 5.3-inch diameter were obtained. The 
macrostructure of these ingots also was of fine homogeneous 
equiaxed grains and no columnar crystals were found de 
veloped, as found in ordinary continuous casting ingots. 
Precautions concerning the potential hazards of explosions 
in actual operation of SAC process have been pointed out. 
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DISCUSSION 


Written Discussion: By I’r Dr. Ing. Paul Brenner, director of reseat 
Vereinigte Leichtmetall-Werke, Bonn, Germany 
Che authors have pointed out that with the subaquatic casting process (SA¢ 


iluminum ingots can be obtained with a finer grain and 


some better yield strengtl 
and elongation than with ordinary casting methods. In addition, they claim that 


ngots of Cu-containing aluminum alloys cast according to this process tend 





Ww segregation 
We have tried to cast an ingot of Al 99.5, 4 inches in diameter and 14 inches 
iong, according to the subaquatic casting process described by the authors and 
rree that it is possible to carry out the process. The ingot had a fine grai: 
and was free from pores 
If it is permitted to draw any conclusion on these few experiments it appears 
t—provided suitable casting conditions are applied—the same quality may be 
obtained by the SAC-process as by the DC-process. But probably the SAC 
cess will not be so simple in its practical application as the DC-process. It 
is also in question, whether it is possible to cast ingots of larger dimensions by 
SAC-process 
Authors’ Reply 
lhe authors wish to thank Professor Brenner for his appropriate comments 
the present paper. As he has pointed out, it is not easy to cast aluminum 
ingots of larger dimensions by SAC-process, but we are of the opinion that this 


1 


process manifests its full efficiency when applied the purpose of casting as 


large ingots as possible. Because the aluminum ingots produceable by this process 
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are not only of finer grain and more isotropic, but also contain less segregation 
and are subject to less casting stress. We have good prospects of realizing casting 
aluminum ingots of larger dimension by improving the method of pouring and 
the structure of mold and selecting appropriate casting conditions. In con 
clusion, we may add that SAC-process is very effective when applied in casting 
copper alloys, especially, phosphorus bronze. In fact we have succeeded in in 
dustrialization of SAC-process in casting phosphorus bronze, on which we hope 
we may have the opportunity of reporting in the near future. 











THE ALUMINUM-RICH END OF THE 
ALUMINUM-VANADIUM SYSTEM 


By D. M. Batvey, O. N. Cartson Anp J. F. SMITH 


Abstract 


The aluminum-vanadium phase diagram has been revised 
on the basis of additional x-ray and thermal data. A new 
intermetallic compound, a’ (Al-V ), with a formula close to 
that of Al,V, was found to undergo peritectic decomposition 
at 688 °C (1270 °F). A peritectic horizontal was established 
at 661.9°C (1223.4°F) in the aluminum-rich end of the 
diagram. (ASM-SLA Classification: M24b; Al, V) 


INTRODUCTION 
HE ALUMINUM-VANADIUM alloy system was investigated 
by Carlson, Kenney and Wilhelm (1)! in 1955. The phase diagram 
proposed at that time is reproduced in Fig. 1. The four peritectic com 
pounds, identified as a (Al-V), B (AI-V), y (AI-V) and 8 (AI-V), 
were assigned the formulae Al,,V, AlgV, Als V and AlgVs, respectively. 
In their discussion of this work Elliott and Mondolfo (2) reported evi 
dence for the existence of a fifth intermediate phase. This observation 
was based upon microscopic examination of diffusion bands obtained 
during preparation of an aluminum-vanadium alloy. Additional evi 
dence for the existence of a fifth phase was obtained by Brown (3) and 
by Ray and Smith (4). In both instances crystals of a compound having 
monoclinic symmetry were isolated. Chemical analyses of these crystals 
indicated that their formula is near Al;V. Since this composition lies 
between that of a (Al-V) and B (AI-\V) in the original diagram of 
Carlson et al., this phase is designated in the present work as a’ (Al-V ) 
This investigation was undertaken to revise the aluminum-vanadium 
phase diagram, to establish the decomposition temperature of the a’ 
phase, and to confirm the findings of Elliott and Mondolfo (2) regard 
ing the peritectic nature of the reaction, (Al > L+a. 


EXPERIMENTAL PROCEDURE 
Alloy Preparation: The vanadium used in this investigation was 


prepared by the bomb reduction of vanadium pentoxide with calcium, 


1 The figures appearing in parentheses pertain to the references appended to this paper 


Contribution No. 635. Work was performed in the Ames Laboratory of the Atomic Energy 


he Institute for Atomic Research and Department of Chemistry, Iowa St 
College, Ames, Iowa. Manuscript received April 23, 1958 
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Fig. 1—-Phase Diagram of Vanadium-Aluminum System Proposed by Carlson et al. in 1955 


employing the method reported by Long and Wilhelm (5). The purity 
of the vanadium metal was estimated at 99.8%. Massive aluminum 
having a reported purity of 99.9% was obtained from the A. D. McKay 
Company. The alloy components were arc-melted together and homog- 
enized by repeated melting, inverting the button between each melting 
step. The buttons were then rolled to approximately 80% reduction in 
thickness and again arc-melted. 

With one exception the alloys have been designated by their nominal 
composition. The greatest change in weight during arc melting was 
experienced by the alloy having a nominal composition of 17.0% vana- 
dium, which has been designated by its analyzed composition, 17.14% 
vanadium. This slight composition change was considered to be a 
negligible factor in establishing the peritectic horizontals. 

Thermal Analysis: Differential thermal analysis was employed in 
this investigation. The alloy specimen was sealed in a tantalum crucible 
in an atmosphere of argon. One junction of a chromel-alumel differen- 
tial thermocouple was positioned in a tantalum thermocouple well in- 
serted in the alloy specimen while the other junction was in thermal 
contact with a nickel standard. The alloy specimen and nickel standard 
were placed in adjacent holes in a graphite block. The entire assembly 
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was enclosed in an argon filled chamber and heated in a resistance 
furnace. The temperature of the alloy specimen and the temperature 
differential were recorded simultaneously on a Leeds and Northrup 
X-Y recorder. The apparatus was standardized and the thermocouples 
were calibrated against the melting point of pure aluminum which was 
taken to be 660.2 °C (1220.4 °F). 


EXPERIMENTAL RESULTS AND DISCUSSION 


Heating curves were obtained for four alloys in the aluminum-rich 
region of the diagram. These data are presented in Table I. The peri 


Table I 
Differential Heating Curves for Some AI-V Alloys 

Reaction - Thermal Arrest (°C) for Alloy of Indicated Composition - 

2.3% Vanadium 4.1% Vanadium 6.3% Vanadium 17.1% Vanadiur 
Al>L+a 661.9 662.0 661.9 
a—->L+a’ 671 671 668 671 
a’>L+, a 688 681 
B->L+y 736 735 


tectic horizontal for the reaction, (Al) ~ L+ a, was determined to 
be 661.9°C (1223.4°F) on a 2.3% vanadium alloy. This tempera 
ture is only 1.7 °C above the melting point of pure aluminum and 
agrees within experimental error with the temperature of 661.8 °¢ 
(1223.2 °F) reported by Elliott and Mondolfo. This peritectic horizon 
tal served as an internal standard for establishing the other transforma 
tion temperatures as they were detected. A typical heating curve for 
the 6.3% vanadium alloy is shown in Fig. 2. The results obtained for 
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Fig. 3—Proposed Diagram for Al-rich End of Al-V Alloy System 


the other peritectic temperatures are in agreement with those reported 
by Carlson et al., although the a—L-+q’ horizontal at 670°C 
(1238 °F) was not detected in the earlier investigation. Data obtained 
from cooling curves are not included in Table I since large supercooling 
effects apparently masked the small heat effects associated with the 
individual transformations. 

A revised phase diagram for the aluminum-rich end of the aluminum- 
vanadium system is presented in Fig. 3. The modifications in the dia 
gram are based upon the results of this study and of the investigations 
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of Elliott and Mondolfo. The limit of solid solubility of vanadium in 
aluminum as determined by Roth (6) is shown in Fig. 3. 

The crystal structures of y (Al-V) and 8 (AI-V) were previously 
established (1,7). Recently Brown (3) determined the structure of 
a (Al-V) which differs slightly from the formula Al,,V designated in 
the earlier work (1). This phase is face-centered cubic (space group 
O,'-Fd3m) with lattice parameter 14.4924. Brown indicated that there 
are 16 vanadium atoms and 160 aluminum atoms in the unit cell, which 
corresponds to the formula AljoV. Ray and Smith (4) found evidence 
for defect solid solubility which indicates an allowed total of 168 alumi 
num atoms per cell. The inferred composition limits are AljoV and 
Alo: V2 for this phase. These data are incorporated in the diagram of 
Fig. 3. 

Smith and Ray (8) have determined the structure of B ( Al-V ). This 
phase is hexagonal (space group Dg,* — P63/mmc) with lattice param- 
eters a, = 7.692A and c, = 17.040A. There are 8 vanadium atoms and 
46 aluminum atoms in the unit cell; this corresponds to the formula 
Alos V4. 

An interesting feature of the structures of the a and 8 phases is the 
clustering of atoms. In both structures the distribution of nearest 
neighbor atoms around the vanadium atoms approximates a regular 
icosahedron. Pauling (9) has pointed out that the most efficient packing 
for coordination number 12 is represented by a 1egular icosahedron if 
the radius of the central atom is 0.901 times the radius of the atoms at 
the vertices of the icosahedron. The radius ratio of vanadium to alu 
minum is 0.923. 

Brown (10) is currently investigating the structure of the a’ phase. 
She has found monoclinic symmetry (tentative space group Co,° 
C2/m) with the following lattice parameters : a, = 25.4A, by = 7.59A, 
Cy = 11.0A, and B = 127 degrees. These data combined with chemical 
analysis and density data indicate that there are 90 aluminum atoms 
and 14 vanadium atoms per unit cell. The tentative formula is, there 
fore, Aly, V7. 

The liquidus data of Elliott and Mondolfo were likewise incorporated 
into the revised equilibrium diagram. 


SUMMARY 


The aluminum-vanadium system has been further investigated and 
the following revisions have been made in the aluminum-rich end of the 
system. 

1. The melting point of aluminum ts raised by peritectic reaction 
upon the addition of vanadium. The temperature of the hori 
zontal is 661.9 °C (1223.4°F). 

2. A new intermediate phase, a’ (Al-V ), was identified, having a 


composition of approximately 21% vanadium. The peritectic 
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decomposition temperature of this phase was established at 
688 °C (1270 °F). 

3. The a (Al-V) phase region was modified to represent limited 
solid solubility between the limits AljoV and Als; Ve. 

4+. The composition of 8 (Al-V) was changed to correspond to 
the determined formula Alog V4. 
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Crystal study 
X-ray diffraction techniques 
for imperfections 
Crystals, single 
fracture equipment 
of Fe-Si cleavage study : 
preparation techniques .150-153, 158 
Crystals, metal monoxide new 
production method .... 
Crystals, solidification study 
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Curie points 
for epsilon Fe carbide. .525, 524-536 
for Hagg Fe carbide............535 
identification of phases by... ....520 
inflection points and............535 
Cyclic fatigue in metals, 
compilation and 
interpretation ......... 438-453 
Cyclic strain fatigue (at room 
temp. ) 
of Aland Al alloy 24 ST, Cu, 
low-C steel, Ni and stainless 
steel 347 
Cyclic strain fatigue testing 
Baldwin et al method 440, 442 
Coffin method ............. 439, 441 
Gross and Stout method... .441, 443 
Johansson method 
Low method 
present method 


Deformation 
band formation in 
in Fe-Cr-Mn-N steels 
in Mg-base alloys...... ...-92-107 
shearing modes in 
Deformation hardening of 
high-alloy steel 
wedge specimen 
critical amounts for 
significant increase in 
mech. properties 
Deformation resistance 
eer er ree 941-942 
Degree of constraint 
OS... icc nkaccnanenn 431 
Deimel H cryostat tensile machine .668 
Delayed failure (H induced) 
in Ti-4 Al-4 Mn alloy 
STN «ines nrednccananien 851 
definition 843, 845, 860 
effect of heat treatment........ 851 
effect of H 
content ....816, 817, 848-850 
effect of microstructure. . .845-848 
effect of prior stress on. . . .855-857 
effect of strength level... .850-852 
effect of temp....... 853, 857, 858 
failure time vs reciprocal 
QU, i cscdccdcannceareds 854 
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Delayed failure (H induced) (cont.) 
in Ti-4 Al-4 Mn alloy (cont.) 
material and procedures. .844, 845 
summary and 
conclusions 
Density 
of alloys, creep behavior and. 108-113 
of uranium powder 
re 739, 740, 
742, 746, 747, 750, 781 
Deposition of metal oxides 
in crystal production....... 1 


858, 859 


Di values 
in hardenability .......: 338-341, 342 
in hardenability of Cu steel.378, 379 
Differential thermal analysis 
of Al-V system 1098, 1099 
Differential torsion testing 
on Al alloy 2024 
reproducibility 
Diffusion 
as a rate process 
in solid state 
layer formation in Al-Mg-Zn.199-221 
parabolic growth 
Mt. sssu ccm, SER, 210: 20 
relationship to phase 
diagram 
mathematical analysis in 


.. .946-949 
.959, 960 


203, 218 


18¢ -— 1 97 
220, 221 


. 472 


solids 
multi-phased growth law... 
nucleation and, in iron. . 
of H into Ti alloys in hydrogen 
embrittlement 
....814, 815, 819, 853, 856, 857 
of O: into Cb binary alloys. .274-277 
of 3 metals into one another.119, 200 
Al-Mg-Zn system . 
testing procedures ....... 216, 217 
penetration, parabolic law 
Dilation measurements 
equipment 
on Fe-W alloys 
on Ni-Mo alloys 
Dilute ternary alloys of U... 
Dimensionless parameters in 
solidification study on 


683-696 


eee » -004, Soe 
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Discontinuous grain boundary 


migration in rock salt and Zn... .471 


Dislocation density 
in single crystals of metal oxide. 160 
Dislocations, screw 
in crystal growth 167, 168, 172 
Disorder-order reactions occur by 
nucleation and growth 468 
Dispersion hardening in Ti alloys, 
mean free path.... ..976, 978 
Dorn parameter 
in creep-rupture 
testing .... 
Ductile materials 
effect of thermal cycling. ... 
Ductile to brittle transition 
in steel . 629-637, 640 
in 1020 steel . 666-676 


effect of grain size and 


912, 913, 920 


. 421 


testing speed 
666, 669, 670, 676 
in U-2 Mo alloy...... 756 
Ductility 
in Al alloy 20240........ 
in deformed high-alloy 
479, 481, 482, 486 


. .950 


steel 
in Fe-Al-Si alloys 
effect of Sion.... 
in Fe-Cr-Mn-N steel 
effect of nitrogen 
with crosshead 


622 


617-621 
with martensite content. . .613-616 
with strain rate 616-621, 626 
in Hastelloy Alloy B on 
aging 128, 129, 134 
in mild steel 650, 652, 655, 656 
in Re-Mo alloys......... 1070, 1071 
in 1020 steel 673-675 
in four Ti alloys 970-973 
in Ti-6 Al-4 V 999, 1014 
in Ti-7 Al-4 V 999, 1006, 1014 
in Ti-Cr alloys.......... 1051, 1052 
Dynamic modulus tests on Zr-U 
alloys suitability in 
determining transformation 


kinetics 713-716 


Educational Films and Aids 


SUBJECT 


INDEX 


Effect of composition on the H 
embrittlement of alpha-beta 
titanium alloys .......... 820-842 

Effect of Cu on the heat treating 
characteristics of medium- 
carbon steel 377-393 

Effect of grain size and C content 
on the yield delay-time of 
mild steel 

Effect of heat treatment on the 
elevated temperature stress 
stability of Ti alloys 

Effect of strain rate and 
temperature on the 
compressive flow stresses of 
three Ti alloys 935-945 

Effect of stress on the eutectoid 
decomposition of 
Ti-Cr alloys 

Effects of cold work and 
quenching on magnetic 
susceptibility of a commercial 
Ti alloy 862-870 

Effects of microstructure and heat 
treatment on the H 
embrittlement of 
alpha-beta Ti alloys 

Elastic modulus of Ti-Cr 

1039, 1042, 1043, 1050 

Elastic-plastic stress analysis of 
Izod impact specimen of 

632-634, 640 


643-666 


981-998 


1036-1054 


802-819 


alloys 


mild steel 
boundary for test at 
SOS anc dk canada 639, 640 
geometry of notch 
math. analysis 
prediction of 
transition 636, 637, 640 
upper yield stress........ 636, 637 
Election of Officers 
Electric analogy method in ingot 
solidification ............367-370 
Electric wire burning tests in 
corrosion study on Ti and 
Ti alloys .872, 882, 883, 889, 890 
Electrical resistance 
of Fe-Al-Si alloys, effect of 
.299, 303, 304 
...1039, 1041 


Sion .. 


of Ti-Cr alloys...... 
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Electron diffraction 
identification of carbides by. . .80-84 
of metal oxides 
Electron micrographs 
extraction replica technique 
of alloy carbides 
of deformed high-alloy steel .483-485 
of low-C steel (contg. up to 
1% Cu) 
of molybdenum steel 
of vanadium steel 
Electron microscope, 
thermionic emission type 
Electronic analog computer. . . 374-376 
possible use in solidification . 374-376 
Electroplating: metallography 
technique 719, 720, 731-734 


Elevated temp. stress stability 
in Ti alloys, effect of H.T. 


Elongation, due to creep 

comparison with negative. ..111, 112 
Embrittlement 

in austenitic Cr-Mn-Fe 


in Ti-Cr 
alloys ....1036, 1037, 1049-1052 
in Ti-2 Mo-2 Fe-2 Cr 
in Zr-U alloys 
End-quench hardenability 
testing 
on Ti alloys, cooling 
curves 
Epsilon iron carbide 
521, 527-529, 534-536 
Curie point of 525, 534-536 
reaction with ferrite 
specific magnetization. .521, 535, 536 
transition of, to 
cementite 517, 528, 529 
Equilibrium transformation temp. 
for medium-carbon steel 
effect of Cu on 
Etchants in diffusion study of 
Al-Mg-Zn system 
Etching to remove stressed layers 
in tool steel 404, 406, 407 
Eutectiferous system relationship 
between composition and 
weld cracking 
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Eutectoid alloy steel 
transformation kinetics 


Eutectoid decomposition of Ti-Cr 
alloys, effect of stress 
1036-1054 
Eutectoid temperature in TTT 
study of Ti-Cr alloys... 1046-1048 
Expansion during tempering 
of alloy steels 
Explosion hazards 
in fine metal powders 
in SAC casting of Al 
Explosion sensitivity tests 
on Ti and Ti alloys 


Fabrication of Re-W alloys. ..7 
Fatigue behavior in metals, 
prediction methods 
Fatigue properties 
of steel, role of residual stress. . .53 
of tool steel, effect of 
compressive stress in 
surface 
Fatigue testing 
cyclic methods 
Ferrite in steel 
specific magnetization......522, 523 
Finely divided metal powder 
chemical activity of 
Flow stress in Al alloy 2024—0 
at shear strain of 1.5.....954, 959 
Fluid displacement measurements 
on beta plutonium 677, 678 
Forgeability 
in Ti-6A1-4V 
in Ti-7A1-4V 
Forging temp. survey on Ti-Al-V 
alloys conclusions 
experimental work 
general 
considerations .1009, 1013, 1014 
materials and procedures 
mic, vstructure 
results and discussion 
water quenching 
Fracture ductility, significance in 
low-cycle fatigue ............ 450 
Fracture in notched specimens 
of mild steel................. 631 


402, 403 


. . 439-442 
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Fracture of Fe-Si crystals 
crack growth 
crystallography 
equipment for single 

crystals 
geometry 
metallography 
schematic of developing 
surfaces 
shear stresses 

Fracture profiles, 
micrographs and sketches 
.-562, 564, 567, 570-574, 576, 57 

Freezing front in ingot 
solidification, progression 

Freezing of ingots. ... 

Fuming nitric acid, rocket 
propellant, corrosion of Ti 
alloys in 

preparation of 
effect of comp. of, on corrosion... 
safe concentration range 

Furnace, high-temp. tube for 
Re-Mo alloys . 


Galvanic action 
between alpha and beta 
: ae . .879, 880, 896 
Gamma to alpha transformation 
in Fe-Cr-Mn-N steels 
ductility and 
in pure iron 


613-619 
...-454-469 
..456, 473 
...473 


criterion for 
Heidenrich’s interpretation 
shear mechanism 
Gas pressures 
in solubility of H in Mg. .1074-1081 
Geiger counter 
X-ray diffractometer . 


Geometry of fracture. ... .559-566 


Graham-Walles parameter 
for creep-rupture testing 
Grain refinement in as-cast 
structures 
Grain size 


.933, 934 


in alpha-beta Ti alloys 
effect on H embrittlement. 802-819 
in high-temp alloys.... . 138 
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Grain size (cont.) 
in Inconel 
effect of grain size on 
load cycling 
in mild steel 
*ffect on yield delay-time .643-666 
in Ni and Ti 
effect in load-cycling 
fatigue ....424, 425, 436, 437 
1020 steel 
ffect on low-temp. 
properties 669-670 
p wder 
“ompacts 739-741, 746, 751 
Grain structure 
in carbon steel 
effect on hardenability 
CRICUMAEIONS 6 occ cviccut 344-346 
in low-carbon steel 
contg. up to 1% Cu.. 
in medium-carbon steel 
in recrystallized Cu 


..+.321-331 


377-393 


steels 
Grossmann multiplying factor 
method in hardenability. ... 
Growth, epitaxial 
in single crystal films. 
Growth cell assembly 
for single crystals 163, 164 
Growth conditions for equiaxed 
crystals in Al-Mg alloys. . .2 
Growth spirals in crystal 
formation 
dissociation of spiral steps. 
examination at room temp. . . 178-180 
examples 
schematic with polar coordinates 
screw dislocations and.167, 168, 
small steps form large 
steps 174-176, 178, 
time features 


Hagg iron 
carbide ... 
Hardenability 
contributions of alloying 


.517-519, 529, 534 


’ 


elements 
criteria for 
Di (Diameter ideal) 
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Hardenability (cont.) 
factors based on grain 
PUI se kierccccnassn 335-352 
in hypereutectoid steels 
effect of Mn, Si, Cr, Ni, 


in medium-carbon steel 
effect of Cu 

in steel 1017, 1033-1035 

ieee. ;. aaxancanmner 1017-1035 
cooling curves 1020, 1021 
equipment for 1018-1020 
interpretation and 

prediction 
J.D. (Jominy distance) 
use and limitations of, 


DED Gone dc owak Katee 346-348 
Hardened steel 


X-ray residual stress 
measurements in .........52 37-555 


1030, 1033 
«338-342 


Hardening mechanism 


in Mg-base alloys 102, 103 


Hardening technique 
for Cb in O2,N, and 


290, 291 


for high-alloy steel 476-494 


Hardness 

as indication of Oz 

diffusion ..... 258, 259, 267-269 
high temp. See Hot hardness 
of Al ingots 
of Cb-Cr alloys 
of Cb-Zn alloys 
of Hastelloy Alloy B........... 133 
of high-temp. alloys, with 

variable content and 

NE oii 4c eawaenme be 139-146 
of inclusions in uranium 
of low-carbon steels 

(contg. up to 1% Cu). ..310-334 
of Re-Mo alloys. 1069, 1070 
of tempered alloy martensites.68, 72 
of two Ti alloys 

vs. aging parameter....797, 801 
of U-Ti-Cb alloys. .... .688-691, 695 
of U-Ti-Mo alloys. , 695 
of U-Ti-Pt alloys. . 2, 695 
of Zr-U allovs 711-713 
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Heat and Mass flow analyzer......: 354 
techniques of 
computation . .368-370, 375, ; 
Heat conduction in a slab.... 
Heat flow in Jominy bars 
math. analysis ........ 
Heat treatment 
of alpha-beta Ti alloys 
effect on H 
embrittlement 
of carbon steels 
effect on hardenability 
calculations 
of medium-carbon steel 
effect of Cu on . .377-393 
of rhenium-tungsten alloys. .....759 
of titanium alloys 
application of rate process 
theory .... 787-801 
beta and beta-plus alpha. .968, 969 
effect of diameter......1028, 1029 
effect of temp. on H 
embrittlement 
effect on stress stability 
in forging temp. survey 
of Ti-4A1-4Mn alloy 
in delayed-failure study. . .845, 846 
of Ti-Cr alloys ....1037, 1038, 1053 
of tool steel 
of U-2Mo alloy 
of Zr-U alloys...... 
Helium 
as an ideal gas 
in solubility testing 
of Mg ...1073, 1076, 1078, 1079 
Hexagonal crystal growth 
due to spiral growth 
of Cd crystals......... 


1022-1028 


. 802-819 


.344, 345 


802-819 
981-998 
...-1005 


. 698-716 


1078, 1079 


.182, 183 
. 162-184 


Hexagonal iron carbide 
CPG se vcdcas secs Dees See See 
See also Epsilon iron carbide 
High-alloy steel 
effect of C content and tempering 
on properties ...... 480-482, 487 
hardening techniques . 476-494 
microstructure of 
deformed 
plastic deformation and 
properties ...478, 480, 483, 486 


. .483-486 
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High-carbon steel 
hardenability effects of 
alloying elements in. 
hardness corresponding to 
10% 


magnetic analysis of phase 


transformation 


changes produced in 
tempering .. 5 .517-536 
measured and calculate¢ 
hardenabilities in 338-340 
multiplying factors 
for hardenability . 
phase changes taking place in 
tempering of 
High-speed steel tempering 
High-speed steel, trade 
designations See 
High-temp. alloy steels 
development of 
High-temp. alloys 
age hardness with varying V, 
Ti, Mo, and temp.. 140-144, 
treatments 


149 
effect of two soln 
140 
229 
138 
139 


148 


on age hardening. ; 
for reactors and jet engines. 256, 
grain size with soln. treatment... 
138, 


147, 


insoluble Ti in 
microstructure 
phase relationships in, 
589-608 


136-149 


containing N 
precipitation hardening 
trade designations 

\ 286 . 136-149 
Discaloy 136-149 
Nimonic 80A and 

90 925, 926, 931, 932 
Tinidur 136-149 
High-temp. contamination 

of Cb .. 


of Cb-binary alloys 


High-temp. forging techniques 
for Ti alloys..... 999, 1013, 1014 
High-temperature hardness 
See Hot hardness 


High-temp. oxidation and 

contamination of Cb 282-298 

High-temp. properties 
of Fe-Al-Si alloys 


of Ti alloys 


 .299--309 


969, 970, 979 


SUBJECT 


INDEX 


High-temp. tube furnace 
for Re-Mo alloys.... 
Homogenization of four Ti 


Hopkinson bar compression 
loading device 

Hot-cold working procedure 
on high strength steel 

Hot compression tests 
eo! ere: 

Hot hardness of alloy steels. . 

Hot plastic deformation 

...1014, 

395, 


. 394 


of Ti alloys. 
Hot short temperature range 
Hot shortness in Mg alloys 
Hot tearing and weld 
cracking . .394, 395, 398, 400, 
Hot workability 
1 aluminum 
in steel 
T i alloy BS. 
Hot-work steel 
deformation hardening in. 
effect of tempering 
Hydrogen 
as an ideal gas 1078, 
in Al ingots. 
solubility in alpha-beta 
Ti-4Al-4Mn 
alloy ...825, 826, 832, 
836, 839, 840, 845, 848 


1072 


SIO, 


solubility in Mg 
Hydrogen embrittlement 
as a diffusion-controlled process 
it high- and slow-strain 
rates 843, 852, 
compared to delayed-failure. 
detection procedures . 824, 
in alpha-beta Ti alloys 
effect of composition 820 
effect of microstructure 
and H.T. “ee 
in alpha-beta Ti-4A1-4Mo alloy 
with delayed-failure 843 
temp. and strain rate 
dependence 
ensile specimen 
Hydrogen tolerance 
in alpha-beta Ti alloys 
effect of composition 


939 


65-67 


1015 
396 


40] 


401 


0% 


, 936 


945 


494 
64 


1079 


1087 


850 


1082 


802 


852-855 
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Hydrogen tolerance (cont.) 
in alpha-beta Ti alloys (cont.) 
tt hy ae re 802-819 
effect of microstructure. . .802-819 
Hydrogen-induced delayed- 
failure in alpha-beta 


Ti-4Al-4Mn 842-861 


1.T. curves for beta 
plutonium ..... 
I.T. diagram for Ni-Cr-Mo 
eutectoid steel 
Ignition sensitivity of Ti and 
Ti alloys in corrosion 
887-892, 897 
Ignition temp. in O, 
for Cb and Mg 
Impact embrittlement 
an Bs Geye..<..... 
Impact energy in Ti-Al- v 
alloys effect of forging 
temp. on 
Impact strength 
of two Ti alloys. ...797, 801 
of U-2Mo alloy 3, 755, 756 
Impact testing 
geometry of notch 
on Ti and Ti alloys 
in corrosion studies...... ‘ 
in stress-stability study... 
Inclusions in uranium 
cathodic behavior in an 
electrolyte 
electrodeposition of Cu 
experimental procedure ....7 
ES ES ere eee EE = 729 
identification of . .717-735 
Inconel 
grain size influence 
on load cycling.. . .437 
plastic strain in load or 
thermal cycling ...428, 435, 436 
ee ne 124 
Incubation and transformation 
in eutectoid alloy steel . 495-516 
additive effect tween 
definition .504 


effect of cooling rate inane 
effect of double 
incubation 


.510, 511 
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Incubation and transformation (cont. ) 
in eutectoid alloy steel (cont. ) 
effect of time...508-512, 514, | 
effect upon subsequent 800°F 
transformation ......507, 508 
59, 460 


.512 


in iron 
in 4340 steel 
Induction furnace ( Westing- 
OS es ee 137 
Influence of forging temperature 
on mechanical properties of 
Ti-Al-V alloys 999-1016 
Ingot solidification study... . . .353-376 
appendices 
correlation of temp. data 
and errors 
early time equations. . 
electric analogy method 
interface temp. ... .359-—361, ; 
mathematical analysis 
nomenclature 
progress of freezing front 
question of size 
review of literature 
six approaches of investigation. 
temp. distribution in liquid and 
solid regions . .364~—368, 372, 373 
thermal aspects of.......... 357 
Instability in Al alloy 2024-0. 950 952 
Interface movements in transfor- 
mation of Fe 462, 463, 474 
Interferograms of cadmium 
crystal growth .... . 169-172 
Iron 
high-purity, allotropic transfor- 
mation mechanism in. ..454—475 
in Al, effect on weld cracking 401 
Iron alloys 
heat treatments and properties. . .454 
Iron-aluminum alloys 
order-disorder transformation in. 122 
oscillating creep in 121, 122 
Iron-Al-Si alloys 
compositions selected ‘ 300 
ductility of 299-301 
effect Si on properties. . 300-304, 308 
elec. resistivity .299, 303, 304 
mechanical properties at room 
and elev. temp. .. 299-309 
microstructure .... ...305, 306 
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Iron-Al-Si alloys (cont.) 
ordering in 304-308 

oxidation resistance 299-304 

stress-rupture 

.301, 302, 307, 308 


200 


curves 


trade designation, Sendust 


Iron-carbon alloys 
Di-hardenability ; 
hardenability vs. grain size. .342-. 


Iron-Cr-Mn-C-N steels 
impact tests . 624, 625 

low-temp. embrittlement 

624, 


626, 627 


624 


. .623, 
magnetic response 
Iron-Cr-Mn-N alloys 
ductile-to-brittle transition in 609 
ductility and martensite 
613 617 


610 


content te 
impact strength vs. temp 
low-temp. embrittlement of 

austenitic ; 609-628 
nitrogen and phases with 

heat treatment 607 
saturation magnetization 

method 612, 


tensile testing with coolants 


613 


612 


Iron-Cr-Ni-N system 
austenite-austenite and ferrite 
limits for 2200°F and 
2000°F on 595-597 
wustenitizing temp. for each 
composition ...594, 605 
effect of N on limits........595-604 
591-594 


598-605 


experimental procedures 
microstructures 
phase relationships at 2200° and 
2000°F ... - 595-598 
powder metaliurgy samples. .591-594 


sigma phase in 604, 605 


Iron-Cr-Mo-V (°'17-22-A”’S) 
calculated isothermals ..... ..919 
comp. and H.T . 914 
Dorn master curves 921 
Larson-Miller master curves 

916, 920-922, 926, 927 
linear parameter master curve. ..916 

Manson-Haferd 


parameter 928, 929, 933, 934 


SUBJECT INDEX 


Iron-Cr-Mo-V (*17-22-A”’S) (cont. ) 
nominal constant stress data.915, 924 
rupture time vs. reciprocal 

temp. 


915 


tensile strength vs. temp... 


Iron-Cr-Ni-Mo (16-15-6) 
comp. and H.T. 


inear parameter master 


914 
curves 918, 923 
nominal constant stress data 917 
Iron oxide (FeO) 

prepared by halide 
150-161 


micrograph / 53 


dec« mM positic mn 


Iron-silicon (3.5% 
surface 584 
leavage studies of 


cleavage-rupture 


single crystals 
rystallographic planes in 
fracture 
fracture surfaces ... 
Iron-tungsten alloys 
creep and relaxation tests 
dilation measurements 113 
changes on aging. . 111 
108-119 


length 
negative creep in 
Isothermal annealing curves 
for Ti-140A 


866, 867 


Isothermal creep-rupture curves 
time-temp. parameters for .911—934 


Isothermal transformation 
beta plutonium. 677-682 
experimental techniques ..677-680 
eutectoid alloy steel, compared 
495-516 


> > 


medium-carbon steel. . 381-387 


to continuous cooling 


effect of Cu on.... 
microstructure of 


Isothermals for master curves 
of Fe-Cr-Mo-V .919, 934 
OF POA S-IEAGRS occ anc cdccesssstae 
Izod impact tests on mild steel 
elastic-plastic boundary at 
various temp 639-640 
. .638 
638-640 
632 


prediction of transition temp 641 


energy absorbed vs. temp. 
experimental procedure .. 


model for stress analysis 
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J.D.-Di. relations 
in hardenability 
Jack hammer, ultrasonic 
Jatcezak-Girardi 
multiplying factors in 
hardenability 
Jominy end-quench tests 
J.D.-Di. relations in 
hardenability 338-342 
on Ti alloys. ..1020-1022, 1029, 1035 
on U ternary alloys... .686, 688, 695 
on U-Zr alloys 698-701 


335-352 


Larson-Miller parameters 

in creep-rupture testing... .912, 

913, 920, 927, 929, 930, 932 

Lathe tool of 1900 
Lattice constant: 

for alpha uranium 
uranium 779, 780 
779-781 


for beta 
for gamma uranium 
spacings vs. temp. 
for beta U 
Lattice curvature 
in W crystal study... .2: 
X-ray diffraction 
techniques for 
Lattice distortion in crystals 
illustrations in W.233, 234, 240-242 
X-ray diffraction technique. .231-232 
Lattice parameters 
of low-carbon steel.............¢ 314 
of U (25-1132°C) 
experimental procedures 
and materials 
math. analysis 
temp. dependence ... 
Lead alloy, recrystallization 
time 
Length changes in alloys 
with aging 
math. analysis 
Letner precision mech. deflection 
method for measuring residual 


785, 786 
240, 242 


-£31, 232 


781, 783 


333, 334 


Load-cycling fatigue of Ni and Ti 
definition 
equipment 
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Load-cycling fatigue of Ni and Ti 
(cont. ) 
experimental results ...... . .425-429 
symbols and terms ......... 430, 431 
Lorenz-polarization factor 
in X-ray diffraction 
Low-carbon steel 
room-temp. cyclic fatigue. .438-453 
Low-carbon steels (contg. up to 
1% Cu) 
hardness, recrystallization and 
structure ...-310-334 
solubility of Cu in ferrite... .311, 312 
Low-carbon martensite 


in tempering of steel. ..519, 526, 529 


Low-cycle fatigue vs. high-cycle 
fatigue 

Low strain rate embrittlement in 
Ti alloys 808, 809, 812-815 

See also Slow strain rate 
embrittlement 

Low-temperature embrittlement of 

austenitic Cr-Mn-N-Fe 


609-62 


Low-temperature observations of 
1020 steel 


M., temperature of medium-carbon 
steel, effect of Cu on.380, 381, 392 
Macrostructures 
of Al-Mg alloys.... 225 
of Cd crystal.166, 168-171, 174, 175 
Magnesium 
diffusion constant in Al. 
ignition temp. in Oz............. 297 
solubility of H in 1072-1082 
effect of lower temp..........1081 


203 


experimental procedure 

1073-1077 
previous work 1072, 1073 

vapor pressure. 1074, 1075, 1080-1082 

.394 


and technique 


welding characteristics .. 
Magnesium, single crystals 

deformation and fracture in. . 105-107 

parting failures in twins under 

reduction 105-107 

Magnesium alloys 

cold rollability ... 

impurities in weld cracking 


. 94-107 
401 
microporosity in . 397 
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Magnesium alloys (cont. ) 


etrogression during creep 


tecting 
esung 


sien 


AZ 31B, cold rollability 
EKOO 95, 


ra itions 

96, 98, 101, 
99-103 
96-100 


394, 396 


3908 


reductior 
weldability 
Magnesium-aluminum system. 397 
Magnesium-base alloys 
deformation and aging 94-107 
Magnesium binary alloys 
relationship between weld 
cracking and composition . 394- 
Magnesium-cerium system 
Magnesium-lead system 
Magnesium-rare earth systems 
Magnesium ternary alloys 
relationship between weld crack 
394401 
99-103 


ing and composition in 
Magnesium-1.5 thorium .95, 96, 
Magnesium-tin system .398 
Magnesium-zinc system . 
Magnesium-Zn-Al 
Magnesium-Zn-rare earths . . 
Magnesium-Zr, diffusion in 
Magnetic analysis 
equipment for 
of phase changes produced in 
tempering a high-carbon 
steel 517-536 
Magnetic properties of metals and 
alloys, ASM Seminar Pro 
gram 
Magnetic susceptibility 
of non-ferromagnetic metals 
equipment 
.864, 867 


862 


Honda-Owen plot 
general characteristics 
of pure Ti 862 
of Ti-140A 
effect of cold work and 
quenching on . .862-870 
experimental method and 


results 863-870 


Magnetic tape recording of 
Jominy end-quench temp. 
Magnetization, specific of phases 


I m steels 
Mangar ese steel 
N mp. embrittlement of 
..609, 610, 615 


ffects of abrasive 
ling wee 402-421 
Manson-Haferd parameter in 


tim 


creep-rupture testing 
912, 913, 925-931 
Martensite 


-J44/-O70 


np. range of formation. .381-384 
ypper-bearing steels 
effect of Cu on hardness of 
esistance to softening 
on tempering 
Fe-Cr-N 


is embrittlin 


steels 

g agent 
nation at temp. and.. 

tility and 


with nitrogen 


lecomposition of, and retained 
austenite at 170°C 
| dependence of 
magnetization 
ined-induced, cause of 
embrittlement 
X-ray diffraction peaks for 
tetragonal 554, § 
Martensite transformation 
formation time of 475 
haziness in criteria for.470, 471, 473 
Martensites, tempered alloy 60-93 
Mean free path length in disper- 
sion hardening of alloys. .976, 978 
Mechanical fatigue of Ni and 
1 ere TT; ...- 421-437 
Mechanical properties and heat 
treatment response of Zr-U 
alloys ..... ik ac .697-71¢ 
Mechanical properties of de- 
formed metastable austenitic 


ultra high strength steel. . .476—-494 
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Mechanical properties 
of alpha-beta Ti alloys 
of Fe-Al-Si alloys at room and 
See: CR... cccasdcacun 299-309 
of SAC aluminum ingots. . 1087-1090 
of 1020 steel 
effect of grain size on 
RR. -y c'cevexacnasves 669 
effect of testing speed on 
low-temp. 
of Ti-Cu-Al alloys......... 961-980 
of Ti-Cu-Al-Sn alloys 961-980 
of Ti-Al-V alloys 
influence of forging temp. . 999-1016 
of U-Ti alloys 
effect of alloying elements. 685-696 
Mechanical property testing at 
room and elev. temp. for Ti 
alloys experimental proce- 


improvement from H.T 
notched and unnotched 
results 984-991, 996 
Mechanism of the allotropic 
transformation in high purity 


Mechanized Literature Searching 
BD 5 a's Sakp' dais Aina moos ee ae 
Medium-carbon steel 
effect of Cu on hardness of 
PUIIND: sik cucccewivaan 389 
effect of Cu on H.T.........3 377-393 
T.S. of highly deformed. . . .486, 487 
Membership Award, Honorary. .51, 52 
Metal halide, decomposition. . 150-157 
Metal monoxides ........... 150, 157 
Metal (pure) 
ingot solidification ....354, 356, 357 
Metallographic identification of 
inclusions in uranium 717-735 
Metallography 
of diffusion in Al-Mg-Zn. ..216, 217 
of Re-Mo alloys......... 1057, 1058 
OF Wr GE i scascacxccasees 760 
1039, 1043, 1050 
of U-Ti ternary alloys.686, 688, 689 


Metals Engineering Institute... .36, 37 


Microscope, thermionic emission. . .457 


TRANSACTIONS OF THE ASM 


Vol. 51 
Microfractography in fracture 


Micrographs 
See also Microstructure 
of Cd crystal growth 
of creep-rupture samples of 
Né-Cr ailoys ..........251, 252 
of diffusion in Al-Mg-Zn. . . .204-208 
of fracture in Fe-Si 
crystals 
of low-carbon steel (contg. up to 
1% Cu)..315, 321, 322, 326-328 
of metal oxides.......... .155, 156 
of Ti and 
Ti alloys. .878-881, 887, 888, 897 
of W crystals, arc-cast.233, 234, 237 
Microsegregation of hydrides 
in titanium alloys. . ..814, 815 
Microstrain, pre-yield 
in yield delay-time study 663 
Microstructure and mechanical 
properties of Ti-Cu-Al and 
Ti-Cu-Al-Sn 961-980 
Microstructure 
of alloy carbides.......... 
of Al ingot (SAC).. 
1086, 1088, 1091-1093 
of alpha-beta Ti alloys 
effect on H embrittle- 


179, 180 


. 73-79 


802-819 
of Hastelloy Alloy B, effect of 
aging time and 
temp. 
of high-alloy steel 
(deformed ) 
of high-carbon steels, criterion 
for hardenability ......335-352 
of high-temp. alloys .147, 148 
of inclusions in uranium... ; 
..718, 721-723, 725, 726, 728, 732 
of Fe-Al-Si alloys........ .305, 306 
of low-carbon steels. . .310-334 
of Mg-base alloys... . 97-99 
of medium-carbon steel .386, 387, 391 
...43-16 


. 126, 129-133 


of molybdenum steel... .. 

of Ni-Cr-Mo eutectoid steel, 
continuously-cooled com 
pared to isothermally- 
transformed 

of Re-Mo alloys.. 


499, 500 
1061-1065, 1069 
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Microstructure (cont. ) 
of Re-W alloys 
of 1020 steel 
of Ti alloys esol 
of Ti-4AIl-4Mn alloy. 
of Ti-6A1-4\ ao Rateta 
re 789, 790, 1008-1012, 1015 
of Ti-7Al-4Mo 
of Ti-Cr alloys.. 
of Ti-Cu-Al alloys 
Ti-5Cu-3Al 
Ti-5Cu-3A1-2Sn 
‘re 965, 
Ti-8Cu-3Al 
of U powder metal compacts 


435 


764-768 
671, 672 
837, 838 


845-848 


, 790 

..1043, 1044, 1050 
961-980 

..965, 966, 977 
966, 971, 972, 977 


..965, 966, 977 


743 
667-693 

of vanadium steel... .. ..44-79 
of Zr-U alloys 
Misorientation in subgrains in W 


...235, 236, 238, 242 


.702-705, 707 


crystal 
Mold, ingot 
for 25> ingot i 
374, 
Mold-melt interface study during 


soo 


“sufficient,” definition .357, 


ingot solidification 
Molybdenum 
compacting with U 736, 745-748 
effect on age hardening of 
Ni-Cr-Fe alloy 
effect on properties of 
U-Ti alloys .... 


hardenability effects in 


136-149 
692, 694 


carbon steels 
in alpha-beta Ti alloys 
. 820, 821, 827, 830, 
Molybdenum-nickel, phase 
diagram 
Molybdenum steel 
carbides in 
electron microscopy of 
carbides in 
Morphology of diffusion layer 
structures in Al-Mg-Zn system . 212 
Multiplying factors 
for the calculation of 
hardenability of 
hypereutectoid steels 
hardened from 1700 °F. 


335-352 


SUBJECT INDEX 


Multiplying factors (cont. ) 
for Cu in hardenability 
of Cu steel 
irdenability, use and 
limitations 


Mushet self-hardening steel 


National Metal Congress. 
Negative creep, definition 
yee also Creep, negative 
Nickel 
creep-rupture tests in 
vacuum and air. 244, 253 


diffusion into Cu 193, 194 


hardenability effects in 
carbon steel 

oxidation resistance 
Nickel, type A 

room-temp. cyclic fatigue 

thermal and mech. fatigue 
Nickel, polycrystalline 

activation energy for creep. .900-910 
activation energy for self 

904 
..903 


diffusion 


stacking-fault energy . 


strain aging 908 
Nickel alloys, trade designations 
Hastelloy Alloy B 
aging characteristics 
microstructure ... 
precipitation in 
properties 
Nickel-base alloys 
precipitation hardening with 
aging at high temp. 
Nickel-chromium alloys 
rupture tests in 
vacuum and air 
ographs of creep. 


ation resistance ...250, 2 


and stress dependence of 
. -244-255 
246, 248, 249 


itmosphere effect on 
tensile properties 
Nickel-Cr-Fe alloy 
effect of Ti, Moand V on age 
hardening in... 136-149 
Nickel-Cr-Mo eutectoid steel 
austenite transformation and 


incubation in .495-516 





1124 


Nickel-Cr-Mo eutectoid steel (cont. ) 
reaction curves at high-temp. 505-507 
transformation in 496-498 

Nickel-molybdenum alloys 
creep and relaxation tests. ..113-117 
dilation measurements 
length changes on aging.........111 
negative creep in 108-119 
stress-relaxation behavior ..116—-118 

Nickel oxide (Ni O) 
antiferromagnetic ordering .156, 160 
cracks in 
poisoning of 
prepared by halide 

decomposition 

Nickel-zinc, diffusion in 

Niobium 
See Columbium 

Nitrogen 
austenitizing 

power 
diffusion into alloy steel 
diffusion into Fe-C alloys in 
gradient furnace ..598, 599, 607 
in Fe-Cr-Mn-N steels, effect 
on ductility 
reaction of Cb with, at 
various temp. ............ 288 
transfer in steel 607, 608 

Nomographs 
for concentration-penetration 

in diffusion 
parameters and tempering 


Notch ductility in Ti alloys. ..983, 997 
Notched-bar impact test, pre- 
diction of transition temp. .629-642 

Nuclear reactor fuels 

uranium 

uranium alloys .. 

Zr-U alloys 
Nucleation 

in grain refinement.........222 


772-786 
. .683-096, 745, 749 
697-716 


, 229 
in solidification of binary 
alloy crystals 229 
Nucleation and growth 
in beta plutonium 
in transformation in iron 
by diffusion 


, 682 


TRANSACTIONS OF THE ASM 


Vol. 51 


Nucleation and growth (cont. ) 
in transformation in iron (cont. ) 
criteria for.455, 456, 470, 471, 4 
definition 
disorder-order reactions 
schematic 
in Zr-U alloys 
Nucleation and shear 
in transformation in iron 
criteria for 456, 468-470, 
schematic 


Omega phase 
in titanium alloys 
in Ti-Cr alloys 


. 971-97 
1039, 1041, 
1044, 1045, 1048-1051 
Order-disorder transformation 
in Fe-Al alloys...............122 
Ordering 
effect of silicon on... 304, 308 
308 


, 304-308 


in beta brass..... 
in Fe-Al-Si .. 
Oscillograms, stress-time 
Overaging 
in Hastelloy Alloy B... 
in precipitation hardening. 
Oxidation 
high-temp. of columbium 
results with O2,N and air.284-291 
test procedures ieee ce 
use of Cr2O3 markers. 296-298 
of Ni and Ni-Cr alloys.244, 250-254 
of tantalum at 1000°C..........298 
Oxidation resistance 
of binary Cb alloys..... 256-281 
experimental procedure ...258 
tabular data ............299, Qoe 
of Fe-Al-Si alloys, effect of 
silicon on 
of Ni-Cr alloys. 
Oxide crystal 
apparatus for producing 
catalyst in production 


mixed gases in production 


substrate in apparatus 
Oxygen 
in alpha-beta Ti alloys and 
hydrogen tolerance . ead 
821, 831-834, 836, 840 
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Oxygen (cont.) 

reactions of Cb with, at 

various temp. / 84-288 


Oxygen-diffusion hardening of 
Cb and Cb binary alloys. .272 


alum 


7°75 


a ie | 


Palladium window on Sieverts’ 
apparatus . 
Parabola fitting in x-ray 
diffraction study 
542-549, 
for diffusion 
penetration 


Parabolic law 
Parameter master curves 
for Fe-Cr-Mo-V (“17-22-A”-S 
916, 920-922, 926-929. 
for Fe-Cr-Ni-Mo 
(16-15-6) 
Parameters in creep-rupture 
testing 
forms and assumptions 913 
926-934 


911, 912 


linear 
validity of ; ; 
Peak assymmetry in X-ray 
diffraction caused by type of 
.550, 551, 55 


. 539-542, 546 


Pearlite, effect on grain size 


lattice 3 


theoretical corrections 


effect in yield point. ... 644 
Pendulum balance in magnetic 
analysis - 519 
Peritectic compounds in 
aluminum-vanadium 
...--1097, 1100, 1101 


Phase boundaries, motion of. . 185-197 
Phase changes 


iron 


in steel 


temperir 
chart for 
identification 
magnetic analysis 

Phase diagram 

of Al-Mg (partial). 223 
of Al-Mg-Zn (partial) .201, 209, 212 
f Al-V system 1100 


of high-alloy steel 


1098 


“bay” area and deformation 
studies 478, 480, 
..482, 483, 486, 489, 494 


rat, 


Phase diagram (cont. ) 
of Mo-Ni system 


of Re Mo alloys. 


Dickinson-Richardson 


errr 
1055-10 
1059, 1067 
1067, 


71 
44 


Knapton 


} 


i 1068 
binary phases 


186 
684 


if two 
of U-Ti system. 
of Zr-U alloys 
Phase equilibria studies with 
powder metallurgy 
specimens ....989-60 
Phase relationships in the Fe-Cr- 
Ni-N system 
Phase study 
Al-\ 
eta plutonium 
e-Cr-Ni-N system 
*--Mo alloys 
--W alloys 


SR290_40R 


oT 


system 
} 


I 


oT 


1037, 1039, 1041, 1054 
Phenomenon of negative creep 


alloys 
in alloys 108-122 
Phosphor bronze 
subaquatic casting of 109¢ 
Photograms of Cd crystal growth 
166, 168-171, 174, 175, 
Plastic deformation 


18] 


in fracture 580, 585, 586 


of metastable austenite .483, 486-491 
Plastic strain 

equations ; 426, 428, 
1 thermal and load 


428, 429 


Plastic strain range vs. cycles 


9° 
yciing 


to failure 


uantity for determination 
f fatigue life aaa 
nt investigation 445, 


ation from various 


443 


ports 


\l, Cu, Ni and several 


relationships 
Platinum 
effect 1 properties of 


U-Ti alloys 


Plutonium 


694 


rystal structure 
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Plutonium (cont.) 


TTT curve 
transformation kinetics 
of beta 
Poisoning in crystal growth 
in nickel oxide......... 156, 159-161 
Polygonization in Mg-base alloys 
on reduction 
Pouring speed in SAC of 
aluminum ingots 
Powder, chemical activity of 
finely divided 
Powder metallurgy 
of U and U alloys.......... 736-751 
hot and cold pressing.736, 739-742 
processes for 736, 739-742 
specimens used in phase 
equilibria study 
Precipitation hardening 
in alloy steels 
in carbon stecls.... 
in Hastelloy Alloy B...1 
in high-alloy steel 
in low-carbon steels (contg. 
up to 1% 
Cu) ....312, 314, 316, 330-332 
in medium-carbon steel 
effect of Cu on 
overaging 
in 1045 steel (contg. Cu)........388 
Prediction of transition temp. 
in a notched-bar impact 
629-642 
Preparation of FeO, NiO and 
CoO crystals by halide 
decomposition ........... 150-161 


, 128-135 


Preparation of uranium and 
uranium powder metal 
compacts 

President’s Annual Address 


736-751 
12-19 


Press forging of titanium 
RT wd aaewas 937, 942-945, 999 


Probing tests in corrosion 
on Ti and Ti alloys 
Proeutectoid ferrite reaction 
in steel, proposed experiment. .473 


TRANSACTIONS OF THE ASM 


Vol. 51 


Progression of the freezing front 
and the temp. distribution in 
ingots during 
solidification 
Properties 
of alloy steels, effect of 
tempering on 
of as-cast and H.T. Mo-U 
NN hard ug icaislaxs & vee 752-757 
of Mg-base alloys, variation 
with reduction 
Pyrophoricity 
of Ti-8 Mn alloys in fuming 
nitric acid 


. .96-100 


871-899 


Quench severity H 
methods for calculation. . . . 1022-1028 
Quenching 
of Ti-140 A, effect on magnetic 
susceptibility 862-870 
Rate process theory .787-801 
constants and processes 
for Ti alloys...... 787, 
equations 
Recrystallization 
in low-carbon steel (contg. up 
LS re. 310-334 
Le ee 317-319 
effect of H. T .318-320 
optimum temp. for desired 
grain structure ......323, 324 
in Mg-base alloys 
Recrystallization, structure and 
hardness of low-carbon steels, 
containing up to 1% Cu. .310-334 
Red hardness 
effect of alloy carbides. .. 
effect of composition 
effect of retained austenite 
ro 
. .62-65 


788, 794 
, 788 


in alloy steels. 
Sg 
Reflections in X-ray diffraction 
analysis of 
uranium 774, 780, 782-785 
Relationship between weld 
cracking and alloy 
constitution in some binary 


and ternary Mg alloys... .394—401 
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Relaxation test on Ni-Mo 
116-119 
Residual stresses 
ASM Seminar Program... 
in fatigue endurance of steel 
effect of grinding on.... 
measurement difficulties 
Response of an iron-base alloy 
hardened with Ti to various 
aging times and 
temperatures 136-149 
Rhenium 
high melting point .769 
Rhenium-molybdenum alloys 
1057, 1071 
1055-1071 
1070, 1071 
..1057-1060 
1069, 1070 
...1057, 1058 
1061-1065, 1069 
1055-1071 
preparation of .... ..1055, 1057 
1060, 1066, 1067 
1070, 1071 
1069, 1070 


annealing 
constitution 
ductility 
experimental procedure . 
hardness 
metallography 
microstructure 
phase study 
solubilities ...1055, 
twinning in 
workability 
X-ray diffraction 


1055, 
7, 1058, 1065-1068 
Rhenium-tungsten alloys 
758-771 
769-771 
69, 770 


heat treatment ... .759 


constitution 


fabrication and properties 


7 
hardness 7 
melting points ... cg tick ator ae 
metallography . oom . .760 
microstructure ........762, 764-768 
phase diagram se ..761 
phase study oi 758-771 
Ridge boundaries, spiral growth 
at, in cadmium.. ere 
165, 168, 172, 176, 180, 
“River pattern” in fracture 
, 559, 560, 569, 
571, 574, 575, 583, 585, 587 
Rocket propellant-fuming nitric 


acid (FNA) 895, 896 


studies 


Pe) 
M4 


SAC of aluminum ingots. . . 1083-1096 
SACC of aluminum 


ingots ..1089-1091, 1094 


SUBJECT INDEX 


Saturation magnetization tests 
on Fe-Cr-Mn-N steels 
on pure martensite. 
Sauveur Achievement Award 
Scaling rate in Cb alloys. . 
Screw dislocations in crystal 
growth, schematic. ..167, 168 
Secondary hardening 
in alloy martensites. 
in alloy steels....... 
in chromium steels... 
Secretary’s Report 
Self diffusion, activation energies 
for aluminum ‘ ..900, 901 
for Cu and Ni : ckas eee 
Sensitization in Fe-Cr-Mn-N 
steels 
Sieverts’ apparatus for solubility 
..1073-1075, 1078 
1075 
1075 


testing 

iron container 

Palladium window 
Shear mechanism and nucleation 

464-466 

duration of rest period. ....466, 467 

effect with undercooling ...-468 

in transformation in Fe sea 
Shear transformation 

definition .... ‘ er 

methods of studying............472 

phase changes by.... ions aa 

schematic sat ink tm ih, a ks 
Silicon 

effect on properties of 
Fe-Al-Si alloys 


effect with bainite.... 


. 300-304, 
hardenability effects in 
carbon steels .. 
aluminum, effect on weld 
cracking 
in high-alloy steel 
Silicon-iron, cleavage studies 


on crystals 


Simplified procedure for 
calculating peak position in 
X-ray residual stress 
measurements on hardened 


steel .537-555 
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Sintering 
Alexander-Ballufh's theory ..... 751 
in U powder metal compacts 
Slow strain rate embrittlement 
See also Low strain rate 
embrittlement 
ik ee SR ev caxs 824-826, 833-839 
in Ti-4 Al-4 Mn alloy...... 852, 853 
Solid louvers in crystal 
growth ...168, 172, 173, 180, 181 
Solid state diffusion and the 
motion of phase 
boundaries 
Solidification 
of Al droplets in water... . 1083-1085 
of Al-Mg ingot............ 23, 224 
in ingots . 
Solubility 
of hydrogen in 
magnesium 


185-198 


evaporation problem 
1074, 1075, 1080 
method of test 1075-1078 
pressure differential 
modification .1076, 1077, 1080 
Sieverts’ apparatus ..... 1073-1075 
of Mo in Re 1060, 1066, 1067 
of Re in Mo..1055, 1060, 1066, 1067 
Solute atom locking and high 
activation energy in Al alloy 
and nickel 
Spiral growth during vapor 
deposition of cadmium. . . . 162-184 
Stability in powder metallurgy 
of uranium alloys 
Stacking fault energy for 
Al, Cu and Ni 
Stainless steel 
plastic strain in load or 
thermal cycling 


retrogression in creep 


thermal cycling 
trade designations 
302, low-temp. 
embrittlement ....... 624, 626 
304, low-temp. embrittlement 
and impact test....... 625-627 
316, stress-to-rupture 
347, room-temp. fatigue. . .438-453 


TRANSACTIONS OF THE ASM 


Standard Izod impact test, 
transition temp. from. .. 
Steel 
calculation of martensite in 
untempered 
cleavage rupture surface in 
pearlite-free ..........582, 5 
correlation of room and elev. 
temp. hardness in 3.5 Cr- 


creep-rupture properties 
development of Tenelon....606, 607 
hardenability.1017, 1022, 1033, 1035 
hot workability and strain 
935. 936 
kinetics of solidification in 
SS ee eee. 353-376 
phase changes in tempering 
thermal diffusivity 1017, 1022 
Steel, carburizing 
case hardenability studies. 
measured and calculated 
hardenability er 
multiplying factors for 
hardenability 
Steel, copper-bearing 
recrystallization, grain 
structure and hardness 


345-348 


345-348 


Steel, ferritic 
susceptibility to brittle 
fracture 
Steel, hypereutectoid 
hardenability study ........: 
multiplying factors for 
hardenability 
transformation kinetics ... 
Steel, mild 
dynamic yielding 659, 660, 663 
effect of grain size and C content 
on yield delay-time. . . . .643-666 
Izod impact tests..... 638-640 
predicted and experimental 
transition temp. 
susceptibility to brittle fracture. . 
Steel, tempered 
decomposition of phases.........524 
magnetic analysis of phase 
CROMEE ook ck lee sccec DFS 


.974, 975 


640 
629 
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Steel, tempered (cont. ) 
tempering stages with phase 
changes 518, 524 
trade designations 
1020 
low-temp. observations .666 
microstructure 671, 
1045 
effect of Cu on H.T. and 
transformation 377- 
hardenability 
TTT diagram 
4340 
incubation and transforma 
tion in ‘ 
notch-tensile results 997, 
4350 
effect of hot rolling on 
tensile strength 490, 
6415 
measurement of residual 
stresses by two 
methods 


52100 
effect of tempering on. 
X-ray diffraction 
.540-542, 553 
Non-A.I.S J. numbers 
H 12, correlation of room and 
elev temp hardness 
M 2, correlation of room and 
elev. temp. hardness 
T 1, correlation of room and 
elev. temp. hardness 
WB 44 and WB 49, correlation 
of room and elev. temp 
hardness 
16-15-6, austenitic 
See Fe-Cr-Ni-Mo alloy 
“17-22-A” S, ferritic 
See Fe-Cr-Mo-V alloy 


Steel, ultra-high strength 


mech. properties of deformed 
476-494 


metastable austenitic 


Step growth in Cd 
crystals . 174-176, 178 
Strain aging 
in Al alloy 2024-0 in 


deformation ..946, 953, 956-959 


SUBJECT INDEX 


Strain aging (cont.) 
in nickel Fee 908 
in Ti alloys 809-815 
in Ti-140A 


Strain-aging embrittlement 


868-870 
in titanium alloys 809-815 
Strain cycling resistance at elev. 
temp. of Ni and Ti. 421-437 
Strain hardening 
during cyclic testing. 453 
in Al alloy 2024-0 
experimental results . 949-959 
material and procedures. . .947-949 
temp. and rate 
dependence 946-960 
Zener Hollomon 
parameter 956-959 
Strain rate 
embrittlement in Ti alloys..... 
824-826, 833-839, 8: 
1 compression studies on 
titanium alloys 
in hot working 
f aluminum and steel... .935, 936 
937, 940-945 


829. 830 


of Ti and Ti alloys.. 
in Ti alloys, effect on H.T 
sensitivity in pure Al... aPS? 
sensitivity in Al alloy 
2024-0 . 953, 955. 959 
Strain-to-fracture in Al alloy 
2024-0 ... 950 
Stress-corrosion cracking 
of Ti and Ti alloys in FNA.871-899 
of Ti-8 Mn in FNA... 871-899 
Stress effects of abrasive 
tumbling .... . 402-420 
Stress in transformation study 
in Ti-Cr alloys 1040-1050 
Stress measurement by X-ray 
diffraction .... 555 
Stress-relaxation behavior of 
SD itp cn dxnsunmanes 116-119 
Stress-relieving treatments on 
Ti alloys . 892, 894, 896 
Stress-rupture properties 
of alpha-beta Ti alloys... 
of Fe-Al-Si 


alloys 301, 302, 307, 
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Stress-rupture tests on Ti alloys 
notched vs. unnotched tests. . .807 
Stress-stability testing 
experimental procedures and 
results .. 
on Ti alloys at various 
MN cu.cecanaawaemenne 981-998 
Stress-strain data 
on Al alloy 2024-0 947-960 
ee Fee BR bien dtncnsssaue 947 
Gb ee RS fk cc ciccdveawes 947 
on low-carbon steel 
on pure aluminum 
Stress-time oscillograms 
Stresses from abrasive tumbling 
comparator measurement of 
biaxial 
compressive 
effect of particle size of 
abrasive 
magnitude and depth 
math. equations 
Studies of the oxidation and 
contamination resistance of 
binary columbium alloys. .256-281 
Subaquatic casting 
of aluminum ingots 1083-1096 
of phosphor bronze............ 1096 
Subgrains in X-ray analysis of 
tungsten ........ 233-235, 238-241 
Substrate material 
cadmium for Cd 
crystal 162-164, 168, 180 
in crystal growth........... 150-158 
Supercooling ahead of a 
dendritic interface in 
solidification .......222, 229, 230 
Supersaturation in Cd crystal 
174, 180 
Supported stress 
vs. activation energy for steel. . .664 
vs. delay time for steel at 
various temp. .......... 651-663 
Suprasolidus cracking 


T T T curves 
for beta plutonium 
for Ni-Cr-Mo eutectoid 
steel 497-499, 501-504, 512 


680, 681 
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T T T curves (cont.) 
J ae 381-384 
1036-1054 
for Ti-5 Cu-3 Al alloys.........963 
for Ti-5 Cu-3 Al-2 Sn 964 
for Ti-8 Cu-3 Al .. 963 
for Ti-8 Cu-3 Al-2 Sn ...964 
Tape recording of Jominy end- 
quench temp. ...... 
Tantalum, oxidation studies at 
i re 
Taylor and White heat treatment 
of tool steel 
Technical Program, 40th Annual 
Convention 
Temperature and rate dependence 
of strain hardening in the Al 
alloy 2024-0 . 946-960 
Temperature and stress 
dependence of the atmosphere 
effect on a Ni-Cr Alloy. . .244-255 
Temperature distribution in 
ingot solidification ......: 359-368 
Temperature measurement during 
crystal solidification ......223-225 
Tempered alloy martensites 60-93 
Tempering 
of alloy steel, effect of H.T.. 64 
of high-alloy steel, effect 
on properties .......... 478-487 
of high-carbon steel, carbide 
transformations in ... 
Tenelon, development of. 


517-536 


606, 607 


Tensile properties 
of Hastelloy Alloy B.......125-129 
of high-alloy steel .478-483 
2, ree 789-801, 
807, 808, 815, 816 
1047-1050 
.752-757 


..708-713 


of Ti-Cr alloys 

of U-2 Mo alloy.... 

of Zr-U alloys 

Tensile testing at low temp. 

effect of speed on properties 
of 1020 steel 

experimental methods and 
results 

specimen 


669, 670 


of 8-674 


Thermal and mechanical fatigue 
of Ni and Ti 
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Thermal cycling tests 
definition oats 
effect on brittle and ductile 
materials . 
equipment ...... 423 
experimental results 425 , 437 
grain size variation ss .437 
plastic strain in , 428 
symbols and terms.... 430, 431 
temp. conditions : 425 
test specimen 422, 423, 425 
Thermal diffusivity 
in steel 1017, 1022 
1022-1034 


effect of comp and trans- 


in Ti alloys 


formation during 
1031-1034 
1022-1028 


1028 


cooling 
methods for calculating 


non-constancy 


Thermocouple weldments . : 
.1018, 1019, 1034, 1035 


Time-temp. parameters in 


accelerated creep-rupture 
testing 911-934 
Tin in alpha-beta Ti 
alloys 821. 831-83 
Titanium 
compression studies on 935-945 
cooling curves on Jominy 
1020, 1031 


orrosion, pyrophoricity and 


bars 


stress-corrosion cracking in 
fuming nitric acid. . 871 
ffect of history on corrosion 
ffect of strain rate and temp. 
on deformation i 
elec. resistance vs. corrosion. 882, 
effect on age hardening of 
Ni-Cr-Fe alloy . 136 
fabricating temp 
hot workability 
impact sensitivity 
micrograph of corrosion 


873, 886 


> 


pyrophoricity .....872 
soluble and insoluble content 
in high-temp. alloys 
stress-cor rosion cracking 
Titanium, commercial 
effect of impurities on 
fatigue 


Titanium, commercial (cont 
plastic-strain range vs 
cycles to failure 
strain-cycling resistance 


Titanium alloys 
ctive eutectoid systems 961, 974 
lication of rate process 
theory to H. T. of. 


npressive flow stresses effect 


787-801 


of strain rate and temp. .935-945 
ntaining one or more beta 
stabilizers as Fe, Cr, Mn, 
Mo, Ta, Cb and V 827-841 
corrosion of, in FNA. . 871-899 
micrographs of .878-881, 888, 897 
delayed failure 843-861 
elev. temp. stress 
stability ‘ .981-998 
fabrication temp. .... iia 2 
forging temp. and deformatior 
. .935-945 


rate study 
ili 1017-1035 


hardenability 
treatment 
t of rate process 
787-801 
. 981-998 


theory 
ffect on stress stability. . 
workability and strain 
rate . .936, 944, 945 
drogen embrittlement 
820-842 
802-819 
. 802-819 
974, 975 
..1018-1022 
properties, effect of 
967-969, 979 


effect of composition 
effect of H.T.. 
effect of microstructure. . 


poeutectoid systems 


composition 
phase proportions and thermal 

1034 
. .871-899 

..700 


diffusivity 

pyrophoricity in FNA. 
transformation hardening 
Titanium alloys, alpha-beta 
effect of comp. on hydrogen 
embrittlement 820-842 

effect of microstructure and 

8. 


embrittlement 


on the hydrogen 

802-819 

hydride phases and hydrogen 
tolerance 


837-839 


microstructure 
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Titanium alloys, trade designations 
C-120 AV 
See Ti-6 
C-130 AM 
See Ti-4 Al-4 Mn 
C-135 A Mo 
See Ti 7 Al-4 Mo 
Ti-75 A 
corrosion studies , 887 
thermal and mech. fatigue 421-437 
Ti-140 A 
See Ti-2 Fe-2 Cr-2 Mo 
Ti-155 A 
See Ti-5 Al-1.5 Fe-1.5 Cr-1.5 Mo 
Titanium-5 Al-1.5 Fe-1.5 Cr- 
1.5 Mo (Ti-155 A) 
effect of H.T. on elev.-temp. 
stress stability 981-998 
Titanium-4 Al-4 Mn (C-130 AM) 
935-945 
843-861 


Al-4 \ 


compression studies on 
delayed failure 
hydrogen embrittlement 
ace eaeaiiw ane 808-810, 843-861 
mech. properties .822, 823, 828, 833 
Titanium-7 Al-4 Mo (C-135 A Mo) 
application of rate process 
theory to H. T 
Titanium-Al-V alloys 
high-temp. applications 
Titanium-6 Al-4 V (C-120 A V) 
application of rate process 
theory to H. T 787-801 
compression studies on...... 935-945 


787-801 


corrosion studies 
elev.-temp. stress stability... 
hydrogen embrittlement 
808-810, 822, 823, 828 
influence of forging temp. on 
mech. properties 999-1016 
Titanium-7Al-4 V 
influence of forging temp. on 
999-1016 


mech. properties 


Titanium chromate (Ti Cr») 
1039, 1041-1054 
Titanium-chromium alloys 
effect of stress on eutectoid 
decomposition 1036-1054 
eutectoid reactions and temp... . 


974, 975, 1036, 1046-1048 


separation out 
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Titanium-chromium alloys (cont. ) 
microstructure 
properties 


1043 
. 1039-1042, 1047-1050 
relationship of structure and 
ductility 1051, 
transformations in, with and 
without stress .. .1036-— 
transformation kinetics ....974 
Titanium-copper alloys 
with Al and Sn, mech. properties 
and microstructure . .961-9 
with ternary and quaternary 
additions 
Titanium-Cu-Al alloys 
mech. properties and 
microstructure ........ -980 
Titanium-5 Cu-3 Al 
composition 962 
high-temp. mech. properties... . .968 
microstructure 965, 966, 977 
stability of TixCu..........976, 978 
T T T diagram iiieavenweeee 
Titanium-8 Cu-3 Al 
composition Jd scan cee 
high-temp. mech. properties... . .968 
microstructure 965, 966, 977 
T T T diagram er 
Titanium-Cu-Al-Sn i 
mech. properties and 
microstructure 
Titanium-5 Cu-3 Al-2 Sn 
composition 
high-temp. mech. propertie 5.966, 
microstructure ...965, 966, 972, 
stability of TieCu.... .. 976, 
T T T diagram... 
thermal stability 
Titanium-8 Cu-3 Al-2 Sn 
composition ; 
high-temp. mech. properties 
T T T diagram.... 
Titanium-2 Fe-2 Cr-2 Mo 
(Ti-140 A) 
effect of H.T. on high-temp. 
stress stability ........ .981-998 
isothermal annealing curve. .866, 867 
magnetic susceptibility .....862-870 
strain aging .868, 869 
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Titanium-8 Mn alloy 
corrosion in FNA 
hydrogen embrittlement 
810, 823, 828 
878-881, 


871 
808 


822 


ob, 833, 836 
897 
_899 


899 


R88, 
871 


871- 


micrography 
pyrophoricity in FNA 
stress-corrosion cracking 
Titanium-4 Mo 
hydrogen sensitivity and 
properties 6 ‘ 
Titanium-2 Mo-2 Cr-2 Fe 
hydrogen embrittlement 808- 
811, 813, 822, 823, 


Titanium-5 V, thermal 


829 


1017-1035 
Titanium-20 V alloys, thermal 

diffusivity 1017 
Tongues in cleavage 


diffusivity 
1035 


studies 582~585 
Tool steel 


depth of stresses in 


2/0, 


415, 
408 


419 
effect of abrasive tumbling 414 
etching to remove stressed 

layer 
first use of V in. 
335- 


calculations x. 
61 


hardenability 

red hardness 

stress effects of abrasive 
tumbling 

Taylor and White H.T.... 


tempered alloy martensites. . 


402-420 
60 
60-93 
Topographic analysis of misori- 
entation in W crystal 236, 239 
Torque-twist tests on Al alloy 
2024-0 


Toughness 


/ 


949. 957 
in Ti-6 Al-4 V. 
Ti-7 Al-4 V. 


Transformation 


999 


in 999, 1007, 1008 


characteristics of dilute 
ternary alloys of 
uranium 683-696 
in iron, visible observation 
of fronts 459, 460 
in medium-carbon steel, effect 


iL 


I4/ 
495-516 
1036-1054 


782, 783 


of Cu on 
in Ni-Cr-Mo steel. 
in Ti-Cr alloys. 


in uranium 


393 


R090 


Transformation (cont. ) 


in U 470 


Cr alloys 


im Z1 


470 
possible use of Jominy test. .694, 695 


rceonium 


Transformation hardening 

in titanium-base alloys 700 
n Zr-Mo alloys. 
in Zr-U alloys... 


Transformation kinetics 


700 
698-700 
dynamic moduli vs. time may be 

716 
677-6082 
495-516 

1036-1054 


useful for 
in beta plutonium. 
in eutectoid alloy steel 
in Ti-Cr alloys.... 
Transition temperatures 
definition 629 


from Izod impact tests . .629-637 


pre liction of 629 637 


Treasurer’s Report . 20-25 
Tungsten, 
high melting point.......... 
X-ray metallographic study of 
ar 231-243 
Tungsten steel (5.8 W) 
identification of carbides in .80—85 
Tumbling, abrasive, stress effects 
on tool steel 402-420 
Tumbling tests on tool steels 
404, 405 
. 403-406 


406-408 


conditions for 
equipment 


+ 


stress measurement 
Twin-parent crystal interfaces 
in cleavage studies. ..563, 564, 
570-576, 580, 581, 585-587 
Twinning 
in band formation in Mg 
...104, 105 
..1070, 1071 


. 671-676 


alloys ; 
Re-Mo alloys 


1020 steel. . 


Ultimate strength of Ti-7A1-4Mo 
vs aging parameter 

Ultra high strength steel mech. 
properties of deformed 
metastable austenitic 

Ultrasonic “jack hammer” in 
identification of U 
inclusions 
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Undercooling, effect on 
transformation in Fe 


Unique deformation and aging 
characteristics of certain 
Mg-base alloys 
Uranium 
allotropic forms 
alpha-beta transformation 
atomic volume . 
compacting with other 
metals 
density vs. compacting 
temp. 742, 
derby or biscuit 
effect of Ti and other elements 
on properties 683-6096 
electrolytic etching ........ 731, 734 
lattice parameters 
25-1132 °C) 
low-temp. tensile properties.751, 
metallographic identification 
of inclusions in 
microstructure 


772-786 
754 


préparation of powder metal 
SED: . p cia ass eure 736-751 
thermal expansion .. 
Uranium alloys 
preparation of powder meta! 
compacts 
Uranium-chromium alloys 
for powder metal compacts...... 746 
martensitic transformation in... .471 
Uranium-columbium alloys ..... 
Uranium dioxide (UO,) 
diffraction pattern and 
lattice parameter ........... 
microstructure 
Uranium ferrite (U,Fe) 
Uranium hydride (UH;) 


microstructure and 


736-751 


~ 


identification .7 
properties 
used in powder metal 


736-738 
723, 724 
20-722, 726 


compacts 
Uranium monocarbide 
Uranium mononitride ...7 


Uranium monoxide 


726, 727, 729 
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Uranium nitride carbide (UCN) 
microstructure and 
identification 


properties 
Uranium-1.4 w/o Mo alloy 
effect of method on stability 
powder metal compact 
Uranium-2 w/o Mo alloy 
experimental procedure 
properties with temp.. 
Uranium-2 w/o Mo-0.5 w/o Zr. 
Uranium-silicon alloys 
Uranium ternary alloys 
transformation 
characteristics 
Uranium-titanium system 
constitutional diagram 
heat treatment and cooling 
suppression of beta phase 
in cooling 
Uranium-0.5 titanium effect of 
ternary additions on 
properties 
Uranium-Ti-Cb alloys 
hardness profiles .... 
microstructure 


transformation characteristics .. 


X-ray diffraction analysis 
Uranium-Ti-Mo alloys 
hardness profiles ..... 
transformation characteristics . 
Uranium-Ti-Pt alloys 
hardness profiles .... 
transformation characteristics 
Uranium-vanadium alloys 
Uranium-zirconium alloys 
lattice parameter study. 773, 


Vacuum pump, high 
in X-ray diffraction of U 
Valences of alloying elements 
dissolved in Cb oxide 
Van Ostrand-Dewey solution to 
Fick’s second law... .272, 27 
Vanadium 
effect on age hardening of 
Ni-Cr-Fe alloy .... 
negative effect 


Vol. 


736, 
774, 


51 


683-69 ) 


684 


. 685 


. .685 


683-696 


..691 
687-690 
694 


693 


.692 


694 


692 


694 


746 
746 
780 


272, 273, 2 


. 136-149 
145, 


149 
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Vanadium steel 
electron microscopy of 
carbides in 77-79 
identification of 
carbides in 
length changes and carbide 
comp. in 


80-83, 8&6 


Variation in properties from one 
heat to another, due to aging 
<r 7% 
Visiting Lectureship Program. . .33, 34 
Volume changes in alloys 
creep behavior and 108-113, 118 
mah. analysis ...... 110-111 
with precipitation from 
... 109-110 


solid solution ..... 
Vycor, attack by Mg... 


Water 
in SAC of Al ingots 
effect of temp. 1084, 1085 
effect of amount . 1092-1094 
Weld cracking 
.. .400 
394, 401 
394-401 
396, 397 


394 


biaxial stresses in 
hot tear susceptibility 
in Mg alloys 
tests for .. 
types 
Welding apparatus 
for diffusion studies 
Weldment of thermocouples 
in hardenability of Ti 
alloy study .1018, 1019, 1034, 1035 
Widmanstatten structure 
in Hastelloy Alloy B... 
Workability 
of Re-Mo alloys. .1055, 


126-134 


1069, 1070 


X-ray diffraction analysis 
equipment 
Berg-Barrett technique .. 
double-crystal camera ... 
two-exposure method .. 
X-ray beam . 
XRD-3 diffractometer . 
measurement of residual stresses 
absorption factor . 
..543, 544, 547, 5 


SUBJECT INDEX 


X-ray diffraction analysis (cont. ) 
measurement of residual 
stresses (cont. ) 
corrections and 
542-547 
538, 5: 


calculations 
experimental technique ... 
in carbon martensite 
in surface of hardened 
carbon steel 
in 6415 steel 
location of peaks... .5: 
parabola fitting 
. .543, 544, 548, 549, 
procedure for calculating 
peak position 
speed of method... 
of columbium oxides...... 
of diffusion in Al-Mg-Zn.. 
of ferric chloride residues. . 
of inclusions in L 
of Re-Mo alloys 
....1057, 1058, 1065, 1066, 1068 
of Re-W alloys , 762, 763 
of Ti-Cr alloys 1039, 1044, 1045 
of Ti-8Mn alloy. 
of tungsten 
of uranium (25-1060°C)....772-786 
of U-Ti-Cb alloys 


. 265-267 
.216, 217 
.594, 600 


X-ray metallographic study of arc- 
cast tungsten 


Yield delay-time of mild steel 
definition haratan 643 
effect of composition. . .643, 650-657 
effect of grain size and 

C content 643-666 
experimental procedure ....644-646 
extension of Clark-Wood data 

647-649, 657 
. 643, 644 
specimen material 646-647 
Yield effect at high temp. in stress- 
strain study on Al alloy 2024-0 


Yield point 


in iron 
in steel 643, 644 
relationship of delayed yield 

to upper . 643-666 
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Yield point (cont. ) Zinc, diffusion constant in Al... . .203 

testing in steel Zirconium, transformation in... ..470 
effect of grain size 5 Zirconium-uranium alloys 
twinning in annealing for minimum 

Yield strength hardness ...--706, 708 

of high-alloy constitutional diagram .....697, 698 

steels ...476, 477, 479, 481, 482 effect of composition and temp 
of Ti-Al-V alloys......... 1004-1006 on dynamic modulus... .713-715 
Wish ences a8 mild experimental alloys ........697, 698 
631, 632, 636, 637 hardness and tensile 

properties .. 711-713 

heat treatment survey.......698-708 

Zener-Hollomon parameter in mech. property ... . 708-715 

stress-strain studies ..956, 957, 959 phase transformations in... . 700-708 











